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Abstract 

Enhanced ionic mobility in mixed ionic and electronic conducting solids 

contributes to improved performance of memristive memory, energy storage and 

conversion, and catalytic devices. Ionic mobility can be significantly depressed at 

reduced temperatures, for example, due to defect association and therefore needs to be 

monitored. Measurements of ionic transport in mixed conductors, however, proves to 

be difficult due to dominant electronic conductivity. This study examines the impact 

of different levels of quenched-in oxygen deficiency on the oxygen vacancy mobility 

near room temperature as measured by a novel dynamic current-voltage analysis. A 

Pr0.1Ce0.9O2-δ film was grown by pulsed laser deposition and subsequently annealed, 

from 400-600° C, in various oxygen partial pressures to modify its oxygen vacancy 

concentration while minimizing microstructural growth and cation segregation. To 
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monitor changes in film non-stoichiometry, we leverage the existence of an optical 

absorption center, related to the oxidation state of Pr ions in Pr0.1Ce0.9O2-δ. The 

oxygen vacancy migration enthalpy was found  to exhibit a small increase from 0.73± 

0.04  to 0.79 ± 0.02 eV with increasing oxygen deficiency, while the pre-factor was 

found to increase by a factor of 135. A nearly 13-fold increase in ionic mobility at 60 

°C for increases in oxygen non-stoichiometry from 0.032 ± 0.001 to 0.042± 0.001 was 

thereby detected. Raman spectroscopy was employed to rule out changes in strain as 

the primary cause for the significant change in mobility. Several factors potentially 

contributing to the large pre-factor changes are examined and discussed. Insights into 

how ionic defect concentration can markedly impact ionic mobility should help in 

elucidating the origins of variations seen in nanoionic devices.  

Keywords-Mixed ionic and electronic conductors, small polaron, ionic mobility, 

nanoionic devices 

 

Introduction  

Mixed ionic and electronic conducting (MIEC) oxides are an essential material class for a variety of 

nanoelectronic, energy, and catalyst applications. These materials simultaneously conduct both 

electronic and ionic species, enabling them to be used as electrodes for solid oxide fuel cells,1–3 

batteries,4–12 permeation membranes,13 active elements in solar to fuel conversion systems,14–16 and 

gas sensors17–19. At near ambient temperatures, many of these materials become nearly insulating, 

and here applications instead take advantage of their high-K characteristics (for example, as gate 



 

 

 

This article is protected by copyright. All rights reserved. 

  3 

 

dielectrics in MOSFET devices or capacitors).20 However, it is well known that these oxides can suffer 

from electro-degradation, associated with a long-term decrease of the insulating state of the 

material under d.c. voltage stress and high temperatures, below the onset of dielectric breakdown. 

This phenomenon, studied in single crystal materials, was shown to originate from the mobile ionic 

defects present in the lattice21,22. While this mechanism was regarded as an aging effect, 

determining the lifetime of capacitors or gate dielectrics, progress in nanometric processing 

methods has enabled the design of novel devices that take advantage of the mobile ionic species, 

with versatile functionalities that cannot be achieved solely by electronic effects. New memory 

devices based on ionic defect motion have emerged, for example, in the fields of electronics (e.g. 

memristors)12,23–29, magnetics (e.g. magnetoionics)30–32, optics (e.g. electrochromic devices)33–36 and 

ferroelectrics,37–39 often matching the performance of their electronic counterparts, at lower energy 

consumption and smaller device footprint. Moreover, these new devices are considered as 

promising candidates for progressing beyond traditional computational architectures. They do this 

by enabling analog behavior with time-dependent plasticity phenomena that depend on the 

diffusive/drift nature of the ionic carriers that can only be emulated by purely electronic 

counterparts at high energy expenditure.40–42 This opens up exciting opportunities, for example, in 

artificial intelligence hardware and neuromorphic computing, allowing for hardware component 

designs that can mimic basic synaptic functionalities.29 Nevertheless, due to the much lower 

mobilities associated with ionic rather than electronic carriers, such MIEC materials tend to be 

predominately electronically conductive in their behavior at near ambient conditions, making it 

difficult to isolate and characterize the ionic conductivity component and specifically, ionic mobility, 

which plays a critical role in controlling nanoionic device response times.43  
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The oxygen ion migration properties of metal oxides have primarily been studied at elevated 

temperatures. Owing to their thermally activated character, high temperatures are necessary to 

achieve sufficient conductivity to be readily and accurately measured, for example, by impedance 

spectroscopy. Furthermore, techniques enabling the separation of ionic and electronic contributions 

to the total conductivity generally rely on equilibration of the solid with the surrounding gas 

environment. Examples requiring reversible oxygen exchange at the surface of oxides to isolate 

oxygen ion conductivity, commonly limited to temperatures above ~500 C, include Nernst 

concentration cells,44,45 Hebb-Wagner polarization cells,46–49 conductivity relaxation,50–52  or isotope 

exchange followed by SIMS analysis53–55. Moreover, extrapolation of high-temperature data down to 

room temperature can be misleading due to enhanced defect-defect interactions, resulting in defect 

association and reduced defect kinetics.56 

 

For thermal budget considerations, many of the materials used in nanoionic devices (e.g. 

memristors), such as binary and ternary metal oxides such as ZrO2, Gd2O3, Ta2O5, HfO2, SiO2 or 

SrTiO3,
31,57–60 are often prepared as undoped films, at reduced temperatures, and under vacuum 

conditions, leading to amorphous or polycrystalline films with ill-defined oxygen non-

stoichiometries. Such materials are typically out of equilibrium with their growth conditions, 

implying an inexact knowledge of the existing defect concentrations, which can lead to significant 

variations in device performance.43,61,62 Thus, an improved understanding and ability to control ionic 

defect concentrations, and resultant mobility in thin films, is vital in developing predictive models 

and improving device performance.  
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A general method for measuring bulk ionic mobility in MIECs was previously developed by one of the 

co-authors, termed dynamic I-V analysis.63 The method is based on the examination of the non-

linear current response of a thin film MIEC sandwiched between two electrodes upon application of 

triangular waveform voltage sweeps. The dynamic I-V analysis was recently applied to the MIEC 

model material, Pr0.1Ce0.9O2-δ (PCO), defect chemical and transport properties of which were 

previously reported at high temperatures,64,65  to characterize its oxygen vacancy mobility over wide 

temperature limits, extending down to near ambient conditions.66  It was found that the migration 

enthalpy of oxygen vacancy mobility remains constant (0.82 ± 0.02 eV) between 35 °C and 500 °C. 

The corresponding oxygen vacancy mobility was measured to be 6.8×10-6 cm2V-1s-1 at 500 °C, 

decreasing by seven orders of magnitude at 35 °C. While the absolute values of the oxygen vacancy 

mobility were in good agreement with those reported in the literature, it was noted that the 

migration enthalpy was 0.10 - 0.15 eV higher than expected. The two hypotheses put forward in that 

work to explain that behavior were: (1) defect association contributions could become important 

and contribute to the increased migration enthalpy for the considered temperature range measured, 

(2) the ionic migration enthalpy could be dependent on the local praseodymium dopant (Pr) 

oxidation state. We consider, that due to the mixed valence of the praseodymium dopant, Pr4+/3+, its 

valence state in the prepared thin film device would be highly dependent on the history of the 

thermal and ambient treatment. Previously the Pr oxidation state was not quantitatively controlled 

and, in principle, could change during a wider temperature range study.66 In this work, we 

investigate the oxygen vacancy mobility migration enthalpy as a function of the relative oxidation 

state of Pr in the mixed conducting regime of Pr0.1Ce0.9O2-δ. We focus on varying the oxidation state 

of Pr systematically, by exposing a single device to different intermediate temperatures anneals 

(400-600°C) under controlled oxygen partial pressure, followed by quenching-in the different 
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oxidation states. Taking advantage of the previously characterized optical properties of PCO,67,68 we 

measured the optical transmission of the sample to extract the absorbance of the Pr4+ color center, 

and via knowledge of the defect chemical model that enabled quantification of the change in oxygen 

stoichiometry (δ varied in the range of 0.032±0.001  to 0.042±0.001). Furthermore, the oxygen 

vacancy mobility was measured, close to room temperature, by applying the dynamic I-V analysis 

method to PCO for the different determined oxygen vacancy concentrations. The fact that we use a 

single device, and perform our thermal annealing at medium temperatures, ensures that 

microstructural growth and cation segregation is minimized, enabling us to selectively probe 

changes in defect concentration and Pr oxidation state independent of other factors. This study 

contributes to the fundamental understanding of defect migration in mixed ionic-electronic 

conducting oxides and develops methods to probe their kinetics systematically under near ambient 

temperatures.  

 

Method: Dynamic I-V analysis of Mixed Ionic-Electronic Conductors 

Since in this manuscript we utilize a rather new methodology to probe the oxygen vacancy mobility, 

we first provide a brief review of the dynamic I-V analysis method employed in this study. The 

method is applied to a mixed ionic-electronic conductor placed between two ion blocking and 

electronically conducting electrodes in which the positively charged oxygen vacancies displace under 

an applied bias.69 While the total concentration of oxygen vacancies, confined between the blocking 

electrodes, is designed to remain fixed, their net redistribution leads to the creation of oxygen 

vacancy depleted and enriched regions. This results in a redistribution of the electrons, attempting 

to maintain local charge neutrality, leading to a change in the overall conductivity, dominated by the 
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more mobile electronic species. For an MIEC with a prevailing electronic conductivity, the local 

depletion in oxygen vacancies leads to an increase in total resistance. In this configuration, an MIEC 

exhibits a non-linear behavior under sufficiently large applied voltages and sufficiently low 

frequencies.69,70 A characteristic hysteretic shape with a peak current is exhibited due to a resistance 

change induced by the drift and redistribution of the positively charged oxygen vacancies. This 

response was previously modeled in detail by solving the electrically coupled ion and electron 

transport equations.70  It was further demonstrated that the oxygen vacancy drift time through the 

length of the MIEC, can be determined from the time at which the peak current is reached, tpeak, for 

a given sweep rate, aSR, of a periodic triangular waveform, as described in the following relation63  

    
    

  

  
     
  (1) 

where μi is the ionic mobility, aSR is the voltage linear sweep rate, L is the MIEC layer thickness, C is a 

dimensionless empirical constant, previously estimated to be equal to 2.63 The parameter tpeak can 

either be experimentally determined by examination of the current vs. time plots or by dividing the 

applied voltage at the peak current by aSR. Equation (1) is derived under two assumptions: (1) 

negligible in-series resistance of the electrodes and (2) linear voltage distribution inside the oxide. If 

condition (1) is not upheld, due to sufficiently resistive electrodes, then the effective voltage linear 

sweep rate in equation (1) will not be the same as the experimentally applied sweep rate used to 

determine the time-to-peak, as part of the voltage drop will be shared between the electrodes and 

the oxide. One can correct for the in-series resistance of the electrode by measuring their resistance 

separately (which can be temperature and oxygen partial pressure dependent). Assuming the 

electrodes have low resistance and do not exhibit voltage and sweep rate dependent changes in 

resistance over the sweep rate, voltage and temperature range studied, then the voltage per unit 
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time across the oxide will be equal to:       ( )          ( )                       ( ) (See Figure 

S1 in SI). Importantly, Equation (1) does not explicitly depend on the ionic defect concentration nor 

on the type of ionic defect, e.g. doubly ionized oxygen vacancy, but that defect can be assumed for 

the model material Pr0.1Ce0.9O2-δ that we use in this study.  

 

Choice of Model Mixed-Ionic-Electronic Conducting Material: Pr0.1Ce0.9O2-δ  

The method of dynamic I-V analysis was previously applied in measuring oxygen vacancy mobilities 

in Pr0.1Ce0.9O2-δ (PCO), an MIEC thin film of interest as a cathode material in Solid Oxide Fuel Cells 

(SOFC). PCO is a mixed conducting system that crystallizes in the cubic fluorite crystal structure with 

a well-understood defect chemistry.64,65 Pr is incorporated into the ceria cation sublattice being 

either isovalent Pr4+ relative to the host cerium cations, or, given its ability to be readily reduced, 

Pr3+, serve as an acceptor dopant. The oxidation state of the Pr ion can be tuned from 3+ to 4+ by 

annealing at high temperatures in various oxygen-containing environments.  The acceptor’s negative 

relative charge is compensated by the generation of positively charged oxygen vacancies rather than 

holes. At these high dopant levels, the Pr levels form an impurity band situated ~1.4 eV below the 

conduction band,64,68 enabling localized small polaron electron conduction within the Pr band. Close 

to room temperature, the total conductivity is expected to be dominated by electronic conduction 

within this band. Due to the small polaronic nature of the electronic carriers,71 a maximum in 

conductivity is ideally expected when 50% of the Pr ions are 3+ and 4+ respectively, in which Pr3+ 

represents an electron localized on a Pr ion sitting substitutionally on a Ce site and Pr4+, represents a 

nearby unoccupied Pr site.64 Small polarons move via an activated hopping process in which a 
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localized electron can hop only to an adjacent unoccupied site. Most of our experimental results are 

in a regime for which Pr3+ is above 50% of the total Pr concentration. 

 

Oxygen ion migration in PCO follows an oxygen vacancy hopping mechanism. The ionic mobility can 

be defined accordingly:  

 
 

          ( 
          

   
)  

       
   

   
(   )    (

  

 
)     ( 

          

   
) (2) 

Where      is the mobility prefactor composed of c, the site fraction of vacancies defined according 

to 
   

   

   
       

  
 , νi,0 the attempt frequency, a0  the jump distance, q the elemental charge and   , the 

sum of activation entropy     and configurational entropy    . Em,i is the migration enthalpy and Eas,i 

is the measured oxygen vacancy defect association energy. The effect of defect concentration in the 

pre-factor term      of equation (2) is generally expected to result in a decrease in ionic mobility 

above the dilute limit ( >1 atomic %).72 At small concentration of defects, the site fraction c ~ 0 and 

therefore the ionic mobility is expected to be defect independent, while at higher concentrations, 

the site fraction results in a slight decrease in ionic mobility due to the reduced coordination of 

available lattice oxygen in the vicinity of the hopping vacancy.72,73 The total ionic conductivity, which 

is proportional to the product of defect concentration and ionic mobility, is therefore typically 

expected to go through a maximum as a function of defect concentration due to the competition 

between the increasing carrier concentration and decreasing mobility due to defect association 

effects. More explicit details about the electronic and ionic behavior of PCO are described in SI. 
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Pr4+ is optically active allowing PCO to absorb sub band gap light in the range of ~ 450 - 750 nm74. 

The optical absorptivity, associated with the Pr4+ defect, can be controlled by varying the oxidation 

state of Pr, i.e., by shifting the oxidation state from 4+ to 3+, with the concentration of absorbing 

centers decreased. This was previously used by this group to characterize the oxidation state of the 

Pr ion, and in turn, with the aid of a well-understood defect chemical model, correlate this to the 

oxygen vacancy concentration.67  

 

Experimental 

Sample preparation of PLD targets for thin film deposition  

The PCO PLD target was synthesized using a powder prepared by a co-precipitation procedure 

described by Spiridigliozzi et al.75 Cerium nitrate Ce(NO3)3:6H2O, and praseodymium nitrate 

Pr(NO3)3:6H2O (Strem chemicals) {99.99%}, in stoichiometric proportion (90/10), were dissolved in 

distilled water at a concentration of 0.1 molL-1. The precipitation solution was prepared by dissolving 

ammonium carbonate in distilled water at a concentration of 0.5 molL-1. The amount of ammonium 

carbonate solution was calculated to have a molar excess of 2.5 as compared to the total amount of 

cations in the nitrate solution. The ammonium carbonate solution was poured into the vigorously 

stirred nitrate solution to trigger precipitation. The precipitate was subsequently filtered and washed 

four times in distilled water in a Buchner filter connected to a vacuum pump and dried at 100 °C 

overnight, followed by calcination at 600 °C for 1 h with 2 °C/min heating and cooling rate to obtain 

the PCO oxide powder crystallized in the fluorite structure. The powder was subsequently pressed 

into a 30 mm diameter disk with a uniaxial press (1000 kg.cm−2), and sintered at 1500 °C for 6 h, 

followed by cooling at 1 °Cmin-1 to prevent crack formation, yielding a pellet with 97 % density 

(theoretical density of 7.2 g.cm-3). In2O3/SnO2 90/10 wt % (ITO) transparent conducting electrodes 

were prepared from a 1 inch commercially purchased PLD target from Kurt J. Lesker Company with a 

purity of 99.99% ( theoretical density of 7.14 g.cm-3). 

 

Crossbar ITO/PCO/ITO thin film devices  

To determine the PCO oxygen vacancy mobilities by the dynamic I-V analysis, crossbar devices with 

ITO electrodes were prepared. First, a bottom ITO electrode, 100 nm thick, 2 mm long, and 300 µm 



 

 

 

This article is protected by copyright. All rights reserved. 

  11 

 

wide bar with a contact pad, was patterned through a shadow mask onto an Al2O3 single crystal 

(0001) oriented (c-plane) substrate (Crystec GbmH, Germany). Next, a 1mm square-shaped ~300 nm 

thick PCO thin film was grown on top of the bottom ITO electrode. Both the ITO and PCO were 

grown by PLD with the parameters given below. After a base pressure of 7·10-6 mbar was reached, 

pure oxygen was constantly leaked into the PLD chamber, keeping the total pressure at 0.013 mbar 

during film growth and cooling steps. During the deposition, the substrate temperature was held at 

250 °C (heating and cooling rates were 10 °C/min), and the target to substrate distance was 7.5 cm. 

The laser energy was set to 150 mJ resulting in a power density of about 1.5 J·cm-2. The resultant 

PCO film formed a continuous layer on the Al2O3 substrate and the bottom ITO electrode. Finally, a 

top ITO electrode was grown by PLD at 250 °C onto the PCO thin film using a similar shadow mask as 

the bottom electrode rotated by 90°. The active area is given by the intersection of the bottom and 

top electrodes, i.e. a square with 300 µm sides, where the PCO thin film is sandwiched between the 

ITO electrodes. The X-ray diffraction patterns of the thin films were measured with the Rigaku 

SmartLab with a Cu Kα rotating anode source in a coupled scan and a rocking curve. Images of the 

cross-sections of the device were acquired on a Zeiss Merlin high resolution scanning electron 

microscope. 

 

Oxygen non-stoichiometry control and quantification by optical measurements in PCO 

The oxygen content of the devices, δ, was modified by heating the PCO film in different 

oxygen partial pressures at intermediate temperatures (400-600 °C) for a fixed amount of 

time, followed by rapid quenching to freeze in the respective defect concentrations. This was 

performed in a single device to rule out possible differences related to microstructure, or 
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cation segregation towards surfaces or grain boundaries. The chosen temperature range 

ensured surface limited oxygen exchange kinetics (see Figure S2 in SI), leading to a 

homogenous distribution of oxygen vacancies in the film throughout the annealing 

process.
67,76

 The sample was heated under different oxygen partial pressures in the pO2 range 

from 1x10
-21

 – 1 atm (using different mixtures of Ar and O2 mixture, and a dilute mixture of 

100 ppm H2 in Ar buffered in 3% H2O). The exact conditions are summarized in Table 1 in 

the SI. The oxygen content in the PCO film was optically tracked by measuring the change in 

visible light absorption with a broad peak at around 532 nm, correlating with the 

concentration of Pr
4+

 ions.
67,76

. After the sample was cooled down to room temperature, full 

wavelength transmission spectra were measured, 350-900 nm, to evaluate the new quenched-

in oxygen vacancy concentration. Specifically, the new oxygen vacancy concentration can be 

estimated by calculating the absorption coefficient from the transmission spectra and 

applying the Beer-Lambert law to estimate the Pr
4+

 concentration (as described in optical 

measurement in SI) which is then equated to the new oxygen vacancy defect concentration 

via the correct defect chemical equilibria relation.
65

 The strength of this technique lies in the 

fact that it provides a non-contact, non-destructive method for quantifying the oxygen 

vacancy concentration on both a relative and absolute scale. For the optical measurements, a 

dual-beam spectrophotometer, customized to enable in-situ (in furnace) measurements of the 

total optical transmission in a UV-VIS-NIR wavelength range with 2 nm wavelength 

resolution, was utilized. The incident beam originated from a Newport Apex Illuminator 

70613NS with monochromator 74100 to obtain a continuous optical transmission spectrum. 

A monochromatic light beam (2 nm linewidth) was passed through the samples positioned 

within a quartz cell installed inside a furnace heater. A beam splitter was used to direct part of 
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the incident beam to a reference sample (bare Al2O3 substrate) positioned next to the sample 

in the optical cell, which allowed for the removal of variations in the light source intensity, 

and artifacts as the beam passes through the quartz tube and substrate. To improve the signal-

to-noise ratio, the incident beam was mechanically chopped at constant frequency and then 

measured using a lock-in amplifier (SRS, model SR830).  

 

Studying the local bonding near order changes with non-stoichiometry by Raman 

spectroscopy 

Raman spectroscopy was employed to study the Raman vibrational modes of oxygen-cation bonds 

as a function of oxygen non-stoichiometry to assess changes in bond lengths and changes due to 

defect association. The Raman measurements were performed on the backside of the PCO PLD 

target and on a separate 200 nm PCO film grown on 100 nm ITO deposited on a single crystal (0001) 

oriented (c-plane) Al2O3 substrate using similar conditions as the film used during the mobility 

studies. The film was also exposed to similar annealing procedures to quench in varying degrees of 

non-stoichiometry (see Figure S5 in SI). A Renishaw Invia Reflex Micro Raman was employed with a 

100 x objective yielding a 1 micron spot size, spectral resolution of a ± 0.5 cm-1, and laser power of 1 

mW. An excitation wavelength of 783 nm (1.58 eV) was selected based on the need to avoid 

electronic resonance both in the Pr optical sub-band or the Ce optical band gap. The data was 

analyzed by fitting the peak curves and subtracting the baseline to remove the background. The data 

was then normalized by the highest peak intensity. Fitting was done by OriginPro 9.0G using a 

Lorentzian function for the F2g peak and Gaussian for all others. 
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Investigating changes in ionic defect conductivity and mobility by electrical 

characterization 

Two different types of electrical measurements were utilized. 1) I-V curves were used to 

extract ionic mobility by application of high amplitude (1.5 V) triangular voltage waveforms 

onto the thin film crossbar device with sweep rates ranging from 1 to 500 mVs
-1

 for the 

dynamic I-V analysis of the ionic mobility. 2) Electrochemical Impedance Spectroscopy 

(EIS) spectra were measured before and after each set of I-V measurements, utilizing low 

amplitude sinusoidal voltages (10 mV) in the frequency range of 1 to 10
6
 Hz with spectra 

fitted to obtain equivalent R and C circuit elements with the aid of Zview software (Scribner 

Associates). The electrical measurements on the PCO crossbar were performed in a 

temperature and atmosphere-controlled microscopy/spectroscopy stage (Linkam Scientific 

Instruments). The samples were contacted by spring-loaded stainless-steel needles directly on 

the device contact pads. Measurements were performed with a potentiostat (Solartron 

Analytical, ModuLab XM ECS) outfitted with a frequency response analyzer module (XM 

MFRA). 

 

Results 

Figure 1a shows a schematic cross-section of the structure and a top optical micrograph view of the 

prepared ITO/PCO/ITO device. Figure 1b shows the SEM cross-sectional image of the as-prepared 

PCO thin film grown by PLD on an (0001) oriented (c-plane) Al2O3 substrate. A columnar textured 

structure of PCO film is visible with grain sizes on the order of 68 ± 18 nm. Figure 1c shows a Grazing 
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incident XRD pattern of a similarly grown columnar textured structure film by PLD. By comparison 

with a reference Pr0.1Ce0.9O2-δ pattern, the film is seen to be polycrystalline.  

 

In-situ control and optical measurement of PCO oxygen non-stoichiometry in thin-film 

crossbar device  

To vary the oxygen non-stoichiometry, we heated the thin film sample in different oxygen containing 

atmospheres and then quenched-in different non-equilibrium stoichiometries. Figure 2a 

schematically summarizes the quench-in procedure, depicting the expected different regions of the 

total conductivity σtot as a function of log(pO2) at 50 °C following the different annealing steps, 

keeping in mind the maximum conductivity expected at [Pr3+] = [Pr4+] for small polaron transport. 

When varying the oxygen non-stoichiometry, the total conductivity of PCO close to room 

temperature is expected to be dominated by its electronic conductivity and to vary according to 

small polaron behavior, as described in the SI. The optical transmission spectra measured were used 

to measure the level of oxidation/reduction of the PCO thin film. Figure 2b shows the optical 

transmission spectra of the crossbar device over the wavelength range of 350-900 nm measured 

after quenching the sample to room temperature from the different annealing steps. The minima in 

the optical transmission spectrum, do not relate directly to absorption peaks but arise from the 

constructive and destructive interference of the incident light beam with back reflected beams from 

the thin film – substrate interface resulting in the observed patterns (see optical measurement in SI).  

For a constant refractive index and thickness, the interference patterns are not expected to change 

intensity or position. Samples quenched from more reducing environments show higher 

transmission in the 400-800 nm region, whereas samples annealed in oxygen show lower 
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transmission. All transmission curves of samples annealed in different environments converge above 

800 nm, consistent with the fact that there is no color center absorption at those higher 

wavelengths.  

 

Studying local bonding near order changes with stoichiometry by Raman spectroscopy 

To probe changes in lattice parameter, we focused on the main Raman mode of ceria with F2g 

symmetry, known as the symmetric oxygen breathing mode around the Ce cation, which enables 

tracking bond length changes between O-Ce-O.77 Figure 3a shows the Raman spectra recorded using 

a 783 nm wavelength for a similar 200 nm Pr0.1CeO2-δ sample grown on ITO/Al2O3 substrate and 

exposed to similar annealing as the sample prepared for mobility measurements. The oxygen non-

stoichiometry in this Raman study was found to vary from 0.035±0.001 to 0.042±0.001 from the 

most oxidized sample to the most reduced sample, respectively, according to the recorded optical 

transmission spectra (see Figure S5 in SI). One observes a major common peak at 460 cm-1 in all four 

spectra consistent with the oxygen breathing mode around the Ce4+ cation with F2g symmetry and 

two defect-related peaks around ~550/600 cm-1. These defect peaks have generally been associated 

with the presence of the dopant ions and oxygen vacancies, but their exact origin remains a source 

of debate.77 The peak at ~550 cm-1 has been shown to exist only when oxygen vacancies are present 

in the system and is therefore considered a fingerprint for the latter. Moreover, the peak at ~600 

cm-1  has been shown to be activated by the presence of aliovalent dopants and was hypothesized to 

originate from the  F1u (LO) phonon mode, usually only IR active, becoming Raman active due to the 

local lattice distortion relaxing symmetry rules.77 Furthermore, by examining the relative peak 

heights under resonant condition in Pr doped CeO2,
78 it was shown that the ~600 cm-1 band could be 
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related to the presence of the optically active Pr4+ cation. In that case, the peak height of the defect 

peak at ~550 cm-1 and ~600 cm-1 relate to each other as the former relates to the presence of oxygen 

vacancies introduced by the aliovalent Pr3+ while the latter is associated with the presence of Pr4+ 

and the sum of the two concentrations must be constant. As seen in Figure 3b, the F2g peak (at 460 

cm-1) does not shift position within a resolution limit of ±0.5 cm-1 while its full-width half max 

(FWHM) increases from 22 cm-1 to 26 cm-1 as the sample oxygen non-stoichiometry was increased, 

suggesting the onset of defect association and ordering due to the formation of additional 

nonsymmetric bonding symmetry. As seen in Figure 3c, the peak height at ~550 cm-1 increases while 

the peak at ~600 cm-1 decreases as the sample oxygen non-stoichiometry is increased. Additionally, 

for the two most reduced samples, there is a sign of a peak at ~250 cm-1 which indicates a local 

symmetry reduction enabling Raman activity of additional F1u(TO) phonon modes normally 

prohibited by symmetry rules and used as a fingerprint of local lattice distortion and the onset of 

defect association. The broad peak contribution at ~200 cm-1 was present in all films and also in the 

PCO pellet ( see figure S7). We are not certain about the source of this peak in PCO as it has not been 

reported in the Raman spectra literature for ceria, althought it seems to be characteristic of the 

prasodymium doping in the ceria solute solution.  However, because it did not change in position or 

in character through our different thermal anneals indicating its invariance, it was therefore 

excluded from the Raman analysis. Additionally, the sharp peak contributions at 376 cm-1, 416 cm-1, 

and 577 cm-1 could be assigned to the underlying ITO and are therefore excluded from the PCO 

Raman analysis and further discussion (see Figure S6 in SI). 

Electrical Conductivity Measurements of PCO Thin Film Crossbar Devices 

Figure 4a shows examples of EIS measurements made on the ITO/PCO/ITO device over the 

temperature range of 50 to 100°C at 10°C intervals prior to the dynamic I-V measurements. Each 
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data point represents a different frequency with frequency increasing from high to low Z’ values. The 

table inset in Figure 4a lists the frequency at the peak (maximum Z”) of each semicircle. An 

impedance spectrum was taken for each frozen-in stoichiometry at a series of temperatures. An 

equivalent circuit, as represented in the inset of Figure 4a, was employed to analyze the response of 

the sample in which R1 represents the series resistance of the electrodes given by the offset 

resistance of the semicircle from the origin, R2 and CPE2 represent the bulk PCO equivalent circuit 

given by a resistance and constant phase element in parallel as reflected in the main semicircle, and 

R3 and CPE3 represent a similar circuit representing the interfacial electrode contributions as 

reflected in the small partial semicircle originating at the low-frequency end of the major semicircle. 

CP4 in parallel to R2//CPE2 and R3//CPE3 , represents the stray  capacity that very likely originates 

from the Al2O3 substrate. (Further details on the choice of the equivalent circuit model is provided in 

the supplementary) Figure 4b shows an Arrhenius plot of the bulk (R2), largely electronic 

conductivity (i.e.         )       (    ) vs      , for the different non-stoichiometric states of 

the device. The derived activation energies vary from 0.36 ± 0.01 eV for the most oxidized sample 

(δ~0.032±0.001) to 0.51 ± 0.01 eV for the most reduced sample (δ~0.042 ± 0.001). Linear fitting to 

these data yields     = 28.19 ± 1.1 S.cm-1 for the most oxidized sample (δ~0.032 ± 0.001),     = 61.16 

± 1.1 S.cm-1 for the partially oxidized sample (δ~0.035 ± 0.001),     = 130.02 ± 1.2 for the as-

prepared sample ( δ~0.039±0.001) and     = 321.12 ± 1.2 S.cm-1 for the most reduced sample 

(δ~0.042±0.001). The conductivity,   , of the most oxidized sample (δ~0.032), 1.16x 10-4 S.cm-1, is 

~17 x higher than the conductivity of the most reduced sample (δ~0.042), 6.64 x 10-6 S.cm-1, at 60 °C 

consistent with the trend represented in Figure 2a where we positioned the conductivity data to fall 

on the p-side (left) of the small polaron conductivity maximum as a function of pO2. 
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Dynamic I-V Analysis of Ionic Mobility in PCO Thin Film Crossbar Devices 

Figure 5a shows an example of the dynamic non-linear I-V response of a PCO crossbar device with 

δ~0.032 ± 0.001, measured at 60 °C as a function of applied voltage sweep rate, corrected for the 

electrode resistance contribution. The I-V curve exhibits hysteresis and characteristic current peaks 

at both positive and negative voltage polarities (occurring at a time      ). The range of the sweep 

rates leading to the hysteretic I-V response and current peaks was experimentally determined for a 

peak voltage amplitude of 1.5 V. Figure 5b shows a plot of reciprocal sweep rate,    
  , versus time-

to-current-peak squared,      
 . The dependency is observed to be linear, as predicted by Equation 

(1). The slope of the fitted line, calculated from Equation (1), is used to find the corresponding ionic 

mobility, 1.46   0.04 x10-12 cm2V-1s-1, corresponding to a diffusivity of 4.20 ± 0.16 x10-14 cm2s-1 by 

application of the Nernst-Einstein relation. Figure 5c shows an Arrhenius plot of log10(   ) vs.       

for the as-prepared sample. The activation energy,            , as defined in equation (2) , for the 

oxygen vacancy mobility equals 0.73 ± 0.04 eV over the temperature range from 50-100 °C, while the 

y-axis intercept yields      = 41.5 ± 1.7 cm2V-1s-1.  

 

Figure 6a shows an Arrhenius plot of log10(   ) vs.       for the PCO film for the different 

quenched-in stoichiometries. The as-prepared sample (δ ~ 0.039 ± 0.001) exhibited a migration 

enthalpy of 0.79 ± 0.02 eV. Reduction of the film (δ ~ 0.042 ± 0.001) leads to a similar energy of 0.79 

± 0.02 eV, while oxidation (δ ~ 0.035 ± 0.001 and 0.032 ± 0.001) led to smaller activation energies of 

0.74 ± 0.01 eV and 0.73 ± 0.04 eV, respectively. The intercepts vary from     = 5589.9 ± 1.8 cm2V-1s-1 

for the most reduced sample (δ ~ 0.042 ± 0.001) to     = 41.5 ± 4.3 cm2V-1s-1 for the most oxidized 

sample (δ ~ 0.032 ± 0.001). Figure 6b shows the ionic mobility as a function of δ for temperatures 
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from 50-100 °C. With knowledge of the film thickness and literature values for the extinction 

coefficient of Pr4+ in Pr0.1Ce0.9O2,
67 for a given wavelength (𝜆~532nm) at room temperature,      = 

5.01 ± 0.14 x 10-18 cm-2, we estimate the concentrations of Pr4+ (      
  ) and Pr3+ (     

   

[    
     ]       

   ) which according to the PCO defect model, can be correlated to the oxygen 

vacancy concentration via the electroneutrality relationship      
         

     The sample non-

stoichiometry, δ, was varied from 0.032 ± 0.001 to 0.042 ± 0.001   (Δδ ~ 0.01). At each temperature, 

the factor μi.T shows a linear dependence on concentration with slopes varying from 2.15 ± 0.4 x 10-7  

to 1.07 ± 0.1 x 10-5, while the intercept shows an increase from -6.38 ± 1.6 x10-9 to -3.31 ± 0.36 x10-7 .   

 

Discussion  

Previously reported values of the oxygen vacancy mobility in Pr0.1Ce0.9O2-δ, derived by the dynamic I-

V analysis for a single nominal value of δ,79 were found to be in a good agreement with those from 

the literature for ceria based oxygen conductors.61,65,80 However, it was noted that the activation 

energies derived from the dynamic I-V analysis were 0.10 - 0.15 eV higher than those reported 

previously for acceptor doped ceria-based compounds. It was proposed that the differences in 

migration enthalpy could be due to defect association, more dominant at lower temperatures, or 

due to possible influences of defect concentration on ionic mobility.79 In the present study, we show 

that the ionic mobility in Pr0.1Ce0.9O2-δ is indeed significantly dependent on defect concentration at 

low temperatures, with observed changes in both the migration enthalpy and pre-factor. For 

example, the mobility was observed to increase by a factor of 13 at 60 °C from 1.46 ± 0.09 x 10-12  

cm2V-1s-1 to 1.92 ± 0.03 x 10-11 cm2V-1s-1, while the migration enthalpy exhibited an increasing trend 
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(average rise from 0.73 ± 0.04 eV to 0.79 ± 0.02 eV), as the oxygen vacancy concentration was 

increased by from δ ~ 0.032 ± 0.001  to 0.042 ± 0.001 (see Figure 6a). The mobility pre-factor  varied 

by a factor of 134 x from     = 5589.9 ± 1.8  cm2V-1s-1 for the most reduced sample (δ ~ 0.042 ± 

0.001) to     = 41.5 ± 4.3 cm2V-1s-1 for the most oxidized sample (δ ~ 0.032 ± 0.001). A priori, this is 

surprising as the majority of reports in the literature on acceptor doped CeO2 show no change or a 

decrease in the ionic defect mobility with increasing defect concentration.72,81 

 

Considering first the change in migration enthalpy, it is known that nominally undoped ceria has an 

ionic mobility migration energy of around 0.6 eV and therefore it is consistent to find that the 

migration enthalpy of ~ 0.73 ± 0.04 eV for the oxidized Pr doped sample (i.e. with low oxygen 

vacancy concentrations), approaches that value.61 This is also in line with previous experimental 

measurements on PrxCe1-xO2-δ that showed migration enthalpies ranging from 0.66 to 0.84 eV for x 

values from 0.008 to 0.20.65 The upper migration enthalpy value of 0.79 ± 0.02 eV obtained in this 

study, as well, approaches the upper limits of those measured in the literature of ~ 0.9 eV. The 

increase in migration enthalpy with defect concentration is consistent with an increased vacancy – 

vacancy-dopant defect interactions as reported by Koettgen et al.61 who examined the relationship 

between defect association at the microscopic level and the macroscopic oxygen ion conductivity in 

doped ceria by combining ab initio density functional theory (DFT) with Kinetic Monte Carlo (KMC) 

simulations, calculating the maximum in oxygen ion conductivity as a function of dopant 

concentration. By considering trapping and blocking phenomena, they were able to simulate the 

experimentally observed maxima in ionic conductivity as a function of doping concentration for 

various acceptor doped ceria compounds. Trapping and blocking were defined for the cases where 
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the migration barrier for oxygen vacancy hopping towards and away from a dopant were 

asymmetrically or symmetrically modified by doping, respectively. The main conclusion from their 

study was that while the simulated apparent activation enthalpies at low dopant fractions are equal 

to the migration energy, the activation enthalpy increases with increasing dopant fraction caused by 

the interactions between defects dominated by the trapping behavior. This picture is consistent with 

the results of our Raman measurements over a similar stoichiometry range of δ ~ 0.035 ± 0.001 to 

0.042 ± 0.001, as seen in Figure 3.  The lack of significant F2g peak splitting, the existence of the Fg 

double fluorite band at 370 cm-1 over the entire oxygen non-stoichiometry range and the existence 

of the 250 cm-1 F1u (LO) for the two most reduced stoichiometries, indicates that the oxygen 

vacancies in our material system are partially associated, but have not yet formed a long range 

ordered structure (see Raman analysis in SI for details). As more Pr ions are reduced to 3+, more 

oxygen vacancies are introduced into the lattice, and trapping around the Pr3+ cations becomes 

stronger, resulting in a higher degree of defect–dopant interactions, contributing to the increase in 

association energy. This dependence of the association energy with Pr3+ and oxygen vacancy 

concentration can explain the dependence of the oxygen vacancy migration enthalpy on the 

oxidation state of the Pr ion. 

 

The model developed by Koettgen et al.61 fails, however, to describe the dependence of the pre-

factor of ionic mobility on defect concentration observed in this study as they predicted a nearly 

constant attempt frequency in the mobility pre-factor, independent of defect concentration. A 

similar dependency of the ionic mobility pre-factor on oxygen vacancy concentration, as observed in 

this study, was previously reported by Nguyen et al.82 in acceptor doped LaAlO3, a wide band gap 
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semiconductor whose dominant mobile ionic defect are also oxygen vacancies. Here we note that 

while analogies to this system in comparison with ours (PCO) may be limited due to fundamental 

differences in crystal structure (fluorite vs distorted perovskite) and dominant defect type (anion 

Frenkel vs Schottky disorder), insights may still be gained in terms of the possible origins of the 

observed phenomena. It was observed that the ionic mobility increased with increasing defect 

concentration until a maximum was reached, at which point the oxygen vacancy mobility began to 

decrease. The activation energies increased with increasing defect concentration until the pO2 

independent ionic plateau was reached. In our case, we notice in Figure 4b and Figure 6a that when 

the sample is most heavily reduced (δ > 0.05), past the ionic plateau regime into the Ce3+ reduction 

regime (see SI for details), the ionic mobility passes through a maximum and exhibits a migration 

enthalpy of 0.74 ±0.02 eV and pre-exponential factor equal to 230.6 ±1.6 cm2V-1s-1 (see Figure 6). To 

discuss the possible sources contributing to the changes in ionic mobility (  ) and its pre-factor 

(    ) with defect concentration observed in this study, we examined the effects of strain, ambipolar 

diffusivity, and entropic configuration. As described in the supplementary, we can rule out the effect 

of strain on the observed trend as the Raman data Figure 3 confirms a nearly invariant lattice 

parameter with defect concentration. Likewise, the expected ambipolar diffusivity behavior cannot 

explain the observed trend as the ionic diffusivity would follow the small polaron mobility, which in 

this case, is decreasing with increasing defect concentration.  

 

We, therefore, focused our attention on the potential impact of changes in the entropic 

configuration on oxygen vacancy mobility associated with oxygen non-stoichiometry changes. As 

discussed above, one usually observes a correlation between decreasing oxygen vacancy mobility 
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with increasing migration enthalpy in CeO2 based acceptor doped solid electrolytes. This is attributed 

to increased fractions of oxygen vacancies trapped in the vicinity of charged dopants as the dopant 

concentration increases.61 The transition from the trapped to the detrapped state in weakly doped 

ceria (~1-5%) generally occurs around 300-400 °C.56,83 The results of our measurements are 

counterintuitive with respect to this picture, given the simultaneous increase in both the migration 

enthalpy and the pre-factor of the ionic mobility. To discuss the question of the potential impact of 

changes in the entropic configuration on oxygen vacancy mobility, it is useful first to examine the 

discussions surrounding the so-called Meyer-Neldel law that describes materials that display a linear 

dependence between log10 ionic conductivity, pre-exponential factor, and migration enthalpy.55 

 

As seen in Figure 6c, our data exhibits, within the statistical error of the measurements, a positive 

linear dependence between the pre-exponential factor and migration enthalpy, consistent with the 

Meyer-Neldel behavior. The Meyer-Neldel law is almost universally obeyed, for example, by 

semiconductors that are disordered or inhomogeneous in some manner.84 Two phenomenological 

models have been put forward for ionic conductors to describe their behavior.85,86 The first is based 

on adopting a random walk model and assuming random spatially varying activation energies for 

jumps with an exponential probability distribution. The second model is based on the idea of 

freezing-in defects where the pre-exponential term reflects the temperature at which the defect 

concentration is frozen in.86  Similarly, the Meyer-Neldel law has been used to explain changes in 

migration enthalpy and pre-exponential factor in glass ceramic conductors for which a distribution of 

free volumes with different percolative paths are quenched in.84 The migration enthalpy is not as 

sensitively dependent on this distribution of paths compared to the configuration entropy, as the 
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former reflects the average energy for mobile ion migration. In contrast, the latter reflects all the 

possible configurations and pathways. The second model concept related to the freezing in of 

defects does not satisfactorily explain the observed trend, as expressed in equation (2), a change in 

defect concentration would only be expected to lower the mobility of ionic defects due to a reduced 

site fraction of available lattice oxygen for the oxygen vacancy to hop into. On the other hand, the 

concept of spatially varying activation energies for jumps with an exponential probability distribution 

and percolative pathways is of interest as similar analogies can be drawn with that of a distribution 

of defect associates in our system.  

 

Examples in the literature of the latter resulting in changes in the pre-exponential factor of the 

oxygen vacancy ionic conductivity have been made in various stabilized zirconia systems.87,88 For 

example, in the case of CaxZr1-xO2-x,
89 the ionic mobility of oxygen vacancies could be substantially 

decreased by isothermally holding the sample ~1000 °C for several hours. This change in conductivity 

was attributed largely to a pre-exponential factor change as the migration enthalpy was nearly 

invariant and was attributed to a process of cations ordering with oxygen defects in the system. This 

has often been reported as an aging phenomenon for samples held >1000 °C for 100’s 

hours.83,87,88,90,91 These phenomena were shown to result from significant changes in the lattice 

structure via the formation of micro-domains.91 For samples annealed at a much higher temperature 

(>1600°C), the disorder in the system could be recovered, while for samples annealed below 650°C, 

owing to the extremely slow migration kinetics of the cations, did not show any ordering. When 

discussing the origin of defect association as a function of temperature, we must recognize that the 
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nature of forming defect complexes is dependent on the temperature at which the sample is 

annealed.  

 

It is generally accepted that at low temperatures, when we consider defect association between 

oxygen vacancies and trivalent dopants, the latter are considered immobile and, therefore, only the 

former (i.e. mobile oxygen vacancies), order themselves around the cations. This tends to result in 

partially compensated defect dipoles, that in the case of PCO would be given by92  

      
    

    (    
    

  )  (3) 

At higher temperatures, typically above ~1000 °C, cations, as well, become mobile undergoing an 

ordering process along with the mobile oxygen vacancies. This would result, in the case of PCO in the 

formation of neutral defect tripoles, given by92  

       
    

    (     
    

  )  (4) 

The migration kinetics of the two complexes are expected to be different, with an oxygen vacancy 

more strongly trapped in the neutral tripole as compared to that in the dipole. Starting from a 

disordered state, depending on the annealing temperature and time, different distributions of 

dipoles and tripoles can be expected to form in the lattice. Owing to lower dissociation energetics, 

oxygen vacancies will prefer to migrate along dipoles rather than tripoles. Thus the overall migration 

kinetics of oxygen vacancies would be expected to follow a percolated network of dipoles. The 

presence of tripoles is expected to constrict the pathways through which the oxygen vacancy can 

migrate, by limiting the different dipolar pathways available for the migrating oxygen vacancy to 

follow, thus resulting in lower migration entropy and, therefore a lower ionic mobility pre-factor. 



 

 

 

This article is protected by copyright. All rights reserved. 

  27 

 

 

We note that a major difference between the conventional fixed valent and our mixed valent doped 

system is that the extra negative charge on the compensating cation in the PCO system, Pr3+, is 

mobile. The diffusivity of Pr ions is expected to be similar to that of Ce ions and other rare earth 

cations of similar valence, which only become mobile at temperatures >1000 °C (diffusivity of 10-14 -

10-18 cm2s-1 from 400-600°C)93–95 and therefore would not be sufficiently mobile during our 

temperature treatment to rearrange into micro-domains. However, the high mobility of the small 

polaron (diffusivity of 10-5- 10-6 cm2s-1 between 400-600°C)64,65 could readily enable it to undergo 

ordering at reduced temperatures, leading to the formation of neutral tripoles as described in 

equation (4) as well as dipoles in the temperature range of 400-600°C. The temperature range 

employed in this study coincides well with values reported in the literature for the temperature 

onset of defect association in ceria or zirconia (~300-400 °C)56,83,96, which generally refers to dipole 

formation. In preparing our specimens, the different thermal/atmosphere treatments used to 

achieve different levels of stoichiometry were likely to have quenched in different levels of neutral 

tripoles and charged dipoles. For the sample annealed at rather elevated temperatures (δ ~ 0.042), 

this could result in a rather minimal formation of neutral tripoles, and thus a high pre-exponential 

factor due to a highly disordered Pr3+ sublattice. In contrast, the samples held longer at lower 

temperatures under oxidizing conditions (δ ~ 0.032 & 0.035) could lead to the partial formation of 

neutral tripoles resulting in narrower conduction pathways for mobile oxygen vacancies. We provide 

a schematic representation of the ordering concept for a fixed non-stoichiometry in Figure 7. The 

different stoichiometries achieved by thermal annealing and the impact on the small polaron 

mobility would likely shift the transition temperature for neutral tripole formation. Ultimately, the 

presence of tripoles (the maximum possible amount of tripoles vs dipoles) in the lattice will reflect 
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the conditions under which the film was grown and the physical distribution of Pr ion in proximity of 

each other. Further experimental and modeling efforts are required before a more exact explanation 

for the source of the steep change in mobility pre-factor with different annealing 

times/temperatures and increasing defect concentration can be established.   

 

Summary and Conclusions 

In this study, we quantitatively demonstrated, in a single device, that varying the oxygen vacancy 

concentration can have a significant impact on the magnitude of ionic mobility and its migration 

enthalpy, thus demonstrating the importance of considering the effect of defect concentration on 

ionic mobility in these MIEC through directed experimental efforts. The existence of an interband 

gap optical absorption center in the model Pr0.1Ce0.9O2-δ (PCO) system, associated with the oxidation 

state of the Pr ion, was leveraged to monitor changes in film oxygen non-stoichiometry. By 

processing the ITO/PCO/ITO crossbar device at elevated temperatures in ambients with different 

pO2’s, it was possible to quench-in to room temperature different degrees of oxygen non-

stoichiometry (δ) varying from 0.032 ± 0.001 to 0.042 ± 0.001 as quantified by optical absorption 

measurements. By combining this information with mobility data extracted from dynamic IV analysis 

of an ITO/PCO/ITO crossbar device, insight was gained into the impact of non-stoichiometry on ionic 

mobility near room temperature. A linear dependence of ionic mobility on defect concentration was 

found.  For increases in oxygen vacancy concentration as low as 20% (corresponding to Δδ ~ 0.01), 

the mobility increased by up to 13-fold, while its migration enthalpy  exhibited a weak but positive 

dependence on nonstoichiometry ranging from 0.73 ± 0.04 eV to 0.79 ± 0.02 eV). with increasing 
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nonstioichiometry.  While a general increase in migration enthalpy with increasing defect 

concentration would be consistent with reports of increasing defect association with increasing 

defect concentrations in acceptor-doped ceria, the increase in the ionic mobility pre-factor of up to 

13-fold was not. Strain, defect association, ambipolar diffusivity, and configurational entropy were 

all considered as possible factors in attempting to explain this trend. Raman spectroscopy results 

served to rule out changes in strain as primary causes for the large increases in mobility. The small 

polaron behavior of electronic charges in PCO, as examined by impedance spectroscopy, was 

inconsistent with the possible role of ambipolar transport in explaining this surprising result. On the 

other hand, the positive correlation between migration enthalpy and pre-exponential factor was 

observed to follow a Meyer Neldel like behavior. Variations in configurational entropies associated 

with the quenching procedure utilized in this study, coupled with the unusual nature of the acceptor 

dopant supporting migration via electron hops between occupied Pr3+ ions and neighboring empty 

Pr4+ ions, was hypothesized to lead to a distribution of percolated transport pathways. Further 

experimental and modeling efforts are required before a more exact explanation for the source of 

the steep change in mobility pre-factor with different annealing times/temperatures and increasing 

defect concentration can be established.   

 

This study offers valuable insights for a variety of nanoionic devices operating under near ambient 

conditions, where knowledge about the as-prepared non-stoichiometry is generally lacking. 

Significant differences in room temperature ionic mobility and electronic conductivity, as well as 

varying activation energies, can result in large discrepancies in device operations. Moreover, the 

presence of inhomogeneous defect migration pathways through a percolated network of defect 
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clusters could have significant implications, for example, on the variability of memristive devices that 

rely on the formation of nanometric sized ionic defect filaments. Pathways of high ionic mobility 

would likely be key candidates for the nucleation and propagation of such filaments.  Moreover, this 

methodology offers the opportunity for future systematic examination of the impacts of different 

stimuli e. g. high field or strain, on ionic mobility in mixed ionic-electronic conductors at reduced 

temperatures.  

Supporting Information 

Supporting Information is available from the Wiley Online Library or from the author. 
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Figure 1 a) Schematic of a cross-sectional device structure and a top view optical micrograph 

of the prepared device. b) SEM cross-sectional image of an as-prepared Pr0.1Ce0.9O2-δ thin 

film grown by pulsed laser deposition. c) Grazing incident XRD pattern of a similarly grown 

PLD film. By comparison with a reference Pr0.1Ce0.9O2-δ pattern, we find that the film is 

polycrystalline. 
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Figure 2  a) Schematic representation of the quench-in procedure, depicting the expected different 

regions of the σtot vs log10(pO2) curve at 50 °C  for the different quenched in stoichiometries. The 

sample was held at an intermediate temperature ( 400-600 °C) while the oxygen partial pressure was 

modified. After several hours, but before equilibrium with pO2 was reached, the sample was 

quenched to freeze in the new defect concentration. b)Transmission spectra of the device measured 

after quenching to room temperature from the different annealing steps. 
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Figure 3  a) Raman spectra of the Pr0.1Ce0.9O2−δ devices with δ varying from 0.035±0.001  to 

0.042±0.001. Bands at 460  cm
−1

 denote the F2g vibrational symmetry, whereas ~250cm
−1

, 

~534cm
−1

, and ~570cm
−1

 denote oxygen vacancy activated bands. * represents ITO peaks 

that were disregarded from the analysis. b) Peak position (left y-axis) and FWHM (right y-

axis) of the 460 cm
−1 

Raman active vibrational mode with F2g symmetry for the Pr doped 

ceria samples for different δ; the lines serve as a guide to the eye. (c) Peak intensity of the 
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oxygen vacancy induced Raman vibrations denoted as ~550cm
−1

 (left y-axis)  and ~600cm
−1

 

(right y-axis); the lines serve as a guide to the eye. 

 

 

Figure 4  a) Examples of impedance spectra measurements made on the ITO/PCO/ITO ( 

δ~0.032±0.001) device from 50 to 100°C prior to the dynamic I-V measurements. An 

equivalent circuit is depicted in which R1 represents the series resistance of the electrodes 

given by the offset resistance of the semicircle from the origin, R2 and CPE2 represent the 

bulk PCO equivalent circuit given by a resistance and constant phase element in parallel as 

reflected in the main semicircle, and R3 and CPE3 represent a similar circuit representing the 

interfacial electrode contributions as reflected in the small partial semicircle originating near 

the low-frequency intercept of the major semicircle. b) Arrhenius plot of the bulk 
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contribution to the total largely electronic conductivity         , for the different non-

stoichiometric states of the device. 

 

 

 

Figure 5 a) Example of the dynamic non-linear I-V response of a PCO crossbar, for sample 

δ~0.032±0.001, measured at 60 °C as a function of applied voltage sweep rate corrected for 

the electrode contribution. b) Plot of reciprocal sweep rate, versus time-current-peak squared. 

The dependency is observed to be linear as predicted by equation (1) corresponding to an 

ionic mobility, 1.46   0.04 x10
-12 

cm
2
V

-1
s

-1
. c) Arrhenius plot of log10(μi.T)  vs  1/(kb.T) for 

sample δ~0.032 ± 0.001 . The migration enthalpy for the oxygen vacancy mobility equals 
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0.73 ± 0.04 eV over the temperature range from 50-100 °C, while the y-axis intercept is 41.5 

±  0.1 cm
2
V

-1
s

-1
.  

 

 

Figure 6 a) Arrhenius plot of log10(μiT) vs 1/(kbT) for the film with the different quenched in 

stoichiometries. The as-prepared sample (δ~0.039±0.001) exhibited a migration enthalpy of 

0.79 ± 0.02 eV.  Reduction of the film (δ~0.042±0.001) leads to a similar energy of 0.79 ± 

0.02 eV, while oxidation (δ ~ 0.035±0.001 and 0.032±0.001) led to smaller activation 

energies of 0.74 ± 0.01  eV and 0.73 ± 0.04 eV, respectively. b) Semi-Log plot of μi.T as a 

function of δ for temperatures from 50-100 °C. At each temperature, the product μi.T is fitted 
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with a linear curve on concentration with slopes varying from 2.15 ± 0.4 x 10
-7  

to
 
1.07 ± x 

0.1 10
-5

, while the intercept shows an increase from -6.38±1.6 x10
-9

 cm
2
V

-1
s

-1 
to -3.31±0.36 

x10
-7

 cm
2
V

-1
s

-1
. In semi-Log plot, the linear fit looks logarithmic.  c) Plot of log10(    ) vs Em 

for the different samples measured, showing a positive linear correlation. 

 

 

 

Figure 7 Schematic representation of the ordering process at constant non-stoichiometry. 

On the left represent a low temperature anneal case where small polarons are ordered with 

oxygen vacancies to form tripoles and dipoles. The migration pathway is constricted by the 

tripoles. On the right is high temperature anneal case where disorder is recovered by 

breaking up the tripoles due to the mobile small polaron.  

 

 



 

 

 

This article is protected by copyright. All rights reserved. 

  44 

 

By combined use of systematic annealing and optical monitoring, we demonstrated a 13 

fold change in near room temperature oxygen vacancy ionic mobility in Pr0.1Ce0.9O2-δ thin 

films, highlighting the sensitivity of ionic transport to processing induced ordering in a 

model polaronic mixed conductor. Such insights are crucial for understanding the potential 

origins of variations in ionic transport in nanoionic devices.  

 

 

 


