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Abstract

Novel interpenetrating phase composites show promise for structural aerospace com-
ponents, but their structure-property relations are not well understood. In this work,
we explore the effects of mesoscale geometry on mechanical behaviors of architec-
tured interpenetrating phase composites. We first investigate the tensile behavior
of a composite construction termed the chain lattice, which is a hierarchical porous
structure comprising two interpenetrating cellular solids. Through tension testing, we
demonstrate that combined interphase action results in damage delocalization and an
order-of-magnitude improvement in strain-to-failure over the fully dense base mate-
rial. These experiments validate a micromechanics-based model of tensile specific
energy absorption, which we then use in a parametric study on the effects of geomet-
ric parameters and matrix properties on tensile behavior. We predict that ceramic
chain lattices can achieve an order-of-magnitude improvement in tensile specific en-
ergy absorption over the fully dense material. We next examine the macroscale and
fine-scale dynamic response of interpenetrating phase composites comprising a body-
centered cubic steel lattice embedded in an aluminum matrix. Through plate impact
simulations, we find that the complex mesoscale geometry reduces shock velocity rel-
ative to monolithic constituents, slowing and spreading the shock front via reflection
and redirection. In the fine-scale, we can predict several aspects of the pressure and
longitudinal velocity responses by tracking internal wave reflections. Finally, we ob-
serve that the post-shock maximum temperature increases with structural openness,
and temperature hotspots form at interfaces parallel to the shock direction. The
findings in this work 1) highlight the ability to tailor energy absorption of interpen-
etrating phase composites by controlling mesoscale geometry; and 2) provide novel
structure-property linkages in the dynamic response of architectured interpenetrating
phase composites.
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Chapter 1

Introduction

Propulsion systems and thermal protection systems in next-generation aerospace ve-
hicles require materials that can survive extreme operating conditions such as high
stresses, elevated temperatures, and aggressive oxidation. Because monolithic mate-
rials are often unable to withstand such extreme operating conditions, people have
historically turned to composites for use in these extreme aerospace environments,
where the composite effect grants mechanical properties that exceed those of their
constituent materials. For instance, ceramic-matrix composites are attractive can-
didates for reusable rocket nozzles and combustion liners owing to their excellent
high-temperature strength and damage tolerance |1, 2.

Structural aerospace components also frequently experience high-rate loading events.
For instance, jet engine turbine blades are frequently damaged by high-speed colli-
sions with solid particles entrained within the air such as ice particles and sand [3, 4].
Satellites and spacecraft also suffer hypersonic damage by impact of micrometeoroids
and orbital debris, which travel at speeds in excess of several kilometers per second [5].
In these dynamic loading conditions, traditional laminated composites and granular
compacts exhibit strong resistance to shock due to their internal geometric features
which impede shock propagation [6, 7|. This unique combination of material prop-
erties—exceptional high-temperature damage tolerance and resistance to high-rate
deformation—makes composites key candidates for aerospace components.

However, traditional composite processing routes present challenges which de-
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grade mechanical performance relative to theoretical upper bounds. Porosity and
structural heterogeneities can act as stress concentration sites, for instance, leading
to premature failure [8]. Additive manufacturing (AM) offers a potential solution to
this problem, since it can be used to fabricate high quality, complex structures with
well-controlled geometries that impart specific, desirable failure behaviors. For ex-
ample, AM has been used to precisely arrange the spatial distribution of constituents
in interpenetrating phase composites (IPCs) [9, 10|, which enables desirable failure
mechanisms such as tailored crack bridging and damage delocalization |11, 12, 13].
Additionally, by patterning porosity in a single material, AM has been used to form
interpenetrating lattices which extend the range of available mechanical properties
beyond those of conventional lattice structures [14].

The ability to manipulate the mechanical behavior of 3-D-printable composite
structures via the fine control of their mesoscale geometry has far-reaching implica-
tions for aerospace materials. For instance, 3-D-printable IPCs can be used to form
regenerative cooling channels in rocket engines by incorporating foams and lattice
structures with finely tuned porosity. They are also of interest for shock focusing
in munitions casings, where hotspot formation within reactive IPC systems can be
finely controlled by mesoscale geometry, enabling shock detonation at precise points
[15, 16, 17]. 3-D-printable IPCs can also be used for shielding elements in satellites,
where AM allows for greater geometric complexity and shock resistance in satellite
housing components than traditional composite processing routes. However, despite
these potential applications, the link between mesoscale geometry and mechanical
properties is not well understood in complex IPC systems, and these applications are
yet to be realized.

The aim of the present work is to investigate the relationship between mesoscale
geometry and mechanical behavior of archtectured IPCs. First, we explore the quasi-
static tensile energy absorption behavior of novel, 3-D printable IPCs, where we
tailor geometric parameters to control failure behavior and maximize tensile energy
absorption. We then examine the dynamic behavior of periodic architectured IPCs

to relate the mesoscale unit cell geometry to the macroscale and fine-scale composite
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shock response. These initial structure-property linkages are crucial in advancing the
capabilities of this novel class of architectured IPCs.

This work is organized as follows. A brief review of relevant works is given in
Chapter 2. The quasi-static tensile energy absorption study is described in Chapter
3. Chapter 4 presents the study on the dynamic behavior of architectured IPCs.

Finally, the thesis is summarized in Chapter 5 with conclusions and future work.
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Chapter 2

Background

2.1 Introduction

A better understanding of the energy absorption and shock behaviors of architectured
interpenetrating phase composites (IPCs) is crucial for enabling their use in structural
aerospace components. To gain insight into these behaviors of complex IPCs, we can
first examine previous studies on traditional composites which describe geometry-
induced damage and shock mechanisms that we can extend to our more complex
composite systems. Furthermore, additive manufacturing (AM) has previously been
used to form IPCs with fine control over mesoscale geometry. The preliminary ex-
amples of 3-D-printable IPCs and the resulting damage mechanisms serve in part as
inspiration for the IPCs with more complex mesoscale geometries presented in the
present work. In this chapter, we briefly review previous work on these topics: the
energy absorption and shock behaviors of traditional composite structures, and the

preliminary studies on AM IPCs which motivate this work.
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2.2 Energy Absorption Behavior of Traditional Ma-
terial Systems

Monolithic brittle materials often have low toughness and strain-to-failure in tension,
rendering them unusable for structural applications where tensile loads are often un-
avoidable. However, they generally have a unique combination of high-temperature
strength and low density that makes them attractive candidates for use in extreme
aerospace environments. One way to take advantage of these exceptional properties
while mitigating their poor toughness is to form them into composites, which use
internal geometric features to induce desirable failure mechanisms. Fiber-reinforced
ceramic-matrix composites (CMCs), for instance, use a combination of fiber and ma-
trix to increase toughness and strain-to-failure in tension as compared to their mono-
lithic constituents due to several characteristic damage mechanisms. One significant
tensile damage mechanism is frictional dissipation along the fiber/matrix interface,
where energy is expended as fibers debond and pull through the matrix. Another
key damage mechanism is matrix cracking: within a localized plastic zone, energy is
absorbed as small matrix cracks form and propagate, and fibers bridge these cracks to
prevent catastrophic failure. Finally, fiber extension and breakage require significant
energy input due to their high volume fraction of roughly 40% within the composite
[18, 19]. The resulting additional energy expenditure modes and inelastic straining
lead to roughly an order of magnitude increase in fracture toughness as compared to
monolithic ceramic material [20, 21].

More complex brittle-matrix composites rely on similar stress-transfer and damage
delocalization mechanisms to enhance their toughness in tension. For example, woven
and braided fiber-reinforced brittle-matrix composites use fiber tows to bridge matrix
cracks and distribute loads around stress-concentrating features [20, 22|. With con-
tinued matrix cracking, the fiber reinforcement displaces and locks up to resist further
deformation, leading to compression of the matrix material which adds an additional
mode of tensile energy absorption. This lock-up behavior causes localized hardening,

which locally arrests damage and forces displacement to continue elsewhere in the
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composite, delocalizing damage and enabling high energy absorption [23, 24, 25].

The hardening and damage delocalization behaviors of woven and braided brittle-
matrix composites are exemplified by the chain composite, developed by Cox et al.
[23, 24, 26, 27, 28|. Chain composites consist of parallel chains embedded in a brittle
matrix. Under a tensile load, adjacent chain links, initially relaxed, slide towards one
another as the chain is drawn tight, causing the chain crowns to compress trapped filler
material. Once the inner radii of the chains come into contact and experience lockup,
further tensile deformation and resulting filler compression initiate in another location
of the chain composite. Finally, individual chain links and the entire composite fail
after all chain links have experienced lockup. By converting far-field tensile loading
into local compression of the brittle matrix, a chain composite extracts plastic work
from constituents that are normally brittle in tension.

Additionally, cellular solids such as foams and lattices are of interest for energy-
absorbing applications, where the combination of structural geometry and porosity
distribution makes them amenable for use in composite materials. Foams are charac-
terized by a random distribution of struts, and their mechanical properties including
strain-to-failure, yield strength, and Young’s modulus are primarily determined by
their relative density, which is generally less than 0.3 [29]. By comparison, lattice
structures are defined as a periodic arrangement of struts, and they are broadly char-
acterized by their connectivity. The connectivity of a lattice is traditionally described

using Maxwell’s stability criterion, given as

M=b—-274+3 (2.1)
in two dimensions, and

M=b—-3j+6 (2.2)

in three dimensions, where b is the number of struts and j is the number of joints in
the unit cell of a lattice. If M < 0, then the given lattice structure will deform by
bending at the joints and is thus referred to as a bend-dominated structure. Note

that foams are classified as bend-dominated structures due to their relatively low
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connectivity. By contrast, if M > 0, then the lattice structure will deform through
extension of individual struts and is referred to as a stretch-dominated structure. The
energy absorption behaviors of these two types of lattice structures vary greatly. For
a given relative density, stretch-dominated structures generally have a greater yield
strength; however, bend-dominated structures are more suitable for energy-absorbing
applications due to the difference in post-yield behavior. After stretch-dominated
structures yield in tension, their strength drops significantly, leading to minimal en-
ergy absorption during post-yield crush-up. Bend-dominated structures, by contrast,
maintain a relatively constant crush-up stress, which is ideally equal to their yield
stress, until reaching densification. Bend-dominated structures, including foams, are
thus preferred as lightweight energy absorbers [30, 31]. The energy absorbing proper-
ties of foams and lattices, together with the damage behvaiors observed in traditional

composites, are useful mechanisms in the design of architectured IPCs.

2.3 Shock Behavior of Composites and Preliminary

Work

The shock response of traditional material systems including monolithic solids, lam-
inated composites, and granular media has been studied extensively. Several models
which stem from mass, momentum, and energy conservation laws accurately describe
the shock behavior of monolithic solids, and macroscale shock properties such as the
Hugoniot relation, shock front rise time, and strain rate-stress relation have been
experimentally measured for an extensive list of materials [32, 33, 34, 35, 36]. While
monolithic materials are treated as homogeneous in their shock response, the shock
response of laminated composites is strongly influenced by interfacial effects. Inter-
face scattering, the most prominent interfacial effect in laminated composites, induces
geometric dispersion and spatial dissipation which cause the macroscale shock prop-
erties of laminated composites to deviate from those of their monolithic constituents.

For instance, in laminated composites with layers of alternating metal and polymer,
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Figure 2-1: Pressure response of laminated composites with layers (a) perpendicular,
(b) angled, and (c) parallel to the impact direction [38].

the shock velocity in the composite is below the range bounded by the Hugoniot
of its constituents; the shock front rise time is greater than those of its monolithic
constituents by more than an order of magnitude; and in the relationship between
strain rate and stress represented by é o< ¢”, n &~ 2, where n =~ 4 for monolithic
materials. Taken together, these differences in macroscopic shock properties indicate
that internal interfaces slow and spread a shock front within laminated composites,
increasing the shock viscosity of laminated composites relative to monolithic con-
stituent materials |6, 37]. Furthermore, the laminate orientation has a strong effect
on both macroscale shock properties and fine-scale shock response, as shown in Fig.
2-1, where internal wave reflections and interfacial redirection determine the oscil-
latory behavior of the pressure response in laminated composites. In particular for
laminated composites of Al and Ni, intense heating and shearing occur at interfaces
that are non-perpendicular to the shock direction, serving as an additional mode of
shock dissipation [38, 39]. Altogether, the interfacial effects of 1-D laminated compos-
ites result in a shock response that is strongly dependent on material and geometric
parameters including constituent impedance mismatch, interfacial density, laminate
orientation, and interfacial bonding [6, 38].

Similarly, the shock response of granular media reflects their relative geometric
complexity, where the random distribution of particles, voids, and intergranular con-

tacts increases shock viscosity as represented by macroscale shock properties. For
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instance, n &~ 1 in the strain rate-stress relationship of granular tungsten carbide due
to interfacial effects such as shock front nonlinearities and multiple-wave interactions
[40]. The random geometric arrangement also contributes to spreading of the shock
front, where particles that begin in contact can transmit the shock wave faster than
particles separated by voids. The resulting shock front width in granular WC is on
the order of several particle diameters [41]. The geometric complexity also induces
additional modes of macroscale energy dissipation, where upon compression, much
of the longitudinal particle motion is converted to lateral momentum as particles
shift to fill voids [40, 7]. Furthermore, the fine-scale shock response is dominated by
geometry-dependent processes, where stress bridging and intergranular heating occur
at randomly distributed intergranular contacts [42]. This strong dependence of shock
response on particle distribution, considered together with the results of laminated
composites, indicates that the internal geometry of more complex 3-D IPCs will have
strong influence over their macroscale and fine-scale shock response.

One such IPC of current interest comprises a body-centered cubic (BCC) lat-
tice of steel embedded within a matrix of aluminum. This material combination is
attractive, first, for its viability in structural reactive systems, where the combina-
tion of steel and Al can provide the system with a desirable combination of strength
and reactivity, respectively. Additionally, this IPC configuration can be reliably fab-
ricated using AM processes. In particular, a print-then-infiltrate approach termed
PrintCasting, depicted in Fig. 2-2, is commonly used for the steel-Al system. First,
a steel lattice preform is 3-D printed. Next, Al is melted using an induction fur-
nace. The lattice preform, with a greater melting temperature than the Al matrix,
is then infiltrated with the motlen Al using a vacuum pump attached to the inlet
nozzle. This two-step PrintCasting process provides a solution to the difficulties of
printing A356/316L composites with fusion-based additive manufacturing processes,
which otherwise cause aluminum and iron to form brittle intermetallic phases [13].

The behaviors of these PrintCast steel-Al IPCs have been thoroughly studied. For
instance, in quasi-static tension, the interpenetrating nature of the structure gives rise

to crack bridging and matrix cracking, leading to an order-of-magnitude increase in
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Figure 2-2: Schematic representation of the PrintCast process used to form metal
interpenetrating phase composites.

tensile strain-to-failure as shown in Fig. 2-3 [13, 43, 44|. Functional properties, such
as thermal conductivity, can also be linked to the internal mesoscale geometry and
porosity of the structures [43|. Finally, ballistic impact tests demonstrate that in these
IPCs, spallation, cratering, and delamination were limited by geometry-dependent
scattering events [45]. These results together provide an initial demonstration of the
strong linkage between mesoscale geometry and properties in novel, 3-D-printable
IPCs.

To better understand the dynamic behavior of these steel-Al IPCs, a preliminary
study examined plate impact simulations of a 2-D cross-section taken via micro-CT
[46]. In the macroscopic shock response of the 2-D cross-section, the internal planar
heterogeneities spread and slow the shock as shown in Fig. 2-4, and the resulting
shock velocity lies below the range bounded by the Hugoniot of its constituents,
similar to the effect seen in laminated composites. In the fine-scale, the shock front
contours around the dense BCC steel lattice as it propagates into the composite, and

angled interfaces induce transverse momentum through lateral wave dispersion. The
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Figure 2-3: Tensile stress-strain curves for monolithic A356 Al and a BCC steel-Al
IPC. From [13].

findings from these preliminary studies on architectured IPCs motivate the study the

on dynamic behavior of 3-D IPCs in the work at present.

2.4 Summary

In summary, IPCs show promise for use in structural aerospace components due to
their strong structure-property linkages. In traditional structural composite systems,
such as fiber-reinforced, woven, and braided composites, interphase damage mech-
anisms mitigate flaw sensitivity and enhance energy-absorbing capability. Cellular
solids also exhibit geometry-dependent failure mechanisms, where internal poros-
ity causes desirable post-yield energy absorption behavior. With the fine control
of mesoscale geometry granted by AM, we can thus induce and refine these damage
mechanisms in [PCs to maximize energy absorption. And under high-rate loading,
traditional laminated composites and granular media attenuate shock via interfacial
effects, leading to geometric dispersion and spatial dissipation. Preliminary studies
demonstrate qualitatively that IPCs exhibit similar shock behaviors due to internal

geometry. However, the underlying geometry-dependent shock mechanisms are not
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Figure 2-4: Shock front behavior in a 2-D cross-section of a BCC steel-Al IPC. From
[46].

well understood, which hinders the capability of complex, 3-D-printable IPCs. In
this thesis, we explore the linkages between mesoscale geometry and properties for
IPCs—in particular, the energy absorption and dynamic behaviors—which are critical

enablers for their use in structural aerospace components.
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Chapter 3

Tensile Energy Absorption Behavior
of Additively Manufactured

Interpenetrating Porous Composites

3.1 Introduction

Given the desirable deformation mechanisms of traditional composites, we aim in this
work to maximize the tensile energy absorption of interpenetrating phase composites
(IPCs) with complex, tailorable mesoscale geometries. To this end, we leverage the
net-shaping capabilities of additive manufacturing (AM) to tailor the energy absorp-
tion behavior of a 3-D-printable, architectured IPC called the chain lattice, depicted
in Fig. 3-1. Inspired by the mechanics of traditional composites (described in Sec-
tion 2.2), the chain lattice is a composite of two interpenetrating cellular solids: a
chain reinforcement and a filler material. The chain reinforcement consists of links
that displace towards one another under an applied tensile load. These links can
lock-up and cause load transfer and damage delocalization, similar to the links in
a chain composite. The filler, printed from the same material as the chain links,
is a porous matrix that occupies the space between links and is compressed as the

links displace, acting as a foam to densify and absorb energy under a far-field tensile
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tensile force

chain reinforcement

Figure 3-1: Chain lattice comprising a unidirectional chain reinforcement embedded
in a random foam of the same base material. Key features of the racetrack chain
links (thickness T', length L, crown radius R) are labeled in the magnified view of the
half-unit cell.

load. This composite action—the displacement of the chain reinforcement together
with the densification of the porous matrix—results in delocalized damage and high
strain-to-failure in materials that are brittle when fully dense. Furthermore, both the
chain reinforcement and the filler material are 3-D printed from the same material in
a single print, allowing for net-shaping of chain lattices with fully tailorable strength
and energy absorption. Note that this chapter is adapted from the published article
[47].
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3.2 Analytical Model for Energy Absorption

We first present guidelines for designing chain lattices that exhibit delocalized damage
and high specific energy absorption in tension. The specific energy absorption of a

chain lattice, Wy, is given by the general equation

o€

Ws = =
Pop

(3.1)

where o is the tensile flow stress, ¢ is the strain-to-failure, p, is the density of the
fully dense parent material, and p is the relative density of the chain lattice. Accord-
ingly, optimizing W requires minimizing the overall density p,p and maximizing the
volumetric work oe.

The relative density of a chain lattice is a volume-average of the densities of its
constituents:

p=Ve+Vp, (3.2)

where p is the relative density of the filler matrix, given by the ratio of the filler density
to the density of the chain link material, and V, and V} are the volume fractions of
the chain reinforcement and the filler, respectively. We note that while the filler and
chain links can generally be formed from different materials, this work only considers
chain lattices with filler and chain links of the same parent material, such that the
entire chain lattice can be produced in a single print.

The tensile flow stress of a chain lattice o is given by the product of the area
fraction of the filler perpendicular to the loading axis, Ay, and the compressive flow
stress of the filler, of. We estimate oy using the standard power-law relation between

the compressive strength of a cellular solid and its relative density (p):

or~ Co,p", (3.3)

where C' is a proportionality constant, o, is a material property, and the exponent
n depends on nodal connectivity. For open-cell foams and bend-dominated lattices

where strut connectivity is less than 12, C' ~ 0.3, o, is the modulus of rupture of a
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strut, and n &~ 1.5; for stretch-dominated lattices where strut connectivity is greater
than 12, C' =~ %, 0, is the compressive strength of the fully dense material, and n ~ 1
[31, 29].

Using this flow stress model, we can tailor the strength of the filler to achieve delo-
calized damage, meaning that the filler undergoes crush-up and the chain links reach
lockup before ultimate failure occurs. To develop this delocalized damage criterion
for the chain lattice, we adapt a model developed by Gong et al. for the delocalized
damage criterion of a chain composite [26], which requires that the maximum tensile
stress in a chain link not exceed its tensile strength. The model considers stress con-
tributions from four sources: the tensile stress along the outer surface of the chain
crown; the compressive stress along the inner surface of the crown; shear tractions
tangential to the interface of the two phases in the crown; and shear tractions tan-
gential to the interface of the two phases along the leg. Applying this model to the

chain link geometry shown in Fig. 3-1 gives

o, > 0, %cl 4 R;TCQ + (1 4 %) Cy+ %04} , (3.4)
where o, is the tensile strength of the chain reinforcement, C; = 2.57, C5 = 1, and
C3 = Cy = 0.5 for fully bonded interfaces [26]. For chain lattices made from a brittle
parent material, o, must account for size effects on tensile strength using Weibull
statistics [48]. Since critical flaws of a given stress state are more likely to be present
in specimens with a larger volume, the tensile strength of the reinforcement decreases

with chain link volume according to the relationship

1

o, =07 <%) " : (3.5)

where op is the tensile strength of a brittle material with representative volume V),
V7 is the volume of the specimen, and m is the Weibull modulus, which characterizes
the volume effect on strength knockdown. Thus, the tensile strength of the chain

reinforcement decreases as unit cell volume increases, and the compressive strength of
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the filler foam must be tailored accordingly to satisfy the delocalized damage criterion.
Inserting Eq. 3.3 and 3.5 into Eq. 3.4, the delocalized damage criterion for a chain

lattice made from a brittle parent material follows as

V\" _[R. R+T T AL
or (71> Top {?OI + L Cy + (1 + ﬁ) Cs + ?04} , (3.6)

where the left-hand side of the equation represents the tensile strength of the chain
reinforcement with respect to a normalized volume, and the right-hand side represents
the maximum tensile stress in the chain link due to compression of the filler.

The tensile strain-to-failure of a chain lattice can vary dramatically depending on
the damage behavior. At one extreme, chain links fail before filler compression and
chain lockup occur, resulting in localized damage and a strain-to-failure similar to
that of the fully dense parent material. At the other extreme, delocalized damage
can give rise to two distinct limiting behaviors based on the filler compression process.
For chain lattices with the chain link geometry shown in Fig. 3-1, if the filler remains
trapped between the chain links, then the strain-to-failure of the chain lattice is

approximately : ’ )
L+2R)(1—1.4p
~ L+2R+2T

(3.7)

where the term (1 — 1.4p) is the predicted densification strain of the filler ep [29].
If instead the filler is ejected from the chain lattice during filler crush-up, then the

maximum strain-to-failure is

L+2R

N 3.8
L+2R+2T (38)

3

Using these models for o, €, and p, we predict specific energy absorption by
substituting Eq. 3.2, 3.3, and 3.7 into Eq. 3.1 while assuming delocalized damage,

completely trapped filler, and a constant flow stress, giving

[0o(Vi + Vi) " (3.9)

VO> m (L +2R)(1 — 1.4p)

:A ik —_
W = AsCo0p (Vl L+2R+2T
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3.3 Experimental Validation

3.3.1 Procedure

To validate this analysis, we performed tension tests on chain lattices fabricated on a
Formlabs Form 3 stereolithography printer using the Formlabs poly(methyl methacry-
late) Clear resin, which has a theoretical density of 1.19 g/cm®. The chain lattices
comprised chains embedded in a random, open-cell foam, as illustrated in 3-1. To
assess the transition from localized to delocalized damage, we systematically varied
the relative density of the filler foam while holding fixed the chain link geometry with
R=9mm, T =5 mm, and L = 15 mm. To adjust the relative density of the foam,
we used a constant ligament diameter of 0.5 mm and varied the mean cell size from
2.3 mm to 4 mm. These values gave filler foam relative densities p between 0.13 and
0.28, corresponding to overall relative densities p between 0.25 and 0.58 for the chain
lattice. The foams were designed using random node generation in nTopology. The
chain lattices had a gauge length of 12 cm and a square 9x9 cm? cross-section, with
chains aligned parallel to the loading axis in a 3x3 array and each chain comprising
approximately five links, as shown in Fig. 3-2. On average, between 8 and 12 cells of
foam spanned the distance between the legs of the chain links.

For comparison, we performed tension tests on fully dense specimens that had a
gauge length and diameter of 50 mm and 7 mm, respectively, and monolithic foam
specimens with the same structure as the filler foam. The monolithic foam tensile
specimens had a gauge length of 48 mm and a gauge diameter of 20 mm, with mean
unit cell size ranging from 3 mm to 5 mm and a constant strut diameter of 0.625
mm. These values gave p ranging from 0.10 to 0.28 with 10 to 15 unit cells spanning
the gauge diameter. Prior to testing, we cured all specimens in a UV oven for 30
minutes at 60°C, following the procedure recommended by Formlabs. We conducted
the mechanical tests at room temperature using an electromechanical load frame with

~L. For the fully dense material and the foam specimens,

an initial strain rate of 1072 s
we recorded strain using optical displacement measurements; for the chain lattices,

we measured strain using the crosshead displacement.
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Figure 3-2: Exemplar chain lattice used for tension testing, where the individual
chains are arranged in a 3x3 array embedded within the filler matrix.
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Figure 3-3: (a) Compressive stress-strain data and (b) compressive strength vs. rel-
ative density for 3-D-printed poly(methyl methacrylate) filler foams with varying
relative densities.

Additionally, to calibrate Eq. 3.3 for poly(methyl methacrylate), we performed
compression tests on foams with the same structure as the filler. The resulting stress-
strain data shown in 3-3 exhibits behavior expected of foams in compression, with
initial yield followed by relatively constant plateau stress until densification. The
observed densification strains were slightly less than those predicted by ep = 1—1.4p.
The logarithmic fit shown in Fig. 3-3b gives C' = 0.6 and n = 1.9, which roughly
agree with the predicted values of C' &~ 0.3 and n =~ 1.5 for open-cell foams and

bend-dominated lattices [29].

3.3.2 Results and Discussion

The tension test results for the fully dense material and tensile foams are summarized
in Fig. 3-4. The fully dense material failed at a peak stress of 70 MPa with a strain-
to-failure of 4%. This relatively ductile behavior suggests that for this material, we
can neglect strength knockdown due to volume effects and assume the limiting case
for Eq. 3.5 in which m — oco. Foams with p ranging from 0.10 to 0.28 experienced

strain-to-failure between 3% and 6%, which reflects their defect sensitivity and in-
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Figure 3-4: Tensile stress-strain data for 3-D-printed poly(methyl methacrylate) as a
fully dense material and as filler foams with varying relative density p.

trinsic brittleness in tension as compared to foams in compression [49]. Foam tensile
strengths ranged from 0.5 to 1.9 MPa, slightly less than the compressive strengths of
0.5 and 3.7 MPa predicted using Eq. 3.3 with the calibrated values of C' = 0.6 and
n =1.9.

Fig. 3-5 shows the stress-strain data of the chain lattices with p ranging from
0.13 to 0.28 (shown in parentheses), resulting in p ranging from 0.25 to 0.58. The
chain lattices with p = 0.25, p = 0.31, and p = 0.37 exhibit delocalized damage
as they experienced filler foam crush-up before chain link failure. The delocalized
damage process is best demonstrated by the chain lattice with p = 0.25, where in
the stress-strain data of Fig. 3-5, the first peak of 0.6 MPa and the following stress
drop correspond to tensile fracture of the filler foam in a plane between chain crowns.
Next, the stress increases during compression of the filler foam as two planes of newly
freed chain links slide towards one another to reach lockup, with crush-up stress of
about 0.5 MPa. This process occurred a total of five times due to the five chain links

in each chain and corresponding to the five peaks in the stress-strain data. Ultimate
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Figure 3-5: Tensile stress-strain data for 3-D-printed poly(methyl methacrylate) chain
lattices with overall relative density p ranging from 0.25 to 0.58 and filler relative
density p (in parentheses) ranging from 0.13 to 0.28.

failure occurred only after all chain links experienced lockup, once individual chain
links began to fail in the junction between the leg and the chain crown. The observed
crush-up stress of 0.5 MPa agrees with the predicted crush-up stress of 0.5 MPa given
by the product of the filler foam area fraction (0.576) and the compressive strength
of the filler foam with p = 0.13 (predicted as 0.87 MPa by Eq. 3.3). Furthermore,
the observed strain-to-failure was 65%, which closely agrees with the 63% predicted
by Eq. 3.7.

While the chain lattices with p = 0.31 and p = 0.37 also exhibited delocalized
damage, they experienced comparatively constant plateau stresses rather than recur-
ring stress peaks because multiple filler regions simultaneously underwent compres-
sion until the chain links reached lockup. For the chain lattice with p = 0.31, the
observed strain-to-failure of 0.75 lies between the 0.61 predicted by Eq. 3.7 and the
0.77 predicted by Eq. 3.8 due to filler ejection during crush-up. For the chain lattice
with p = 0.37, ultimate failure occurred before all chains reached lockup, resulting in

incomplete crush-up and an observed strain-to-failure of 0.49, less than the predicted
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0.58. And while the peak stress of 0.73 MPa for the chain lattice with p = 0.31 is
roughly equal to the expected value of 0.66 MPa, the peak stress of 1.59 MPa for the
chain lattice with p = 0.37 well exceeds the 0.83 MPa predicted by Eq. 3.3.

By comparison, the chain lattices with p = 0.45 and p = 0.58 experienced localized
damage as several chains fractured before the filler began to crush-up. In both cases,
the initial stress peaks in the stress-strain data of Fig. 3-5 represent failure of roughly
half of the chain links and surrounding filler foam in the plane of failure. Next, several
remaining chain links pulled through the weakened filler foam until reaching lockup.
The chain lattices then failed once these chain links reached lockup, before filler crush-
up could begin elsewhere in the specimen. This localized damage led to respective
strains-to-failure of 0.36 and 0.40 which fall below the 0.51 and 0.47 predicted by Eq.
3.7. Furthermore, the inconsistent crush-up stresses which peak at roughly 0.50 MPa
and 0.30 MPa fall far below the 1.6 MPa and 2.2 MPa predicted by Eq. 3.3, reflecting
the minimal crush-up following initial localized damage and fracture.

These contrasting delocalized and localized damage mechanisms suggest that with
geometric parameters R = 9 mm, L = 15 mm, and 7" = 5 mm, the transition from
delocalized damage to localized damage occurs before p = 0.24. Although this value
is below the threshold of p = 0.33 predicted by Eq. 3.6 for a bend-dominated foam,
the observed transition agrees with the predicted p = 0.21 under the assumption
that the filler foam exhibits stretch-dominated behavior. The observation of stretch-
dominated behavior at greater p is also supported by the elevated peak stress of the
chain lattice with p = 0.37. Furthermore, the stress-strain data of the chain lattice
with p = 0.45 displays characteristics of stretch-dominated behavior, with steep drops
in stress after filler crush-up events.

We likely observe stretch-dominated behavior at elevated p values due to lateral
constraint of filler foam by the chain legs, which gives rise to a multi-axial stress state
in the filler. Lateral constraint of bend-dominated lattices during compression often
results in stretch-dominated behavior [50]; this effect and the resulting increase in
compressive strength are greater for foams with greater plastic Poisson’s ratio vpstic,

which generally increases with p [51]. To observe this effect of p on vpsc for the
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Figure 3-6: Plastic Poisson’s ratio vp.sic vs. relative density p for poly(methyl
methacrylate) foams in compression.

chain lattice filler, we performed additional compression tests on foams with the same
structure as the filler. We conducted the mechanical tests at room temperature using
an electromechanical load frame with an initial loading rate of 100 N-min~! up to
a load of 500 N followed by a strain rate of 1072 s~!. Axial strain was measured
using crosshead displacement, and radial strain was measured incrementally during
testing with a micrometer. Fig. 3-6 shows the relationship between vp,s. and p.
Notably, the linear fit predicts vpqstic = 0 for p = 0 and vpastic = 0.5 for p = 1, which
agrees with the theoretical g5 of 0.5 for a fully dense incompressible material.
This relationship supports the prediction of stretch-dominated behaviors at higher
p due to lateral constraint, and we accordingly assume that the filler is limited by
stretch-dominated behavior in the following calculations of the delocalized damage
threshold.

The mechanical test results are summarized in Fig. 3-7, which shows specific
energy absorption and tensile strength measurements for monolithic poly(methyl

methacrylate), foams in tension and compression, and chain lattices with varying p
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Figure 3-7: Specific energy absorption of chain lattices, compressive foams, tensile
foams, and fully dense poly(methyl methacrylate). For the chain lattices, overall
relative densities p are followed by filler relative densities p in parentheses.

(with p in parentheses). While the flow stresses of the foams in tension were roughly
in line with those of foams in compression, their low strain-to-failure led to specific
energy absorption values between 0.16 and 0.23 J/g, more than an order of magni-
tude less than those of foams in compression with values between 5.2 and 6.4 J/g. By
contrast, the delocalized damage process of the chain lattice resulted in a maximum
observed specific energy absorption of 1.2 J/g for the chain lattice with p = 0.25.
This observed value approaches the 1.6 J/g of the fully dense material and agrees
closely with the 1.32 J/g predicted by Eq. 3.9. On the other hand, the chain lattice
with p = 0.58, which experienced localized damage, had specific energy absorption
of 0.5 J/g, far less than the 1.4 J/g predicted by Eq. 3.9 under the assumption of

delocalized damage.
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3.4 Parametric Analysis of Energy Absorption

Having experimentally validated our chain lattice model, we can use it to determine
the effect of geometric parameters on specific energy absorption for chain lattices
made from a brittle parent material. Here we assume ideally brittle, linear-elastic

behavior, such that the specific energy absorption of the fully dense material is

ore

- 3.10
- (3.10)

Ws,monolithic -

with € ~ 0.1%. In our analysis, we evaluate a normalized specific energy absorption
U, defined as the ratio of chain lattice specific energy absorption (Eq. 3.9) to the
specific energy absorption of the fully dense material (Eq. 3.10). We also limit the

analysis to values of % and :% such that
(1.4p)(2L 4+ 2R) > R, (3.11)

where the left-hand side of the inequality approximates the length of the compressed
filler matrix and the right-hand side represents the inner radius of chain link crowns
in contact. This excludes from the analysis cases in which the inner radii of the chain
crowns come into contact before full compression, which would cause premature chain
link failure in the crown-leg junction.

With these considerations, we first examine ¥ with varying p for chain lattices
with fixed % and %, similar to our experimental procedure. This relationship for
chain lattices with both bend- and stretch-dominated filler is shown in Fig. 3-8. We
set m = 10, which is the Weibull modulus of 3-D-printable SiOC and is typical
of conventionally processed ceramics [52], and assume that the delocalized damage
transition is limited by the strength of a stretch-dominated filler matrix, in line with
our experiments. From Fig. 3-8, we observe that W increases monotonically up to the
delocalized damage threshold predicted by Eq. 3.6. This trend contrasts the observed

relationship between specific energy absorption and p shown in Fig. 3-7 because Eq.

3.9 assumes that the crush-up stress is constant and equal to the compressive strength

38



a. bend-dominated filler b. stretch-dominated filler
10 30

n=15 8.9 n=1
c=033 ¥=88 c=03 23951
m=10 /8.3 m=10 "
8 L / / 24 7 N¢o
L_ Ay L_ A 3.2
T=3 S 73 il
.é é T=20 ,é é L-9p
5|5 6+ 1.8 S| 3518 F 1.8
S| 6 1.6 5| s 1.6
c| € <| €
> < 4 F > = 12 +
1 1
B B
2r P 6 g
delocalized A delocalized :
damage —>: i} damage ——>: :
threshold P threshold : : :
0 1 1 1 H l o 1 1 1 : : I
0 0.05 0.1 _ 0.15 0.2 0.25 0 0.05 0.1 _ 0.15 0.2 0.25
P p

Figure 3-8: Normalized specific energy absorption ® vs. relative density p for chain
lattices with (a) bend-dominated and (b) stretch-dominated filler matrices, with £ =
3, m = 10, and selected values of %.

of the filler. Instead, as shown in Fig. 3-5, we observe experimentally that the chain
lattice crush-up stresses fluctuated below the initial filler foam yield stresses, resulting
in non-ideal specific energy absorption.

We observe from Fig. 3-8 that for given values of % and %, ¥ is maximized at
the delocalized damage threshold. The threshold relative density values for variable
% and % are shown in Fig. 3-9.

Using the delocalized damage threshold values shown in Fig. 3-9, we can then
calculate maximum W values with variable % and % using Eq. 3.9. These calculations
are shown in Fig. 3-10, where, for a 3-D-printable ceramic like SiOC with m = 10
[52], and including the limitation given by Eq. 3.11, the maximum values of ¥ are
13.3 with % = 1.9, % = 0.4, and p = 0.29 for chain lattices with bend-dominated
filler, and 29.6 with % = 2.2, % = 1.6, and p = 0.20 for chain lattices with stretch-
dominated filler. This analysis suggests that forming SiOC into a chain lattice with
stretch-dominated filler can improve tensile specific energy absorption from 0.2 J/g

for the fully dense material to 5.9 J/g as a chain lattice. Interestingly, this order of

magnitude increase in tensile specific energy absorption is similar to the increment in
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specific energy absorption when fully dense ceramics are formed into fiber-reinforced

ceramic matrix composites [53].

3.5 Summary

With AM, we can finely control mesoscale geometry to tailor the quasi-static mechan-
ical behavior of IPCs. In this chapter, we introduce the chain lattice, a 3-D-printable
IPC comprising a chain reinforcement and a filler material, which uses the combined
action of both phases to delocalize damage and inhibit catastrophic failure. First, we
develop a model which uses material properties and geometric parameters to predict
chain lattice tensile strain-to-failure and energy absorption. This model considers the
criterion for delocalized damage, which places an upper limit on the relative den-
sity of the filler material with which the chain lattice will still experience delocalized
damage.

We use this model as a guide to print and tensile test chain lattices printed from
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Figure 3-10: Normalized specific energy absorption W for chain lattices with (a) bend-
dominated and (b) stretch-dominated filler matrices.

poly(methyl methacrylate) with fixed chain link geometric parameters and varying
filler material relative density. From these tests, we see that the delocalized damage
criterion developed for the analytical model accurately predicts the filler material
relative density at which the chain lattice no longer experiences delocalized damage.
For the chain lattice that exhibited the most ideal failure behavior, our model closely
predicts the strain-to-failure and specific energy absorption. These results serve to
validate the analytical model, which we can then extend to ideal material systems
and geometries.

Applying the model to an ideally brittle material, where we expect the greatest
improvement in tensile specific energy absorption as compared to a monolithic parent
material, we find that when optimizing chain reinforcement geometric parameters,
our model predicts an increase in tensile specific energy absorption of more than an
order of magnitude. This improvement is roughly equal to that seen when forming a
ceramic into a CMC, indicating that this method of forming AM IPCs is a powerful
tool for designing damage-tolerant structural components out of nominally brittle

parent materials.
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Chapter 4

Shock Response of Additively
Manufactured Interpenetrating Phase

Composites

4.1 Introduction

Previous studies demonstrate qualitatively that interpenetrating phase composites
(IPCs) utilize geometry-dependent shock attenuation mechanisms such as interface
scattering and geometric dispersion to enhance their shock viscosity relative to mono-
lithic constituents [45, 46]. Considering these preliminary observations, the goal of
the current work is to assess more rigorously both the macroscale and fine-scale shock
response of architectured 3-D IPCs, which can enable a tailorable IPC shock response
and make them useful for structural aerospace components. To this end, we performed
3-D plate impact simulations on the IPCs with the body-centered cubic (BCC) con-
figuration previously discussed in Section 2.3, and we varied simulation parameters
such as lattice volume fraction, impact orientation, and impact velocity to observe

the geometry sensitivity of the shock response.

42



4.2 Plate Impact Simulation Setup

We peformed 3-D hydrocode simulations using CTH (version 12.2, Sandia National
Laboratories, 2020). The simulation setup is shown in Fig. 4-1la. The simulated
IPC comprised a BCC lattice of 316L stainless steel embedded within a matrix of
A356 aluminum. The structure of the IPC was generated using an STL file of an
idealized BCC microstructure such that there was no interfacial porosity. The BCC
unit cell length was 2.5 mm and the diameter of the cylindrical struts was 0.8 mm,
resulting in a steel volume fraction of 40%. We assumed no bonding between the
constituents, which is observed in these IPCs experimentally [44]. The simulated
composite contained three unit cells in the shock direction with an infinite A356
Al backer at the rear face to suppress spall. Boundaries in the lateral directions
were modeled using periodic boundary conditions, while the boundaries in the shock
direction were modeled as sound speed—based absorbing to allow material and stress
to flow in and out of the simulation. Tracer points were arranged in a 3-D grid with
spacing of 0.1 mm within the composite to record data every 5 ns. The equations
of state for the steel, Al, and copper flyer were Mie-Gruneisen 316L steel, SESAME
Al6061, and SESAME Cu, respectively. The constitutive strength models for the
steel, Al, and Cu were Johnson-Cook 316L steel, Johnson-Cook Al6061, and Zerilli-
Armstrong Cu, respectively. Fracture and contact were incorporated using CTH’s
internal boundary-layer algorithm.

In this work, our default simulation setup included a lattice volume fraction of
40%, impact orientation of [100], and impact velocity of 1000 m/s. To probe a range
of particle velocities, we varied impact velocity from 500 m/s to 1500 m/s at intervals
of 250 m/s. We also examined the effects of mesoscale geometry on shock response by
varying geometric parameters as shown in Fig. 4-1b: we varied lattice volume fraction
from 20% to 80% at intervals of 20% by increasing strut diameter, and along with
the [100] orientation, we simulated impact along the [110] and [111] directions.
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Figure 4-1: (a) Simulation setup and (b) variations in impact orientation and lattice
volume fraction.

4.3 Macroscale Composite Shock Properties

The simulated composite shock velocity-particle velocity Hugoniot relation for lattice
volume fraction of 40% is shown in Fig. 4-2a. Notably, the composite shock velocity
lies slightly below the shock velocity predicted by kinetic energy averaging, a method
often used to predict composite Hugoniot relations due to its relative simplicity and
accuracy [54, 55|, as given by

Ue = Xoul + (1 — X,)ug. (4.1)
In particular, the composite shock velocity is an average of 2.25% less than the kinetic
energy average prediction. This reduction in composite shock velocity relative to its
predicted value is similar to the shock velocity knockdown observed in laminated
composites and in simulations of 2-D cross-sections of these IPCs [6, 46|, similarly
indicating that geometrically induced interface scattering increases shock viscosity in

these composites. We note that by comparison, the reduction in shock velocity of
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Figure 4-2: (a) Simulated composite Hugoniot relation compared to experimental
Hugoniot relations of the constituent materials and a kinetic energy average predic-
tion, with points from the simulated [110] and [111] impact orientations overlaid, and
(b) simulated composite shock speed with varying lattice volume fraction.

laminated composites and 2-D cross-sections relative to their monolithic constituents
are much greater than the reductions seen in the composites at hand; while the com-
posite Hugoniots of laminated composites and 2-D cross-sections lie below the bounds
predicted by the experimentally measured Hugoniots of their constituent materials,
the composite shock velocities for these 3-D IPCs lie within the bounds of the con-
stituents [35, 56]. This difference in relative shock velocity reduction is likely due in
part to material effects. The laminated composites previously discussed were formed
from alternating layers of metal and polymer [6], where the mechanisms governing
shock transfer in polymers are influenced by microscale polymer packing and entan-
glement, generally resulting in slower shock transfer processes and leading to a slower
shock velocity [57, 58].

The difference in relative shock velocity reduction is also likely due to differences
in the openness of the structures, represented schematically in Fig. 4-3. In the ar-
chitectured 3-D IPCs (cf. Fig. 4-3c), open channels within the 3-D structure allow
much of the shock front to travel without encountering interfaces. By contrast, the
laminated composites have no open channels, and the thin open channels within the

2-D cross-sections were an unintentional product of the location of the cross-section
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Figure 4-3: Schematic comparison of the structural openness within laminated com-
posites [6], 2-D cross-sections of BCC IPCs [46], and 3-D IPCs, where open channels
are represented in green.

plane and are exacerbated by inconsistency in manufacturing. These relatively closed
structures within the laminated composites and 2-D cross-sections cause the entirety
of the shock front to be slowed as it travels into the composites and encounters in-
terfaces. Nevertheless, despite the relative openness of the 3-D IPC structure, the
macroscale shock velocity measurements of the 3-D IPCs indicate that overall, the
internal mesoscale geometry slows the shock front, thereby enhancing the macroscale
composite shock viscosity.

In Fig. 4-2a, the shock velocities of the [110] and [111]| orientations at impact
velocity of 1000 m/s are overlaid as points. Notably, they coincide with the shock
velocity of the original [100] configuration, suggesting that this macroscale quantity
of shock velocity is insensitive to impact orientation and, more broadly, is likely
insensitive to fine-scale lattice geometry. We also observe a slight knockdown in shock
velocity when varying lattice volume fraction at a fixed particle velocity, as shown in
Fig. 4-2b. Comparable to the knockdown of 2.25% in Fig. 4-2a, the composite shock
velocity lies at an average of 2.5% below the kinetic energy average in Fig. 4-2b. This
relatively constant, predictable knockdown in shock velocity further indicates that
the macroscale shock velocity is relatively insensitive to fine-scale lattice geometry
and is likely more strongly influenced by macroscale composite properties such as

lattice volume fraction and connectivity of the structure.
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Figure 4-4: Pressure histories for tracer points and the plane average within a plane
3.2 mm into the composite with impact orientation of [100], impact velocity of 1000
m/s, and lattice volume fraction of 40%.

The ability of the composite to slow and spread shock is further demonstrated
in Fig. 4-4, which displays the pressure history for tracer points located at a plane
within the second unit cell from the strike face, allowing sufficient distance for interface
interaction. Notably, we observe distinctly different pressure histories when measuring
from tracer points within the steel lattice and from tracer points within the Al matrix.
Looking first at the shock front measured from tracer points within the steel lattice,
we observe a distribution of shock front arrival times that centers around the plane
average, indicating that the shock front, ideally beginning as a planar discontinuity,
has spread within the steel lattice. This spreading is likely due to lattice interactions
which convert a fraction of the longitudinal motion of the shock front into transverse
motion, where, upon contacting the angled struts of the lattice, the shock is redirected
at an angle into the lattice by the 45-degree-angled interface. The resulting fraction
of the shock front within the struts of the steel lattice is no longer parallel to the
plane of the strike face, causing the distribution in shock front arrival times which is

centered around the plane average.

47



In the pressure histories measured from the Al tracer points, we observe two
distinct behaviors, where, depending on the tracer point, the shock front appears to
arrive either before or after the plane average. This difference in behavior is due to the
openness of the structure, as previously described and shown in Fig. 4-3. Within open
channels of Al in the composite, the shock front can reach these tracer points without
encountering any interfaces and thus travels with minimal impedance. On the other
hand, at Al tracer points that lie between nodes of the BCC lattice (i.e., outside of
the green regions of Fig. 4-3), the shock front is delayed due to lattice interactions,
where shock transfer at heterophase interfaces induces a finite time delay, driving
wave scattering. Altogether, these dispersive behaviors spread the shock front and
increase its width, indicating that lattice-dependent geometric dispersion is a key
mechanism of shock viscosity in these 3-D IPCs.

The shock front resulting from these behaviors is illustrated in Fig. 4-5, where the
contour of the shock front is displayed at several time intervals after impact. Upon
impact, the shock front initially propagates into the composite as a planar wave, as
shown in the first screenshot at 5 ns. However, interfacial shock transfer slows the
shock front as it encounters the dense steel lattice, and variation in the openness
of the lattice structure causes the relative spread of the shock front as discussed
previously. This combination of effects is clear even by 180 ns, where the contour
of the shock front is dominated by the mesoscale geometry of the lattice. The two
distinct behaviors within the Al matrix, discussed previously, are especially clear at
400 ns. In between steel nodes, the shock front is slowed due to lattice interactions.
By contrast, the shock front faces minimal impedance in the open channels of the Al
matrix (cf. Fig. 4-3). These contrasting shock histories, most visible at 400 ns, lead
to the distinct behaviors in the pressure history of the tracer points within the Al as
shown in Fig. 4-4.

As described earlier, the diagonal lattice-matrix interfaces redirect the shock front
at an angle, converting some of the fully longitudinal shock front motion into trans-
verse motion. This effect is shown more clearly in Fig. 4-6, where the ratio of trans-

verse to longitudinal velocity is roughly +1 within the struts of the lattice, suggesting
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time: 5 ns

Figure 4-5: Contour of the shock front in the first unit cell from the strike face after
5 ns, 180 ns, and 400 ns.

that the shock front is moving at a 45-degree angle to the longitudinal direction due
to the angling of the struts. By comparison, the maximum relative transverse ve-

locity in granular media is roughly only 0.1 and is due solely to random particle

Vr

A when compar-

and porosity distribution [40]. This large difference in the ratio
ing 3-D IPCs and granular media indicates that compared to stochastic particles,
the customized, periodic mesoscale geometry of the 3-D IPCs more strongly drives
shock dispersion. Furthermore, the average transverse velocity taken over the entire
volume of the composite approaches zero, reflecting the geometric symmetry of the
lattice and indicating that this process is strongly dissipative. These connections be-
tween mesoscale geometry and shock behavior indicate that geometry controls both
fine-scale dispersive and dissipative mechanisms.

Taken together, these geometric effects result in an average shock front rise time
of roughly 200 ns, which is about an order of magnitude greater than the shock front
rise time of roughly 20 ns observed in monolithic materials. This comparison further
suggests that the mesoscale geometry of the 3-D IPCs enhances their relative shock
viscosity [6, 39]. Using this shock front rise time, we can estimate shock front width
A by

A = (Us — Up)ts, (4.2)

where ¢ is shock front rise time, U is composite shock velocity, and U, is particle
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Figure 4-6: Transverse velocity, V7, normalized by longitudinal velocity, V7, at given
times, with vectors overlaid to indicate shock velocity (top view). Shock parameters
are the following: impact direction of [100], impact velocity of 1000 m/s, and lattice
volume fraction of 40%.

velocity [42]. Using the aforementioned shock front rise time, with values of Uy and
a composite-averaged U, taken from Fig. 4-2, Eq. 4.2 gives an estimated shock front
width in the composite of 1.04 mm. This relative length-scale for shock front width,
on the order of the composite unit cell length of 2.5 mm, is similar to that seen in
granular media and monolithic materials, where the shock front width is on the order
of several particle diameters and several atomic spacings, respectively [36, 40]. We
note that with more unit cells in the shock direction, the length-scale of the shock
front width would likely increase to reach several unit cells, analogously matching
that of monolithic solids and granular media.

Finally, we observe that within a propagation length-scale of several unit cells, the
periodicity of the structure supports a steady wave. This ability to support a steady
wave is demonstrated in Fig. 4-7, where, at planes of tracer points within different
unit cells but at the same relative unit cell location, the pressure profiles are identical.

This observation is more clearly shown in Fig. 4-8, where the plane average pressure
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Figure 4-7: Pressure histories of 3 planes of tracer points taken from the same location
within different unit cells.

profiles are overlaid. Note that in the rearmost plane of tracer points, there is a
drop in stress that occurs due to the reflection of the release wave off of the Al backer
which arrives at the rearmost plane. Notably, this steady wave behavior contrasts the
behavior of laminated composites with layers oriented parallel to the shock direction,
where distinctly different shock speeds within the constituent materials cause the
shock front to spread indefinitely, resulting in an unsteady wave front [38].

Taken together, these geometry-dependent macroscale shock qualities—reduction
in shock Hugoniot, increased shock front rise time and shock front width, and con-
version of longitudinal motion into transverse motion—indicate that the internal
mesoscale geometry of these 3-D IPCs leads to slowing and spreading of the shock
wave, enhancing composite shock viscosity relative to its monolithic constituents. In
the following section, we further explore the relationship between internal mesoscale
geometry and shock response by examining several elements of the fine-scale shock

response.
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Figure 4-8: Plane-average pressure histories from the planes in Fig. 4-7 overlaid.

4.4 Fine-Scale Shock Response

4.4.1 Oscillatory Behavior

In the fine-scale, several aspects of the composite shock response are oscillatory in
nature. The oscillatory behavior of the pressure response, for instance, is shown in
Fig. 4-9a, where the pressure history is measured from the tracer point in the center
of the BCC unit cell as denoted in Fig. 4-9b.

To better understand this oscillatory pressure response, we can link several aspects
of the oscillations to both composite geometry and material properties. To this end,
we first examine the initial peak pressure of 19.11 GPa from Fig. 4-9a. We can predict
the initial peak pressure by using the pressure-particle velocity Hugoniot relation [36],
given as

P = p(Cy + SU,)U,, (4.3)

where P is pressure, p is material density, Cy is the material sound velocity at zero
pressure, S is an empirical shock parameter, and U, is particle velocity. From Eq. 4.3,
we see that in order to calculate P, we first have to find U, within the steel, where

the material properties p, Cp, and S can be readily found in material databases [35].

52



a. b. shock direction ———

I T | Tpredicted =0.41 Ms VF: 40% :,:’
20 F gTobserved =0.35 MS "
© 15 F )
% tracer point
~ & R
o :
> L
a 10 VF: 20%
9 Tpredicted = 0.41 ps
Q Tobserved = 0.34 s
I3 S N | VA VA O s R S
5 GPaI
. ) 0.25 ps 0.25 us
steel

time

Figure 4-9: a) Pressure history for the tracer point located at the central node of the
BCC unit cell for a lattice volume fraction of 40% and 20%, with the predicted and
observed periods listed. b) Schematic depiction of the location of the tracer point at
the central node of the BCC unit cell and the path of the pressure wave along the
unit cell diagonal.

To solve for U,, we use a technique called graphical impedance matching in which
we equate the interfacial pressures between the projectile and target as shown in Fig.
4-10, where pressure is given by the pressure-particle velocity relation (cf. Eq. 4.3).
Considering that the projectile begins with the initial impact velocity V', we have to
perform a change of coordinates by reflecting its curve about the y-axis and change
its origin from 0 to V. After plotting the inverted pressure-particle velocity relation
for the projectile and the known pressure-particle velocity relation for the target,
U, is simply the intersection of the two curves. Setting up this equality, where the

projectile and target are referred to with subscripts 1 and 2, respectively, gives

p2(Ca + S2Up2)Upz = p1 [C1 + S1(V = Up2)| (V = Upa)- (4.4)

Inserting the shock parameters listed in Table 4.1 and an initial impact velocity of
1000 m/s and solving for Uy, in Eq. 4.4 gives a particle velocity in steel Uy = 0.50
km/s.
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Figure 4-10: Graphical impedance matching for the copper projectile and the 316L

stainless steel target based on Eq. 4.4, using shock parameters listed in table 4.1 and
an impact velocity of 1 km/s.

Table 4.1: Shock parameters for copper, 316L stainless steel, and A356 aluminum.

. P Co
material S
[g/cm?®]  [km/s]
copper 8.92 492 1.34

316L stainless steel 7.91 4.46 1.54
A356 aluminum 2.67 5.40 1.11

o4



To calculate the initial peak pressure, we now plug the calculated U, = 0.50 km/s
and the shock parameters of the steel target into Eq. 4.3, giving a predicted pressure
of 20.87 GPa. This value agrees well with the observed initial peak pressure of 19.11
GPa shown in Fig. 4-9a, suggesting that this method can be used to reliably predict
peak pressure. And while this impedance matching technique is most commonly used
to evaluate shock behavior following plate impact of monolithic solids and laminates,
it is likely accurate in evaluating the composites at hand due to the steady-wave
behavior of the composite as discussed previously in Section 4.3. If the composite were
to exhibit unsteady-wave behavior, invoking the pressure-particle velocity Hugoniot
relation would likely only be accurate in predicting pressure very near to the strike face
because the shock wave would continuously disperse as it travels into the composite,
causing the pressure measured from the tracer point to deviate from its predicted
equilibrium value. Note that by comparison, the pressure history in Fig. 4-9a is
measured within the second unit cell in the composite, sufficiently far from the strike
face, again indicating the steady-wave behavior of the composite. Furthermore, we
note that in a composite with more unit cells in the shock direction—on the order
of tens to hundreds—the pressure would likely decay due to spatial dissipation as
energy from the shock wave is irreversibly deposited into the composite, and the
pressure prediction would no longer be accurate. However, on the current length-
scale of several unit cells, the steady-wave behavior holds and we can accurately
predict the initial peak pressure by approximating the IPC as a laminated composite
and inserting material properties.

As discussed previously, several aspects of the pressure response including oscilla-
tion period and initial peak can be predicted by locally approximating the composite
as a laminate. However, we find that this approximation overestimates the post-shock
mean pressure in our architectured IPCs [37|, suggesting that the relative complex-
ity of the internal mesoscale geometry causes these IPCs to attenuate shock more
strongly than laminated composites of the same relative composition. We apply this
treatment as follows, with the impactor and constituent materials denoted by sub-

scripts 1, 2, and 3, respectively. The mean pressure o,,.q, in laminated composites is
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given analytically by

5o0Usp1 Uy
Omean = pozspP1 - 1~ V (45)
plUsl + pOUs

where py is the density of the composite, given by a rule of mixtures, p; is the material
density of the impactor, Uy, is the resulting shock velocity in the impactor, V' is the
impact velocity, and U, is the late-time velocity for shock loading, given by

. By +
0. = 2 1+ (4.6)

hg 19 h3hg
VAP + (GF + (B 4 )i

with post-shock impedance ratio R’ given by

R/ — p{dUsg
0,2U82’

1
m:< %Jm, (4.8)
1=z

and similarly, layer thicknesses h!

1
Usi

To solve for predicted mean pressure, we insert the shock parameters given in table

(4.7)

post-shock material densities p!

4.1, impact velocity V' of 1000 m/s and layer thicknesses A = 1 mm and h3 = 1.5 mm
for steel and Al, respectively. We can also solve for U,s and Uss, the particle velocity
and shock velocities in Al, respectively, by using the impedance matching technique
done previously for steel, giving Uy, = 0.70 km/s and Uss = 6.33 km/s. Plugging
these into Eq. 4.6-4.9 and solving Eq. 4.5 gives a predicted mean pressure o,,cq, of
19.01 GPa. To find the actual post-shock mean pressure, we performed a Fourier
transform on the oscillatory pressure history and recovered the zero-frequency value,
as shown in Fig. 4-11b. The observed mean pressure is 14.93 GPa, which is much

less than the mean pressure of 19.01 GPa predicted analytically for an analogous
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Figure 4-11: a) Pressure history for the tracer point located at the central node of
the BCC unit cell for a lattice volume fraction of 40%. b) Fourier transform of the
plot in Fig. 4-11a which reveals the mean pressure o,,cqn-

laminated composite.

Next, we can link the oscillation period to the lattice geometry by considering
the time-dependent pressure response to be the result of internal wave reflections
within the composite. A similar approach was previously taken to predict the time-
dependent pressure response within laminated composites [37], where the 1-D paths
of individual wave trains were tracked between laminate layers by tracking interfacial
reflections. Analogously, considering the 3-D IPCs at hand, we can roughly predict
the period of the pressure oscillations by following the path of the shock wave along
the unit cell diagonal. For lower lattice volume fractions, this multi-step path is
shown schematically in Fig. 4-9b and is outlined sequentially in Fig. 4-12, where
high-pressure regions of interest are traced. First, as shown in Fig. 4-12a, the shock
front reaches the tracer point, resulting in the initial peak pressure. Next, shown in
Fig. 4-12b, the pressure wave travels diagonally along the steel lattice strut towards
the central node of the BCC unit cell. Once the pressure wave reaches the central
node, shown in Fig. 4-12c, it is reflected by the interfaces where adjacent struts meet.
The reflected wave then travels back through the original strut, shown in Fig. 4-
12d, until it reaches the original tracer point, resulting in the next pressure peak (cf.

Fig. 4-9). This process repeats as the wave is continuously reflected along the strut,
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resulting in the oscillatory pressure response shown in Fig. 4-9a.
To analytically characterize the period of these wave reflections, we first find the
shock velocity in the steel lattice struts using the shock velocity-particle velocity

Hugoniot relation, given by

U, = Cy + SU,. (4.10)

From Eq. 4.10, we see that calculating the shock velocity within the steel requires
first finding its particle velocity U,. This calculation was performed earlier for steel
using the impedance matching technique outlined in Eq. 4.4, resulting in Uy, = 0.50
km/s. Plugging this value into Eq. 4.10 along with characteristic shock parameters
for steel as listed in Table 4.1 gives shock velocity Us = 5.24 km/s in steel.

Using this shock velocity in steel, we can then predict the pressure oscillation
period by following the path of the pressure wave through the steel lattice strut
according to the sequence in Fig. 4-12. For the first half of this sequence (cf. Fig.
4-12a-c), using Us = 5.24 km /s and a total unit cell length of 2.5 mm predicts that it
takes 0.24 us for the pressure wave to travel from the tracer point to the central node
of the BCC lattice. For the remaining steps in the sequence in which the reflected
pressure wave travels back through the lattice strut (cf. Fig. 4-12d-e), we have to
consider that the material has been compressed by the initial passage of the shock
wave. Accordingly, we can approximately reduce the distance by a factor (1 — %)
which is used for monolithic material and laminated composites [37]. Performing a
similar calculation for the second half of the sequence (cf. Fig. 4-12d-e) using U, = 0.50
km /s and including the approximate distance reduction factor predicts a time for the
entire sequence of 0.41 us, which matches closely to the observed 0.35 ps shown in Fig.
4-9a for the first pressure oscillation period. Notably, this prediction depends only
on the geometric parameters of the BCC unit cell, material properties, and impact
velocity, and is independent of lattice volume fraction. This independence of the
initial pressure oscillation period on lattice volume fraction is further shown by the

near-identical first pressure oscillation period of 0.34 us for a lattice volume fraction

of 20%, as shown in the inset of Fig. 4-9a.
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Figure 4-12: Pressure contour plot for 5 different time steps, showing the path of
the pressure wave that results in an oscillatory pressure response measured from the
tracer point shown.
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Figure 4-13: Longitudinal displacement history at a given tracer point for varying
lattice volume fraction.

While the time between the first two peaks in the pressure response is independent
of lattice volume fraction, we see that by comparison, the time between subsequent
pressure peaks is shorter for the composite with a lattice volume fraction of 20%.
Specifically, the oscillation periods between the subsequent pressure peaks from Fig.
4-9a are 0.21 ps and 45 ps for composites with 20% and 40% lattice volume fraction,
respectively. The composites exhibit this difference in period because after the initial
passage of the shock wave (cf. Fig. 4-12a-c), composites with lower lattice volume
fraction, which in turn have less structural reinforcement, experience greater longi-
tudinal compression. This trend is supported by Fig. 4-13, where the longitudinal
displacement of the tracer point is greater for composites with lower lattice volume
fraction. As a result of this greater longitudinal compression, the post-shock unit
cell length is smaller, and the reflected pressure wave has a shorter distance to travel
when returning to the tracer point, leading to a smaller subsequent period in the
oscillations of the pressure response.

While the oscillatory pressure response of composites with low lattice volume
fractions is dominated by reflections of pressure waves from node-to-node within the

diagonal struts of the lattice (cf. Fig. 4-9b), the oscillatory pressure response for com-
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Figure 4-14: a) Pressure history for the tracer point located at the central node of the
BCC unit cell for a lattice volume fraction of 80% and 60%, with the predicted and
observed periods listed. b) Schematic depiction of the location of the tracer point at
the central node of the BCC unit cell and the path of the pressure wave within the
steel lattice strut.

posites with greater volume fractions, shown in Fig. 4-14a, is generally dominated by
longitudinal pressure wave reflections within the node itself, as shown schematically
in Fig. 4-14b. This behavior is most clearly exhibited by the composite with lattice
volume fraction of 80%, where we can again more closely examine the oscillatory
pressure response by following the reflections of the pressure wave. For the composite
with lattice volume fraction of 80%, the total width of the node is 1.62 mm; using the
previously calculated shock velocity Uy = 5.24 km/s and particle velocity Uy, = 0.50
km/s, and considering the approximate post-shock compression factor (1 — g—’;), we
predict that the pressure wave returns to the tracer point in 0.27 us. This predicted
value matches closely with the observed pressure oscillation period of 0.24 us, indi-
cating that the pressure response for composites with greater lattice volume fractions

is dominated by longitudinal motion, similar to that of laminated composites.

By comparison, the pressure response of the composite with lattice volume fraction

61



of 60%, shown in the inset of Fig. 4-14a, is irregular. This irregularity in peak timing
is likely the result of a mixed-mode type of behavior, where the pressure response
is a combination of pressure waves reflected both along the unit cell diagonal and
longitudinally within the node (cf. Fig. 4-9b and Fig. 4-14b, respectively). Considering
this mixed-mode behavior in the pressure response of the composite with lattice
volume fraction of 60%, we predict that a transition in behavior occurs in composites
with intermediate lattice volume fractions. Notably, we see clear evidence of this
mixed-mode behavior and transition in the pressure response of the composite with
40% lattice volume fraction, where the secondary peaks marked by blue dots in Fig.
4-9a are well discernible from the larger peaks of the dominant pressure response. We
can predict the timing of these secondary peaks by tracking longitudinal pressure wave
reflections within the node, similar to the process done earlier for the composite with
lattice volume fraction of 80%. Using the same shock parameters for steel—shock
velocity Us = 5.24 km/s, particle velocity Uy, = 0.50 km/s, and approximate post-
shock compression factor (1— g—‘;)—with a node width of 0.98 mm, we predict that the
pressure wave will return to the tracer point in 0.17 us, which matches closely with
the period of 0.15 ps for the secondary pressure peaks. Thus, although the pressure
response of the composite with 40% volume fraction is dominated by pressure wave
reflections along the diagonal of the BCC unit cell, we observe slight mixed-mode
behavior, where secondary peaks are the result of pressure wave reflections in the
longitudinal direction. We also note that these secondary peaks are not present in
the pressure response of the composite with 20% volume fraction. The transition in
behavior thus begins between 20% and 40% volume fraction, likely when the surface
area of the interface between the steel node and the Al matrix becomes large enough
to cause appreciable reflection of the pressure wave in the longitudinal direction.
While the behavior of the pressure response is independent of lattice volume frac-
tion at low percents (i.e., with lattice volume fraction of 40% and below), the longitu-
dinal velocity response, V7, shown in Fig. 4-15a, is solely dependent on lattice volume

fraction and is dominated by longitudinally reflected waves within the node as shown

schematically in Fig. 4-15b. Thus, for composites of varying lattice volume fractions,
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Figure 4-15: (a) Longitudinal velocity history with lattice volume fraction of 40%
(with 80% and 20% inset). Predicted and observed oscillation period are listed. (b)
Representation of the shock wave reflection history at the given tracer point location.

we can closely predict the V7, oscillation periods as given in Fig. 4-15a by treating the
IPC as a laminated composite in the vicinity of the tracer point at the central node of
the BCC lattice and tracking the reflections of the shock wave within the node as done
previously for the pressure response at higher volume fractions. Accordingly, we treat
the IPC as a laminated composite with geometric parameters listed in table 4.2, using
shock parameters from table 4.1 and constituent shock velocities and particle veloci-
ties as calculated earlier. The resulting predicted and observed V7, oscillation periods
are summarized in table 4.2 and show good agreement, indicating that the longitudi-
nal velocity response is dominated by the longitudinal reflection behavior within the
node (cf. Fig. 4-15a). We note that the V7, period decreases with decreasing lattice
volume fraction as expected by geometry, where thinner layers within a laminated
composite result in a shorter distance for the wave to travel before returning to the
tracer point. Notably, a similar effect was observed in laminated composites, where
decreasing layer thickness resulted in a smaller V7, oscillation period [6]. This simi-
larity in behavior further suggests that the V, response can be accurately predicted
by locally approximating the IPC as a laminated composite.

We also observe that this predictable, oscillatory behavior in V7, ends after several
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Table 4.2: Parameters used to approximate the IPCs of varying lattice volume frac-
tions as laminated composites, and the resulting predicted vs. observed Vy, period.

. steel thickness Al thickness predicted period observed period
volume fraction

[mm] [mm] [ius] [ius]
20% 0.65 1.85 0.11 0.13
40% 0.98 1.52 0.17 0.20
80% 1.62 0.88 0.28 0.27

cycles, after which the oscillations cease and V approaches an equilibrium value.
This process is shown beginning at the blue point in Fig. 4-15a and can be predicted
by approximating the time at which the shock wave reflects from the subsequent
steel /Al interface at the next lattice strut, as shown schematically in Fig. 4-15b. In
particular for the composite with lattice volume fraction of 40%, we can use the
previously applied procedure to follow the shock wave through this path. Following
the same process while using constituent shock and particle velocities as previously
calculated predicts that the V;, response will begin to homogenize 0.60 ps after the
initial arrival of the shock front at the tracer point, which agrees well with the observed
0.56 ps. Furthermore, the equilibrium V;, value can be accurately estimated using
the impedance matching technique applied previously, where the predicted 501.4 m/s

agrees closely with the 508.9 m/s observed at the end of the measuring period.

4.4.2 Orientation Dependence

While the macroscale shock velocity-particle velocity relation is independent of ori-
entation, as described in Section 4.3, we see that several aspects of the fine-scale
shock response depend on impact orientation. For instance, the oscillatory nature
of the longitudinal velocity histories for the [100], [110], and [111] orientations are
shown in Fig. 4-16, again measured from the tracer point at the central node of the
BCC lattice as shown in the inset figure. As previously discussed, the longitudinal
velocity history of the [100] orientation is oscillatory in nature due to longitudinal
wave reflections within the node. By comparison, the time in between peaks of the

longitudinal velocity history of the [110] orientation is greater because in the [110]
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Figure 4-16: Longitudinal velocity history with varying impact orientation.

orientation, where the unit cell is effectively rotated 45°, the nodes of the lattice are
spaced further apart, causing less frequent internal wave reflections. And notably,
the longitudinal velocity history of the [111] is nearly absent of oscillatory behavior
by the same mechanism, where in the [111] orientation, the path of the shock wave
along the tracer point at the central node lies within the diagonal strut of the BCC
lattice. As a result, the propagating shock wave encounters no steel/Al interfaces,
and the tracer point records no strongly reflected waves. This linkage between impact
orientation and longitudinal velocity history further suggests that the fine-scale shock
response, and the oscillatory behavior of the longitudinal velocity history, is the result
of internal wave reflections at interfaces within the composite.

Furthermore, we observe that impact orientation has a strong effect on the spread
of the shock front and the resulting shock front width. The pressure histories for a
given tracer point for the [110] and [111] orientations are shown in Fig. 4-17. Using
Eq. 4.2, the shock front widths of the [110] and [111] impact orientations are 0.41
mm and 0.85 mm, respectively, as compared to the 1.04 mm shock front width of

the [100] impact orientation as discussed in Section 4.3. The shock front width of

65



the [100] impact orientation is greatest due to the openness of the structure as shown
in Fig. 4-3 which causes the shock front to split into regimes of two distinct veloc-
ities based on position. Though to a lesser extent, the shock front widens in the
[111] impact orientation due to the relative internal complexity of the structure and
its high concentration of internal interfaces. As a result, the shock front encounters
many interfaces during propagation, leading to numerous multiple-wave interactions
and shock redirections that spread the shock wave in a less predictable manner than
in the [100] impact orientation. This nonuniform behavior is shown by the relative
spreading of the shock front within both the steel and Al in Fig. 4-17b. However, we
also notably observe large peaks in the pressure histories of the steel tracer points
in the [111] impact direction, likely due to the diagonal lattice struts which allow
the shock front to propagate without encountering any interfaces as discussed previ-
ously. Nevertheless, these peaks show a relatively large spread, indicating nonuniform
spreading of the shock front. By contrast, the histories of the steel and Al in the [110]
direction are relatively uniform with little spacing between pressure histories of indi-
vidual tracer points within Fig. 4-17a, indicating that the shock front has experienced
relatively little spread within each constituent. This relatively tight shock front in
the [110] impact orientation is the result of both the relative simplicity of the lattice
in the [110] direction and the lack of openness in the structure, which leads to a
relatively homogeneous shock front. And notably in both the [110] and [111] impact
orientations, the shock front reaches tracer points within the Al before those within
the steel for two reasons. First, the shock velocity in the Al is greater than that in
the steel, where the shock velocities previously calculated by Eq. 4.10 are 5.24 km/s
and 6.33 km/s in the steel and Al, respectively. And second, the shock wave is redi-
rected within the steel lattice struts as discussed in Section 4.3, such that within a
given plane, the shock wave must generally travel a greater distance before arriving
at tracer points within the steel lattice.

Finally, we observe that the temperature response is also highly dependent upon
impact orientation. Notably, we see that the maximum temperature increases with

the openness of the structure, as shown in Fig. 4-18. Due to the open channels within
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Figure 4-17: Pressure histories for tracer points at a given plane in the (a) [110] and
(b) [111] impact orientations, with plane averages overlaid.

the [100] impact orientation, which cause a relatively large differential in shock speed
within the Al phase, as discussed previously (cf. Fig. 4-4), the Al phase experiences
large amounts of strain-induced heating and thus experiences the greatest maximum
temperature of the three impact orientations. By comparison, the [110] impact orien-
tation experiences slightly less strain-induced heating due to the lack of open channels
within the structure and the relatively homogeneous shock front as shown in Fig. 4-
17a. Similarly, the [111] impact orientation experiences a relatively low maximum
temperature due to its high interfacial density which prevents shock velocity gradi-
ents from forming within the Al phase, thus reducing strain-induced heating within
the Al Interestingly, regardless of orientation, the maximum temperature occurs at
interfaces parallel to the shock direction. At these interfaces, mechanical contact be-
tween the steel and Al phases limits longitudinal motion relative to more unrestricted

regions further from these interfaces, leading to intraphase straining and heating.
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Figure 4-18: Temperature at the shock front for the [100], [110], and [111] orientations,

measured from a given plane in the center of the unit cell. Steel and Al interfaces are
outlined in black.
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4.5 Summary

Motivated by the preliminary findings of previous studies, which indicate that the
internal geometry of complex IPCs enhances shock viscosity, we further explore the
relationship between mesoscale geometry and shock response of steel-Al IPCs through
plate impact simulations with varying impact orientation and lattice volume fraction.
In the macroscale, the shock velocity-particle velocity Hugoniot relation is indepen-
dent of impact orientation and lies slightly below the kinetic-energy-average predic-
tion, indicating that the internal geometry slows and spreads shock relative to its
monolithic constituents. This shock viscosity is explained in part by the variation
in the openness within the structure, which results in a shock front width on the
length-scale of the unit cell. Finally, we observe that the angling of the lattice struts
redirects some of the shock momentum into transverse motion, which acts as an
additional method of shock dissipation and enhances macroscale shock viscosity.

In the fine-scale, we observe that the pressure and longitudinal velocity responses,
measured from a tracer point at the center of the unit cell, are oscillatory in na-
ture. We can analytically relate these oscillation periods to geometric features of the
unit cell, such as the strut length and diameter, which gives an initial link between
mesoscale geometry and shock response in these complex IPCs. We can predict other
aspects of the pressure response, including maximum pressure, by using an impedance
matching technique. Additionally, the temperature response depends on the openness
of the structure, and hotspots appear at interfaces parallel to the impact direction.
These structure-property linkages in architectured 3-D-printed IPCs will help advance
the tailorability of their shock response, which can make them useful for a broad range

of structural aerospace components and reactive systems.
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Chapter 5

Conclusions and Future Work

Using additive manufacturing (AM), we can finely control the mesoscale geometry and
the resulting mechanical properties of novel interpenetrating phase composites (IPCs),
allowing us to extend their capabilities beyond those of their monolithic constituents.
This ability to tailor mechanical properties makes 3-D-printable IPCs attractive for
use in extreme aerospace environments, where in particular, tensile damage tolerance
and shock resistance are often limiting properties for structural components. How-
ever, despite these potential merits, the linkage between such enabling mechanical
properties and the mesoscale geometry of IPCs is currently not well understood. In
this work, we developed initial linkages between mesoscale geometry and mechanical
behavior by studying both the quasi-static tensile energy absorption and the shock
response of 3-D printable architectured IPCs.

First, we studied the effects of geometry on the quasi-static tensile energy absorp-
tion behavior of a novel, 3-D-printable IPC called the chain lattice, which comprises a
fully-dense reinforcement phase and a cellular filler material. In tension, these phases
act together to delocalize damage and thereby improve strain-to-failure and specific
energy absorption, similar to the composite effects seen in traditional brittle-matrix

composites. The conclusions from this study are as follows:

1. The concept of the chain lattice was introduced, and key geometric parameters

of the chain reinforcement and filler material were defined.
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2. A delocalized damage criterion was developed, which considers geometric pa-
rameters of the chain reinforcement and filler material to predict the maximum

filler material relative density that can enable damage delocalization.

3. Estimations for the tensile strain-to-failure and specific energy absorption of
the chain lattice were developed based on geometric parameters of the chain

reinforcement and the filler material.

4. Chain lattices with varying filler material relative density and constant chain re-
inforcement geometric parameters were 3-D printed from a photocurable poly(methyl

methacrylate) resin and tested in tension.

5. The chain lattices exhibited a transition from delocalized to localized damage
behavior at a filler material relative density that was accurately predicted by

the delocalized damage criterion.

6. In the chain lattice which exhibited the most ideal damage behavior, the mea-
sured strain-to-failure and specific energy absorption agree well with those pre-

dicted by the analytical models.

7. Using the validated models, we predict that a chain lattice printed from an
ideally brittle ceramic material can exhibit a tensile specific energy absorption
roughly more than an order-of-magnitude greater than that of its monolithic

parent material.

Beyond this initial demonstration, the chain lattice can be specifically customized
to broaden its range of capabilities. For example, while the present work focuses on
1-D chain lattices, chain lattices can be extended to higher dimensions for multi-axial
damage tolerance by incorporating 2-D or 3-D chainmail reinforcements. Addition-
ally, we can further tailor chain lattice failure mechanisms and energy absorption
characteristics by incorporating alternative lattice structures such as shell lattices
[59] and honeycombs [60]. By leveraging the control over form and fine-scale print-

ability offered by AM, chain lattices can be directly printed into complex net-shapes
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and can incorporate functional gradients in lattice architecture which allow for op-
timal, site-specific properties at even micro- and nanoscale resolution. And finally,
novel AM techniques such as projection microstereolithography of preceramic poly-
mers and two-photon lithography with atomic layer deposition have been used to
form ceramic microlattices and nanolattices [61, 62], where these small length-scales
improve strength according to Weibull statistics for brittle materials [63]; such ad-
vanced AM techniques can thus be used to fabricate micro- and nanoscale chain
lattices, enabling corresponding strength improvements. These different capabilities,
considered together, indicate that the hierarchical architecture of the chain lattice can
impart brittle 3-D-printable materials with enhanced damage-tolerance and energy
absorption in tension.

Next, we studied the shock response of an IPC comprised of a steel body-centered
cubic (BCC) lattice embedded in an aluminum matrix. This IPC construction is
of interest, in part, because the relative difference in constituent shock impedance
gives rise to interesting composite shock phenomena. Furthermore, the quasi-static
mechanical properties of these steel-Al IPCs have been well studied, and they can
be reliably manufactured [13, 44]. Our shock dynamics study led to the following

conclusions:

1. Plate impact simulations were performed on steel-Al IPCs with varying impact

velocity, lattice volume fraction, and impact orientation.

2. In the macroscale, the shock velocity-particle velocity Hugoniot relation lies
slightly below that of the kinetic energy average of its monolithic constituents,
is independent of impact orientation, and decreases linearly with lattice volume

fraction.

3. Due to the openness of the structure in the [100] impact orientation, the shock
velocity varies by location and the shock front spreads as it propagates into the

composite.

4. Shock transfer and reflection at oblique lattice interfaces convert a fraction of

the longitudinal shock velocity into transverse motion.
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5. On the length-scale of several unit cells, the periodicity of the mesoscale com-

posite geometry supports a steady shock wave.

6. The fine-scale pressure and longitudinal velocity histories are oscillatory in na-

ture, where the oscillations result from interfacial wave reflections.

7. Structural openness increases strain-induced heating, which causes high-temperature

hotspots at interfaces parallel to the shock direction.

This shock dynamics study will be continued, first, with experimental plate im-

pact tests which will serve to validate these findings from simulations. Preliminary

infiltrated BCC preforms are shown in Fig. 5-1, from which plate impact specimens

will be machined and tested. Beyond experimental validation, the initial findings

in this work call for further investigation in several key areas. For instance, we can

form these architecured IPCs from a wide variety of material combinations to gauge

the effect of material properties, such as shock impedance mismatch, on the com-

posite shock response. More complex lattice geometries, such as octet-truss lattices,

triply-periodic minimal surfaces, and lattice structures with functional gradients, can

further elucidate the relationship between mesoscale geometry and shock response.

Finally, considering the hotspot formation in these simple BCC structures, we can

further tailor the mesoscale geometry to induce hotspots at specific, desired points

within the lattice. The ability to control hotspot formation has strong implications

for structural reactive systems such as munitions casings, which currently rely on

stochastic post-shock pressure and temperature fields to drive reactions.

We can also use these initial findings to develop protective coatings for rocket

engine components, which experience extreme heat and pressure cycling under high

oxygen pressure. In these extreme conditions, thermal barrier coatings are often

the only form of protection for critical rocket engine components, and as a result,

are often a critical point of failure, where any flaking or melting of the coating can

cause combustion of the underlying metal component and failure of the engine as a

whole. Traditional thermal barrier coatings are particularly susceptible to mechanical

damage, which is often induced by high-velocity impact of micrometeoroid and orbital
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Figure 5-1: Open-faced infiltrated BCC preform.

debris [2|. With this current limitation in mind, the findings from this study motivate
future work focused on a reemerging class of coatings made from interpenetrating
phases, where the interpenetrating nature of the coating improves its mechanical
bond strength and enhances its shock resistance through the geometry-dependent

mechanisms observed in the IPCs in the current work.
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