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A B S T R A C T

Nanocrystalline alloys have attracted interest for decades because of their im-

proved mechanical strength without sacrificing ductility, but structural stability

has always been an issue. In this work, bulk aluminum-manganese (Al-Mn) nano-

crystalline alloys have been synthesized using room temperature ionic liquid elec-

trodeposition, by which various nanostructures and dual-phase structures can be

created by controlling the Mn solute incorporation level. The manganese exhibits

grain boundary segregation in the Al-Mn solid solution in the as-deposited con-

dition, which contributes to enhanced stability of the nanostructure. The grain

boundary properties of the nanostructured alloys were studied via three dimen-

sional atom probe tomography and aberration-corrected scanning electron mi-

croscopy. The segregation energies were calculated based on the experimental

results and compared with the values calculated from a thermodynamic-based

segregation model. Upon heating of the nanostructured and dual-phase alloys, a

variety of complex phase transformations occur. A combination of X-ray diffrac-

tion, transmission electron microscopy, as well as differential scanning calorime-

try were employed to understand the phase transformation mechanisms and

grain growth processes. A Johnson-Mehl-Avrami-Kolmogorov analytical model

was proposed as a descriptive method to explain the phase transformation se-

quence. Using the parameters extracted from the analytical model, predictive

time-temperature transformation diagrams were constructed. The stability region

of the alloy in time-temperature space is thus established, providing a simple way

to evaluate nanostructure stability.
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1
I N T R O D U C T I O N

This chapter aims to provide the background information about the recent ad-

vancement in processing methods for nanocrystalline/amorphous metals, and

also highlights the importance of microstructure control. A discussion on the sta-

bility associated with the targeted microstructure, which is the core of this thesis,

is also presented.

1.1 N A N O C RY S TA L L I N E A N D A M O R P H O U S M E TA L S

Nanostructuring has been known to effectively increase the hardness of a metal

without significantly compromising the ductility[1, 15, 16]. A famous example is

the improvement in mechanical properties expected based upon the Hall-Petch re-

lationship shown in Equation 1, which states that the yield stress (σy) is inversely

proportional with the square root of grain size (d), i.e. the strength or hardness

should increase with decreasing grain size[1, 15, 17, 18, 19], as shown in Figure 1.

σy = σ0 +
ky√
d

(1)

Such improvements in lightweight metals such as Al, can be beneficial for ap-

plications that require higher specific strength, high specific modulus, high fa-

tigue limit, good wear resistance, and high corrosion resistance such as sport-

ing goods, fishing reels, and bicycles gears etc., which are already currently used

in practice[2], as shown in Figure 2. However, despite the enhanced mechani-

cal properties of nanocrystalline metals, due to their high grain boundary area

densities, pure nanostructured metals generally coarsen rapidly even at low tem-

peratures. For example, room temperature grain coarsening has been observed

in nanocrystalline Pd in 24 hours, where the grain size changes from 10 to 60

nm overnight and then subsequently explodes to the micrometer scale in two

months[3]. It has also been shown that for a nanostructured Al-0.13%Mg alloy,
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I N T R O D U C T I O N

Figure 1: Schematic diagram showing the strength as a function of grain size[1]. Note that
after critical grain size dc, in general around 10nm, the Hall-Petch relationship
will breakdown in most cases.

when the sample is heated above 170◦C, the average grain size can increase to the

microscale within an hour[20].

Aside from single-phase nanocrystalline alloys, the dual-phase structures with

nanocrystals embedded in amorphous matrix have also received a lot of atten-

tion. Besides the enhanced mechanical properties such as wear resistance and the

potential soft magnet application for iron-based alloys[21, 22], amorphous alloys

has been extensively used as precursors for producing nanocrystalline alloys[23,

24, 25, 26]. However, due to the usually complicated compositions of amorphous

alloys and the multiple reactions involved in their crystallization, there is no exist-

ing kinetic model that can expand from descriptive methods to a more predictive

model for these phase transformations. If a more predictive model can be devel-

oped, a more efficient way to evaluate the stability of nanocrystalline/amorphous

structures can be delivered.

1.2 A L U M I N U M - M A N G A N E S E A L L O Y S Y S T E M

Aluminum-Manganese (Al-Mn) is a complicated system with various intermetal-

lic phases presented on the phase diagram[4]. It is also the first system discov-

22
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Figure 2: Real life application examples of Al-based nanocrystalline alloys, from sporting
goods(a,b), fishing reel (c), to bicycle gears(d)[2].

ered with the short-range ordered icosahedral phase[27], in which the nanoscale

icosahedral phase dispersion in amorphous matrix has shown superior mechan-

ical properties and potentially can be used to create a new set of Al alloys[28].

Through different processing methods, the binary Al-Mn system has shown a

wide variety of equilibrium and metastable phases including solid solutions, sev-

eral intermetallic phases, and the quasicrystalline icosahedral structure across

temperatures from 150 to 330◦C and in the a narrow range between 0 to 50 wt.%

of Mn ( 25 at.%)[29, 30], showing the system is very temperature and composition

sensitive.

Mn is also a common alloying element in commercial Al alloys. For example,

the non-heat treatable 3xxx series of Al alloy use Mn as a major alloying element

from 0.3 to 1.5 %, which has moderate mechanical strength, high ductility, and ex-

cellent corrosion resistance. The applications are manufacturing foil, roof sheets,

and cooking utensils etc. The binary Al-Mn 3003 alloy has been used in rigid con-

tainers. Another example is the 6xxx heat treatable Al alloy, which contains a trace
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Figure 3: Volume-weighted average grain size and microstrain change of nanocrystalline
Pd at room temperature. The grain size changed from 10 nm to 60 nm at room
temperature in 24 hours[3].

amount of Mn from 0.03 to 1.1 %. This class of alloy is precipitate hardened and

commonly used in aircraft and automotive applications, as well as structural ma-

terials in architectural applications. In short, it is worthwhile to examine methods

for engineering the Al-Mn alloy to a desirable microstructure.

1.2.1 Electrodeposition of the Al-Mn Alloy System

The wide degree of control over nucleation and growth kinetics available in elec-

trodeposition can produce materials with a variety of internal structures, with

grain sizes ranging from the micro- to the nanoscale[31, 32, 33, 34, 35, 36, 37, 38].

Among them, nanocrystalline electrodeposits are particularly interesting due to

the improvements in properties such as strength and hardness that result from

grain refinement[1], and the ability of this technique to modulate composition

and structure to nanometer scales[39].
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Figure 4: The phase diagram of Al-Mn system[4].

As a result, there is increasing attention on alloys produced by electrodeposi-

tion, as the addition of solute elements to a nanocrystalline deposit can result in ki-

netic solute drag, which slows grain boundary motion, as well as thermodynamic

energy reduction caused by segregation of solute atoms to grain boundaries[40,

41, 42, 43, 44]. The use of electrochemical fabrication for nanostructured alloys

has received attention due to the high production rate, low cost, low porosity (can

be fully-dense structured if controlled properly), and high purity. It also has the

capability to overcome shape limitations and allow the production of freestand-

ing parts with complex shapes, as well as coatings on widely different substrates,

which is shown in Figure 5.

Aside from the traditional aqueous electrodeposition process, the advancement

in high temperature molten salt electrodeposition and ionic liquid electrodeposi-

tion has also enabled electrodeposition processes to be more widely used. For

example, the Al-Mn system has been deposited using molten salt systems at
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Figure 5: Pilot scale of Al-Mn nanocrystalline electrodeposit in the form of (a) sheet and
(b) hemisphere. Images from Dr. Shiyun Ruan at Xtalic Corporation.

higher temperature[45, 46]. In such molten salt electrodeposition, by changing

the temperature or Mn concentration, different structures can be achieved (Fig-

ure 6). However, the high temperature process in the molten salt electrodeposi-

tion process is energy intensive and at the same time the cell is prone to corrosion,

and other side reactions such as deposition of unwanted phases can also hap-

pen. Ionic liquid electrodeposition, on the other hand, has proven to be safe and

scalable, at the same time capable of producing various microstructures. Ionic

liquid electrodepsition is also known for its low flammability, low toxicity, and

wide electrochemical window, which makes it getting more and more desirable

for industrial practice. As a result, in this study, the processing of Al-Mn elec-

trodeposits will be conducted using the ionic liquid electrodeposition process[34,

47, 48, 49, 50, 51, 52].

Previous work from the Schuh group at MIT showed that Al-Mn alloys elec-

trodeposited from acidic chloroaluminate ionic liquid at room temperature can

produce many of these structures with a variety of characteristic length scales,

ranging from microcrystalline to nanocrystalline, as well as dual-phase nanocrys-

talline/amorphous structures, and at specific concentration, icosahedral phase

was also observed[34, 47]. What is more, for a duplex deposit containing both

crystalline and amorphous regions, a three-dimensional atom probe tomography

study of this system showed a subtle preference of Mn for the amorphous phase

vis-á-vis the crystalline one[53]. Such a preference is a strong indication that Mn

may perhaps also prefer the disordered regions such as grain boundaries in the
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1.3 T H E R M A L S TA B I L I T Y

Figure 6: Phases observed in molten salt electrodeposited Al-Mn alloys, with the Mn con-
centration ranges from 0 to 50 wt.%( 25at.%). By varying the deposition and Mn
composition, various structures can be achieved, showing the system is temper-
ature and composition sensitive[5].

Al-Mn system, however, no grain boundaries were studied in that work and the

possibility of Mn segregation to grain boundaries remains speculative. To have a

thorough understanding of the grain refinement mechanism as well as the stabi-

lization study, more studies on the grain boundary structures are needed.

1.3 T H E R M A L S TA B I L I T Y

Aside from the microstructure coarsening problems mentioned in Section 1.1,

where the grain size can change from nanometer scale to micrometer scale, second

phase formation at elevated temperature can compromise the performance of an

alloy greatly. For metal alloys, precipitates at the grain boundary can lead to grain

boundary embrittlement. Figure 7 shows a pseudo-binary Fe-Cr-Ni phase dia-
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gram at 70 wt.% of Fe[6], where as the brittle phase forms at 475◦C, embrittlement

happens. In electrodeposited system such as Co-P, it has been shown that upon

annealing, the P atoms segregate to the grain boundary and while P-saturation of

the grain boundary is reached, the grain boundary sites form P-rich precipitates

accompanied by rapid grain growth. Moreover, the saturation of P and precipi-

tation occurs earlier because of the higher concentration which leads to a lower

thermal stability[54]. However, in the case of electrodeposited Ni-Mn alloy, at

higher temperature, the Mn segregation appears as a plausible mechanism for

the thermal stability and grain boundary pinning by precipitation contributes to

the improved microstructural stability above 600◦C[55]. As one can see, even with

similar behavior, i.e., solute segregation at grain boundary upon annealing, one

of the alloy shows lower stability because of the precipitation, however, the other

shows improved stability because of the pinning by precipitates. These show the

complicated role of precipitation reaction in the thermal stability of the electrode-

posits.

Ni-P is another well-studied electrodeposited system. Electrodeposited nanos-

tructured Ni-P has been discovered with grain boundary segregation in the as-

deposited state and upon annealing, P will segregate more to the grain bound-

ary forming a P-rich grain boundary phase, and then subsequently form a Ni3P

precipitate[56]. The nanostructure was found to be stable up to certain temper-

ature depending on the P concentration due to pinning of grain boundaries by

the precipitates, and further heating leads to grain growth which is concurrent

with Ni3P intermetallic formation[57, 58, 59]. The formation of Ni3P precipitates

impact the fracture strength and fracture strain due to the connectivity of Ni3P

grains, where cracks are preferentially nucleated. As a result, it is important to

understand not only the grain growth process, but also the phase decomposition

and precipitation of the alloys.

Tremendous effort has been expended to understand the transformation pro-

cess using, e.g., experimental tools which use the semi-empirical Kissinger anal-

ysis to extract the activation energy[60, 61]. However, even in systems like Ni-P,

there is not yet a well-established time and temperature relationship on the phase

transformation process. There has been a gap between the descriptive analysis

and a more predictive model based on the experimental data. If a more predictive

model can be developed, it will not only help to understand the thermal stability,
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but at the same time give a better tool for microstructure control as well as better

capabilities in evaluating the viability of the alloys.

Figure 7: Pseudo-binary Fe-Cr-Ni phase diagram at 70 wt.% of Fe[6].

1.4 P R O B L E M S TAT E M E N T A N D S T R U C T U R E O F T H E S I S

This thesis is aimed at investigating the stability of nanocrystalline/amorphous

Al-Mn electrodeposited alloys. Because of their enhanced mechanical properties,

these microstructures have received lots of attention, however, there are currently

no systematic studies on how stable the structures are. In this thesis, besides sim-

ply assessing the viability of alloys at different temperature and time ranges, the

stabilization mechanism of the nanocrystalline metals will also be discussed. It is

believed that improved nanocrystalline stability can be provided by grain bound-

ary segregation of solutes due to the kinetic solute drag as well as the potential of

grain boundary energy minimization. However, current evidence on the Al-Mn

system only shows that Mn slightly prefers the amorphous phases[53], and from

some calculations[62], it has been suggested that grain boundaries should exhibit
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anti-segregation of Mn. As a result, it is necessary to study the grain boundary

structure for the nanocrystalline phase to understand the role of grain bound-

ary segregation in nanocrystalline stability. A kinetic model will also be used

to explain the transformation process to set an internal reference for the dual-

phase/amorphous structure as that occur in these alloys, whether they are single-

phase nanocrystalline solid solution, amorphous or complex structures with mul-

tiple coexisting phases in the as-deposited condition. With the information ac-

quired from the descriptive kinetic model, a predictive set of kinetic tools will

be presented. This thesis is organized into three main parts to address the posed

research questions.

• Chapter 2: The structure Al-Mn electrodeposits will be studied. In this chap-

ter, the basic properties such as grain size-concentration relationship will

be explored. More importantly, the thermal stability of single phase nanos-

tructured Al-Mn will be examined, in which not only grain growth but

also the phase decomposition process will be examined experimentally. The

phase transformation process will be studied using a kinetic model and ex-

panded towards a more predictive approach with the construction of time-

temperature transformation diagram. The behavior of extended annealing

conditions will also be studied.

• Chapter 3: In this chapter, the stabilization of the Al-Mn alloy will be ex-

plored. The grain boundary structure, both morphologically as well as chem-

ically, will be studied in detail using advanced experimental techniques

such as aberration corrected scanning transmission electron microscopy and

three dimensional atom probe tomography. The segregation energy calcu-

lated based on the experimental data will be discussed along with the seg-

regation energy calculated using a thermodynamic based model.

• Chapter 4 and 5: The thermal stability of the dual-phase alloy at various con-

centration will be studied, and a kinetic model will be developed and com-

pared with the transformation mechanism and parameters in Chapter 3. In

this part, the role of Mn in the system will be discussed in detail. The devel-

oped analytical model will also be tested, showing its ability to extrapolate

across time-temperature space without intensive experimental studies.
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2
T H E R M A L S TA B I L I T Y O F N A N O S T R U C T U R E D A L - M N

A L L O Y S

In the literature, it has been shown that Al-Mn electrodeposits synthesized from

chloroaluminate ionic liquid solution can have various structures via different

solute (Mn) incorporation levels, in which an increase of Mn concentration de-

creases the grain size and eventually frustrates the structure into forming an

amorphous phase, which improves the mechanical performance[34]. However,

these enhanced mechanical properties are a direct result of microstructure refine-

ment, and the stability of these refined structures have never been thoroughly

studied. Here, similar procedures have been applied to produce a single-phase

nanostructured Al-Mn alloy, and the stability of nanocrystalline materials are ex-

plored, including grain growth and phase transformation analysis.

2.1 B A S I C S O F A L - M N N A N O S T R U C T U R E D A L L O Y S

2.1.1 Materials Synthesis

Al-Mn nanocrystalline alloys were prepared by electrodeposition at room tem-

perature from a chloroaluminate ionic liquid solution, which was prepared with

1-ethyl-3-methylimidazolium (EMIMCl) (98 %, IoLiTec) and anhydrous aluminum

chloride (AlCl3, 99.99%, Sigma Aldrich) with a 2:1 molar ratio in a nitrogen glove-

box with water and oxygen level below 1 ppm, as described in detail in Ref.[34].

To control the concentration of the deposited alloy, anhydrous manganese chlo-

ride (MnCl2, 99.99%, Alfa Aesar) was added into the ionic liquid and stirred

until fully dissolved. The amount of MnCl2 was varied to effect the targeted al-

loy composition. For the single phase nanocrystalline alloys which were used to

study nanostructure stability, the Mn concentration for the as-deposited alloy was

around 6.5 at.% with MnCl2 concentration around 0.065 mol/L. As for the whole

range of study in this thesis, the concentration of MnCl2 ranged from 0.03 to 0.12
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mol/L. The relationship between the MnCl2 concentration in the electrolyte and

the deposited alloy concentration under the deposition voltage condition used

in this study is shown in Table 1. Pure aluminum foil (99.99% purity, purchased

from Alfa Aesar) was used as the anode, in which the aluminum anode was first

treated with an etching solution with 75% phosphoric acid, 20 % sulfuric acid,

and 5% nitric acid to remove the oxidized area and impurities. Copper sheets

(99% purity) cut into 2 cm by 2 cm were first connected with copper cord plastic

resin wire using silver gel and embedded in a non-conductive resin. The copper

sheets were then polished with 1200 grit sandpaper and used as the cathode. Prior

to soaking the Cu electrode in the electrolyte bath, the Cu electrode was treated

with 5 vol.% sulfuric acid to remove oxidation and impurities, and then soaked in

chloroaluminate ionic liquid solution overnight to activate the electrode in order

to enhance the adhesion of the deposits.

A reverse-pulse current waveform was used in the process due to its known

benefits for mechanical behavior and surface finish[63, 64, 65, 66]. Pulse plating

was conducted with a square current waveform composed of 6 mA/cm2 of ca-

thodic pulse and 3 mA/cm2 of anodic pulse, each of 20 ms duration, following

the procedure in Ref. [48]. The total deposition time was 8 to 16 hours, leading

to a deposit with a thickness around 10 to 20 µm. The sample was released by

dissolving the copper substrate in concentrated nitric acid(>70% concentration).

Note that the samples tested in this thesis were mainly from the center of the elec-

trode to assure the homogeneous composition as well as the no stress induced

because of the edge effect in typical electrodeposits.

Table 1: The relationship between the concentration of the deposition bath and the con-
centration of the deposited alloys. The concentration for the deposited alloy (Mn
in at.%) is with a±0.4 at.% error and measured with SEM-EDS; the concentration
of electrolyte was calculated in the sample preparation process.

MnCl2 (M) 0.03 0.06 0.07 0.075 0.09 0.11 0.125

Mn (at.%) 3.0 6.5 7.0 8.3 10.1 12.5 13.7
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2.1.2 Materials Characterization

The compositions of the electrodeposits were analyzed using a JEOL JSM-6610LV

scanning electron microscope (SEM) with calibrated energy-dispersive x-ray spec-

troscopy (EDS) operated at 20kV before releasing them from their copper sub-

strates. Multiple points were tested to ensure the composition of the alloy. After

EDS testing, the samples were released from the substrate using concentrated ni-

tric acid and separated into different groups based on their composition. X-ray

diffraction (XRD) was carried out with a PANalytical X’Pert X-ray diffractometer

operated at 45 kV and 40 mA with a Cu Kα source to study the crystallinity and

phases. The data was analyzed using Rietveld refinement to ascertain grain size

and crystallinity using PANalytical HighScore Plus software. The Rietveld refine-

ment calibration was done with standard silicon powder 640b with slit size 2◦

and beam size 4 mm from 15 to 125 ◦2θ. Aside from XRD, transmission electron

microscopy (TEM) was also employed to give a direct observation on the grain

size and crystallographic information with a JEOL 2010F TEM operated at 200 kV.

The TEM samples were prepared using both electro-jet-polishing and ion-milling,

and the two preparation methods were found to yield the same results in later

TEM studies. For the electro-jet-polishing procedure, 5% perchloric acid in 20%

butoxyethanol and 75% methanol was used as the polishing solution, and the sys-

tem was operated under a voltage of 15V at -60◦C, using a Fischione model 100

twin-jet electropolisher. Ion-milled samples were polished with 5 kV first at 18◦,

gradually reducing to 4kV and 12◦, at a temperature below -60◦C; the instrument

used here was Fischione 1010 ion mill.

2.1.3 Annealing Studies

Differential scanning calorimetry (DSC) was employed to study the annealing

behavior of the experimental materials. The DSC experiments were conducted

using a TA Discovery instrument. At least 1 mg of sample was placed into the

Tzero Aluminum pan, which was weighed both with and without the sample

with a precision of 0.0001 mg using the TA discovery thermogravimetric analy-

sis (TGA) pre-weight function. Multiple samples were tested at a given composi-

tion. The samples were scanned over the temperature range between 50 to 550◦C
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at a constant heating rate ranging from 5 to 50 ◦C/min. The DSC tests used an

empty pan as a reference and were all conducted under flowing nitrogen gas to

limit sample oxidation. After the heating steps, the sample was cooled rapidly at

100◦C/min to prevent further transformation. For some selected samples, DSC

was conducted isothermally for different durations at different temperature set-

points. Afterwards, selected heat-treated samples were studied with XRD and

TEM. Rietveld refinement was used for XRD analysis to understand the phase

ratio of the post-annealing structures. The data processing and template for Ri-

etveld refinement are the same as described in Section 2.1.2. For DSC analysis,

a linear background was subtracted from the raw data for kinetic analysis, and

the data was then further integrated and normalized to reflect the fraction trans-

formed as a function of temperature (note that due to the isochronal analysis here,

the temperature is a function of time). The Johnson-Mehl-Avrami-Kolmogorov

(JMAK) model was then used to analyze the transformation process, for which the

details will be presented in Section 2.4.

Extended annealing was done on selected samples at 200 and 300◦C for one

week, two weeks, and one month to study the effect of annealing time on the

grain size and phase composition of the annealed alloys. Prior to annealing, the

samples were ampoule-sealed in glass with an Ar atmosphere to prevent oxida-

tion. Annealed samples were then characterized using XRD and TEM. All the

characterization methods and instruments were the same as described in Section

2.1.2. The results of extended annealing were compared with the JMAK analysis

to give a better understanding of the transformation process.

2.2 G R A I N S I Z E W I T H R E S P E C T T O D I F F E R E N T M N C O N C E N T R AT I O N

The average grain sizes were calculated using both TEM dark field images as

well as XRD Rietveld refinement. The results are shown in Figure 8. At 3 at.% Mn,

the Al-Mn electrodeposits have a grain size on the micrometer scale. However,

at around 6 at.%, the grain size decreases to around 160 nm. Further increase of

Mn concentration decreases the grain size more, and at around 8 at.%, evidence

of an amorphous phase starts to appear in the as-deposited structures. Up to 12.5

at.%, the increase of Mn concentration increases the fraction of the amorphous

phase, beyond which the sample appears to be nearly amorphous. However, at
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somewhat higher concentrations near 14 at.%, which is close to the stoichiome-

try of the intermetallic phase Al6Mn, there is some localized ordering structure

forming, which is believed to be an icosahedral phase and will be discussed later

in Chapter 5. Note that for the specific XRD instrument used here, the sensitivity

of the instrument to grain size peak broadening is only able to quantify the grain

size smaller than about 80 nm accurately. Values higher than 80 nm are therefore

omitted. For amorphous phase dominant situations, due to the presence of the

amorphous hump in the XRD peak, the grain size could not be quantified either

(for Mn concentration larger than 8 at.%), as a result, only three XRD grain sizes

are shown in Figure 8.

2.3 M I C R O S T R U C T U R E E V O L U T I O N

The XRD and TEM of a typical as-deposited single-phase nanocrystalline sample

are shown in Figure 9(a) and Figure 9(b) individually. This sample has a composi-

tion of 6.5 at.% Mn and exhibits nanocrystalline grains around 66 nm in diameter,

with the XRD showing no second phase present.

After annealing at 200, 300, or 400◦C isothermally from 30 minutes to 4 hours,

microstructural difference can be observed in this sample. The TEM micrographs

for the annealed structures are shown in Figure 10. Within 30 minutes, the sam-

ples annealed at 300 and 400◦C already show precipitates of Al6Mn phase. At

200◦C however, even at 4 hours of annealing time, the nanostructure seems to

be maintained. The XRD data was further analyzed to compare with the TEM

data. The XRD for samples annealed at 200◦C for different duration are shown

in Figure 11. The XRD further confirms that at 200◦C, which is 0.5 homologous

temperature (TH), i.e., half of the melting point of pure Al, the grain size increases

slightly after the first 30 minutes of annealing. However, as the time increases,

the grain size stabilizes at around 100 nm, as shown in Figure 12. Furthermore,

in both XRD and TEM for the post-annealing samples, there is no evidence for

the formation of intermetallic phase, suggesting that at this high temperature, the

single-phase Al-Mn nanostructure is essentially stable. This stability is believed to

be linked to the grain boundary structure of Al-Mn nanocrystalline alloy, which

is the subject of discussion in Chapter 3.
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Figure 8: The relationship between grain size and Mn concentration under the same depo-
sition current waveform. (a) is the grain size measured by XRD and TEM versus
the concentration. (b) to (g) are the micrographs of the corresponding structures,
with a range from 3 at.% Mn to 14 at.% Mn sample.

For samples annealed at 300 and 400◦C, the XRD patterns are shown in Figure

13, revealing that after 30 min of annealing, a large amount of intermetallic phases

formed. The TEM images also reveal the formation of intermetallic compounds,

however, the grain size, still, after a slight relaxation during the initial annealing

stage, apparently stabilized at 110 nm and 150nm for the two temperatures. It is

concluded that, for all of the annealing conditions studied here, grain growth ar-
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Figure 9: The as-deposited state of the sample studied here, with XRD in (a) showing
100% crystallinity and TEM micrograph in (b) showing an average grain size of
66nm.

rests quickly whether or not a second phase forms, and at lower temperature, the

nanostructure can potentially be maintained. Extended annealing experiments

were carried out to further explore the viability of these alloys.

2.4 P H A S E T R A N S F O R M AT I O N K I N E T I C S

The phase transformation kinetics were studied in these alloys via DSC. Since the

amount of grain growth is small, it is assumed that the DSC peaks here solely

come from the heat released by Al6Mn precipitation. By integrating the peak and

studying the fractional heat evolution, it is possible to track the fraction trans-

formed over time. Transformation kinetics can reveal details such as activation

energy, reaction rates, reaction order, and even reaction mechanism. For exam-

ple, the semi-empirical Kissenger-type analysis [60, 67, 68, 69] is widely used to

extract activation energy from various reactions, and the growth equation pro-

posed by Lifshitz et al. [70] has been frequently applied to diffusion controlled

precipitation reactions. This kind of analysis usually requires measurement of

a specific transformation temperature under different heating rates, which can

be problematic when multiple reactions take place simultaneously, where the

extraction of the exact reaction temperature becomes challenging. More, aside
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Figure 10: The TEM micrographs of Al-Mn electrodeposits annealed at different condi-
tions. (a) to (d) are samples annealed at 200◦C for 30 minutes, 1 hour, 2 hours,
and 4 hour. (e)(f)(g) are sample annealed at 300◦C for 30 minutes, 1 hour, and 2
hours. (h) is the sample annealed at 400◦C for 30 minutes. All the micrographs
are at same scale, it’s worth noting that the samples annealed at 200◦C doesn’t
show a significant grain growth, nor does it show evidence of phase transfor-
mation. However, for samples annealed at 300 and 400 ◦C, the intermetallic
forms within 30 minutes of annealing. Interesting, for the 300◦C samples an-
nealed at 2 hour, the microstructure doesn’t change as well.

from the activation energy, there are other parameters such as growth index as

well as reaction rate constants, which can be valuable for kinetic analysis. Due

to the complexity of the system, in which not only the activation energy but

also other reaction factors are all of interest, the most general solid state reac-

tion model, the JMAK model is used in this study. JMAK was first proposed

in 1939[71, 72, 73, 74], and has become the most commonly used reaction ki-

netic model in solid state transitions. It has been used successfully in multiple

cases such as crystallization[75, 76, 77, 78, 79, 80] and precipitation[81, 82, 83, 84,
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Figure 11: The XRD results of Al-Mn monocrystalline nanostructure annealed at 200◦C at
different time, showing there is no significant formation of intermetallic phase
even at 4 hours of annealing.

85]. The JMAK equation was originally derived under simplifying assumptions:

isothermal conditions, homogeneous nucleation, and a single reaction step pro-

cesses. However, subsequent adaptations of the JMAK equation have enabled it

to be applied to non-isothermal cases, for which both analytical and numerical

methods have been developed[76, 84, 86, 87, 88]. In this study, the analytical solu-

tion developed by Mittemeijer et al.[88, 89, 90] is adopted to develop the reaction

kinetic model for the Al-Mn system due to its simplicity and its clear physical

meanings of the fitting parameters.

2.4.1 Data Fitting Model

For the single-phase nanocrysatlline specimen of Figure 9, the reaction is a single

reaction process, and traditional JMAK methods apply. The relationship between

the true transformed volume Vt, the total sample volume V , and the "extensive

39



T H E R M A L S TA B I L I T Y O F N A N O S T R U C T U R E D A L - M N A L L O Y S

Figure 12: The average grain size measured using the set of micrographs in Figure 10,
with the grain size for the samples annealed at 200◦C stabilized at around 100
nm. For the 300◦ sample, the grain size stabilized at around 110 nm.

volume" Ve, which is the representation of the transformed volume that would

exist if there were no impingement or constraints on the transformation, is de-

scribed as

dVt =
V − Vt
V

dVe (2)

Mittemeijer et al. presented the solution to Equation 2 for both isothermal and

isochronal (constant heating rate) conditions, written respectively[88, 89, 90]:

f = 1− exp(−
Ve

V
) = 1− exp

(
− kntn exp(−

nQ

RT
)

)
(3)

and

f = 1− exp(−
Ve

V
) = 1− exp

(
− kn(

RT2

b
)n exp(−

nQ

RT
)

)
(4)

where f is the fraction of the specimen that has transformed, t is the annealing

time in an isothermal process, and b is the heating rate in a constant ramping rate
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Figure 13: The XRD pattern showing that for samples annealed at 300 and 400 ◦C, the
intermetallic forms within 30 minutes.

experiment (isochronal). In either case k is the reaction constant, n is the growth

exponent, Q is the activation energy, T is temperature, and R is the gas constant.

The quantities k, n, and Q are characteristic of the reaction in question, and have

different effects on the transformation kinetics. For instance, an increase inQ and

decrease in k suggest that the reaction is slow and usually happens at higher

temperature; an increase in n shows that the peak height is increased. The DSC

peak can be described as

dH

dT
= ∆H

df

dT
(5)

where dHdT is the heat flow observed in the experiment under a non-isothermal

condition, and ∆H is the total heat released (the area of the DSC peak) for the

reaction.
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2.4.2 Data Fitting Results

The background of DSC heat flow data was subtracted, and the remaining signal

curve was interpolated using a custom MATLAB program to make sure that each

dataset had the same number of data points. This step ensured that the data was

weighted uniformly for unbiased fitting. A MATLAB program was then used to

fit the DSC data with Equation 4 substituted into Equation 5. The fitting result

is shown in Figure 14, and is quite satisfactory with R2 = 0.98. Three different

heating rates from 5 to 15 ◦C/min are shown, and the three different conditions

are fitted with the same reaction kinetics, i.e. the same activation energy, reaction

constant, and growth index. The activation energy is fitted as Q = 126.9 kJ/mol,

which is reasonable compared with the literature values for the activation energy

for Al6Mn precipitation and the activation energy for Al diffusion, which ranges

between 80 and 167 kJ/mol by Ciavagura et al. and Luiggi et al.[7, 8, 9, 10].

The extracted growth index was n = 1.6. The growth index n is defined as

n =
d

m
+ c (6)

in which d is the dimension. For m = 1, the reaction is governed by a interface

controlled process, while m = 2 means reaction is governed by a diffusion con-

trolled process. The nucleation constant c ranges from 0 to 1, where 0 means no

pre-existing nuclei and 1 corresponds to site saturation condition. The definition

of the growth index n in this model for a three dimensional case is shown in Table

2.

In the single-phase nanocrystalline Al-Mn alloy, the kinetic factor n = 1.6 sug-

gests that the intermetallic precipitation of Al6Mn is a 3 dimensionally diffusion-

ally limited process. The reaction constant is k = 99.2 s−1, which was treated as

a constant in the analysis across different temperatures. However, k is actually

a combination of different pre-factors including nucleation, growth of product

phase, as well as collision between atoms, which can be temperature dependent

and should be considered as temperature dependent if doing isothermal analysis.
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Figure 14: The DSC data was fitted with JMAK analytical solution. The experimental re-
sults of three different ramping rates from 5 to 15 ◦C/min were shown here.
From this fitting, the activation energy, reaction constant, and growth index
can be calculated.

Table 2: The meaning of growth index n in 3 dimensional process (d=3).

Mechanism n Value

Interface Controlled Process 3 6 n 6 4

Diffusion Controlled Process 1.5 6 n 6 2.5
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2.4.3 Construction of a TTT Diagram

With the information extracted from the DSC data fitting, a conventional time-

temperature-transformation (TTT) diagram can be constructed. The exothermic

peak here can be seen as a complete reaction, and at each temperature/time

point, it reflects the progress of the reaction. To construct the TTT diagram, the

isochronal analytical equation is used. A schematic of how the TTT diagram is

constructed is shown in Figure 15.

Figure 15: In the time and temperature space, for each heating profile, a reaction start and
a reaction finish time can be calculated. By changing the heating rate, different
reaction start and finish points can be acquired. Connecting the start/finish
points at various heating rates, the TTT diagram is constructed.

The TTT diagram constructed is between 27 to 627◦C (300 to 900K, note that

the melting temperature for Al is 660◦C, (933K)), which is mostly covered by the

isochronal annealing studies. The resulting TTT diagram is shown in Figure 16.

From the calculated TTT diagram, we can see that at room temperature, the

time for the precipitation reaction to start is nearly infinite, however, at a higher
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Figure 16: The TTT diagram constructed using the parameters acquired from the DSC fit-
ting in Figure 14. F is the notation for FCC and O is the notation for Al6Mn. The
start and finish of the reaction are marked. Note that at T = 400◦C, the inter-
metallic formation starts within 30 minutes as suggested in the experiments. At
200◦C (T = 0.5TH), the system is free from transformation for at least 3 months
from the TTT diagram.

temperature close to the melting point of the alloy, the intermetallic forms quickly

when annealing starts. At around 200◦C, which is half of the melting point of

pure Al (473K compared to 933K, half of the homologous temperature), the TTT

diagram also predicted that the formation time for the Al6Mn phase is greater

than 3 months. This study shows that at moderate temperature, the alloy might

be able to have stabilized structure over a long period of time. In the following

section, the accuracy of this TTT diagram will be examined.
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2.5 E X T E N D E D A N N E A L I N G

As mentioned before, the samples annealed at 200◦C for 4 hours were able to

maintain nanocrystalline structure with only a slight relaxation of grain size in

the first 30 minutes of annealing, with no intermetallic formation. However, for

the 300 and 400◦C samples, the intermetallic formed within 30 minutes and the

grain sizes were slightly larger than the samples annealed at 200◦C. The dark

field images were used to quantify the grain size at different annealing conditions,

the average grain size for each annealing condition is shown in Figure 12. To

extend these observations, additional samples were annealed at 200 and 300◦C

(for which the homologous temperature is 0.5 and 0.6 respectively) for one month,

as shown in Figure 17 and Figure 18. In the TEM micrographs, the grain size

after annealing for 1 month at 200◦C is still 99 nm for the sample annealed at

200◦C and 110 nm for the sample annealed at 300◦C, showing that the structure

can resist drastic coarsening at high temperature when the intermetallic phase

forms. Especially for the sample annealed at 200◦C (homologous temperature =

0.5), neither phase transformation nor grain coarsening were observed, showing

that it is indeed a stabilized structure and can be of engineering use at elevated

temperatures.

Figure 17: The (a)XRD and (b)TEM of monocrystalline 6.5 at.% Mn sample annealed at
200◦C for one month. The TEM graph shows that the grain size is still able to
maintain nanometer range and the XRD shows there are no siginificant forma-
tion of Al6Mn intermetallic phase.
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Figure 18: The (a)XRD and (b)TEM of monocrystalline 6.5 at.% Mn sample annealed at
300◦C for one month. Unlike the structure in Figure 17, the sample shows large
amount of Al6Mn intermetallic phase, and the TEM also supports the XRD
result.

2.6 C O N C L U S I O N S

In this chapter, the basic microstructures of electrodeposited Al-Mn alloys were

explored. Holding all other control variables constant, the grain size has been

shown to decrease with an increase in Mn concentration, eventually reaching

an amorphous phase. The microstructure evolution including grain growth and

phase transformation were then studied thoroughly for one specific composition

namely Al-6.5at.%Mn, which is a single-phase solid solution alloy with a 65 nm

grain size in the as-deposited condition. The precipitation reaction to form the in-

termetallic compound Al6Mn has been identified as a three dimensional diffusion

controlled process in single-phase Al-Mn nanocrystalline alloy, with an activation

energy of 127 kJ/mol.

Instead of sticking to the basic analysis of qualitative studies on the kinetics,

the thesis takes a step forward to using these parameters to construct the TTT

diagram based on the JMAK analysis. Through extended annealing experiments,

the calculated TTT diagram has been further verified and a simple and effective

way to for TTT diagram construction has been demonstrated. At 200◦C, which is

half of the homologous temperature of pure Al, it has been shown experimentally

that the structure can maintain a nanostructure after at least a month of anneal-
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ing, without significant formation of intermetallic phases, which makes the alloy

viable for many engineering processes. The TTT diagram further predicts that the

alloy can sustain longer annealing times for at least 3 months without formation

of intermetallics at 200◦C.

At an even higher temperature of 0.6TH, intermetallics form rapidly but the

grain size is still able to remain on the nanoscale even after prolonged heat expo-

sure. Such nanostructure stability may unlock the potential of moderate tempera-

ture application of this particular nanocrystalline material.
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In Chapter 2, the stability of nanostructred Al-Mn has been established, and in

particular the stability of single-phase FCC Al-6.5at.%Mn at 200◦C is quite note-

worthy with a stable grain size in the nanoscale for months. Moving forward, it

would be helpful to understand the stabilization mechanism. In this chapter, by

looking into the grain boundary chemistry, segregation of Mn is identified as play-

ing a role in stabilization. Furthermore, the grain boundary segregation energy is

discussed based on a thermodynamic model to compare with the experimental

results.

Note: The contents of this chapter have been published in Ref. [91], with co-

authors Christopher J. Marvel, Patrick Cantwell, and Martin P. Harmer who con-

tributed the aberration corrected STEM analysis in this work.

3.1 G R A I N B O U N D A R Y C H A R A C T E R I Z AT I O N

The materials synthesis was the same as described in Section 2.1.1. For this chap-

ter, a nanocrystalline sample with 6.7 at.% Mn was selected. The basic material

characterization methods are as described in Section 2.1.2.

For a more detailed analysis of grain boundary structure and solute distribu-

tion, aberration-corrected scanning transmission electron microscopy (Cs-STEM)

was used in this study. STEM samples were prepared via the in-situ lift-out method

in a FEI DB235 focused ion beam (FIB) and final polishing was completed to re-

move the amorphized damage layer in a Fischione 1040 NanoMill. STEM analysis

was conducted in a JEOL JEM-ARM200CF at 200 kV using bright field (BF) and

high-angle annular dark field (HAADF) imaging. EDS line scans were performed

with a JEOL 100-mm2 x-ray detector. Prior to analysis, an SPI plasma cleaner was

employed to remove excess carbon from the sample surface.

The line scan experiments from Cs-STEM, provide one dimensional informa-

tion of the solute concentration variation. Atom probe tomography (APT), which
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provides a three dimensional information was also employed for this study. APT

has been used extensively to study the interface and grain boundary properties

due to its chemical and spatial sensitivity[92, 93, 94]. For instance, it has been

used to study P segregation in the Ni-P system[95, 96], in Ti-Al-N thin films[97]

and Nb microalloyed steel[98].

A variety of atom probe samples were prepared by FIB lift-out process with

a combination of pyramid milling and annular milling as described in [97, 98,

99, 100, 101, 102, 103] to reduce the Ga implantation. In order to characterize the

sample using TEM prior to destructive APT experiments, a special sample holder

was prepared by cutting a 100 mesh molybdenum TEM grid in half, and etching

with concentrated potassium hydroxide solution under 5 V AC to dissolve the

crossing bars and allow a neck to form. Mo was chosen due to its high work

function, which can sustain the high voltage pulse inside the APT. Inside the FIB,

the tips were further milled to form a plateau at the top. The lift-out procedure

was conducted with a FEI Helios FIB operated using a Ga ion source at 30, 16,

8, and a 5 kV final cleaning step to remove the amorphous layer. The sample

tip diameters ranged from 50 to 80 nm. Tips were observed with the JEOL 2100

TEM to study the tip geometry and structure for better reconstruction. The sample

preparation using FIB is shown in Figure 19.

The atom probe tips were analyzed using a CAMECA LEAP 4000X HR instru-

ment operated under voltage mode with a pulse fraction ranging from 15 to 18%

and pulse repetition rate of 200 kHz at 50K. The datasets acquired by APT ranged

from 3 to 34.5 million atoms. Data analysis was conducted using IVAS software

for reconstruction and the results were output for further analysis by custom al-

gorithms coded in MATLAB.

3.2 G R A I N B O U N D A R Y S T R U C T U R E S

3.2.1 Basic Characterization

To examine the grain boundary segregation behavior in the Al-Mn system, grain

boundary structure and chemical signatures were obtained from the grain bound-

ary and grain interiors. The single phase nanostructured sample was first studied

with XRD and TEM to ensure the grain size and crystallinity. Here, the sample has

50



3.2 G R A I N B O U N D A R Y S T R U C T U R E S

Figure 19: (a) The half Mo grid used as APT experiment posts in FIB (b) The wedge of
sample cut out by FIB welded using pyramid milling (c) The initial milling of
the sample and (d) The final APT tip for experiment

a grain size around 160 nm, with the microstructure and XRD diffraction pattern

shown in Figure 20 and grain size statistic shown in Figure ??. The average grain

sizes were calculated with both TEM dark field images as well as XRD Rietveld

refinement.

3.2.2 Aberration-corrected STEM

In the Cs-corrected STEM analysis, the BF and HAADF images seen in Figure 22

demonstrate the typical appearance of two adjacent grains for the as-deposited

state. The grain boundaries are marked with yellow arrows. The increased inten-

sity along two boundaries, seen in Figure 22, suggests there is a local increase of

average atomic number. Thus, in this alloy, the increased intensity is likely Mn

segregation because of Mn has a higher atomic weight compared to aluminum.
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Figure 20: Structural characterization of the as-deposited Al-Mn alloy film by (a) XRD
and (b) bright field TEM. (a) shows that the material is Al FCC crystalline
phase. (b) shows the grain size (in plan view) is about 162 nm on average,
and the inset selected area diffraction (SAD) pattern conforms to a single phase
FCC structure.

Figure 21: The grain size statistic of this particular sample for the grain boundary prop-
erty studies.

Unfortunately, Mn-enrichment is typically not as evident at higher magnifica-

tions, as seen in Figure 22(c) and Figure 22(d), in which the atomic contrast is not

obvious and the grain boundary is really diffuse. Note that the grain boundary
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structure at higher magnification shows a high angle and diffuse grain boundary,

also, the grain boundary thickness is thicker than is typical in metals (1 nm). The

diffuse grain boundaries might be an indication of amorphous phase formation

at higher Mn concentration.

Figure 22: Images of typical grain boundaries under Cs-corrected STEM. The low magnifi-
cation BF image (a) depicts two adjacent grains and low magnification HAADF
(b) shows the two grain boundaries exhibit Mn segregation. Images (c) and (d)
are high magnification BF and HAADF, respectively.

Because the atomic contrast was not clear in the high magnification HAADF

STEM, direct chemical analysis was needed. A concentration profile across an-

other such grain boundary is shown in Figure 23. The Mn and Al concentrations,

calculated to 2σ error, are determined using the Cliff-Lorimer equation, which

states that the weight ratio between the two atomic species in a thin specimen

can be approximated with the intensity acquired in an EDS scan[104, 105]:

CA
CB

= KAB
IA
IB

(7)
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In which CA and CB are the weight fractions of the individual species, IA and

IB are the peak intensities after background subtraction from EDS, and KAB is

the Cliff-Lorimer factor for elements A and B, which is determined experimen-

tally using standard samples with known concentration. Here, the KAB factor

was determined by substituting the global concentration as the grain interior con-

centration. The Mn content reaches a maximum of approximately 14 at.% at the

grain boundary, as compared to an average of 7 at.% in the grains, and confirms

that the high intensity in HAADF is Mn segregation.

However, in normal cases, it is hard for EDS line scans to provide absolute in-

terfacial compositions because of grain boundary inclination. To more accurately

measure the Mn-enrichment, and eliminate the effect of boundary inclination, the

scan-width method was used to determine extent of Mn segregation via Equation

8[106].

MLSA = N
1/3
B × IA

IB
×w× kAB (8)

where MLSA is the number of Mn solute atoms per monolayer, NB is the atom

number density of the Al matrix, IA and IB are the EDS intensities of the Mn and

Al, and w is the EDS scan width perpendicular to the grain boundary[106]. N1/3B
is determined by taking the area density of the most densely packed plane, which

is {111} for FCC Al. Equation 8 gives a Mn area density of 4.2±0.2 atoms/nm2

and 2.6±0.1 atoms/nm2 on the grain boundary and grain interiors based on the

Mn counts in Figure 23(c). Thus, the difference of approximately 1.6 atoms/nm2

represents the excess of Mn on the grain boundary. Because the sample thickness

is unknown, an effective scan width was not utilized to eliminate the effect of

beam broadening. The line profile and scan width results are in good agreement

as one technique estimate 50% enrichment of Mn on the boundary and the other

yields 60% at the grain boundary.

In addition to the results seen in Figure 22 and Figure 23, several more indi-

vidual grain boundaries were surveyed; grain boundary segregation is clearly

observed in most but not all of these. In light of the broad spectrum of different

grain boundary characters that might be sampled in a polycrystal, it is reasonable

that a variety of different responses are observed. This variety will be discussed

further later.
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Figure 23: An EDS composition line scan in Cs-corrected HAADF STEM (a) shows an
increase in Mn concentration (at.%) at a grain boundary, which is imaged in (b).
The start and finish direction of the scan is marked with the yellow arrow in
(b). The average concentration of the line scan is 6.9 at.%, and the concentration
at the boundary is about 10.5 at.% on average. (c) shows the scan at the same
grain boundary using the area density method, with the Mn counts for right
grain, left grain, and grain boundary plotted. By overlaying the curves, one
can see that at the grain boundary, the Mn counts are higher.

3.2.3 Three Dimensional APT

An atom probe tip and the corresponding reconstructed atom dot maps are shown

in Figure 24, where several grain boundaries that appear to span the sample

are captured. A line scan with a block size of 1.8 by 1.8 nm2 (with n ' 200

atoms) along the axial direction (z direction) was carried out. Mn concentrations

along this direction which exceeded two standard deviation of the average con-

centration are marked; their positions are indicated by green arrows in Figure 24.

Their corresponding locations are also marked in the TEM image in Figure 24(a).

The Ga distribution Figure 24(c) also aligns with the Mn distribution and coin-

cides with the grain boundary positions in the TEM micrograph; as suggested in

Ref.[53], Ga from the APT sample preparation process is an effective marker of

grain boundary positions in APT of aluminum. Taken together, the above results

positively identify several individual grain boundaries, and confirm that Mn is

located preferentially at them.

With the knowledge of grain boundary positions, the reconstructed data was

examined with line scan across grain boundary sites using the ladder diagram

method[93, 107], which is similar to line scan in aberration-corrected STEM but

using a cumulative calculation to give better statistics. Quantitative analysis us-
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Figure 24: (a) TEM picture of an APT sample. Green arrows mark the position of three
individual grain boundaries. (b) The atom dot maps of Al and Mn and (c) Mn
and Ga for the same sample.

ing ladder diagram is carried out as shown in Figure 25, which includes several

parallel profiles across the same grain boundary at different positions, each 1.8

by 1.8 nm2 in cross section. A ladder diagram is a cumulative presentation of

solute content along a one-dimensional line, plotting the number of solute atoms

encountered as a function of the total number of atoms encountered. Such lad-

der diagrams have been extensively used for identifying different phases as well

as clustering in APT data[93, 107, 108]. The slopes of these ladder diagrams are

indicated in Figure 25, and represent the local concentration; in every case there

is a clear signal of Mn segregation at the grain boundary. The amount of grain

boundary segregation ranges from 3 to 6 at.% higher than the composition in the

neighboring grains, which agrees with the finding in Cs-corrected STEM analysis.

To get better statistics on the grain boundary and grain compositions, 180 lad-

der diagrams were constructed and analyzed such as those of Figure 25, to assem-

ble composition distributions unique to the boundaries or the grains. The result is

shown in Figure 26. Figure 26(a) shows how the sampling was conducted, and (b)

shows a histogram of Mn concentrations at the grain boundaries and a histogram

in the grain interiors; the grain boundary is indeed enriched in Mn. Figure 26(c)

shows a cumulative probability plot of the difference between grain boundary
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Figure 25: Ladder diagram analysis of an individual grain boundary on the atom probe
sample. Each line here represents a one dimensional 30 nm scan across the
marked grain boundary, with an 1.8×1.8 nm2 cross sectional area. The x axis is
the cumulative total (Al+Mn) number of atoms while the y axis is the accumu-
lated number of Mn atoms encountered in a one-dimensional traverse across
the boundary. The slopes marked here represent the Mn concentration for each
scan. The slopes all change across the grain boundary. (The blue dashed line
and green dashed line show the concentrations for grain interiors, and the red
dashed line denotes the region of higher slope that corresponds to the grain
boundary.) The grain boundary is enriched by about 6.92 at.% Mn in line (a),
6.06 at.% in line (b), 4.77 at.% in line (c), and 3.68 at.% in line (d) as compared
with the background level in the grains.

and grain interior sites on individual ladder diagrams, which suggests a median

enrichment of Mn at boundaries of about 3 at.%.

The APT data can also be analyzed by dividing the sample into small blocks

for statistical testing by binomial fitting. If a sample were a perfectly random solu-

tion, the frequency distribution of the composition when measured many times in

small blocks would be binomial[109]. Individual samples were divided into many

blocks with n ' 200 atoms inside each to obtain the composition distribution. Re-

gions containing edges of the sample and crystallographic poles, where the den-

sity of atoms is lower, are avoided to prevent distortion of the data statistics. The

binomial distribution describes a probability density P(c) at concentration c as

P(c) =
1

σ
√
2π

exp
(−(c− c0)

2

2σ2

)
(9)
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Figure 26: A schematic of how sample was divided was shown in (a), and the concen-
tration distributions for regions in the grain boundary and grain interior of
an APT sample are shown in (b). The average grain boundary concentration
is 10.5 at.% Mn and the average concentration of the grain interior is 7.3 at.%.
The degree of segregation (concentration difference between grain boundary
and grain interior) is also plotted with a cumulative probability plot and his-
togram are shown in (c). The average degree of segregation is 3.1 at.% Mn for
this grain boundary.

where c0 is the average concentration of the whole sample, c is the concentra-

tion of individual blocks, and the width normalization is given by σ2 = c0(1−

c0)/n. The binomial equation involves only a single fitting parameter, namely

the average solute concentration. If the data show a deviation from the single-

variable fitting curve suggests a non-random solute distribution. Equation9 can

be fitted to the experimental data of Figure 27 as shown in red. The fit is signifi-

cantly different from the shape of the data, which exhibits skew to higher concen-

trations. Such skew is what would be expected if there were a minority of sites of

higher-than-average composition, i.e., if there were selective segregation of solute

to some regions in the sample (grain boundaries).

Since the sample may therefore better be described as a combination of two

different regions (grain interiors and grain boundaries), each of which is a ran-

dom solution at its own composition, the data were fitted with a two-binomial

distribution as
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P(c) =
fgi

σ
√
2π

exp(
−(c− cgi)

2

2σ2gi
) +

fgb

σ
√
2π

exp(
−(c− cgb)

2

2σ2gb
) (10)

in which the subscript gi denotes the grain interior and gb denotes the grain

boundary regions, each present in their own volume fraction, f and at separate

compositions, c.

The binomial-binomial fit of Equation 10 to the data of Figure 26 is also shown

in Figure 27, along with the sub-distributions corresponding to each region. The

fit reveals an average grain interior concentration of 7.5 at.% (dotted blue line)

and an average grain boundary concentration of 12.6 at.% (dashed blue line). The

grain interior concentration is within the error of the bulk Mn concentration mea-

sured by SEM-EDS, and the enhancement at the boundary of roughly 5 at.% is

reasonably aligned with the results of Figure 26. The grain boundary fraction fit-

ted in the binomial fitting is 12% of the total volume, which aligns reasonably well

with a geometric estimate based on iso-concentration surfaces such as shown in

Figure 28, which also suggests that grain boundaries comprise roughly 7 to 10

at.% of the sample. Note that in Figure 28, the anomalous region at the top of the

analyzed volume is associated with Ga damage near an exposed crystallographic

pole, however, this region represents less than 2 % of the total analysis volume. In-

terestingly, the distributions of grain boundary concentration and grain interior

concentration in Figure 26 exhibit some overlap, which allows for the possibil-

ity of individual grain boundaries exhibiting little or no solute segregation. This

aligns with the Cs-STEM observations described above, where some boundaries

but not all exhibited compositional contrast. Since grain boundary segregation is

known to depend on the misorientation and boundary plane indices[110], it is

reasonable that a survey of a variety of boundaries would reveal a spectrum of

responses.

3.3 D I S C U S S I O N

The above characterizations are all consistent with one another, which not only

confirm that the as-deposited Al-Mn alloy in this work is a single-phase FCC

polycrystal solid solution with a fine grain structure, but also that single phase

nanostructured Al-Mn alloy has a subtle but clear enhancement of Mn at the
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Figure 27: Frequency distribution for one of the atom probe samples with a volume
of 36×16×234 nm3, divided up into blocks containing n = 200 atoms each,
and compared with single binomial fitting and binomial-binomial fitting. The
black dots show the experimental data frequency distribution. The single bi-
nomial fitting (red) significantly deviates from the experimental data, which is
broader; suggesting the distribution of solute is not random. The data is further
fitted with a dual-binomial function (solid blue line), with sub-distributions
shown with dashed lines

grain boundaries of 3 to 5 at.% as compared to the bulk concentration. While

there are many different types of grain boundaries, among those examined, each

has slightly different segregation behavior, and also different sites within any in-

dividual boundary, these results speak to the average, or effective grain boundary

segregation behavior.

3.3.1 Grain Boundary Segregation Energy Calculation

Grain boundary segregation results from a positive heat of grain boundary seg-

regation of the solute species, i.e., it is a reflection of an energetic preference for

solute to occupy grain boundary sites. Were the system assumed to be a solid so-

lution in equilibrium (a significant assumption for electrodeposition due to the

driven characteristic of this technique, which we will test shortly), an effective

heat of segregation (Hseg) can be estimated based on the quantitative STEM and

APT composition measurements using the McLean segregation isotherm:
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Figure 28: The corresponding iso-concentration surface at c = 10.5% Mn for the volume
analyzed in Figure 27

cgb

1− cgb
=

cgi

1− cgi
exp(

Hseg

kT
) (11)

The McLean segregation isotherm was first proposed in [111]. Here the compo-

sition subscript gi denotes the grain interior and gb denotes the grain boundary.

Taking the relevant temperature to be the processing temperature T = 300K, the

Hseg values obtained from the experimental results are shown in Table 3, and

range from 900 to 1500 J/mol. Such values are very low, suggestive of a weak seg-

regation tendency, which is of course in line with the subtle composition inflation

measured.

3.3.2 Segregation Energy from Thermodynamic-Based Model

The McLean isotherm mentioned in section 3.3.1 is commonly used for systems

at the dilute limit. Although the Al-Mn system under examination has a con-

centration of 6.7 at.% Mn, it is still in the solid solution form, and using the

McLean isotherm to calculate segregation energy is not unreasonable. Reliable

grain boundary segregation energies are not generally available for arbitrary alloy

pairs, as a result, a Miedema-based thermodynamic model proposed by Murdoch
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Table 3: Results of effective heat of segregation Hseg extracted from experimental data
at room temperature using McLean isotherm analysis. Here, the grain boundary
thickness used to calculate the heat of segregation using area density from STEM
line scan is assumed as 1 nm.

Experimental Methods Hseg (J/mol)

STEM (line scan) 1254

STEM (area density) 900

APT (line scan average) 1262

APT (binomial fitting) 1420

and Schuh[44] is used to simultaneously estimate the grain boundary segregation

energy at the dilute limit to compare with. The segregation energy in the dilute

limit (∆Hseg0,M) is estimated using the following equation:

∆H
seg
0,M = −0.71× 1

3
× ν× [−∆HintBinA − cMγ

S
AV

2
3

A + cMγ
S
BV

2
3

B ] +∆Eel (12)

in which the subscript B denotes solute and A solvent, ∆HintBinA is the interac-

tion energy (i.e., the bond-level heat of mixing) for a B atom surrounded by A

atoms, cM is a dimensionless semi-empirical constant equal to 4.5× 108, γS is the

surface energy for the pure subscripted metal, V is the atomic volume, and ν = 1
2

describes the fraction of bonds lost at grain boundaries[112], and ∆Eel is the elas-

tic energy term which accounts for the size misfit between the solute and solvent

atoms.

The elastic term is based on an Eshelby-type continuum linear elastic formal-

ism for the energy of substituting a misfitting solute atom inside the solvent

matrix[113, 114, 115]:

∆Eel =
24πKBGArBrA(rA − rB)

2

3kBrB + 4GArA
(13)

Here, K is the bulk modulus,G is the shear modulus, and r is the atomic radius.

With this equation and numerical values from Miedema[116], de Boer[117] and

James et al.[118] (which are all assembled in Table 9), the expected grain bound-

ary segregation energy for Mn in Al can be calculated using Equation 12. In this
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analysis, both Miedemaâs original estimate of the system heat of mixing for Mn

dissolved in Al (∆HintBinA = −106 kJ/mol [116]) and the more sophisticated inter-

action energy from CALPHAD methods with ∆HintBinA = −70 kJ/mol were both

used. The calculated Mn grain boundary segregation energy is tabulated in Table

4.

Table 4: Results of effective heat of segregation Hseg calculated using Equation 12, the
∆HintBinA are from two different sources: Miedema data and CALPHAD data. The
subscript 1 and 2 showing the different sources of the elastic term in Eqaution 13.
The calculated values used here including the bulk and shear modulus are shown
in Table 9

.

Enthalpy Data Sources Hseg (J/mol)

∆HintBinA, Miedema (-106 kJ/mol)1 1030

∆HintBinA, CALPHAD (-70 kJ/mol)1 5280

∆HintBinA, Miedema (-106 kJ/mol)2 -5214

∆HintBinA, CALPHAD (-70 kJ/mol)2 -954

If the results in Table 4 are plotted along with the values calculated using the

McLean isotherm in Table 3 based on the experimental results, we can see that

both the experimental value and the calculated theoretical value have a slight

positive segregation energy, suggesting a positive grain boundary segregation

phenomenon. However, at the same time, the upper bond and lower bond of the

Miedema-based calculated segregation energy has a huge fluctuation around zero

between roughly +5 to -5 kJ/mol, which is shown in Figure 29. This might due to

the wide difference between the interaction energy (30 kJ/mol for the Miedema

calucaltion and the CALPHAD case) and the wide range of differences between

the shear and bulk moduli of Mn. To give a better estimation using the model, a

more sophisticated study on the thermal data as well as the mechanical property

data is needed.

The other interpretation of the differences in the calculated and experimental

segregation energies is that the deposition process used to make this alloy is suffi-

ciently close to equilibrium growth that it is able to find a near-equilibrium condi-

tion and grow a grain structure with the preferred grain boundary solute content.

This is at least somewhat plausible in light of the kinetic calculation of Ruan and
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Figure 29: The average, maximum, and minimum segregation energy of the experimental
values and the values calculated based on the Miedema segregation model. As
is shown here, the averages in both cases are slightly postive, however, due to
the variance in data sources, the calculated value has a range across +5 to -5
kJ/mol.

Schuh[119], who estimated that the average atom might diffuse around 20 nm

over the surface before becoming buried in an Al-Mn electodeposit, and for our

deposition conditions a somewhat larger diffusion length of perhaps 40 nm is

kinetically reasonable. In this scenario, the majority of atoms would experience

both bulk and grain boundary states as they traverse the surface during deposi-

tion, and might therefore preferentially assemble into a near-equilibrium grain

boundary segregation state. In this scenario, the grain boundary segregated state

is of lower energy than the competing solid solution, but it is an interesting ques-

tion whether it would successfully compete with the equilibrium diagram that

involves intermetallic Al6Mn. In nanocrystalline materials, it has been suggested

that grain boundary segregated polycrystals can energetically compete with sec-

ond phases such as intermetallics in equilibrium[43]. In similar Al-Mn electrode-

posits studied in the prior work, heating has been shown to lead to intermetallic
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formation[5, 34, 46, 120, 121], which suggests that the polycrystalline state may

be out of equilibrium, as discussed next.

Another possibility is that the deposit is not in equilibrium, but rather is in a

kinetically trapped condition, and the grain boundary segregation we observe is

therefore a signature of thermodynamic preference but is not equilibrated. If the

polycrystalline state is already viewed as a metastable state excited above an inter-

metallic ground state, then incomplete grain boundary segregation would repre-

sent an even further degree of excitation (i.e., higher-energy metastable condition

entrapped kinetically). In this case the true grain boundary segregation energy

would be higher, and underestimated by the above model. There is some reason

to expect such situation. For example, the Miedema heat of mixing for Mn in Al

used above (∆HintBinA = −106 kJ/mol) is somewhat higher than one obtains from

an analysis of CALPHAD-type free energy functions for the Al-Mn system which

are used to generate the phase diagram[42]. Using such equations in the dilute

limit of Mn concentration yields an alternative value of ∆HintBinA = −70 kJ/mol.

Using this value to correct the estimate of Equation 12 yields a somewhat higher

grain boundary segregation energy of 5300 J/mol. If this value is more reflective

of the true grain boundary segregation energy for Mn in Al, then the fact that it is

four to five times higher than the effective value extracted from the experimental

results would align with the electrodeposit being out of equilibrium, i.e. not fully

segregated to the extent it could be. Future work examining changes in segrega-

tion state upon heating might prove helpful in more precisely determining the

true value of the grain boundary segregation energy.

3.4 C O N C L U S I O N S

The grain boundary structure of electrodeposited Al-6.7 at.% Mn has been studied

experimentally using aberration-corrected STEM and APT, and compared with a

Miedema-based grain boundary segregation model. Both the STEM and APT re-

sults revealed that Mn is segregated to grain boundaries in the as-deposited con-

dition, and showed reasonable quantitative agreement with one another. Using

the McLean isotherm (and therefore assuming an equilibrium condition) gives a

grain boundary segregation energy of order 1100-1500 J/mol. This very low en-

ergy level suggests that segregation is either very subtly favored thermodynam-
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ically in this system, or the deposit is out of equilibrium and does not find as

segregated a condition as it would like. Both of these possibility are supported

by Miedema-type calculations, with the lower bound value (1000 J/mol) matches

with the first measurement while the bulk phase diagram calculation with value

of 5030 J/mol anticipate greater segregation if the sample were able to fully equili-

brate. This segregation behavior has tremendous value for the enhanced stability

of nanocrystalline Al-Mn alloys, for it not only provides solute drag at the grain

boundary from a kinetic point of view, but at the same time, according to the

calculation here, provides a lower grain boundary energy.
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The dual-phase Al-Mn alloys exhibit different characteristics with the addition

of Mn solutes not only in their as-deposited structures, but also in the anneal-

ing behaviors. From the XRD results in Figure 30, a small Al FCC (111) peak is

discovered for samples with lower Mn concentration; however, as the Mn con-

centration increases, the (111) peak is replaced with an embedded peak inside

the amorphous hump at around 42◦ 2θ, which is an indication of transition from

FCC embedded in an amorphous matrix to an icosahedral phase embedded in an

amorphous matrix at a higher Mn concentration.

In preliminary annealing studies, the different annealing behaviors were also

discovered within the same annealing history. For samples with Mn concentra-

tion ranges from 8.9 at.% Mn to 10.1 at.% Mn, shown in Figure 31, the DSC heat

release curves show one single asymmetric peak while annealed from 50 to 550
◦C. However, at higher concentration, with Mn concentration at 13.7 at.%, the

DSC curve shows two distinct and well-separated peaks, where the first peak is

significantly lower in the total heat released compared with the second peak. In

between the concentration range, where the Mn concentration is 11.3 to 12.5 at.%,

the DSC curves are complex and convoluted, with several peaks. This chapter fo-

cuses on discussing the simple case (one single asymmetric peak, lower Mn con-

centration); the other two cases will be discussed in the following chapters. The

"low concentration dual-phase alloy" in this chapter thus refers to the samples

with 8.9 and 10.1 at.% Mn.

4.1 E X P E R I M E N TA L P R O C E D U R E S

The materials were plated as described in Section 2.1.1. In this chapter, the sam-

ples were chosen from the group with Mn concentration at 8.9 ± 0.4 at.% and

10.1 ± 0.4 at.%, which according to XRD, exhibit a small fraction of FCC crys-
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Figure 30: The as-deposited structures with different Mn concentration of Al-Mn alloys
from chloraluminate ionic liquid bath under room temperature, with (a) 8.9
at.% Mn, which you can see a side peak at 38◦ 2θ embedded in the amorphous
hump, which correspond to the Al (111) peak marked. Same for (b) with Mn
concentration of 10.1 at.%. For higher concentration (c), (d) and (e), we see
there is no Al (111) peak presented. There are some features emerging inside
the amorphous hump (marked with upper triangle), which we believed is the
indication of formation of icosahedral phase.
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Figure 31: Three different kinds of DSC experimental results observed in Al-Mn alloy
system with a ramping rate of 10 ◦C/min. The result shown in (a) shows a
single asymmetric peak, and (b) shows a complex four-peak structure, and (c)
shows a two-peak process. Besides the differences in the number of peaks, we
can also see that as Mn increases, the transformation temperature increases.

talline phase embedded in an amorphous matrix. The samples were subjected

to the same annealing procedures as described in 2.1.3. The pre-annealed and

post-annealed samples were all studied with XRD and TEM for microstructural

analysis as in Section 2.1.2.
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4.2 P H A S E T R A N S F O R M AT I O N S T U D Y

The TEM results of the 8.9 at.% Mn sample are shown in Figure 32. Figure 32(a)

shows the as-deposited state of the dual-phase 8.9 at.% Mn alloy with a small or-

dering crystal around 10 nm embedded within the amorphous matrix. The XRD

for the as-deposited state shown in Figure 30(a) also shows a small (111) Al FCC

peak embedded inside the amorphous hump. All of these suggest the existence

of an FCC phase and are well aligned with the studies in Ref. [34]. (b) and (c)

are samples annealed at 290◦C for 1 hour. The annealed structure shows a re-

gion of Al FCC solid solution nanocrystalline diffraction rings in (b) and a mix of

Al6Mn orthorhombic structure and Al FCC rings in (c). This phase evolution is

completely consistent with the phase diagram prediction[4].

Figure 32: TEM micrographs of (a) as-deposited 8.9 at.% Mn Al-Mn alloys and (b) (c)
alloys annealed at 290◦C for 1 hour. The annealed structure shows a region
of Al FCC solid solution nanocrystalline diffraction rings in (b) and a mix of
Al6Mn orthorhombic structure and Al FCC rings in (c). In (c), the blue index
and arrow show the diffraction spots which belong to the Al6Mn structure; the
diffraction rings for the Al FCC structure are marked by the green arc in both
(b) and (c).

To understand the time and temperature impact on the annealing results, dif-

ferent annealing studies were carried out. Figure 33 shows two different XRD

patterns from different annealing conditions. Figure 33(a) shows a sample an-

nealed isothermally at 290◦C for 1 hour and (b) shows a sample annealed with

a change in temperature from room temperature to 550◦C with a heating rate of

5◦C/min. The two XRD patterns were analyzed with Rietveld refinement for the

volume percent of each phase, and then converted into weight percents based on
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the weight of each phase. Note that the Al FCC solid solution phase is marked

with a down triangle. For both structures in Figure 33, it is shown that for isother-

mally annealed samples, the post-annealed structure contains 46.6 wt.% of the Al

FCC phase and 53.4 wt.% of the Al6Mn phase, and that there was no amorphous

hump in the sample, i.e., no untransformed amorphous phase. However, for the

sample that went through a higher annealing temperature, i.e., in Figure 33(b),

the fractions of the Al FCC and the Al6Mn orthorhombic phases are 38.8 wt.%

and 61.2 wt.% respectively, which are close to the equilibrium phase fractions

calculated from the phase diagram (39.5 wt.% Al FCC and 60.5 wt.% Al6Mn).

Moreover, the lattice spacing of the FCC solid solution phase for the sample an-

nealed at higher temperature is 4.057 Å and for the sample isothermally annealed

at 290◦C is 4.054 Å, which also suggests that for the FCC phase annealed at higher

temperature, the Mn concentration is lower[122].

Aside from the structural data, DSC peaks were also analyzed. It was found

that the DSC peaks are highly asymmetric, especially at higher ramping rates,

which is shown in Figure 34. The peaks are further analyzed, as seen in Figure

35, which shows the ramping experiments for one of the 8.9 at.% sample and one

of the 10.1 at.% sample and their corresponding first and second derivatives. The

samples were both ramped from room temperature to 550◦C with a ramp rate

of 50 ◦C/min. The original experimental peaks both show asymmetry, and the

first and second derivatives both suggest that there were two peaks overlapping

together instead of one single peak, i.e., there were two reactions in the anneal-

ing process, which happened sequentially and at temperatures fairly close to one

another.

It is worth noting that for the 10.1 at.% sample, the reactions are shifted to a

higher temperature and the two reaction temperatures are closer; thus it is harder

to distinguish the two peaks. However, we still found a trace peak signal in the

second derivative in Figure 35(f), suggesting the two samples follow a similar

reaction route.

All these phenomena suggest that the microstructure evolution process of the

low-concentration dual-phase alloys is composed of two processes:

1. Crystallization of the amorphous phase into the FCC phase at a lower tem-

perature.
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Figure 33: The XRD pattern of Mn 8.9 at.% sample (a) isothermally annealed at 290◦C for
1 hour in DSC, which the DSC signal drops down to background suggesting
the reaction process has completed. (b) shows the XRD of a sample ramped
up to 550◦C with a ramp rate of 5 ◦C/min. The Al FCC solid solution phase
is marked with a down triangle. The fraction of Al FCC solid solution phase
and Al6Mn orthorhombic phase is acquired by Reitveld refinement. It is worth
noting that neither phase has an amorphous hump, suggesting that at low tem-
perature the Al6Mn transformation is not completed. At high temperature, the
Mn diffuses out from the Al-FCC solid solution sites to form Al6Mn. The final
fraction of the two phases in (b) is in good agreement with the value calculated
from the phase diagram, which is 60.5% of Al6Mn and 39.5% of Al FCC solid
solution.

2. Precipitation of the orthorhombic Al6Mn intermetallic phase at a slightly

higher temperature.

The traditional JMAK model will not apply to this multi-reaction case; an ad-

justed kinetic model is needed. The schematics of the reaction process are shown

in Figure 36.
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Figure 34: An example of the impact of different heating rates on the isochronal analy-
sis process. The sample shown here were heated at 5, 20, and 50 ◦C/min. As
heating rate increases, the peak becomes broader and the asymmetry becomes
more significant.

4.3 M O D I F I C AT I O N O F K I N E T I C M O D E L S

As mentioned in Chapter 3, for decades researchers have been trying to expand

the traditional JMAK model into one that could include impingement and differ-

ent phase transformation mechanisms. However, there is not yet any complete

model that can be used to describe the sequential, multiple reaction process. As

a result, adaptations are needed while using the phenomenological JMAK model

for such multi-reaction processes. As mentioned in Section 2.4.1, Mittemeijer et
al. have demonstrated a simple and systematic single-reaction JMAK analysis,

which this thesis will adopt and then adapt to treat the multi-reaction process in

the dual phase Al-Mn system.

To begin with, the total volume of the sample is V , the amorphous phase vol-

ume is VA, and the final product volumes of the first and second reactions are

denoted as VF and VO, respectively. The phases involved here are the amorphous

phases (shown as A), the FCC phase (shown as F), and the intermetallic phase
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Figure 35: The DSC peaks for Mn 8.9 at.% (a) and 10.1 at.% (d) samples. (b) (c) and (e)
(f) are its corresponding first and second derivatives. The samples were both
ramped from room temperature to 550◦C with a ramp rate of 50 ◦C/min. The
peak shows asymmetry. The first derivative and second derivative combined
with the XRD results shown in Figure 33 suggests that there were two reactions
in the annealing process. It is worth noting that for 10.1 at.% sample, the reac-
tions are shifted to higher temperature and the two reaction temperatures are
closer, thus it is harder to distinguish the two peaks. However, we still found a
slight peak at in the second derivative in (f), suggesting the two samples follow
the similar reaction route.

(shown as O, since Al6Mn is of orthorhombic structure). The proposed series

reactions and corresponding volumes (shown in brackets) of each phase are as

follows:

A(VA) + F(V − VA)→ F(V − VA + VtF) +A(VA − VtF) (14)

in which VtF is the volume of amorphous phase transformed into FCC phase.

After the amorphous phase is crystallized, the Mn inside FCC solid solution dif-

fuses to the grain boundary at higher temperature to form Al6Mn precipitates.

Assuming the reaction reached final equilibrium, the reaction can be shown as:
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Figure 36: The schematics of transformation mechanism for the two reaction process. A
stands for amorphous phase, F is for FCC, and O is for orthorhombic Al6Mn.
The reaction starts with nano-scale FCC crystals embedded in amorphous ma-
trix, in which crystallization of amorphous phase started first and then eventu-
ally reached the equilibrium FCC-Al6Mn mixture. The black lines are the grain
boundaries.

F(V − VA + VtF) +A(VA − VtF)→ F(VF) +O(VO) (15)

where VO is the final volume of the Al6Mn phase. The final volume fractions

of the FCC and the Al6Mn phases are governed by the phase diagram using a

lever rule calculation. If one assumes that the pre-existing VF is VFi, and the final

fraction VO in equilibrium in the whole sample is aV , where constant a can be

calculated using the lever rule from the phase diagram, using the extensive vol-

ume concept introduced in Section 2.4.1, the relationship between the extensive

volume and the transformed volume can be expressed as follows: For the first

reaction,

∫VF
VFi

dVF =

∫VeF
VFi

V − VFi − VF
V − VFi

dVeF (16)

in which VeF is the extensive volume for the final phase of reaction 1, i.e. the

amorphous crystallization into FCC. Note that the lower bound is VFi instead of

0 here due to the fact that the transition volume doesn’t start from zero, i.e., there

is a pre-existing FCC phase.

The fraction transformed for the first reaction can be shown as

fF =
VtF

V − VFi
(17)
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In which fF is the fraction transformed for the amorphous to FCC crystalliza-

tion reaction. As a result, Equation 16 can be integrated and introduced into Equa-

tion 17, from which the following equation can be derived:

fF = 1− exp(
V

V − VFi
)× exp(−

VeF
V

) (18)

For Equation 18, the analytical solution for isothermal process (equation 3) and

isochronal process (equation 4) can both be applied. If isochronal process is con-

sidered, as is the experimental conditions in the experimental data here, the equa-

tion will be as follows:

fF = 1− exp(
V

V − VFi
)× exp

(
− (
RT2

b
)nFkF exp(−

nFQF
RT

)

)
(19)

For the second reaction, which is the precipitation of Al6Mn reaction here, the

final fraction for the transformed phase is constrained by the equilibrium concen-

tration calculated from the phase diagram. The relationship between the exten-

sive volume here with the transformed value can be expressed as follows:

∫VO
0

dVO =

∫VeO
0

VF − VO
aV

dVeO (20)

The fraction transformed for the second reaction can then be described as

fO =
VtO
aV

(21)

In which the fraction transformed for the second reaction fO is simply the vol-

ume of the product of the second reaction VtO over the total volume the reaction

can transformed into, aV . As mentioned in the above context, a is a constant cal-

culated from the phase diagram which depends on the global Mn concentration

of the alloy.

Integration of Equation 20 and substitution into Equation 21 gives:

fO =
1

a

(
1− exp(

VeO
aV

)

)(
1− (1−

VeO
aV

) exp(−
VeF

V
× V

V − VFi
)

)
(22)

Now, the analytical isochronal solution (equation 4) can be further substituted

into equation 22.
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fO =
1

a

(
1− exp

(
−
1

a
(
RT2

b
)nOknOo exp(−

nOQO
RT

)

))

×

(
1− (1−

VFi
V

) exp(
V

V − VFi
) exp

(
− (
RT2

b
)nFknFF exp(−

nFQF
RT

)

))
(23)

With the analytical solution and the right volume representation, a multiple

reaction process in a single DSC run can be determined using the physical param-

eters as described in Equation 19 and Equation 23.

For a solid state transformation and its measured physical quantity in the trans-

formation process (here, heat released in the DSC measurement), the relationship

of the measured physical quantity and the fraction transformed can be expressed

as equation 5. Here, due to there being two reactions in a single DSC experiment,

the reaction can be described as

dH

dT
= ∆HF

dfF
dT

+∆HO
dfO
dT

(24)

in which ∆HF and ∆HO are the total heat released for the crystallization and

precipitation reactions respectively.

Next, Equation 19 and Equation 23 can be substituted into Equation 24, in

which the full equation is shown in Equation 45 and the detailed derivation is

shown in Appendix A.

4.4 D ATA F I T T I N G A N D T T T D I A G R A M C O N S T R U C T I O N

With the full heat flow equations, the DSC dataset can be fitted. The samples

examined here are 8.9 at.% and 10.1 at.% Mn, and the annealing procedure was

conducted using 5, 10, 15, 20, 25, 30, 40, 50◦C/min from room temperature to

550◦C. As mentioned in Chapter 3, it is important that the background of DSC

heat flow data is correctly subtracted and interpolated to make sure that each

dataset has the same number of data points to prevent biased weighting in data

fitting.

The two different sets of samples with two different concentrations were fit-

ted simultaneously. For instance, because the reaction is the same, the activation

energy for the reaction was set the same for both samples, i.e. in the fitting, there
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were only two activation energy, one was for crystallization, the other was for pre-

cipitation regardless of the concentration of the samples. However, due to the dif-

ferences in concentration, the final composition and the diffusion behavior might

be different, as a result, factors such as total heat released, growth index (which is

related to the density of pre-existing nuclei), reaction constant were set separately.

For example, there were four reaction heats released in the fitting, one for the

crystallization of 8.9 at.% Mn, one for crystallization of 10.1 at.% Mn, one for pre-

cipitation reaction in the 8.9 at.% Mn sample, and one for precipitation reaction

in the 10.1 at.% Mn sample.

4.4.1 Data Fitting Results

The key reaction kinetic parameters acquired from the data fitting process using

Equation 45 are listed in Table 5, with a fitting quality of R2 = 0.95.

Table 5: The fitted values for 8.9 and 10.1 at.% Mn, as mentioned in the context, the acti-
vation energies fall within literature values and aligns well in the value found in
Chapter 2. It is worth noting that the growth index n also changes in the fitting,
due to the fact that if more pre-existing nuclei presented, the growth index will
be larger.

Mn conc. (at.%) 8.9 10.1

ncrystallization 3.1 2.8

Qcrystallization (kJ/mol) 157.8

nprecipitation 3.1 2.8

Qprecipitation (kJ/mol) 127.9

The DSC curves for 8.9 at.% and 10.1 at.% Mn samples are shown in Figure 37

and Figure 38. Figure 37 shows fitting results for 8.9 at.% Mn Al-Mn alloy dual

phase alloy. The dots show the experimental data and the line shows the corre-

sponding fitting result. The reaction kinetics are assumed the same across differ-

ent heating rates and remain the same during the annealing process (iso-kinetic

process). The fitted curves capture the asymmetry in the experimental data. The

activation energy for the crystallization process is 158 J/mol, which falls into the

range of literature data from 134 to 184 kJ/mol[7, 9, 123, 124]. The growth index
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n is close to 3, suggesting a three dimensional interface-controlled process. The

precipitation for Al6Mn is 128 kJ/mol, which also lies within literature values of

80 to 167 kJ/mol[7, 9, 123, 124], shown in Table 6. Moreover, this value aligns

well with the activation energy found for precipitation reaction in Chapter 2, in

which the activation energy was 127 kJ/mol. This suggested that the model devel-

oped here is capable of capturing the key kinetic factors in the reaction regardless

of the solute content and initial structure, at the same time proving the assump-

tion that the activation energy for the same reaction (here, precipitation of 8.9

and 10.1 at.% sample) is independent of Mn concentration. The growth index is

2.99, close to 3 as the crystallization reaction, also suggesting a three dimensional

interface-controlled process. Note that this process is different from the precipi-

tation reaction mechanism found in Chapter 2. In Chapter 2, the transformation

mechanism for the precipitation reaction is of a diffusion-controlled process. Also,

if one looks into the value closely in Table 5, it is not hard to see that the one with

more pre-existing FCC nuclei (the 8.9 at.% sample) has a slightly larger growth

index, which is consistent in the description of the model, where a larger index in

this condition suggests more pre-existing nuclei.

Table 6: Upper and lower limit of literature values of activation energies from amorphous
Al crystallization as well as Al6Mn precipitation. The data is compared and col-
lected with Reference [7, 8, 9, 10].

Literature Values (kJ/mol)

Crystallization Precipitation

134 80

184 167

Combining with the results here, we can see that

• Single phase nanocrystalline alloy (below 7.5 at.% Mn): The precipitation

reaction is a diffusion-controlled process.

• Low concentration dual-phase alloy (8.9 to 10.1 at.%Mn): The precipitation

reaction is an interface-controlled process, and so is the crystallization pro-

cess.
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Figure 37: The experimental data (dots) and corresponding fitting results (lines) for 8.9
at.% Mn of Al-Mn alloys with DSC heating rates from 5 ◦C/min to 50 ◦C/min
from room temperature to 550◦C. The fitting was done with non-linear least
square fit with 5000 iterations. The activation energy Q and the growth index
n are set as equal across different heating rates. The fitted curves capture the
asymmetric traits in the experimental data.

The change in reaction mechanism can be a direct result of the increase in

Mn. The stoichiometry of Al6Mn is roughly 14 at.% Mn. Moreover, the aver-

age grain boundary segregation is around 3 to 4 at.%[91], and it has also been

reported that for the dual-phase alloy, the Mn preferentially occupies the amor-

phous phase, with concentration slightly higher than the average concentration

by about 2 at.%[53]. These show that at lower Mn concentration, the lack of Mn

inside the system is the rate determining step for the kinetic transformation, the

system must have sufficient Mn locally to undergo the precipitation reaction. This

is why the reaction mechanism studied using the kinetic model suggested that it’s

a diffusion-controlled process. For the dual-phase system, the activation energy

is the same. However, the uneven distribution of Mn in the system makes some

80



4.4 D ATA F I T T I N G A N D T T T D I A G R A M C O N S T R U C T I O N

Figure 38: The same Q fitted for a 10.1 at.% Mn sample, the fittings was able to capture
the temperature shift due to the concentration difference in Figure 37 and at
the same time gives a reasonable fit, suggesting that the assumption that the
activation Q for a reaction doesn’t change with Mn concentration is reasonable.

areas closer to the stoichiometry of Al6Mn compound, and thus more favorable

for the precipitation reaction. Moreover, for the dual-phase sample, the FCC crys-

tallites are embedded in the amorphous matrix, as a result, to create and move

the interface becomes the limiting step for the system to evolve, making the trans-

formation an interface-controlled reaction. The kinetic model developed here was

able to capture this change of reaction mechanism.

4.4.2 The Implication of Kinetic Parameters

To sum up the features of the kinetic models as developed here as well as the

experimental results:

• The model is capable of capturing the asymmetry in the DSC peaks, which

arises due to the two reactions.
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• The activation energy for the same reaction is the same regardless the bulk

concentration of the system, however, the growth index and other parame-

ters will change.

• The position of the peak is decided by the activation energy (Q) and the

reaction constant (k).

• The height of the peak is decided by the total heat released (H) and the

growth index (n).

• Holding all other conditions the same, the increase in heating rate will shift

the peak to higher temperature, i.e. there will be a time lag if the heating

rate is too high.

4.4.3 TTT diagram

With the above kinetic parameters, the TTT diagram of the complicated dual-

phase structure evolution can be constructed. To do this, the fitted values are in-

troduced into the isochronal form of modified JMAK equation, i.e. the isochronal

heat flow equation in Equation 45. The TTT diagram is focused in a range between

room temperature to 660◦C, which is the melting point of pure Al. The fraction

transformed is calculated by integrating the transformation peak and normaliz-

ing with the total heat released in the reaction. The time at 1% of total transfor-

mation and approximately 100% transformation at each temperature are marked

as the reaction start point and finish point. The TTT diagram for the 8.9 at.% Mn

and 10.1 at.% are shown in Figure 39. In general, the two TTT diagrams look quite

similar. The low temperature crystallization reaction is shown in transition from

blue to grey and the high temperature precipitation reaction is shown in transi-

tion from grey to orange. In the middle, the two reactions overlap together. This

trend is especially clear in the lower temperature region, where the two reactions

are highly overlapped and below a certain temperature, it is possible that the

pre-existing FCC crystals can transform into Al6Mn orthorhombic phase before

the amorphous crystallization reaction occurs. At higher temperatures, the two

reactions are further separated, which is in agreement with the prominent asym-

metric peaks at higher heating rate. Comparing the two different sample sets, it

is found that with higher Mn content, the as-deposited structure can retain the
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amorphous phase for a longer time at the same temperature, i.e. the increase of

Mn decreases the rate of interface motion during the annealing process, which

increases the amorphous structure’s thermal stability.

Figure 39: (a)The TTT digram constructed using parameters acquired in DSC data fitting
in Figure 37. The region in red shows the time and temperature for amorphous
to FCC crystallidzation process and blue shows the FCC crystallites futher
transforms into Al6Mn intermetallic. At higher temperature, the crystalliza-
tion reaction is really fast and no overlap with the precipitation process, i.e. the
reaction steps are distinct two steps process. However, at lower temperature,
the two reactions overlap together, which agrees with the DSC data.(b)shows
the TTT for 10.1 at.% Mn, which is nearly the same as in (a), but can retain the
amorphous structure longer during annealing.

4.5 C O N C L U S I O N S

In this chapter, the thermal stability of low concentration dual-phase Al-Mn elec-

trodeposits (8.9 at.% and 10.1 at.%) was examined. It was found that the alloy un-

dergoes the crystallization reaction first, and at higher temperature, the Al6Mn

compound precipitates out from the crystalline FCC phase.

The JMAK kinetic equations were modified to provide a better description of

this sequential microstructure evolution process. The modified JMAK model accu-

rately described the microstructure evolution process. Unlike the monocrystalline

structure shown in Chapter 2, which is a diffusion-controlled process due to the

limited Mn content in the alloy, the dual-phase structure exhibited an interface-
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controlled process for the precipitation reaction, with the same activation energy

found in Chapter 2. This shows that the Mn content and distribution have a

tremendous effect on the phase evolution mechanism of Al-Mn alloy but do not

alter the activation energy of the transformation.

The modified JMAK kinetics also show that for the dual-phase alloys examined

here (8.9 at.% and 10.1 at.%), the higher Mn content delays the crystallization and

precipitation reactions, which is in line with experimental findings. This finding

might be counter-intuitive since most people would expect the increase of Mn

will move the system closer to stoichiometry, thus the reaction could normally

happen faster. This is not the case because both the crystallization reaction and

precipitation reactions are apparently interface controlled reactions[125, 126, 127].

The higher Mn content could impede the movement of interfaces because Mn has

a higher diffusion activation energy[14].
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As mentioned in Chapter 4, the annealing behavior of the dual-phase alloy varies

drastically depending on Mn concentration and an analytical model has been de-

veloped for multi-reaction transformation process. This chapter serves as a case

study using the developed kinetic model on the higher Mn concentration systems,

with the studies first on the two-peak system (13.7 at.%Mn) and then moving on

to the multi-peak system (12.5 at.%Mn). Due to the complexity of amorphous Al

alloys, the amorphous Al-Mn structure will also be discussed.

5.1 P H A S E T R A N S F O R M AT I O N O F A M O R P H O U S A L - M N

In the past, it was hard to obtain bulk nanostructured Al-based alloys using direct

solidification from the as-cast state, and as a result, researchers have been using

amorphous Al-based alloys as precursors to prepare nanostructures with improv-

ing mechanical properties[124, 128]. The glassy phase can be formed using differ-

ent classes of additive metals such as Al-rare-earth-transition metal, Al-rare-earth

etc. using rapid solidification[124]. In this process, not only can the amorphous

phase form, but also phases such as amorphous plus nanocrystalline FCC Al, and

nano-quasicrysatlline plus FCC Al alloys. Among them, it is well-known that in

the Al-transition metal alloy systems containing Mn[27], Cr[129], V[130, 131], Cu-

Fe[132] or Pd-Mn[133], and Fe-W[134], Mackay icosahedral clusters containing 55

atoms can form, and some of the nanoquasicrystalline phases have been shown to

be successful in achieving high tensile strength without sacrificing ductility[28].

The high temperature behaviors of the amorphous or amorphous-crystalline

mixtures have always been complex in the Al-based systems. Aside from the pri-

mary crystallization[135] and grain growth of the primary crystalline phase[136,

137, 138], which are commonly seen in other systems as well, the precipitation

of the metastable icosahedral phases and the growth of pre-existing icosahedral
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nuclei are also possible in the Al-based system. For instance, Al90Fe5Ce5 alloy

prepared by rapid solidification has shown the icosahedral phase transformation

under both isothermal and non-isothermal annealing conditions[139]. Melt-spun

Al-Cu-V alloys were also found to have an icosahedral phase transformation[140].

Systems such as Al-Mn-Si and Al-Mn have also been studied extensively for the

formation of the icosahedral phase during annealing[141, 142, 143, 144, 145].

Al-Mn was the first system to be found with icosahedral phase present after

rapidly quenching [30] and after electron beam surface melting[146]. It has also

been subsequently found to have amorphous to quasicrystalline transformation

in the solid state during annealing at high concentration (≈12.5 to 25 at.%)[131,

144, 147, 148]. In molten salt electrodeposited Al-Mn, it has been shown that at

225 and 325◦C, the icosahedral phase can be directly deposited[149]. The forma-

tion of icosahedral phase using electrohydrodynamic atomization has shown to

be a homogeneous nucleation process[150], and structural quality of the icosa-

hedral phase which grows from a non-equilibrium process is highly dependent

on the diffusion of the atoms[69]. Consequently, the study of Al-Mn amorphous

phase has always been a challenging task and the transition involving icosahedral

phase should be taken into consideration in this study especially for the high Mn

content amorphous alloys.

In this work, due to the composition similarity as well as the driven technique

used here, aside from verifying the kinetic model developed in Chapter 4 using

this high Mn concentration alloy, the phase transformation mechanism as well as

the phase involved will also be discussed in detail.

5.2 P H A S E T R A N S F O R M AT I O N I N H I G H M N C O N C E N T R AT I O N A L - M N

A L L O Y S

The heat flow from the DSC annealing process was found to be two separately

peaks, which is different from the earlier studies. As mentioned in Chapter 5.1, the

Al-13.7at.%Mn is highly likely to form the icosahedral Al-Mn. The TEM and DSC

experiments conducted both confirm this hypothesis. Figure 40 shows the diffrac-

tion rings for as-deposited state and the state annealed for 1 hour at 350◦C. In Fig-

ure 40(a), only a diffuse ring is shown, however, in (b), there are extra rings in the
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diffraction pattern, which is the same as the results from reference[80, 122, 151]

and also align with the icosahedral ring calculation based on the simulation[147].

Figure 40: (a) Shows a diffraction ring for the as-deposited state and (b) After annealing
at 350◦C for 1 hour, the diffraction pattern shows extra diffraction rings, which
is an indication of icosahedral phase formation.

To be more confident with the transformation mechanism, isothermal anneal-

ing was conducted to examine the heat flow and the transformation mechanism.

The result of isothermal annealing is shown in Figure 41, in which a monoton-

ically decreasing signal was shown, suggesting it was a growth process rather

than that of a nucleation and growth process. This confirms the existence of pre-

existing crystals inside the system[152] and is one of the unique characteristic of

icosahedral phase transformation.

5.3 D ATA F I T T I N G A N D T T T D I A G R A M C O N S T R U C T I O N

The modified JMAK model developed in Chapter 4 can be applied to the two-

peak system in this study since its also a sequential reaction process although the

peaks here are well-separated. The DSC fitting result and the corresponding TTT

diagram construction can be shown in Figure 42 and Figure 43. The fit quality

here is R2 = 0.93. The extracted activation energy for the first transformation was

202 kJ/mol and the second reaction is 255 kJ/mol, which are both quite different

from the activation energies from the previous sections. Instead of being close to
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Figure 41: (a)The isothermal annealing for 10.1 at.% sample, showing a peak for a typ-
ical nucleation and growth process and (b) For 13.7 at.%, the monotonically
decreasing signal suggests a growth process. The initial rise is from the instru-
ment to reach equilibrium condition.

the activation energy for Al diffusion, both of them are more close to Mn diffu-

sion activation energy. The diffusion activation energies for Mn are tabulated in

Table 7. The growth index for both reactions indicate a growth mode of three di-

mensional diffusional controlled process (n=1.5), which is in agreement with the

finding from Popescu et al.[153].

Table 7: Diffusion activation energy of Mn in Al[11, 12, 13, 14]

Activation Energy of Mn diffusion (kJ/mol)

217.1

211.3

228.7

189.1

198.0

The activation energy is in good agreement with Chen et al.[80], who showed

that the activation energy for the icosahedral phase growth from a sputtered

Al0.83Mn0.17 film ranges from 192 to 242 kJ/mol. In the microstructural study

for the 13.7 at.% Mn sample, it was also observed that the changes in diffraction
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Figure 42: The dataset and fitting result of 13.7 at.% Mn sample, using the exact same
fitting equation as the fitting for the low concentration dual-phase alloys.

rings pre- and post-annealing in Figure 40 is in agreement with the evidence of

icosahedral phase transformation based on the calculation in Ref. [147].

In summary, when the room temperature ionic liquid electrodeposited Al-Mn

alloy reached a higher concentration of 13.7 at.% Mn, the as-deposited structure

is a dual-phase amorphous-quasicrystalline structure instead of FCC crystallites

embedded in amorphous matrix, and it is different from the low Mn concentra-

tion dual-phase alloys described earlier. The high Mn concentration alloy under-

goes the icosahedral phase transformation instead of the amorphous-FCC crys-

tallization reaction. The kinetic model developed for two sequential reaction pro-

cesses in Chapter 4 can capture these differences, showing different activation en-

ergies as well as different reaction mechanisms. Using the extracted kinetic data,

the TTT diagram can be constructed, demonstrating a simple and efficient way to

understand the usable range of the material.
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Figure 43: The corresponding TTT diagram for 13.7 at.% Mn sample, which shows the
first transformation process finishes before the starting of the second reaction.

5.4 E X PA N S I O N O F K I N E T I C M O D E L S

Moving to the range in between 8.9 at.% and 13.7 at.% Mn samples, as shown

in Figure 31, the samples 11.3 at.% and 12.5 at.% Mn show an overlap of several

peaks, which are hard to decouple using experimental methods. As a result, the

potential of using the multi-reaction modified JMAK model to analyze these data

set is explored.

5.4.1 Kinetic Model Development

To discuss the samples between 10.1 and 13.7 at.% Mn, in which the first reaction

mechanism is crystallization of amorphous phase follows by the precipitation of

Al6Mn phase, and 13.7 at.% sample, which has amorphous to the icosahedral

phase and icosahedral phase to Al6Mn phase, assumptions need to be made to

propose a new analytical model based on the JMAK kinetics:
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• The reactions involved are a competition between these reaction sequences,

i.e. the composition between crystallization of FCC phase and icosahedral

phase transformation. The schematic can be seen in Figure 44.

• The two reaction routes do not interfere with one other, i.e. there is no

change in activation energy of any of the reactions.

• The reaction heats are linearly additive.

Figure 44: The schematics for the proposed reaction in the middle range concentration
dual-phase system. In which the sample is originally composed of FCC, amor-
phous, and icosahedral phase. Following two different reaction routes A →
F → O and I → O), the final structure is composed of FCC and Al6Mn inter-
metallic phase.

As a result, the heat flow equation here can be considered as

dH

dT
= ∆H1

df1
dT

+∆H2
df2
dT

+∆H3
df3
dT

+∆H4
df4
dT

(25)

in which the the subscript 1 denotes the amorphous to FCC crystallization pro-

cess, subscript 2 denotes the FCC precipitation to Al6Mn reaction, subscript 3 is

the amorphous-icosahedral phase transformation, and subscript 4 is for icosahe-

dral phase to Al6Mn intermetallic.

The following boundary conditions are imposed in order to derive the proper

fractions transformed from the extensive volume concept. The initial volumes of

each phase have the following relationship:

va + vf + vi = 1 (26)
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in which va is the initial volume fraction of amorphous phase, vi is the initial

volume fraction of the icosahedral phase, and vf is the initial volume fraction of

the FCC phase.

Since the icosahedral phase is a metastable phase and will not present to the

final state, the final phase would still be FCC Al-Mn solid solution and Al6Mn

intermetallic at equilibrium. The fraction of Al6Mn can be calculated as before

using the lever rule from the phase diagram, however, there are two sources of

Al6Mn here, one is from the FCC crystallization route, the other is the icosahedral

reaction route. As a result, it is set that

a1 + a2 = a (27)

in which a is the final fraction calculated from the phase diagram, a1 is the

Al6Mn that comes from the FCC crystallization reaction route, and a2 comes from

the icosahedral reaction route.

Consider the volumes for different reactions using the extensive volume con-

cept in JMAK, for reaction 1 (FCC crystallization)

∫V1
Vvf

dV1 =

∫Ve1
Vvf

V − Vvf − V1
V − Vvf

dVe1 (28)

reaction 2 (Al6Mn precipitates from FCC solid solution phase)

∫va1
0

dV2 =

∫Ve2
0

V1 − V2
a1V

dVe2 (29)

reaction 3 (amorphous to icosahedral transformation)

∫V3
Vvi

dV3 =

∫Ve3
Vvi

V − Vvi − V3
V − Vvi

dVe3 (30)

and reaction 4 (icosahedral to Al6Mn)

∫va2
0

dV4 =

∫Ve4
0

V3 − V4
a2V

dVe4 (31)

With these extensive equations and the boundary conditions, the full heat flow

equation can be expressed as equation 50.
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5.4.2 Data Fitting

Due to the complexity of the reaction mechanism here, the activation energies are

taken as known based on the prior results in this thesis. The input parameters

now include the reaction conditions such as heating rate, temperature, the final

Al6Mn fraction, and the activation energy for each reaction. The values such as

total heat released for each reaction, reaction constant, and growth mode will be

fitted in this case.

The dataset for Al-12.5 at.% Mn with a heating rate of 15 ◦C/min and the cor-

responding fitted curve are shown in Figure 45. The growth index is 1.5 for the

amorphous to FCC reaction, 1.6 for the FCC-Al6Mn precipitation process, 1.5 for

amorphous-icosahedral transformation, and 1.5 for icosahedral-Al6Mn reaction

process. Note that for the icosahedral reaction routes, the transformation mech-

anism remains the same. However, for the amorphous-FCC-Al6Mn route, the

process changes from an interface controlled process for the low-concentration

dual-phase towards a diffusion-controlled process, suggesting that at higher Mn

concentration level and high amorphous fraction, the diffusion of atoms becomes

harder, this might be due to the dramatic decrease of diffusivity in the amorphous

phase compared with crystalline phase[154].

In general, the model captures the reaction peaks in the two transformation

processes, however, the position is not exact due to the complexity of the system.

In reality, the different reactions probably interfere with each other and canât be

considered as a linear combination. Thus it will be a challenge to acquire an exact

solution for this kind of competing reaction process. Nevertheless, the reaction

formula here does provide insight for the stability region of the different phases.

Figure 46 shows the TTT diagram for 12.5 at.% Mn, suggesting that the four reac-

tions have a very large overlapping range across temperature and time. However,

in general, higher Mn concentration tends to retain the amorphous structure at

higher temperature, suggesting Mn is a stabilizer for the Al amorphous structure.

5.4.3 The Impact of Mn Concentration

To understand the impact of Mn on the stability of Al-Mn alloy structure, it is im-

portant to compare the transformation temperatures with different Mn concentra-
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Figure 45: 12.5 at.% Mn DSC data with ramping rate of 15 ◦C/min with fitted curve, the
model captures the middle peak in between the two major reactions, however,
the position is not exact due to the complexity of the peak sets.

tions. Figure 47 shows the time and temperature relationship of the same reaction

at different Mn concentrations. Figure 47(a) for example, shows the transforma-

tion start line of the FCC to Al6Mn reaction for Mn concentration for 6.5 at.%Mn

(nanocrystalline), 8.9 and 10.1 at.% Mn (low concentration dual-phase structure),

and 12.5 at.% Mn (intermediate concentration dual-phase structure). In Figure

47(a), it is clear that the FCC to Al6Mn reaction at 6.5 and 12.5 at.% Mn happens

far more slowly than the 8.9 and 10.1 at.% Mn samples. This might seems not in-

tuitive, however, the reaction modes are different for these two sets of samples, as

the reaction modes are summarized in Table 8. As a result, these two set of data

shouldn’t be compared directly. If only the low-concentration dual-phase alloys

are considered, the increase of Mn stabilizes the alloy against phase transforma-

tion. The same is true for the amorphous crystallization to FCC, amorphous to

icosahedral, and icosahedral to Al6Mn reactions. For the diffusion controlled pre-

cipitation reaction (FCC to orthorhombic Al6Mn phase) in 6.5 and 12.5 at.% Mn

samples, the mechanism for diffusion-controlled might be different. For the 6.5

at.% Mn sample, the bulk concentration is far from the stoichiometry of the prod-

uct Al6Mn phase, and as a result, diffusion becomes important because at this
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concentration, precipitates cannot form. However, in the Al-12.5 at.% Mn case, the

diffusion becomes more difficult due to the presence of amorphous phase, thus

inhibiting the transformation. Comparing the TTT diagram of 12.5 at.% Mn and

6.5 at.% Mn, at temperature below 500◦C, the 12.5 at.% Mn is slightly more stable

compared to the 6.5 at.% sample, showing that Mn alloying and the increase of

the amorphous phase both somewhat improve stability.

Table 8: Summary of reaction mechanisms at various concentrations at elevated temper-
ature. "D" is a diffusion-controlled process, "I" is an interface-controlled process,
and "/" is not applicable. A→F is for the amorphous crystallization, F→O is for
the Al6Mn precipitation in FCC, A→I is for the amorphous to icosahedral phase
transformation, and I→O is the icosahedral to Al6Mn phase transformation.

Mn (at.%) A→F F→O A→I I→O

6.5 / D / /

8.9 I I / /

10.1 I I / /

12.5 D D D D

13.7 / / D D

5.5 C O N C L U S I O N S

In this chapter, the microstructure evolution and the annealing behaviors of high

Mn concentration (13.7 at.%) Al-Mn dual-phase electrodeposits were discussed

and the modified JMAK model was tested. It was found that unlike the low Mn

concentration alloy (8.9 at.% and 10.1 at.%), which undergoes an amorphous crys-

tallization and Al6Mn precipitation process, the high 13.7 at.% Mn sample un-

dergoes an icosahedral phase transformation process, in which the reaction is

diffusion-controlled. The kinetic model developed in Chapter 4 was able to de-

scribe to this transformation process, showing activations that are different from

the amorphous-FCC crystallization process and FCC-Al6Mn precipitation pro-

cess.
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After validating the two-reaction kinetic model, evaluating the stability of the

13.7 at.% Mn sample, and confirming the phases involved in the high concentra-

tion dual-phase alloy, the middle range dual-phase alloys with concentration of

11.3 and 12.5 at.% were examined. It was proposed that the reaction mechanism

here was composed of two different competing reaction routes: the amorphous-

FCC-Al6Mn route and the amorphous/quasicrystalline-icosahedral phase-Al6Mn

reaction route. The aforementioned modified JMAK model was adopted once

again to extract kinetic data from these systems. The fitting was able to give a

general picture of the time-temperature relationships between the phases, show-

ing that the analytical JMAK model can be potentially expanded to different

multi-reaction systems. However, further studies are needed to more accurately

describe the competition between the two reactions, and to incorporating the in-

homogeneity inside the sample.
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Figure 46: (a)The TTT diagram for the 12.5 at.% Mn sample, in which two reaction routes
compete with each other. The first route is the A(amorphous) → F(FCC) →
O(Al6Mn) phase (isolated out to plot at (b)) and the second route is the
A(amorphous) → I(icosahedral) → O(Al6Mn) process (isolated out to plot at
(c)). The reaction time and temperature for the low temperature (A to I or A to
F) are also compared in (d) and high temperature reactions I to O and F to O
are compared at (e). One can see that at lower temperature, the amorphous to
FCC phase happens faster compared to the amorphous to icosahedral phase,
the F to O reaction also happens faster than the I to O phase. However, at tem-
perature above 400◦C, it is easy for the icosahedral phase to rapidly transform
into the intermetallic phase. 97
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Figure 47: Time and temperature relationship for the starting reaction of (a) FCC(F) to
Al6Mn(O) (b) amorphous(A) to FCC(F) (c) amorphous(A) to icosahedral(I) and
(d) icosahedral(I) to Al6Mn(O) reaction compared at different Mn concentra-
tions.
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By employing experimental methods, thermodynamic calculations, and analyt-

ical JMAK kinetic models, the basic properties of electrodeposited Al-Mn alloys

and their stability have been explored. Mn preferentially occupies the grain bound-

ary sites as well as the amorphous phase, contributing to the stabilization of very

fine scale nanostructures. The modified JMAK model has proven a useful tool to

quickly construct the TTT diagram for the stability region of the different phases,

which can efficiently and effectively evaluate the viability of the alloy and avoid

catastrophic failures under certain time/temperature conditions. The important

conclusions drawn from this thesis are summarized below.

In Chapter 2, the thermal stability including grain growth and phase separation

of low-Mn content Al-Mn nanocrystalline alloys was studied. A simple JMAK an-

alytical model was employed to extract kinetic data, and the kinetic data was

further used to construct a quantitative TTT diagram. The precipitation reaction

was identified as a diffusion-controlled process with an activation energy of 127

kJ/mol, falling into the range of literature values. The TTT diagram constructed

was further verified with extended annealing experiments, which showed that

the system can retain its nanostructure and experience limited phase transforma-

tion at 0.5 homologous temperature for one month, making the alloy viable for

many engineering purposes. The calculated TTT diagram has also been demon-

strated as a simple and effective way to evaluate the stability of the alloy.

In Chapter 3, in order to understand the stabilization mechanism, the grain

boundary chemistry of the same low Mn-concentration single-phase nanocrys-

talline Al-Mn alloy was studied. Grain boundary segregation was demonstrated

in this system in the as-deposited state for the first time. Comparing the exper-

imentally acquired segregation energy with the segregation energies calculated

using the thermodynamic-based model, both show that either the segregation is

very subtly favored thermodynamically in this system or the deposit is out of

equilibrium. In either case, some degree of nanostructure stability is provided by
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this grain boundary segregation due to both kinetic solute drag as well as ther-

modynamic grain boundary energy reduction.

In Chapter 4, the low concentration dual-phase Al-Mn alloys (8.9 at.% and 10.1

at.%) were studied. The system undergoes a multi-reaction sequential process

with amorphous-FCC crystallization and then Al6Mn precipitation. The analyti-

cal JMAK model was adopted to model the sequential reaction process. The ac-

tivation energy of precipitation was found to be 128 kJ/mol, which aligns well

with the value found in single-phase nanostructured Al-Mn alloys, and the crys-

tallization and precipitation process are interface-controlled processes. The multi-

reaction sequential model developed based on JMAK kinetics has proven effec-

tive in the stability study of complex structures.

In Chapter 5, using the model developed in Chapter 4, the middle (11.3 and

12.5 at.%) and high (13.7 at.%) Mn concentration Al-Mn electrodeposits are exam-

ined as case studies. The high 13.7 at.% Al-Mn electrodeposits show a transforma-

tion mechanism that is different from the the low concentration dual-phase alloy;

instead of an amorphous-FCC crystallization process followed by intermetallic

precipitation, the high Mn concentration sample undergoes an icosahedral phase

transformation that is diffusion-controlled. For the samples in between the high

and low concentration range, the reaction mechanism is composed of two differ-

ent reaction routes. The modified JMAK model was further expanded to accom-

modate this change, and the TTT diagram was able to map the phases at different

times and temperatures. By comparing the TTT diagrams, it is found that Mn

does indeed provide stability in both the nanocrystalline phase as well as the

amorphous phase containing samples.

The findings in this thesis may provide detailed understanding of kinetic phase

transformations in the Al-Mn system and its application as a stabilized nanostruc-

ture engineering material, in which not just a strong and tough alloy is presented,

but also its viability across time and temperature space. The TTT diagram con-

structed here can guide the usage of the alloy to avoid the formation of brittle

intermetallic phase. The nanostructured Al-Mn material here can retain nanos-

tructure for months at 0.5TH, and its stabilization is supported by grain bound-

ary segregation, which is first identied in this system. In dual-phase alloys, Mn

also stabilizes the amorphous phase. The analytical model developed here is an

effective way to construct the stability region of each phase, which can serve as

100



C O N C L U S I O N S

a quick tool to map the stability of different phases and thus to better control

microstructure even for a complex 4 reaction process.
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D I R E C T I O N S F O R F U T U R E R E S E A R C H

Through the present experimental studies of electrodeposited Al-Mn alloys as

well as the development of kinetic models for the annealing reactions, many in-

teresting research questions have emerged, and future research efforts may be

directed to explore the following topics:

• The relationship of grain size, Mn concentration, and the amount of segre-

gation in the Al-Mn system: In this study, the grain boundary segregation

of only a single concentration was studied. In order to have a better under-

standing of the segregation behavior closer to and further away from the

dilute limit, as well to evaluate the stability provided by different Mn incor-

poration levels, a series concentrations could be explored.

• The amount of grain boundary segregation with respect to the annealing

conditions: It has been shown that at extended annealing time, the grain

size becomes apparently stabilized. This thesis also showed that the segre-

gation state found here might not be equilibrated. As a result, it would be

helpful to study the segregation level at different relaxation conditions to

understand the change of segregation level with respect to different anneal-

ing conditions.

• Refinement of the kinetic model: It has been shown that due to the hetero-

geneous distribution of Mn solute, at higher temperatures, the precipitation

reaction happens slightly before the TTT diagram prediction. As a result, de-

veloping a model that could have one single reaction but at the same time

accounting for different diffusion and reaction rate based on concentration

is crucial. This could further improve the prediction accuracy of transforma-

tion time and phase distribution.

• The interaction and competition between different reactions in a multi-reaction

process: In the multi-reaction modified JMAK model, the assumption that

the reactions don’t interfere is used to simplify the model. However, the
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experiments have shown this simplification is only good for basic under-

standing for the stability regions between the alloys. If the interaction be-

tween different reactions can be accounted for, a better description of the

phase transformation process could be given.

• The effect of intermetallic on the mechanical properties: Precipitation hard-

ening of Al-Mn alloy has been widely used in the 3000 series alloys. Never-

theless, brittle intermetallic formation at grain boundaries has been shown

to compromise the mechanical properties of alloys. As a result, it is nec-

essary to study the mechanical properties of the alloys developed here to

optimize the microstructure and the mechanical behavior of the alloys.
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This section covers the derivation from extensive volume concept to the fraction

transformed. Besides the derivation, the full heat flow equation with the kinetic

parameters plugged in are also shown here.

A.1 D E R I VAT I O N S

The derivations from the extensive volume to the fraction transform equation

are shown here, using the two reaction process as an example. As mentioned,

there are two reaction in sequence and overlapping together. The reaction can be

consider as in 14 and 4.3. For simplicity here, the full reaction can be shown as:

A+ F→ F+O+A→ F+O (32)

and reaction 1 is

A→ F (33)

reaction 2 is

F→ O (34)

Using the first reaction, due to we have an FCC phase embedded in the amor-

phous matrix, meaning that the starting volume for the resulting phase is not zero.

Which means that in the extensive volume equation, it can be expressed as

∫Vt
V1i

dVt1 =

∫Ve1
V1i

V − Vt1
V

dVe (35)

Here, the V1i are the volume for pre-existing nuclei for the first reaction, Vt1
is the volume transformed in the first reaction, and Ve1 is the extensive volume

of the product of the first reaction. By rearranging the equation, the following

format can be achieved.
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V − V1i
V − V1i

−
Vt1 − V1i
V − V1i

= exp(−
V1i
V

)× exp(−
Ve1
V

) (36)

Note that fraction transformed f1 is defined as

f1 =
Vt − V1i
V − V1i

(37)

and exp(−V1iV ) can be defined as constant c due to it only relates to the concen-

tration of the sample (the amount of pre-existing FCC phase). as a result

1− f1 = c× exp(−
Ve1
V

) (38)

and

f1 = 1− c× exp(−
Ve1
V

) = 1− c exp
(
− (
RT2

b
)n1kn11 exp(−

n1Q1
RT

)

)
(39)

Consider reaction two, it follows the form

∫Vt2
0

dVt2 =

∫Ve2
0

V1 − Vt2
aV

dVe2 (40)

in which V1 is the volume of the crystalline phase, and a is the fraction of inter-

metallic phase calculated from the phase diagram. The other notations have the

same meaning as for above except it is for the second reaction.

V1 − Vt2
V1

= exp(−
Ve2
aV

) (41)

as a result,

Vt2
V1

= 1− exp(−
Ve2
aV

) (42)

and

f2 =
Vt2
V

=
V1
V

(
1− exp(−

Ve2
aV

)

)
(43)

and eventually,

f2 = f1

(
1− exp(−

Ve2
aV

)

)
= f1

(
1− exp

(
−
1

a
(
RT2

b
)n2kn22 exp(−

n2Q2
RT

)
))

(44)
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Now, with the equations f1 and f2 in place, the heat flow equations can be

solved based. The heat flow equations can then be represented with parameters

with physical meanings.

A.2 H E AT F L O W E Q U AT I O N O F T W O R E A C T I O N P R O C E S S F O R A L - M N

D U A L P H A S E A L L O Y

Here shows the full equations use in the isochronal DSC peak fitting process, in

which the equation was first used to extract the kinetic data and then used for con-

struction of TTT diagrams. For simplicity, the crystallization reaction (notation F

in chapter 4) is referred as reaction 1 and the precipitation reaction (notation O in

chapter 4) is refereed as reaction 2. b is the heating rate in a constant ramp rate

experiment. In either case k is the reaction constant, n is the growth exponent,

indicating the mode of reaction (diffusion controlled or interface controlled pro-

cess), and Q is the activation energy. T is the temperature, for isochronal case, it

is the temperature at that specific time point, as a result, b and T together contain

the information of reaction time. R is the gas constant.
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• Heat flow equation for isochronal two reaction process

Let the fraction of initial crystalline phase VFiV = c, the equation can be simpli-

fied as

dH

dT
=

(
n1k

n1
1 (Q1 + 2RT)B

n1−1

b

)(
H1
1− c

+
H2
a

)
× exp

(
−

1

(1− c)
kn11 B

n1 exp(−A1) −A1

)
+

1

a2b
H2n2k

n2
2 (Q2 + 2RT)B

n2−1 exp
(
−
1

a
kn22 B

n2 exp(−A2) −A2

)
+
1− c

a
H2n1k

n1
1 exp

(
−

1

(1− c)
kn11 B

n1 exp(−A1)

−
1

a
kn22 B

n2 exp(−A2)
)

×
(
−
2n1RTk

n1
1 B

n1−1 exp(−A1)
b(1− c)

−
2n2RTk

n2
2 B

n2−1 exp(−A2)
ab

−
n1Q1k

n1
1 B

n1 exp(−A1)
(1− c)RT2

−
n2Q2k

n2
2 B

n2 exp(−A2)
aRT2

)

(45)

in which

B =
RT2

b
(46)

and

An =
nnQn

RT
(47)

and n = 1, 2 depending on which reaction it is. The total parameters which

needed to be fitted here are k1,k2,Q1,Q2,n1,n2,H1,H2.

Note that while doing the fitting work, the sample group 8.9 at.% and sample

group 10.1 at.% were fitted together. Both sample set show evidence of crystalliza-

tion and then precipitation reactions. However, due to the difference in concen-

tration, certain deviation is expected. As a result, while fitting these two dataset

together, it is assumed that the reaction mechanisms don’t change, i.e. they were

fitted with the same activation energy Q1 and Q2 for the crystallization and pre-

cipitation reactions. However, the other kinetic related factors such as reaction

constant (k1 and k2), as well as parameters relating to nucleation sites (n1 and n2)
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were fitted individually for each concentrations. The total heat released, which re-

lated to the amount of Al6Mn formed, was also different due to different Mn level

inside the alloy. As a result, the heat released for each concentration was also fit-

ted separately.

A.3 H E AT F L O W E Q U AT I O N O F F O U R R E A C T I O N P R O C E S S F O R A L - M N

D U A L P H A S E A L L O Y

As described in chapter 5, the model for the two reaction process can be expended

to four reactions as long as the correct reaction mechanism can be proposed.

Here, as mentioned in previous sections, B = RT2

b , and An = nnQn
RT in which

n = 1, 2, 3, 4 depending on the reaction. Here, everything subscript with 1 is pa-

rameter for crystallization, 2 for precipitation, 3 for amorphous to icosahedral

phase transformation, and 4 for icosahedral to intermetallic Al6Mn reaction. va
is the initial amorphous volume fraction, vi is the initial icosahedral phase vol-

ume fraction, and vf is the initial volume fraction for FCC solid solution phase.

a is the final Al6Mn fraction calculated from the phase diagram. a1 is the frac-

tion of Al6Mn formed by the reaction route with FCC as first transition. a2 is

the fraction of Al6Mn formed by the reaction route with icosahedral phase. The

aforementioned parameters follow the following relationships:

vi + va + vf = 1 (48)

and

a1 + a2 = a (49)

With this relationship and the competing reactions routes proposed in 5, the

following equations for the four reaction transformation can be derived. The re-

sulting heat follow equations with competing reaction routes described based on

the physical parameters are shown below.
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• Heat flow equation for isochronal four reaction process for Al-Mn dual

phase alloy

dH

dT
=

(
H1
va

+H2

)(
n1k

n1
1 (Q1 + 2RT)B

n1−1

b

)
× exp

(
−

1

(va)
kn11 B

n1 exp(−A1) −A1

)
+
1− vi
a1b

H2n2k
n2
2 (Q2 + 2RT)B

n2−1 exp
(
−
1

a1
kn22 B

n2 exp(−A2) −A2

)
vaH2

(
−
2n1RTk

n1
1 B

n1−1 exp(−A1)
bva

−
2n2RTk

n2
2 B

n2−1 exp(−A2)
ba1

−
n1Qk

n1
1 B

n1 exp(−A1)
vaRT2

−
n2Qk

n2
2 B

n2 exp(−A2)
a1RT2

)
× exp

(
−
1

va
kn11 B

n1 exp(−A1) −
1

a1
kn22 B

n2 exp(−A2)
)

(
H3
va

+H4

)(
n3k

n3
3 (Q3 + 2RT)B

n3−1

b

)
× exp

(
−

1

(va)
kn33 B

n3 exp(−A3) −A3

)
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Here includes the supplemental materials as well as some data sources mentioned

in the thesis.

Parameters Value Parameters Value

VA (A = Al) (10−6 m3/mol) 10.00 K1B (B=Mn) (GPa) 59.67

VB (B = Mn) (10−6 m3/mol) 7.35 G1A (A=Al) (GPa) 26.59

γSA (A=Al) (J/m2) 1.16 K2B (B=Mn) (GPa) 120.00

γSB (B=Mn) (J/m2) 1.60 G2A (A=Al) (GPa) 26.59

Table 9: The data used for Hseg calculation using Equation 12. The subscript 1 and 2
showing the differenct sources of the elastic term in Equation 13. 1 is from the
Miedema source and 2 is from online database.
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