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Abstract

Multiscale modeling undertakes to describe a system with multiple models at different

scales. In principle, quantum mechanics provides sufficient information. However, the

development of a scaled-up model, e.g., molecular dynamics, from quantum mechan-

ics, should be validated against the experiments. Two-dimensional (2D) materials

provide excellent platforms to verify theoretical models by directly comparing atomic

structures and properties with advanced transmission electron microscopy (TEM)

techniques due to their high crystallinity and thin nature.

In this thesis, molecular dynamics (MD) models have been developed for the 2D

transition metal dichalcogenides (TMDs) such as MoS 2 , WS 2 , MoSe 2 , and WSe 2 from

density functional theory (DFT) by focusing on their nonlinearity and failure strains.

The structures, crack-tip behaviors, and fracture patterns from the models are directly

compared with atomic level in-situ TEM images. The models have revealed atomic

scale mechanisms on the crack-tip behaviors in the single crystals such as roles of sulfur

vacancies, geometric interlocking frictions, and the directions of crack propagation.

The models have been further validated with more complicated structures from

grain boundaries in the WS 2 bilayer and lateral heterostructures, e.g., MoS 2-WSe 2 ,

by the images from ADF-STEM. Also, a method for generation of grain boundary has

been proposed for well-stitched grain boundaries based on experimentally observed

dislocations and defects. The models and methods have been utilized to understand

the chemical reactions for MoS 2 channel growth in WSe 2 and fracture toughness of

polycrystalline graphene.

Finally, the validated models and methods are utilized to predict the atomic struc-

tures of 2D materials with three-dimensional (3D) surfaces, e.g., triply periodic min-

imal surfaces (TPMS) and corrugated surfaces with non-zero Gaussian curvatures.

The mechanics, failure behaviors, and thermal properties of TPMS graphene are sys-

tematically studied from the predicted structures. A recent experiment shows the

predicted scaling laws of Young's modulus and strengths agree well with the mea-

surements.
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Chapter 1

Introduction

This chapter briefly summarizes the history of two-dimensional materials with respect

to synthesis and characterization methods. Then, the motivations and objectives of

the study are introduced followed by the thesis outline. Part of the review presented

in this chapter has been published [1].

1.1 Two-dimensional materials

After the initial development of transistors in 1948 at Bell Laboratory [2], electronic

devices have changed our life significantly. At the fundamental level, most electronic

devices are designed to control system or process information by controlling electrical

currents through the applied external voltage to open a current channel in semicon-

ducting materials. Therefore, electronic properties of materials, such as their band

structures, density of states, electron transport, resistance, and conductivity, are key

factors that have to be considered in the manufacture and implementation of elec-

tronic devices. The applied voltage experiences a process of screening that is inherent

to the bulk structure of the constituent material. This screening is diminished if

the thickness is reduced and the electrons are confined in at least one of the spatial

directions. Accordingly, thin structured materials are ideal for the development of

electronic devices. This effect is maximized in atomically thin two-dimensional (2D)

materials. The confinement helps to reduce the screening of the applied voltage.
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Among the 2D materials, graphene is specially known for its extremely intriguing

properties, such as high mobility of electrons, which were predicted theoretically [3, 4].

Informed by previous theoretical research, graphene was isolated and characterized

for the first time in 2004 [51 by Andre Geim and Konstantin Novoselov who designed

an innovative way of obtaining graphene samples from graphite. Since graphite is an

allotrope of carbon that consists of stacked graphene layers by 7r - 7r interactions,

Geim and Novoselov were able to exfoliate single-layered graphene from graphite by

using Scotch tape. This simple but innovative technique can produce high quality

micron-sized samples while also being equally applicable to other 2D materials that

are multilayered bulk systems. In the case of graphene, its mechanical, electrical, and

thermal properties are found to be exceptional: the thermal conductivity is estimated

to be 5,000 W/mK [6]; the electron mobility is approximately 15,000 cm 2 /V. s at

room temperature [5]; the high elastic modulus is around 1 TPa and its high intrinsic

strength is around 130 GPa 17]. These properties have placed graphene as one of the

leading materials for innovation in the field of condensed matter physics and materials

science.

Although graphene is well known for its ballistic transport and high electron mo-

bility, it has no band gap. Possessing a band gap is vital for various electronic

applications, such as transistors [11]. It is possible to open the band gap of graphene

by processing them in the form of nano-ribbons [121 or applying uniaxial mechanical

strain [13]. However, the mobility drops significantly to around 100 ~ 200 cm 2 /V.s

for a 150 meV bandgap because the high mobility of electrons in graphene is a direct

consequence of not having a band gap. Thus, researchers have expanded their atten-

tion to other two-dimensional materials, such as molybdenum disulfide (MoS 2 ) and

their transition metal dichalcogenide (TMD) family, hexagonal boron nitride (h-BN),

black phosphorous, and many other 2D materials. In particular, monolayer MoS 2 has

attracted significant attention due to its excellent electron transport with intrinsic di-

rect bandgap (1.8 eV) [14]. Figure 1-1(a) shows some representative two-dimensional

materials of graphene, MoS 2 , h-BN, and their band structures.

The properties of graphene devices are strongly affected by their substrates as they

14



a)

Graphene MoS2 h-BN
(Semimetal) (Semiconductor) (Insulator)

6 6 6

2 -M

r M K F - r M K r -6 M K F

b) c)

MoS2 WSe2

Figure 1-1: (a) Atomic structures of 2D materials, including graphene, MoS 2 , and

h-BN, and their band structures. Band structures are obtained with DFT calcula-

tions in the Quantum-Espresso package [81 using the Perdew-Burke-Ernzerhof (PBE)

functional [9] and norm-conserving type pseudopotential [10]. (b) Heterostructures

with van der Waals interaction: hBN-Graphene-MoS 2-Graphene-hBN. (c) Lateral

heterostructure of MoS 2 -WSe 2.
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are atomically thin, which limits their integration with conventional silicon-based de-

vices. Utilizing h-BN as a substrate for graphene devices improved the mobility by

approximately an order of magnitude as compared to devices with SiO 2 substrates

[15]. This research inspired other studies of new material systems with van der Waals

heterostructures, including graphene, h-BN, MoS 2 , and WSe2 [16, 17] as shown in

Figure 1-1(b) [18], which are emerging candidates for the next generation of elec-

tronic devices. Moreover, wafer-scale heterostructures of WS 2 , MoS 2 , and MoS 2 were

reported [191. Alternatively, instead of weak binding by stacking vertically, laterally

bonded structures between h-BN and graphene show great promise for atomically thin

circuits 1201. Subsequently, in combination with the TMD family, various lateral het-

erostructures were proposed [21, 22, 23]. Through epitaxial growth, atomically sharp

interfaces between MoS 2-WSe 2 lateral junction was also reported and this is illus-

trated in Figure 1-1(c) [24]. Through permutations of these atomically thin graphene

and other two-dimensional materials with lateral and vertical heterostructures, highly

efficient and flexible devices can be realized.

1.2 Chemical vapor deposition for synthesis

Chemical vapor deposition (CVD) is one of the most successful way for large scale

production [25]. The nucleation of carbon atoms on a metallic substrate (Ni or Cu)

initiates the growth of graphene flake into large domains. Due to the grain boundaries

of the metal substrates, the graphene produced by CVD also has grain boundaries

where the boundaries are well-stitched with pentagon and heptagon defects [26, 27].

The grain boundary affects the various properties of graphene based on their atomistic

arrangements. However, the grain size obtained from CVD has improved significantly

to produce inch-sized single-crystalline graphene [28].

16



1.3 Atomic structures and dynamics from TEM

Transmission electron microscopy (TEM), a technique where electron beams are trans-

mitted into the samples to visualize their images, was developed in early 1930s. How-

ever, the Nobel Prize in Physics was only awarded several decades later to the devel-

oper, Ernst Ruska, in 1986. TEM utilizes the short wavelength of electrons rather than

light or UV, which allows much higher resolutions than optical microscopy because the

wavelength of electrons is much shorter than visible light or UV. The electron beam

can generate diffraction patterns from crystals (selected area diffraction patterns),

which is a useful tool for studying the crystallinity of materials. Various versions

of TEM have been developed for higher resolutions and better image quality, such

as scanning TEM, cryo-TEM, and aberration corrected (AC)-TEM. Currently, sub-

Angstrom resolutions are achievable, thus playing a critical role in studying atomic

structures and charge redistribution of chemical bonds.

1.4 Motivation and objective

Different from the traditional modeling focusing on one scale, the multiscale mod-

eling undertakes to describe a system with the multiple models at different scales.

This new paradigm of modeling becomes more critical when the available macroscale

models are not accurate enough, but microscale models are not efficient enough; usu-

ally limited by the system size. One of the most common approaches is to derive

parameters required for the larger scale models from the higher resolution method.

For examples, forcefields of molecular dynamics can be computed and fitted from first

principle calculation of quantum mechanics. However, the process is not so simple

and can vary because one should decide what information to be discarded by the rea-

sonable approximation, which requires comprehensive and multidisciplinary insight.

While quantum mechanics already provides principles sufficient for chemistry, mate-

rial science, and biology [29}, the way of connecting different scale models should be

validated and tested.
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The first isolation of graphene from graphite in 2004 has brought extensive interest

in this atomically thin material for technologies particularly for flexible and wearable

technologies and energy due to its high carrier mobility, broad-band absorption, and

high transparency. Another class of two-dimensional materials called the transition

metal dichalcogenides (TMDs) are a group of semiconductors with intrinsic bandgaps

that have gained traction for ultrathin semiconductor technologies. There are many

other 2D materials including h-BN, black -phosphorus, and graphyne, etc. With the

advanced CVD methods, some of them can be synthesized as a wafer scale film with

an atomically thin thickness. Therefore, these materials have intrinsically multiscale

features. Different from bulk materials, the single atomic level defects, and disloca-

tions in grain boundaries can change the entire properties of the film, which makes the

2D materials as the challenging but intriguing testbed for multiscale modeling [301.

Especially the thin nature of 2D materials can provide atomic resolution structures

with various optoelectronic properties, which can be directly compared with DFT

and MD calculations. By comparison between atomic level features, 2D materials

provide lots of opportunities for improvements in terms of accuracy and efficiency of

theoretical models

The first objective of this thesis is to develop reactive MD models by focusing

on their nonlinearity with experimental validations of structures, crack-tip behaviors,

and fracture patterns from atomic level in-situ TEM images. The second objective is

a systematical understanding of atomic structures, chemical reactions, and mechan-

ical behaviors with crack propagation of 2D materials. The final goal is to propose

new atomic-scale design in 3D space based on the validated models and methods,

e.g., triply periodic minimal surfaces (TPMS) and corrugated surfaces with non-zero

Gaussian curvatures with predictions of properties such as mechanics, failure behav-

iors, and thermal conductivity. The understanding atomic-scale mechanisms, as well

as the development of models and methods can open avenues of systematic and reli-

able bottom-up approach from quantum mechanics to continuum theory through MD

simulations. The core bridge developed in this thesis eventually works for combin-

ing synthesis process and characterization with computational multiscale modeling
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paradigm.

1.5 Thesis outline

This thesis is organized into introducing the methodology and three main applications,

focused on distinct topics of 2D materials science applications, e.g., graphene and

transition metal dichalcogenide (TMD) materials. The main topics will be categorized

into 1) single crystalline system, 2) heterostructures and polycrystalline system, and

3) new designs with three-dimensional surfaces. Each chapter was written based on

published work in peer-reviewed journals. The multiscale modeling and simulations

unveil the structure-properties relation of 2D materials and show how the 3D designs

by utilizing a curved surface can bring a new class of materials with mechanical and

thermal properties.

In Chapter 2, I introduce computational models and methods utilized in the thesis:

density functional theory (DFT), molecular dynamics (MD), reactive molecular dy-

namics, and continuum theory for brittle fracture of materials. The details of REBO

forcefield for reactive MD, the effects of the switching functions, and parameteriza-

tions based on DFT calculation are discussed. Also, methods developed for the grain

boundaries, topological defects for curved surfaces of graphene and TMD materials

are introduced.

Chapter 3 deals with the mechanics of the single crystalline MoS 2 and WS 2 in-

cluding a bilayer system. It shows how the lattice of a crystal can interact with a

sharp crack tip and defects. The mechanisms unveiled by MD simulations will be

discussed through the comparison with the atomic structures and crack behaviors in

TEM images.

In Chapter 4, I report the studies with the polycrystalline, grain boundaries, and

heterostructures. The out-of-plane deformation in polycrystalline graphene plays a

crucial function in controlling the toughening mechanisms for the fracture toughness.

The developed MD models describe the complex geometries (e.g., defects, disloca-

tions, and out-of-plane deformation) from dual grain boundary of a WS 2 bilayer as
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well as their mechanical stability. In the last section, the catalytic role of the 517

dislocation between MoS2 and WSe2 unveils through MD simulations, which provide

a chemical synthesis process of MoS 2 ID channel embedded in WSe2 without dangling

bonds or misfit.

Chapter 5 continues the study of 2D materials but with new designs of 3D sur-

faces. By utilizing topological defects such as pentagon or heptagon, 2D materials can

sustain positive or negative curvatures. Firstly, I build systems with triply periodic

minimal surfaces to understand their mechanical and thermal properties, and derive

scaling laws. This can provide a way of modeling for designing a new class of mate-

rials with high surface area and low-density materials. Also, the grain distributions

based on non-negative Gaussian curvatures will be discussed.

The last chapter of this thesis, Chapter 6, summarizes the key findings and their

significance, discusses the results, and proposes possible future directions.
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Chapter 2

Methodology

This chapter introduces different modeling methods and theory from the density

functional theory (DFT) to the fracture mechanics. Molecular dynamics (MD) and

forcefields for thermal and mechanical properties are mainly discussed in half of the

chapter. Then, the REBO parameterizations based on DFT for two-dimensional ma-

terials are discussed. This chapter contains the parts of contents in the published

journal articles: [31, 32, 33, 34, 35, 36, 37, 38, 39, 40]. The codes, parameters devel-

oped here and visualizations of data are further described in the Appendix F.

2.1 Density functional theory (DFT)

The most fundamental scale within the multiscale paradigm is the atomistic scale.

Components of the muscular-skeletal system are continuously growing and occasion-

ally damaged. Both growth and failure initiate from atomistic scale through chemical

bonding and breaking [41]. The interactions between atoms are governed by the dis-

tribution and states of their electrons. Quantum simulations allow us to predict the

behavior of-electrons and understand their corresponding properties, such as light

absorptions, band structures and electromagnetic characteristics. In principle, for a

given geometry of atoms, quantum simulation does not require experimentally fitted

parameters [42]. Thus, we can model the system with a bottom-up approach and

develop modeling-driven material designs.
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Electrons have discrete energy values based on their quantum states and their be-

havior can be derived from the Schr6dinger equation. However, solving the equations

for all electrons in even small systems is almost impossible. Approximations simpli-

fying the many-body interaction to non-interacting electrons in an effective potential

are adopted in density functional theory (DFT) [43, 44]. DFT enables handling more

atoms in systems and has been successfully applied to solid-state physics [9]. How-

ever, DFT is not sufficiently accurate enough to deal with transition states or van

der Waals (vdW) interactions. Ab initio quantum chemistry calculation is another

approach to deal with electrons based on the Hartree-Fock (HF) method. Many

extensions of HF have been proposed for better accuracy [451. However, the compu-

tation cost increases significantly as the accuracy increases, hence the method should

be chosen carefully based on the properties to be studied. At present, the mechanical

properties and structures of materials at the ground state, which are well described

by either DFT or ab initio calculations. The properties and structures derived from

quantum simulations can be utilized to develop unknown input parameters in MD for

materials.

2.2 Molecular Dynamics (MD)

2.2.1 Classical molecular dynamics

Since the number of atoms the quantum simulation can handle is extremely limited,

further simplifications are necessary to deal with a greater number of atoms. Classical

MD is a way to deal with the atoms or molecules based on their interactions where

the electronic structures of atoms are not changed. Instead, force-fields or potentials

are adopted for the effects of electron states. After Alder and Wainwright performed

the first MD simulation with hard spheres in the late 1950's, various potential forms

have been developed and used in MD simulations [46]. The most fundamental po-

tential that includes repulsive and attractive terms is Lennard Jones (U) potential,
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commonly expressed as

VLj(r) = 4 - (2.1)

where E is the depth of the potential, o- is the distance where the potential value is

zero and r is the distance between particles, which had great success in describing the

behavior of noble gases such as argon [47]. This potential is widely used in describing

VdW interaction in various systems. For biomolecules such as lipids and protein

systems, an empirical force-field known as CHARMM is proposed [481. The basic

form of the force-field is

Vsystem = VBond - 4ngle + VDihedral + VIrtproper + VVdW + VCoulornb (2.2)

Other force-fields such as AMBER [491 and GROMOS [501 have also been proposed

with similar constituent terms to describe proteins. The force-fields commonly have

terms for torsion, bond stretching, angle and non-bonded interactions in Figure 2-

1(a).

a torsion b

<> O .s \ - bond order

0.5
0

-0.5 1 1.5 2 2.5 3

non-bonded distance (Angstrom)

Figure 2-1: The basic term of the classical MD and the concept of the bond orders in

the reactive MD. (a) The classical potential of MD commonly has terms for torsion,
bond stretching, angle and non-bonded interactions. (b) Based on the distance bond-

order allow to distinguish single, double, triple bonds of carbons. The potential energy

between carbon atoms changes and goes to zero when it reaches bonds' breaking

points.

From these force-fields, the Hamiltonian of a system is defined as H = K + E,
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where K is the kinetic energy term, E is the potential energy term described by

the force-fields, pi and qi are momentum and position of ith particles, respectively.

From the Hamiltonian, the time derivatives of position and momentum can be de-

rived, and the trajectories of atoms are obtained by numerical integration [51]. The

system is described as a microcanonical ensemble representing all possible states of

a mechanical system having the same total energy. Since the controllable macro-

scopic variables are the number of particles (N), total volume (V) and energy (E),

the microcanonical ensemble is also termed as the NVE ensemble. However, NVT

(canonical), and NPT (isobaric-isothermal) ensembles are generally adopted in MD

simulations because temperature or pressure is usually utilized as macroscopic vari-

ables in experiments [52, 53, 54].

A proper time step should be chosen for the conservation of the total Hamiltonian

to ensure the appropriate sampling of the correct ensemble. In biomolecular systems,

a time step of lfemtosecond is sufficient for unconstrained atomistic systems, while a

larger time step of 2 femtoseconds can be utilized together with H-bond constraints

[55]. The short integration time steps prevent attaining simulation time-scales beyond

microseconds in MD simulations. This would require more than a billion steps, a

significant task even for modern supercomputers.

2.2.2 Reactive molecular dynamics

The deformation and mechanical responses of biomolecules are mainly governed by

changes in H-bond networks [56]. However, the breaking of covalent bonds is also

critical to understanding the mechanisms of protein unfolding and failure [41, 57].

Nonreactive force-fields such as CHARMM are only capable of describing atoms near

their ground states because these force-fields ignore quantum chemical states as an

approximation. In contrast, reactive force-fields can capture the changes in bonding

by considering bond-orders that are estimated from the relative distances and angles

between particles. The bond-orders enable to approximate quantum chemical states

of particles for the formation or breakage of bonds in the systems in Figure 2-1(b)

[58]. Although the reactive force-field captures the change of quantum states and is

24



less computationally expensive than quantum simulations, the number of atoms in

the system is still limited to tens of thousands, which is much less than classical MD

simulations (over billions) [591. Thus, a hybrid concept can be utilized for efficiency,

which uses the reactive force-field only for highly reactive parts of the system [60].

Classical MD with CHARMM-like forcefields can successfully reveal the failure mech-

anisms of biomolecules, including silk, collagen, intermediate filaments and amyloids

as well as characterize the effects of nano-confinement on the biomaterials' mechanical

properties. However, modeling the deformation and crack propagation of graphene,

graphyne, or any other graphene-based carbon allotropes require MD forcefields that

can capture the breaking of covalent bonds. As the breaking of chemical bonds rely

on the changing states of electrons, classical MD methods are inadequate for modeling

these phenomena as the chemical bonds in classical MD are typically pre-defined and

not dynamically changeable.

2.2.3 Tersoff potential

The Tersoff potential is a three-body potential expressed as [611

Eb - fc(rij)[VR(rij) + bijVA(rij)] (2.3)

where rij is the atomic distance between atom i and j; VR the repulsive term; VA the

attractive term; bij the bond order parameter; and fc the switching function. The

original form of the Tersoff potential utilized an analytical form of the bond order

parameter, bij, to model the properties of materials derived from carbon, silicon, and

germanium. The term of bij represents many-body effects with an analytic form,
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meaning that the strengths of bonds change due to the local environments.

1
b. = = (2.4)

(I1+ nCnj)1/2n '

Gy = fc~~rig~g( '(ri-ras~ik)") (.5

k fi,j

C2 C2
g() =1+ d (h-(2.6)

d2 d2 + (h - COS 0)2

In this thesis, Tersoff potential is utilized for the thermal conductivity of graphene

and three-dimensional graphene because the phonon dispersion is well matched with

experimental measurements.

2.2.4 REBO (Reactive Empirical Bond Order) forcefield

Brenner proposed a more flexible form of bij by adding a correction term for the bond

order. This correction term resolved the over-binding of Tersoff types in the interme-

diate bonding states [62]. Stuart et al. extended Brenner's Reactive Empirical Bond

Order (REBO) potential to include dihedral, torsional and LJ terms, called Adaptive

Intermolecular Reactive Empirical Bond Order (AIREBO) [63]. Both the repulsive

and attractive terms, VR and VA, are Morse-type potentials of the mathematical form,

Ae-Ar. The Morse-type potential has some disadvantages when dealing with collisions

relating to the compressive force and thus, the second generation REBO was proposed

with a modified (1+Q/r)Ae-Ar term to resolve these issues [64]. Currently, this modi-

fied AIREBO potential is one of the most popular reactive force fields for studying the

mechanical behaviors of graphene and various carbon allotropes. The salient feature

of this potential is that the bond order term only depends on the local coordination

without the need to consider explicit charges and long-range Coulombic interactions,

allowing for excellent computational performance as fast Fourier transforms (FFT)

calculations are not needed. However, the cutoffs of the switching functions in the

REBO terms must be carefully selected and this is discussed later.

Van Duin et al. proposed a different type of reactive force field for hydrocarbon

systems called ReaxFF that included Lennard-Jones (LJ) and Coulombic interac-

26



tions [58]. ReaxFF is fundamentally different from the REBO and other Tersoff-type

potentials. First, the bond order parameter in ReaxFF is a function of the distance be-

tween interacting atoms. Second, the ReaxFF calculates the atomic charges with the

Electron Equilibrium Method (EEM) [65, 66] method that is similar to the Charge

Equilibration (QEq) method [671 that inspired another type of reactive force field

known as the Charge-Optimized Many-Body (COMB) potential 168]. The atomic

charges in ReaxFF are dynamically optimized during the simulations, thus ReaxFF

is more transferable and suitable for complex chemical reactions. Therefore, the force

field theoretically can handle the interactions between graphene or graphyne with

other molecules in various environments. While several studies reported the elastic

properties of graphene based on the ReaxFF, the measured properties strongly de-

pended on the version of ReaxFF parameters that was used because the parameters

were fitted from specific training data sets. Jensen et al. [69] investigated the differ-

ence in elastic properties from ReaxFFC-2013 and ReaxFFCHO. The ReaxFFC-2013

parameters were based on a data set that included graphite and diamond, thereby

showing significant improvements in reproducing the fundamental physical properties

of graphene compared to ReaxFFCHO. Many early studies of graphynes were based

on the ReaxFFCHO, which might have some discrepancies from the later versions

of ReaxFFC-2013 and DFT calculations. There are other many-body potentials for

modeling graphene, such as the Gaussian Approximation Potential (GAP) [70 and

Tersoff potentials [71], which were also utilized for modeling the failure and deter-

mining the strength of graphene.

2.2.5 Thermal properties

There are two common ways to predict thermal conductivities from MD simulations:

equilibrium (Green-Kubo relation) and non-equilibrium MD methods. Both methods

have been extensively utilized for determining thermal conductivities of graphene

[72, 73] and porous materials [741. From kinetic theory, thermal conductivity can be
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expressed as [75]

A Z c()vl(W) = -c(w)'r(w), (2.7)
3 3

where c(w), v, 1(w), and T(w) are the phonon-specific heat, group velocity, MFP, and

relaxation time, respectively.

Non-equilibrium Molecular Dynamics (NEMD)

In NEMD, the heat flux is imposed in the NVE ensemble for the steady state after

the system fully relaxed. Then from the heat flux energy and temperature gradient,

the thermal conductivity is simply obtained from Fourier's Law:

A = - (2.8)

where j and aT/&x are the heat flux and the temperature gradient respectively.

Equilibrium Molecular Dynamics (EMD)

Thermal conductivity in the direction i is given by [76, 77],

Ai= 0 j(Ji(t)Ji(0))dt, (2.9)
kBVT2 0

where kB, t, V, Jj and are the Boltzmann constant, time, volume, heat current vector in

the i direction and the heat current autocorrelation function (HCACF). The detailed

expression of the heat current vector is expressed as [731

J = eivi + 1 Z(fij - (vi + v3))xij, (2.10)
i i<j

where ej, vi, fij and xij are the energy, velocity of atom i, forces and distance between

atom i and j, respectively.

The typical HCACF data and thermal conductivity for graphene as a function of

time are shown Figure 2-2.
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Figure 2-2: The HCACF (a) and thermal conductivity (b) and from EMD (Green-

Kubo) of graphene (10nm x 10nm).

Phonon density of state (PDOS)

The vibrational density of state (vDOS) can be determined from the Fourier transform

of the velocity autocorrelation function (VACF) as [78]

g(w) = e .v't HOW)) (2.11)
V 27- (V(0)v(0))

The phonon density of states (PDOS) is calculated from PDOS = [g(W)] 2 . The noise

of PDOS depends on the number of atoms in systems and sampling time. In the

thesis, More than 20,000 atoms are utilized by repeating the unit cell if it is necessary

for graphene and 3D graphene, and 5 ps sampling with 0.25 fs time step. From the

PDOS (D(w)), the specific heat can be obtained by

Cv bB _ 2 hw/kBT (2.12)
Cv =b kBT) e(hw/kBT) - 1 2

2.2.6 Mechanical properties

Elastic constants

In this section, the process to obtain elasticity of 2D materials and 3D graphene with

cubic symmetry. First, the structures obtained from the refinement are fully relaxed.
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After energy minimization, model is relaxed with the NPT ensemble for 50 ps at 10K

with ifs time step. Then, the elastic constants are measured based on an orthotropic

symmetry by calculatingCn, C22, C33, C12, C13, C23, C44, C55, and C66. The deforma-

tion strain is set to 0.1%. There are nonlinear responses in small strain ranges of

3D graphene. The behaviors are observed in the polycrystalline graphene due to the

out of plane deformation around the topological defects. The 3D graphene models

have the same essential features as polycrystalline. Therefore, it is natural to have

such a region in the small strain range as the lattice size increases due to the defect

distributions. The same deformation level obtained from the pristine graphene (Table

E.27) is utilized to measure the elastic constants of the models. The components for

the cubic crystal (C C12, C44) are obtained by averaging corresponding values.

From the compliance matrix, Young's modulus (E,, Ey, E,) and Poisson's ratios

(voy, vyx, ver) can be calculated and averaged based on the cubic symmetry. Poisson's

ratio is obtained by v = C12/(C11 + C1 2 ).Two shear moduli are identified based

on the symmetry. The cubic shear modulus C44 represents the resistance to shear

deformation across the (100) plane in the [010] direction while (Cl - C12)/2 represents

the resistance to shear deformation across the (110) plane in the [110] direction 179].

Voigt and Reuss bounds of Young's modulus, Bulk modulus, shear modulus and

Poisson's ratios to estimate the upper and lower bounds of the elastic constants [801:

Ev -(C - C12 + 3C44)(Cn + 2C12) 1 C - C12 + 3C44 C + 401 - 2C44
2C11+3C12+C44 5 4Cn+6C2+4C44

(2.13)

5 5 2Sn +8S12- S44ER=GR= ,VV -____-__
ER 3Sn +2S +S 44 ' 4Su -4S12 +3S 44 ' 6Sn +4S +2S 44

(2.14)

Then, the macroscale effective moduli are estimated from the Voigt-Reuss-Hill ap-

proach as following

EV +ER GV +GR EVRH
EVRH = ,GVRH= 2 ,VVF 2

OVRH -- 1. (2.15)
2 2 2GVRH
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Also, the bulk modulus is as following1l:

C11 + 2C12 1 1 BBv + BR

3 Sn +B2S1 R 2

The bulk modulus of the cubic crystal is isotropic (Bv - BR). Two indexes are

utilized to characterize the elastic anisotropy of models. The ratio between the shear

moduli is a Zener ratio as

A 2 = 44 (2.17)
C1 - C2

As the value approaches one, the material is isotropic. However, the Zener ratio lacks

universality because one can choose the index as 1/A. A universal anisotropy index

has been proposed to eliminate this ambiguity as [79]:

Gv Bv
Au = 5 Gv+ -- 6. (2.18)

GR BR

The zero value of AU indicates isotropic elasticity.

2.3 Continuum theory

The continuum approach is the most common method to describe systems at the

macroscale and this is a very successful way to describe the many structural problems

of homogenous materials. In this approach, a system is modeled as a continuous

material rather than being composed of particles, without explicitly accounting for

a materials internal structure. The fundamental concept of continuum mechanics

is Hooke's relation where the elongation of elements is proportional to the applied

external force. When a force F is applied to a beam of length L and cross sectional

area A, the extension is given as Au in Figure 2-3.

The equation, F = kAu can be normalized by the unit volume (V = AL) as

F Lk su
F-= - = -- -E (2.19)A A L
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Figure 2-3: Concepts of the continuum theories (a) Elongation of a homogenous bar

(length: L) under a tensile force F is given as Au (b) Brittle and ductile materials

show different stress-strain behaviors. (c) Griffith criterion and energy release rate in

a homogenous materials with a crack are given by the equation in the panel. (d) The

basic concept of a cohesive zone model: The deformation in the region I is reversible

without damages. Once stress reaches the Tmax, the element gets damaged and the

elastic behavior changes to red arrow. When the extension reaches 6 f, the element

totally breaks and the required energy is the total area of the triangle, characterized

as the critical energy release rate.

where a, E and e are defined as stress, Young's modulus, and strain, respectively.

This linear relation between stress and strain governs the behavior of brittle mate-

rials in the elastic regime where the deformation is reversible. However, generally

the deformation of materials such as metals has a plastic deformation regime where

irreversible deformation occurs.

2.3.1 Griffith's model

Griffith and Irwin developed linear elastic fracture mechanics (LEFM) [81, 82J. The

Griffith criterion states that failure of materials with a flaw occurs when the stored

strain energy is large enough to create two new surfaces under uniaxial loading. The

energy release rate G, which represents the dissipation of stored strain energy per

unit of newly created surface area during the crack propagation, is defined by

_ U
G = (2.20)

a A

where U is stored strain energy available for crack propagation, and A is surface area.

A small crack can propagate when G = 2y, where -y is surface energy (the energy
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necessary to create new surfaces; two new surfaces are created as the crack advances).

The failure strength of a linear system with a small crack is given by o = , where

E and a are Young's modulus and size of the crack length, respectively. LEFM can

describe the failure of brittle and homogenous material such as glass [81].

In brittle materials, Young's modulus and energy release rate can be simply ob-

tained from atomistic simulation by calculating the corresponding materials' elastic

constants and surface energy. However, the energy release rate is not simply 2 -y

when the dissipated energy constitutes a large portion of the energy release rate such

as in heterogeneous materials. A better expression under this situation would be

G = 2-y + Gdis,. The energy release rate of inhomogeneous materials can be ob-

tained from atomistic simulations by measuring the total external work for failure of

the systems [31]. The deformations and damages of biological systems and polycrys-

talline 2D materials are locally inhomogeneous, which is challenging to be described

with LEFM. The cohesive zone model is widely adopted for describing the damages

based on the critical energy release rate. Each element can take damage based on

their local stress and the history of damages. The basic elastic properties and the

energy release rate are keys to connecting the particle-based simulation (QM, MD,

and CGMD) to continuum theory (FEM). However, a more systematic framework

needs to be developed to bridge these disparate methods.

2.3.2 Lukds model for a circular hole as a crack

The circular void follows the different behaviors due to the different stress concen-

tration factor. We utilize the LukAs model for the small crack with the elliptical

hole [83, 84]. Although the circular model does not have the small crack, we assume

the discretized atomic position can play as a small crack with a constant size. The

solution for an elliptical hole is [83, 84]

1.122(1 + 2a)
K = 1 b (2.21)

1+ 4.5 2a
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where a and b are the major and minor axes of an ellipse; I represents the length of

crack. For the circular hole (a = b = R), we obtain

3.366
K, or-Tl (2.22)

1+4.51

We assumed that I is a constant value related to the discretized atomic positions.

2.4 REBO for failure of 2D materials

2.4.1 Switching functions in REBO

Properly formulating the switching function in REBO-based potentials is critical for

describing the failure of carbon systems. The switching function utilized has the same

form as the function from the Tersoff potential in eq(2.3)

1 rij< Rmin

fc(ri) = - + cos [7K ' - In) , Rmin< rij <Rmax (2.23)
2 Rmax - Rmin_

0 rij > Rmax

where the switching function varies from 1 to zero over the range of Rmin to Rmax.

Since the cutoff radius is very short (Rmax = 2 A for carbon in the AIREBO poten-

tial), the attractive and repulsive potential terms (VA and VR in eq(2.3)) have very

large values at the point where the bonds are breaking, i.e., the potential is highly

discontinuous when bonds break. This problem with discontinuity in the switching

function can simply solved by smoothly varying the value of the potential at Rmin to

zero at Rmax. However, an unusual behavior of this switching function was reported

in a study on the fracture of polycrystalline diamond [85]. They observed unphysi-

cal and high stresses due to the switching function, and proposed adjusting RMin to

alleviate the problem.
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Figure 2-4: (a, b) The effects come from the modified potential energy (a) and force

(b). (c, d) The effects of radius cutoff of AIREBO on the stress-strain behaviors

under loadings in the zigzag direction (c) and armchair direction (d). They clearly

show that only turning off switching function provides reliable stress-strain curves.
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2.4.2 AIREBO for graphene monolayer

Two methods of adjusting the switching functions were proposed, although there were

no clear explanations of how these methods could reproduce the failure of graphene.

Firstly, two representative studies utilized the switching functions but with a cutoff

of 1.92 A for Rmin instead [86, 871. Wei et al. obtained stress-strain curves of

pristine graphene with the AIREBO potential and compared these curves with results

obtained from DFT calculations [87] This study showed that there were no stiffening

effects from the switching function if Rmin was larger than 1.92 A. Many subsequent

studies utilized this adjustment in Rmin. However, without considering the exact role

of the switching function, adjusting Rmin in this arbitrary manner is problematic,

especially when examining the effects of grain boundaries or defects on the mechanical

properties of graphene. These issues become clearer when the changes in the potential

energy and force between interacting pairs of C-C atoms is examined closely in Figure

2-4 (a) and (b).

The basic role of switching function is to smoothly vary the potential from a non-

zero value to zero smoothly, implying that a stronger force than the original potential

is applied to remove the discontinuity between the two points of Rmin and Ra. The

stiffening effects do not disappear with smaller ranges of the switching function, which

can artificially increase the strength of graphene with grain boundaries or 5-7 defects.

Since the C-C bonds in 5-7 defects can have longer bond lengths than in pristine

hexagonal graphene, the stiffening effects appear when one of these longer bonds

is within the range of the switching function. The observed stress-strain behaviors

depend on the loading rate because the stiffening effect can be missed. if the loading

rate is too fast and the stress is not sampled adequately. While not observed in the

stress-strain curve of pristine graphene, the stiffening effects still exist and can lead to

wrong conclusions, especially for systems with 5-7 ring defects. The stiffening effects

can still appear even with a low Rrin value of 1.95A and at low temperature (10 K)

and loading rate (0.02 A/ps) (Figure 2-4 (c) and (d)). The stiffening artifacts worsen

as Rmin decreased, as demonstrated by the spike in forces between C-C atoms (Figure
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2-4(b)). Thus, the previous AIREBO or REBO studies showing strengthening with

defects and grain boundaries using Rmin = 1.92 A should be re-examined to confirm

whether the strengthening is an artifact of the switching functions because this effect

is completely unphysical and undesirable.

The second method to adjust the switching function is to set both Rmin and Rma

to be 2 A to completely disable the switching function completely. This method was

originally proposed for modeling the fracture of diamond by Brenner et al [851. As

shown in Figure 2-4 (blue lines), equal values of Rmin and Rmax completely remove the

stiffening effects and show reliable stress-strain curves of graphene with brittle failure.

Although this setting solves the unphysical stiffening, there is still a discontinuity in

the potential, and the graphene simulation becomes unstable easily as the temperature

increases. The temperature dependence is due to kinetic vibrations that may cause

a C-C bond length to exceed 2 A temporarily, resulting in a broken bond. Thus,

carefully setting the loading and performing the analysis are required to understand

the failure behaviors with AIREBO or REBO. This choice of cutoffs was utilized by

various studies to examine flaw insensitive fracture in nano-crystalline graphene [88]

and toughness enhancement in graphene ruga [89].

The REBO potential has a relatively simple analytical form compared to other

reactive FFs. This simplicity allows easy removal of unphysical stiffening and obtain-

ing reliable stress-strain curves that are comparable with DFT calculations. However,

charge-based reactive FFs are comparatively too complicated to easily circumvent un-

desirable stiffening and optimize parameters for failure behaviors with proper stress-

strain curves. To improve these potentials, not only the data of equilibrium states

must be included in the training data set, but also data near the failure of the material.

2.4.3 REBO for MoS 2 monolayer

Tuning a reactive force field for MoS 2 modeling

For the mechanics of MoS 2 and other TMD materials, I utilize the reactive many-

body force field (FF) [90, 91]. The force field can describe nonlinear behaviors of MoS 2
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and simulate breaking and reforming bonds of materials and deal with the effects of

sulfur vacancies. The failure strains of the system under the uniaxial loading depend

on the radius cut-off distances among the atoms. I tune the parameters of the original

FF based on DFT calculations, since the original FF was not tuned for the failure

of MoS 2 system and had a problem with the artificial stiffening from the switching

function as the same as the REBO potential for graphene in Figure 2-5. To the

best of my knowledge, I firstly provide the parameters for the stress-strain behaviors

comparable with the results from DFT. The stress-strain curves are obtained in the

armchair and zigzag directions from DFT calculations by Quantum-Espresso package

[8] using Perdew Burke Ernzerhof (PBE) functional [91 and norm-conserving type

pseudopotential [10]. The rectangular shape cell contains 6 atoms with the periodic

boundary condition. To model MoS2 single layer, the vacuum space of 12A in the

z direction is inserted to avoid interactions between periodic images. The energy

cutoff for the wave functions is 80 Ry and 10x10x3 grids are adopted for the K space

sampling.

The obtained failure engineering strains are 0.36 and 0.26 for the x and the y di-

rection respectively, which shows good agreement with the previous DFT calculations

[93, 92, 94]. Then, I prepare the monolayer pristine MoS 2 in 5x5nm for the tensile

tests with MD simulations by using the reactive force field. Based on the various

combination tests of radius cut-offs, I obtain close failure engineering strains, 0.35

and 0.27 in the x and y direction, respectively. The cut-offs (Rmain, Rmax) of Mo-Mo,

Mo-S and S-S are set to (4.5, 5.0) A, (2.85, 2.85) A and (1.1, 2.8) A, respectively.

The radius cut-offs are carefully selected not only to match the failure strains but

also remove artificial stiffening effects due to the switching function [85]. In another

2D system, graphene, these tuning processes have been widely adopted in both pris-

tine and defected graphene to describe the failure and crack propagations [31, 871.

Next, the repulsion and attraction coefficients are rescaled simultaneously to match

the stress-strain points under the uniaxial tensile strain 0.1 in DFT calculation. The

failure strain and strengths of MoS 2 are mainly considered to tune the parameters

because these factors are most critical to describe the failure correctly, which causes
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Figure 2-5: (a, b) The stress-strain curves of the MD used (blue line) and DFT calcu-

lation (red points) in the armchair and zigzag directions. The original potential has

artificial stiffening due to the switching functions as the same as the REBO potential

for graphene. The new parameters remove the stiffening effects and can describe the

failure strains for both zigzag and armchair directions. (c) The equilibrated geome-

tries of MoS 2 . (d) The elastic constant and Young's modulus of the current study

and DFT calculation [92]. The reactive FF used in the current study well describes

geometries, mechanical properties and failure behaviors of MoS 2 .
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an error around 10 % of elastic constants from DFT results.

2.4.4 REBO for MoS 2/WSe 2 heterostructures

Development of reactive MD parameters

To model the interactions among Mo-W-S-Se atoms in the atomically sharp MoS 2-

WSe2 , WS 2 -WSe 2 , and MoS 2-MoSe 2 lateral heterojunctions, I developed W-Se, W-S,

and Mo-Se REBO with the same bond-order parameters of Mo and S but different

ionic radiuses on the basis of their chemical and structural similarities. The REBO

force field has the form

Eb = E f..(ri) [( A(1 - bijBe-r] (2.24)

where Eb is the binding energy, fj is a switching function, bi3 is bond-order term,

and rij is the interatomic distance between atom i and j. The parameters, Q, a,

and 3, are related to geometries such as equilibrium distances, A and B are related

to the energy of attractive and repulsive terms. The radius cutoffs of the switching

functions are critical to realistic bond breaking and forming because the functions

can cause artificial forces near the failure points.

I obtained the geometric parameters for MoS 2 , MoSe 2 , WS2 , and WSe 2 from the

DFT calculations by Quantum-Espresso package using PBE functional and norm-

conserving type pseudopotential [951. A rectangular shape cell containing 6 atoms

is utilized with the periodic boundary condition in x (along the zigzag edge) and

y (along the armchair edge) directions. To model each 2D material, the vacuum

space of 15 A in the z direction is inserted to avoid unphysical interactions between

periodic images. The energy cutoff for the wave functions is 60 Ry and llxllxl grids

are adopted for the K space sampling. Table 2.1 shows the results of the geometric

parameters of four different monolayers. The equilibrium distances between Mo-S and

W-S are very similar (2.09 and 2.08 A from our DFT calculations, respectively). In

the REBO forms for MoS 2 , the equilibrium distance between sulfides does not affect
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Table 2.1: The geometric parameters obtained from DFT calculations.

DFT(A) MoS 2 WS 2 MoSe2 WSe2
Mo/W - Mo/W 3.18 3.23 3.32 3.36
Mo/W - S/Se 2.45 2.45 2.55 2.58
S/Se - S/Se 3.18 3.23 3.32 3.36

t(top-bottom) 3.20 3.19 3.35 3.40

Table 2.2: The geometric parameters obtained from REBO potential

REBO(A) MoS2 WS 2 MoSe2 WSe2
Mo/W - Mo/W 3.17 3.24 3.28 3.33
Mo/W - S/Se 2.46 2.46 2.55 2.56
S/Se - S/Se 3.17 3.24 3.28 3.33

t(top-bottom) 3.23 3.21 3.41 3.38

the lattice constants of monolayers. The difference of lattice parameters between

WS 2 and MoS 2 mainly comes from the larger ionic radius of W than Mo. Thus, we

parameterized Q, and in eq(2.24) of W-W to fit WS2 lattice constants, while for the

FF parameters of W-S we use the same Q, a and 3 of Mo-S.

Based on the obtained new parameters of W-W, Q, a and 3 of W-Se are pa-

rameterized to match the lattice parameters of WSe2. In the same way, Q, a and

3 of Mo-Se are parameterized. We used Q, a and / of S-S for the parameters of

Se-Se because Se-Se/S-S interaction are not important for the lattice constants of the

monolayers. Table 2.2 shows the geometric parameters obtained from new REBO

force field, which describes the difference between four different monolayers well. I

re-parameterized A and B, which are related to repulsive and attractive terms. I

followed the same strategy of the previous study [351, adjusting radius cut-offs, and

rescaling A and B simultaneously to match stress-strain curves of monolayers, which

were obtained from our DFT calculations (All conditions are the same as those for

geometric parameters). The radius cutoffs of the switching functions (fj(rij)) are

adjusted to match the failure strains, and rescaled A and B in eq(2.24) to match

the stresses at 0.1 strains in the y direction. The elastic constants from DFT and
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Table 2.3: Elastic constants and Young's modulus (averaged in the x and y directions)
from DFT calculations

DFT(N/m) MoS 2 WS 2  MoSe2 WSe2
C_ _ 129.9 129.3 104.7 113.1

C22 130.2 132.6 105.6 112.2
C_ _ 29.25 30.15 24.9 25.8
E 123.5 124 99.2 106.7

Table 2.4: Elastic constants and Young's modulus
from the current REBO potential

(averaged in the x and y directions)

REBO(N/m) MoS 2  WS 2  MoSe2 WSe2
C_ _ 115.1 118.3 90.1 96.3

C22 115.1 118.3 90.1 96.3
C_ _ 34.1 34.8 26.7 28.6
E 105.0 108.1 82.2 87.8

REBO are shown in Table 2.3 and 2.4. The new parameters well describe the relative

differences of four different monolayers.

Finally, I extended the code from handling two atom types (Mo-S) to four different

atom types (Mo-S-W-Se). For Mo-W and S-Se interactions, Tersoff potential mixing

rules [61] for a, /3, A, B and radius cutoffs of the switching functions are utilized.

2.4.5 REBO for MoS 2 bilayer

DFT calculation for binding energy of MoS 2 bilayer

Lennard-Jones (U) parameters of REBO [90, 91] were tuned for van der Waals (vdW)

interaction of MoS 2 bilayers from DFT calculations by Quantum-Espresso package

using PBE functional and norm-conserving type pseudopotential. Grimme's DFT-D2

correction was applied for vdW interaction between the two layers [96]. A hexagonal

unit cell for DFT calculation contains 6 atoms with the periodic boundary condition in

a and b directions as shown in Figure 2-6(a). The energy cutoff for the wave functions

was 60 Ry and Ilx11xl Monkhost-Pack grids were adopted for the K space sampling.
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Table 2.5: The binding energy obtained from DFT calculation with Grimme's D2

correction and MD with both original and optimized reactive FFs. The difference of

the binding energy between 2H and 3R are improved.

Eb (meV/atom) AA AA' (2H) AB(3R)
DFT-D2 14.1 24.1 23.8

Original FF 11.6 16.2 16.3
Optimized FF 15.6 22.0 21.7

Table 2.6: The equilibrium distance obtained from DFT calculation with Grimme's

D2 correction and MD with both original and optimized reactive FFs. The difference

of the equilibrium distance between 2H and 3R are improved.

hequi (meV/atom) AA AA' (2H) AB(3R)
DFT-D2 6.7 6.2 6.3

Original FF 6.5 6.1 6.1
Optimized FF 6.7 6.3 6.3

The formation energy (Eform Ebilayer - 2Emonolayer) per atom as a function of the

interlayer distance (h) was obtained by structural relaxation, ranging from 5.5 A to

9 A with 0.1 Aspacing in Figure 2-6(b).

To model the 2D system, 32 Avacuum was inserted to avoid undesirable interac-

tion between periodic images. The vacuum space allowed more than 15 A between

layers, which is enough to ignore the interaction from the periodic images. Our

calculations of the equilibrium interlayer distance (hequji) and the binding energy

(Eb = -Eform) for AA'(2H), AB(3R), and AA stacks show good agreement with

previous studies, [97, 98], as shown in Table 2.5 and 2.6. There are mainly two differ-

ent types of interlayer interactions. Type I, AA'(2H) and AB(3R), has high binding

energy with shorter equilibrium distance than Type II, AA, as shown in Figure 2-6.

The difference between the two types is the key to describe the interaction of bilayer

MoS 2 , which is not captured in the original FF as shown in Figure 2-6(b). Thus, the

LJ parameters were optimized mainly based on the energy profiles of AA'(2H) and

AA from DFT calculations.
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Parameter optimization for vdW binding energy

To evaluate the binding energy, a rectangular unit cell was prepared containing 12

atoms with periodic boundary conditions in both x and y directions as shown in

Figure 2-6(a). The system has enough vacuum space (more than 30 A) for the same

reason that the vacuum is inserted in the DFT calculations to avoid the interaction

between periodic images. The LJ parameters were obtained to match the formation

energy profiles from MD to those from DFT. The parameters for Mo-S interaction,

aMS and EMS, were explicitly applied for Mo-S interaction instead of the conventional

mixing rules used in the original form. Also, the shorter radius cutoff, rcUtmS ~

1. 5 MS was applied (originally rcutMS = 2.5aMS). This shorter rcutMS is helpful to

describe the difference between the two stacks while too short rcutms results in non-

continuous formation energy profiles. The formation energy profiles from the original

and optimized FFs are shown in Figure 2-6(b), which shows significant improvement

for the layer-to-layer interaction.

Parameter optimization for mechanical properties of monolayer MoS 2 (REBO)

The optimized LJ parameters slightly affected the mechanical properties of MoS 2

monolayer. Thus, tuning other parameters related to covalent bonds was required

after modification of LJ parameters. From the stress-strain curves from the previous

DFT calculations, and the same strategy is applied to tune the parameters in sections

2.4.3 and 2.4.4. Firstly, I fitted the failure points of stress-strain curves of MD to DFT

results by adjusting radius cutoffs of switching functions. We completely turned off

the switching function by setting Rin = Rma, for Mo-S interaction as utilized in the

REBO for hydrocarbon system, which is very important to describe realistic bond

breaking and forming without nonphysical stiffening. For the stress-strain curves

of MoS 2 monolayer with MD simulation, MoS2 monolayer with 5 nm x 5 nm was

prepared to perform tensile tests in both the zigzag (ZZ) and armchair (AC) directions

under a plane strain condition and the periodic boundary condition. The strain rate

was set to 0.2 A/ps (20m/s) for dynamics loadings with NVT ensemble with a low
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temperature (~10K) to ignore temperature effects. Then, the attractive and repulsive

terms are rescaled to fit the stiffness of MD to that of DFT. Next, the elastic constants

(C1, C12, C22) were obtained by calculating the stresses with 0.5% strains in both

DFT and MD calculations. The previous DFT/MD calculation [92], and experiment

[99] used the unit, N/m, for strength and stiffness to ignore the uncertainty of the

thickness of MoS 2 . The reported stiffness and strength of monolayer MoS 2 from nano-

indentation were 180 60 N/m and 15 3 N/m, respectively. The values show good

agreement with the mechanical properties obtained from our DFT calculations. As
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Figure 2-7: The stress-strain curves under the uniaxial tensile loadings in the zigzag

(a) and armchair directions (b) with a plane strain condition. The failure strain and

strength from the current REBO are well matched with those from DFT calculations.

The stress unit (N/m) is used to ignore the uncertainty of the thickness of MoS 2 as

the previous experimental and theoretical studies used [92, 99].

shown in Figure 2-7, the mechanical properties and geometric parameters from the

MD simulations show good agreement with those from DFT calculations

2.4.6 REBO for WS 2 bilayer

DFT and MD simulations for mechanics of WS 2

I utilize the previous setting to obtain the stress-strain curves of WS 2 from DFT

with Quantum-Espresso package using PBE functional and norm-conserving type

pseudopotential. A rectangular unit cell for DFT contains six atoms with periodic
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boundary conditions as shown in Figure A-1(b). Then, strains in the x (zz) or y (ac)

direction are applied to measure the stress. The energy cutoff for the wave functions is

60 Ry, and 11x11x1 Monkhost-Pack grids are adopted for the K space sampling. For

modeling the slab system, 15 A vacuum is inserted to avoid undesirable interaction

between periodic images.

The parameters were initially developed for MoS 2 interatomic interactions. First,

the ionic radius is determined by adjusting parameters to match relaxed lattice pa-

rameters [36]. Second, the cutoffs of switching functions of W-S is selected to describe

the failure strains obtained from DFT calculations. A pristine WS 2 monolayer with

5 nm x 5 nm is prepared to perform tensile tests in both zz and ac loading directions

under a plane strain condition and the periodic boundary conditions for stress-strain

curves. The strain rate is set to 0.02 A/ps (2 m/s) for dynamics loadings with NVT

ensemble with a low temperature (-0K) to ignore temperature effects. I completely

turn off the switching function by setting Rin = Rm, for W-S interaction as uti-

lized, which is very important to describe realistic bond breaking and forming with

REBO style potentials. Finally, the repulsive and attractive terms are adjusted for

elastic modulus. In the previous bilayer MoS2 study, It was found that adjusting

vdW parameters improves the non-linearity, which alleviates the underestimation of

elastic properties and the overestimation of strengths. Thus, I utilize the previous

setting for the vdW interactions and apply the suggested adjustments only for W-S

parameters. Then, the elastic constants (C1, C1 2 ) are obtained from both DFT and

MD and compared. As shown in Figure A-1, the mechanical properties including

failure strains and strengths from our MD simulations show good agreement with

those from DFT calculations.
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2.5 Grain boundary generation

2.5.1 Polycrystalline graphene

The iterative algorithm is utilized to construct atomistic models of polycrystalline

graphene. Building reliable polycrystalline structures is critical to study grain bound-

ary effects in our work. The defects of polycrystalline graphene are mainly pentagon-

heptagon ring pairs to reduce the total energy and the tensions of defects, as shown

in the previous studies [100]. Since the models of polycrystalline graphene in previous

studies have many voids and considerable non-pentagon-heptagon defects [101, 88],

we need to develop a better algorithm to generate irregular polycrystalline graphene

with mainly pentagon-heptagon defects.

I employ the Voro++ library [1021 to generate initial grain shapes by randomly

distributing the Voronoi seeds in a system as shown in Figure 2-8(a), where the

number of seeds is determined by the average size of grains. Then, the pristine

graphene is randomly rotated at each grain, and is sliced to fit its shape with the

initial Voronoi cell. After checking neighbor bond lists of all atoms (bond length =

1.6 A), I obtain the initial grains by removing atoms not having three bonds (Figure

2-8(b)). From the initial grains, we update the bond lists again and add atoms based

on the bond number. To be specific, we want additional atoms to form hexagonal

geometry; the length of bond varies from 0.6 to 1.2 A (the range could be arbitrary).

This bond length is chosen randomly based on a random number generator, allowing

system to find favorable geometry by following energy minimization and MD runs

using LAMMPS. In this process, I apply the REBO potential [641 not the AIREBO

potential [63] to reduce the computational time. After the relaxation, I iteratively

perform the same process from building new bond lists until the system configuration

converged as shown in Figure 2-8(c). In the algorithm, I can select any undesirable

atom to be removed and make the system form other energetically favorable geometry

by MD runs. For example, I remove atoms forming bond angle above 170 degrees

and under 90 degrees. The algorithm could be improved to remove all defects except

5-7 rings but not implemented in the present study. The convergence time strongly

48



Voronoi Cells b Initial Grains C Final Grains

Figure 2-8: The process of a building polycrystalline graphene and the evaluation of

our models. From randomly generated Voronoi cells (a), the randomly rotated initial

grains form the initial geometry (b). The final geometry is obtained after about 1500

times of iterations with mainly pentagon-heptagon defects (c).

depends on the grain sizes and on the complexity of the initial geometry. In the

present simulations, the number of iterations varies from 1,000 to 10,000.

I build a C++ code to use the Voro++ and LAMMPS as libraries for effective

iterations, switching between MD runs and geometric modifications. I make use of

the Massage Passing Interface (MPI) to use the parallel version of LAMMPS and the

cell-linked list is applied to reduce the time to build the bond lists.

Ratios of defects in polycrystalline graphene

The ratios of defects are obtained in our models by counting all rings in the system.

There are 4 different rings: 5,6,7 and 8 rings as shown in Figure A-2(b). In general, as

the grain size decreases the number of octagon defects increases but it is a relatively

small ratio, under 0.5% in Model IrreG and under 0.1% in Model RegG. Since the

pentagon-heptagon defects appear in pairs, the ratio between pentagon and heptagon

defects is critical to evaluate the model. In our models, the averaged difference in the

ratio between pentagon and heptagon defects is only about 0.5%. The algorithm can

be utilized with arbitrary grain angles and grain shapes of polycrystalline graphene

and have great potential for other applications.
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2.5.2 Three-dimensional graphene with triply minimal surface

Gyroid graphene

To understand the mechanical properties of the idealized 3D graphene I utilize the

gyroid structure that has minimum surface area in a given volume, called minimal

surface. The shape follows the equation

VG = sin( x) cos( y) + sin( y) cos( z) + sin( z) cos(-x) (2.25)
L L L L L L

where L is a parameter for dimension of a unit cell. First, the external potential to

Lennard-Jones particle system is introduced as

Eejject = E EL + A E VG2 (2.26)

to build a triangular template for the initial geometry. It is found that the shorter

equilibrium distance of U potential ELJ 4 [E 12 ( )6] than graphene bond

(~ 1.42A) is better for the later process to refine geometry and F has little effects on

the geometry if strength of the external potential A is strong enough to bind atoms

on the surface. In our model, the parameters are set to c=0.25 kcal/mol, c- = 1.15 A,

rcut=3.0 A and A = 460 kcal/mol.

After I obtain the external potential term for each U potential, we apply this

constraint on U particles having only less than 60 kcal/mol. The value is carefully

set to make sure one dense gyroid surface. If the value is too large, double layers

of gyroid form, while a small value results in sparse geometry that requires more

number of iterations in the next step. The initial geometry of LJ particles is chosen

as fcc solid with 5.8 A lattice constant as shown in Figure 2-9(a). Then, the system

is heated up to 1000K from 350K for 100ps. After the system is cooled down to 10K

for another 100ps, the initial triangular geometry of the gyroid is obtained as shown

in Figure 2-9 (b) and (c).

Second, I remove atoms based on the bond number for hexagonal geometry be-

cause the triangular geometry is not applicable for the refining algorithm. Figure 2-9
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Figure 2-9: The processes of building gyroid structure from three steps: (a-c) gen-
eration of triangular gyroid structure with Lennard-Jones potential and the external
potential, (d-e) modification from triangular to hexagonal gyroid based on our algo-

rithm, (f-g) refinement of the geometry based on the iterative algorithm.

(d) shows the schematic figure of the deleting algorithm. After obtaining the bond

number of all atoms based on the distance criteria (here set to 2 A), the atoms having

more than 6 bonds are removed. After recalculation of the bond number, an atom

having 6 bonds is selected (green dot) and deleted. In order to search next atoms to

be deleted, all neighbors of green dot (one of them is blue dot) are checked. Three

candidates are easily found (white and red with number 2) by excluding the sharing

atoms with green dot. For the hexagonal geometry, two white dots should be removed

and one red dot should be remained. We distinguish them based on the bond number

again: white dot shares two atoms with the green dot but red dot only share the

blue dot with green dot. I remove all atoms under the conditions until there is no

atom having six bonds. After removing atoms having 4 and 5 bonds, we obtain the

hexagonal geometry for the next process as shown in Figure 2-9(e).

Finally, I extend the previous the algorithm to generate polycrystalline graphene

to refine the geometry obtained from the previous processes in 2.5.1. Atoms are added

based on the bond number and relaxed the structure with energy minimization and
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short MD runs.

E = EAIREBO+ ZVG (2.27)

I utilize the modified potential based on eq(2.27) for gyroid graphene with the same

parameters for the LJ potential. After removing atoms not satisfying three bonds, the

code adds atoms to make hexagonal structures as shown in Figure 2-9(g). Iteratively,

this process is repeated until there is no update anymore, and the final geometry of

gyroid graphene structure is generated as shown in Figure 2-9 (f). The quality of

grain boundary is similar with the previous polycrystalline graphene models, which

have mostly 5-7 rings and few 8 rings for the defects.

Triply periodic minimal surface of P and D types

To build the TPMS D and P types with different lattice sizes, two equations are

utilized:

Vp = cos(x') + cos(y') + cos(z'), (2.28)

VD = sin(x') sin(y') sin(z') + sin(x') cos(y') cos(z')

+ cos(x') sin(y') cos(z') + cos(x') cos(y') sin(z'). (2.29)

where x', y' and z' are expressed with real coordinates (X, y, z) and the system size L

as 27rx/L, 27ry/L, and 27rz/L for P and D types, respectively. The P and D types

satisfy Vp = 0 and VD = 0, respectively.

Three steps to build 3D graphene with P and D types are shown in Figure 2-10.

Firstly, an external potential to the Lennard-Jones (LJ) system is used to obtain a

triangular template for the initial geometry with a potential form as

Ex = ELJ X (2.30)

where X represents P and D for the targeted surfaces. In our models, the parameters

for the LJ potential and external potential are set to E=0.01 eV, u=1.25 A, rcut =3.0,
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Figure 2-10: Generation of atomic TPMS P(a) and D(b) types, representing key

steps including (i) Lennard-Jones (LJ) particles distributed with fcc structure, (ii)

generation of TPMSs with triangular LJ lattice with external potentials (A(Vx) 2 , X

= P and D), (iii) transformation from triangular lattice to hexagonal one, and (iv)

refinement of the geometries for all carbons to have sp 2 bonds.

and A=50 eV. From the LJ solid with a face-centered-cubic (fcc) crystal structure in

Figure 2-10 (i), the system was heated to 1000K from 350K for 100ps. It is cooled

to 10K for 50ps, and then, the initial triangular template is obtained after energy

minimization in Figure 2-10 (ii). Secondly, the obtained triangular geometry was

transformed to the hexagonal geometry. After removing the atoms having more than

three bonds, the remained atoms are carefully selected to ensure hexagonal lattice

of graphene as shown in Figure 2-10 (iii). Finally, the graphene flakes are refined

by our previous algorithm to generate well-stitched polycrystalline graphene. The

interatomic potentials are changed to

EX=Z EAIREBO +A ZV , (2-31)

where all carbon atoms interact through AIREBO potential with a constraint from

the external potential Vx. The obtained structures are described by the equations

2.25,2.28,2.29 as shown in Figure 2-10 (iv). The algorithm guarantees well-stitched

structures without any insufficient bonds (bond number satisfies three for all carbon

atoms in the systems) with mainly pentagon and heptagon defects. During the refine-
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ment, the radius cutoff of switching function for C-C bonds in REBO is set to 2 A for

both Rmai and R,, to turn off the switching function for C-C bonds completely. Re-

moving unphysical stiffening is critical for natural bonding and breaking from REBO

type forcefields. The periodic lattice size, L, controlled the different porosities, and

the relaxed structures for five porosities for all types are shown in Figure 2-11.

j P

b ,

D
II

C

A G
L 3nm 5nm lOmn 15nm 20nm

Figure 2-11: (a-c) Five different models of P, D, and G types with different lattice sizes

of L=3, 5, 10, 15, 20 nm. Scale bar, 2.5 nm. Inset panels present a summary of three-

steps process, including (i) generation of initial template from FCC solid structure of

LJ particles with external potentials, (ii) transformation from triangular LJ lattice to

hexagonal carbon lattice, and (iii) refinement of geometries by adding and removing

atoms based on bond number. The randomly oriented grains and boundaries with

topological defects (mainly pentagons and heptagons) shape the curved surfaces.
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Chapter 3

Single Crystals

3.1 Introduction

This chapter discusses the crack propagation in single crystalline MoS 2 and WS 2.

The first section shows that the crack propagation in MoS 2 monolayer is affected by

sulfur vacancies. The second section presents the crack propagation in bilayer MoS 2

and the atomic scale interlocking frictional mechanisms. The last part examines

the propagation anisotropy due to the loss of inversion symmetry in the transition

metal dichalcogenides. The works presented here are the collaboration with Jamie H.

Warner's group in Oxford University and based on the published articles [35, 37, 1031.

3.2 Crack propagation in MoS 2 monolayer and sulfur

vacancies

3.2.1 Introduction

We combine in-situ transmission electron microscopy and large-scale molecular dy-

namics simulations to investigate brittle fracture in 2D monolayer MoS 2 , revealing

that cracks propagate with a tip of atomic sharpness through the preferential di-

rection with least energy release. We find that sparse vacancy defects cause crack

deflections, while increasing defect density shifts the fracture mechanism from brittle
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to ductile by the migration of vacancies in the strain fields into networks. The fracture

toughness of defective MoS 2 are found to exceed that of graphene due to interactions

between the atomically sharp crack tips and vacancy clusters during propagation.

These results show monolayer 2D materials are ideal for revealing fundamental as-

pects of fracture mechanics not previously possible with thicker materials, similar to

studies of dislocation behavior in 2D materials.

3.2.2 Methods

Monolayer MoS 2 model for molecular dynamics simulations

The MD simulations in this method section are designed and conducted by Dr. Zhao

Qin with the forcefield I developed. For MoS 2 model in mechanical penetration test

in molecular dynamics simulations,-we use monolayer MoS 2 in size of 50 x 50 nm with

an initial circular hole at the center of the sample. The hole is of 10 nm in diameter

and it has two initial triangular cracks at its periphery of two opposite points. Each

initial crack has 300 sharpness for its crack tip and 2 nm in length. We incorporate

the cohesion between the bottom layer of S atom in MoS 2 and the substrate by using

a Lennard-Jones intermolecular potential with the 9-3 form of

E(Si 3 N4 ) = E[2/15(u/r)9 - (a/'], (3.1)

where r is the distance from a S atom to the surface of substrate, and o and E are

parameters that relates to the equilibrium distance r = 0.858a- and adhesion energy

1.054c per S atom. It is noted that this potential is derived by integrating over

a 3-dimensional half-lattice of LJ 12-6 particles, which is suitable to describe the

interaction with the Si3 N4 substrate. In simulations we use 0-=2.3 A and it gives the

equilibrium distance of 2.0 A same as the van der Waals radius of the S atom. We test

the mechanical strength of the MoS 2 by varying adhesion energy from 0.238 eV/ nm 2

to 7.15 eV/ nm2 , which correspond to 6=0.02 to 0.6 eV in our model and find that

for e > 0.24 eV, increment in e does not affect the strength of the monolayer MoS 2

anymore. We thereafter use E=1.0 eV through our simulations to ensure the in-plane
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deformation of the MoS 2 under mechanical loading to study the intrinsic strength

and fracture toughness of MoS2 without some effects from ripples, which agree with

what is observed in all the experiments.

Fracture tests on monolayer MoS 2 by mechanical force

The time step used for time integration is 0.5 fs in the dynamics simulations. We

create different ratio of defects in the MoS 2 model simply by randomly removing the

S atoms with certain amount that corresponds to the defect ratio throughout the

material at the beginning of the simulation. Before we conduct the mechanical pene-

tration tests, the system is fully equilibrated with elevated temperature from 1 K to

300 K by using a Langevin thermostat. The dynamics simulation is run in an NVT

ensemble (constant number of particles, volume and temperature) with the temper-

ature controlled by a Nose-Hoover thermostat. We use a cylindrical nanoindenter

model with stiffness of K=0.5 eV/ A3 to apply force on the inner layer of the round

hole (force on an atom is given by F(R) = -K(R - Ro(t))2 as R is the distance from

the central axis of the indenter and Ro(t) is the radius of the indenter at the current

time) in the monolayer MoS 2 by increasing the radius of the nanoindenter Ro in a

quasi-static way. For each increment, we linearly increase Ro from initially 50 A by

ARO = A within 10,000 steps, following by equilibrating the system by both energy

minimization and equilibration for 20,000 steps by keeping the Ro at constant value.

We note that we perform energy minimization and relaxation at every quasi-

static step, which allow us to describe the deformation of MoS 2 without the strain

rate effect. By repeating the increment process, we are able to deform and fracture

the entire MoS 2 model with the cracks propagate from the initial triangular cracks.

We compute the total potential energy of the system after fully fracture as Eend and

before mechanical loading as Einit and calculate the energy release rate via

Gc = (Eend - Eint)/(L - Lo) (3.2)

where L=50 nm is the length of the sample and Lo = 14 nm is the total length of

57



the round hole and 2 triangular cracks. We find that reducing ARO does not alter

the Ereease value. We repeat the penetration test for pristine MoS2 for 4 times for

initial cracks along different material directions (armchair versus zigzag) by changing

the initial velocity distribution and measure Ereease for each of the simulations.

3.2.3 Results and Discussions

Figure 3-1b shows a low magnification TEM image of the region where the electron

beam has popped the MoS 2 membrane by sputtering a hole, indicated with the yellow

dashed boxed area, and the cracks that emanated into the surround area of the MoS 2

that had not been subjected to electron beam irradiation. The region of the crack tip

is indicated with the white dashed box, Figure 3-1(b), and the inset shows a magnified

view of this area. The cracks were found to have zigzag edge terminations, as shown

in figure 3-1(c), that are long and straight and indicative of brittle fracture along the

crystallographic plane. Large scale MD simulations also predict the presence of cracks

propagating from the end of an elliptical hole, Figure 3-1(d) and (e), along the zigzag

direction with similar zigzag edge terminations. Snapshots from the MD simulations

reveal that the crack can narrow to an apex tip with atomic sharpness and in some

cases have reconstructed tips that contain atomic chains bridging the gap, Figure 3-

1(f)-(h). Analysis of AC-TEM images for several different crack tips showed excellent

agreement with the MD calculations (Figure 3-1(f),(g)), with the two different types

of sharp tips (atomically sharp and reconstructed) observed, Figure 3-2(a)-(d). The

AC-TEM image in figure 2b shows the crack narrows all the way down to a single

Mo-S bond at its tip, indicated with an arrow. This confirms that crack tips with

atomic sharpness can exist in monolayer MoS 2 . Figure 3-2(f)-(j) presents a schematic

illustration based on experimental observations that indicates the movement of atoms

required to form the reconstructed tip. The difference in strain fields of the recon-

structed tip, Figure 3-3 (a), and atomically sharp tip, Figure 3-3(f), were evaluated

using geometric phase analysis of the AC-TEM images. This method is effective at

identifying dislocations from their strain profile and understanding rotation effects in

the lattice. The strain maps from the reconstructed crack tip, Figure 3-3(b)-(e), show
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Figure 3-1: (a) Schematic illustration showing CVD-grown triangular-shaped mono-

layer MoS 2 domains with the size of -15 pm transferred on to a Si3 N4 TEM grid

with arrays of 2 micron holes. Each domain can completely cover several holes. The

zoomed-in image of the circular window showing the crack generation process by the

focused e-beam on the suspended monolayer MoS 2 membrane covered on one TEM

hole. (b) TEM image showing the crack microstructure. The crack was developed

from a hole created by continuous focused e-beam irradiation, marked by the yellow

box. A typical crack propagated along a certain lattice direction can be seen, leav-

ing long and straight teared edges, highlighted by the red arrow. The white dashed

box shows the crack morphology in its final propagation stage including the crack

tip with a higher magnification image below as an inset. (c) Montage of AC-TEM

images stitched together to show the long range atomic sharpness of the edges of the

crack. (g)-(h) A snapshot of MD simulation of the crack propagating from the end

of an elliptical hole in a piece of MoS 2 model of 200 by 200 nm2 under mechanical

stretching force. The crack tip shows an atomic sharpness feature. (i)-(j) A MD

simulation snapshot of a different crack propagation by creating a smooth crack edge

before creating a step and breaking bonds in front of an intact Mo-S bond, leaving a

residue chain behind the crack tip.
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Figure 3-2: (a) AC-TEM image of an atomically sharp crack tip in MoS 2 and (b) a

magnified image with atomic model overlay. (c) AC-TEM image of a reconstructed

sharp tip in MoS 2 and (d) a magnified image with atomic model overlay. (e) AC-TEM

image of a reconstructed crack tip, from panel d, with atomic model overlay to indicate

the position of atoms relative to the non-reconstructed form. (f)-(j) Schematic atomic

models illustrating the step by step process to transform the tip into a reconstructed

form.

b EXX C EydtyeRt

Figure 3-3: AC-TEM images of crack tips (a) reconstructed with dislocation and

(f) non-reconstructed and dislocation free. (b)-(e) Strain components, X c, , EY,
and Rotation (radians), extracted by geometric phase analysis (GPA) from AC-TEM

image in (a). Red arrow indicates strain feature associated with dislocation core.

Scale bar in (b) ranges from -1 to 1 and is used all components except rotation. (g)-
(j) Strain components, E, Exy, egy and rotation (radians), extracted by geometric

phase analysis (GPA) from AC-TEM image in (f).
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the typical pattern in the Ec and EY, strain maps (Figure 3-3(b),(d)) for a dislocation

at the front of the reconstructed region, which is not observed in the atomically sharp

crack tip strain maps, Figure 3-3(g),(i). The magnitude of the rotation strain appears

larger for the reconstructed tip, Figure 3-3(e), compared to the atomically sharp tip,

Figure 3-3(j). The use of GPA in Figure 3-3 clearly shows the difference between the

two types of tip structures. Crack propagations in MoS 2 can be straight for up to

Itm, forming atomically smooth edges of over nanoscale distances (Figure 3-4(a)-(d)).

Very tiny (sub-nm) crack deflections are observed across one or two rows of lattice,

Figure 3-4(a). Interestingly, different from graphene, for which cracks occur along

both armchair and zigzag lattice directions, in monolayer MoS 2 cracks predominantly

occur along the zigzag lattice direction. The cracks have complementary atomic

edge terminations, indicative of cleaving the Mo-S bond along the zigzag direction,

as shown in Figure 3-4(b)-(d) (Figure B-25, Figure B-26). Occasional 600 direction

changes of the cracks following zigzag orientations are observed, Figure 3-4(e), and

the near-perfect unzipping along all directions demonstrates brittle fracture. MD

simulations show that cracks heading in the zigzag direction have smooth propaga-

tion with tiny deflections, while a crack heading in the armchair direction propagates

with more deflections of 60', Figure 3-4(g) and (h). The computed energy release

from MD simulations along the zigzag direction is 2.09 0.13 eV/ A, lower than the

armchair direction of 2.48 0.16 eV/A, agreeing with previous DFT calculations of

2.21 eV/A for zigzag directions (Figure 3-4(i)). Such difference in energy release ex-

plains the predominant zigzag crack propagation direction. The ratio of the energy

release is very close to the ratio of the total crack length (cos(30 0 )), suggesting that

the increment in the crack path length for the atomic crack tip mainly contributes to

the delayed crack propagation along the armchair direction.

Exposing the crack tip region to the e-beam causes propagation within a fixed

location (Figure B-27(a)-(c)). A fracture speed of ~ 0.2 nm/s was found under the

conditions, Figure 3-5(a)-(c), and is slow enough to capture the dynamics with atomic

resolution in AC-TEM. The e-beam introduces S vacancies into the MoS 2 lattice,

causing crack path deflections, Figure 3-5(d)-(f). The crack structures studied in
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Figure 3-4: (a) AC-TEM image of long and straight zigzag crack edges. The inset

is the Fourier transform of the image with labels of two main families of 2D MoS 2

crystal planes, 100 and 110. (b) Detailed structure of the MoS 2 edges from the region

indicated by the white dashed box in panel a. (c) Atomic model of the edge structure

in panel b. The blue, yellow and orange spheres represent the single Mo atom, double

S atoms and the single S atom, respectively. The yellow circles represent the missing

S atoms, and the series of horizontal blue dashed lines are drawn to help showing

the alignment between these two edges. (d) Multi-slice image simulation using the

atomic model in panel c in a supercell. (e) AC-TEM image showing direction changes

of crack direction along the zigzag lattice direction. The inset is the Fourier transform

of the image, confirming the zigzag direction of each edge. (f) Simulation snapshots of

the MoS2 model before and after loading by penetrating with a rigid cylindrical beam

as schematically shown. Each model is initially built with a circular hole of 10 nm

in diameter and two initial cracks with 300 sharpness and 2 nm in length. Increment

in the diameter of the beam generates the driving force for the crack to propagate.

We test models of different lattice directions (zigzag versus armchair) respect to the

direction of the initial cracks. Snapshots of the crack edges after rupturing along the

zigzag (g) and armchair (h) directions. (i) Energy release after crack propagation in

two different directions.
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Figure 3-5: (a)-(c) A time series of AC-TEM images showing crack movement through

a mildly-defective region, having a low concentration of S vacancies. (d)-(f) AC-TEM

images showing the detailed propagation of the crack tip, marked in the region of the

white dashed boxes in panel a, b and c, respectively. The white circles in panel

d indicate two S vacancies close to the crack path. However, these two vacancies

disappeared after the crack tip passing through, as two locations where sitting S

vacancies were replaced by regular double stacked S atoms, marked by two white

circles in panel e. The yellow dashed line in panel d represents the tearing path of

the crack front with a white arrow indicating the path deflection point, situating

between two S vacancies. The green circles numbered from 1 to 4 are used to show

four S vacancy defects located farther away from the tearing path, compared to those

two vacancies marked by white circles. Their locations in panel e are labelled by

green circles with corresponding numbers from 1' to 4', respectively. (g)-(i) AC-TEM
images of the crack tip region marked in white boxes in panels d, e and f, respectively,
with atomic models overlaid. The blue, yellow and orange circles represent the single

Mo atom, double S atoms and the single S atom, respectively. All scale bars are 1

nm. (j)-(m) Simulation snapshots of the crack propagation in a MoS 2 model with 1%

S atom missing, showing the crack pathway is deflected by the defects near the crack

tip.
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Figures 3-1-3-4 had fast propagation in pristine regions of the MoS 2 that were not

exposed to the e-beam and therefore had minimal defect density. Simulations with

1% S vacancies under the same loading condition, Figure 3-4(f), show different crack

propagation compared to pristine MoS 2 , Figure 3-5(j) to (m), in agreement with the

experimental results. Deflection occurs at a region between the two S vacancies, and

once the crack front passes through the two S vacancies disappear, Figure 3-5(e), due

to vacancy migration induced by stress concentration around the crack tip. Because

of the mobility of vacancies in the stress field, the location of the crack deflection point

is not simply determined by the position of static defects, but instead is an evolving

dynamic process of vacancy migration and crack propagation by bond unzipping.

Figure 3-6: Time series of AC-TEM images showing the in-situ crack propagation

within a moderately defective MoS 2 region containing an increased number of vacancy

defect. (a)-(e) A time series of AC-TEM images of crack propagation across an area

with a medium concentration of S vacancies, showing the creation of dislocations

and micro-cracks ahead of the crack tip marked by white dashed rectangles. The

yellow ellipses in panels a and b show the aggregation of some S vacancies into line

defects, which subsequently evolve into dislocation pools in panel c as the crack

tip approaches. (f)-(i) AC-TEM images of regions marked in white dashed boxes

in panels a to d, respectively. Dislocations with corresponding Burgers' vectors,
labelled by green arrows, are shown by drawing Burgers' circuits in white. Dislocation-

free micro-crack is marked by green dashed lines. All scale bars are 1 nm. (j)-(r)

Simulation snapshots of the crack propagation in a MoS 2 model with 20% S atom

missing, showing various types of dislocations form at the crack tip. The dislocations

interact with the crack propagation by deflecting the crack path and making the crack

tip less sharp than material samples with lower defect rates.
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In addition, stress concentrated at the crack tip induces lattice distortions, causing

the regularly stacked double S atoms in the (001) crystal orientation to split, Figure

3-5(g) and (h), as well as Figure 3-5(j) and (k) in simulations. However, there is no

obvious lattice reconstruction in the tip region. The crack typically propagates by

directly unzipping the Mo-S bond (marked by A and B in Figure 3-5(h)) perpendicular

to the tearing path along the zigzag direction. Once the crack tip passes, the distortion

in the bonding is reduced, but with some of the S atoms on the S-terminated edge

lost or reconstructed to out-of-plane positions.

Increasing the vacancy defect concentration in front of a crack tip results in dis-

tinctly different crack propagation behavior, with some of the single S vacancies ag-

glomerating into line defects followed by the formation of dislocations and micro-

cracks ahead of the tip and small regions of dislocation-free lattice trapped between,

Figure 3-6(a)-(e). Simulations show similar dislocation formation when increasing S

vacancy density up to 20%, Figure 3-6(j)-(n). The Burgers vector of the dislocation

region shows two types, (1,0) dislocation and (1,0) + (0,1) dislocation, constructed

from two Ib(1,0)I = 3.1 A dislocations of (1,0) and (0,1), Figure 3-6(f)-(i). All these

dislocation forms can be identified in the simulation snapshots at the crack tip as

shown in Figure 3-6(o)-(r) for moderately defective samples. The continuous creation

of dislocations ahead of the crack front decreases the vacancy density in this region

(comparing Figure 3-6(a) with (d) and (e)), indicating that the dislocations are partly

generated by the aggregation of vacancy defects. Furthermore, large-area dislocation

pools are formed by the coalescence of small dislocation cores with dislocation-free

micro-crack, Figure 3-6 (h) and (i). A fracture velocity of -0.07 nm/s, in this mod-

erately defective region is the lowest speed measured, compared to the pristine and

mildly defective regions.

3.2.4 Conclusions

In summary, our findings enable validation of many theoretical and computational

studies that form the foundation of fracture mechanics, but which were previously too

difficult to observe at the single atom level in thick materials. Crack tips remained
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atomically sharp during propagation and in dislocation nucleation. The atomically

sharp crack does not have infinitely large stress at the tip because the interactions

between defects and crack tip can lead to deflections, crack blunting and plastic

yielding by rearranging of the defects. Increasing the density of defects in MoS 2 leads

to enhanced fracture toughness, as crack tips become blunt and the propagation speed

reduces dramatically, which is associated with increased fracture toughness.

3.3 Crack propagation in bilayer MoS 2

3.3.1 Introduction

Fundamental fracture mechanics is of crucial concern for materials engineering and

subsequent applications, which requires understanding the underlying mechanisms

governing crack propagation in a broad range of scientific disciplines [104, 105, 106].

As a post-graphene material, molybdenum disulfide (MoS 2 ) monolayer is a two-

dimensional (2D) material from the transition metal dichalcogenide (TMD) family

that has attracted considerable attention due to its electronic and optoelectronic

properties [107, 108, 14, 1091. These 2D materials show distinct mechanical behav-

iors [1101 and their atomically thin structures provide opportunities for observing

atom dynamics [111, 112] and manipulating atomic configurations [1131. Differently

from bulk materials, a single bond breaking in these 2D structures can result in crack

propagation due to their atomic thinness. Therefore, the behavior of crack-tip in 2D

materials is strongly affected by atomic scale features near the crack-tip, e.g., defects

and grain boundaries [35, 31].

Furthermore, there are emerging applications and fundamental engineering arising

from the addition of more layers to the system, e.g., electro-mechanics [114, 115, 116]

and van der Waals (vdW) heterostructures [5, 17, 19] where the interlayer interaction

becomes more crucial for their fracture. Thus, characterizing interlayer interactions

and understanding their roles in the mechanical stability and failure are of great im-

portance for the development of devices based on the combination of 2D materials.
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To understand the multilayer 2D systems, the stacking geometries and binding ener-

gies of differently stacked bilayer MoS 2 systems have been reported [97, 981. Despite

these previous initiatives, the atomic-scale mechanics of crack-tip behaviors in multi-

layer MoS 2 systems have been elusive so far due to the challenges associated with its

direct experimental observation and development of predictive atomic-scale models.

Specifically, it is quite elusive how the interlayer interaction of MoS 2 may interplay

with the crack-tip behaviors in one of the layers.

Our previous study has demonstrated that in-situ aberration-corrected transmis-

sion electron microscopy (AC-TEM) and molecular dynamics (MD) simulations are

efficient tools to investigate the dynamics of crack-tip behaviors and fracture of MoS 2

monolayer. By utilizing these tools, we report here the dynamics of crack propa-

gation in suspended bilayer MoS 2 and address questions related to the effects of the

uncracked layer on crack propagation in the cracked layer. Our finding reveals atomic-

scale features and interlayer interactions of the multilayer system with 2D materials,

which impacts the bottom-up design of vdW heterostructures and applications of

electro-mechanics.

3.3.2 Methods

Crack blocking: Crack propagation into stacked finite bilayer regions

We prepared a 30 x 50 nm rectangular MoS 2 layer (bottom layer) for the crack region

with a circular layer (top layer) with a 14nm radius for the uncracked region as shown

in Figure B-2(a). The circular regions were stacked in six different ways: 0' (3R),

150, 300, 450 , and 600 (2H) rotated. In the beginning, the systems were stretched

with 3.2% tensile strain in the x direction, which allowed crack propagation and

broke the monolayer layer as shown in Figure B-2(b). After energy minimization, the

system was relaxed with NVT ensemble at low temperature 10K for 100ps with 1 fs

time step. At this point, the bottom layer was still pre-stretched but the top layer

was fully relaxed without rotation. Then, NVE ensemble was applied to ignore the

undesired effects from the thermostat before a crack insertion in the bottom layer.
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After a sharp crack (lc = 15nm) was inserted in the bottom layer and the crack

propagation was observed as shown in Figure B-2(b).

Coherent fracture: Crack propagation into stacked semi-infinite bilayer

regions

Instead of a finite circular layer, a semi-infinite top layer that is large enough to be

pre-stretched with the bottom layer was modeled. A square layer (30 x 30 nm) was

stacked on the bottom layer with different angles: 0' (3R), 15', and 600 (2H). The

bottom layer was 30 x 40 nm and the entire system was relaxed with NVT ensemble

at 10K for 100ps after energy minimization. The ensemble was changed from NVT

to NVE and the major crack (lc = 8nm) in the bottom layer was inserted. Different

flaws were introduced in the top layer from 0 to 3nm crack (1c2) on the crack-path in

the bottom layer as shown in Figure B-4(a). The flaw lengths were too short to allow

the crack propagation in the top layer with the applied pre-strain (-5%).

Crack branching: Cracks in 2H stacked bilayer MoS 2

From the experimental observation in Figure 3-11, we prepared the 40 x 40 nm square

layer for the top and bottom layer with 2H-stacked condition as shown in Figure B-

5(a). First, different ratios of defects were introduced in the defect region of the top

layer where the width is 2nm and the length is 40 nm. Each model was relaxed with

4% pre-strain in the x direction. After energy minimization, the system was relaxed

with NVT ensemble at 10K for 100ps. The ensemble was changed from NVT to

NVE and a crack (l ~ 8nm) was introduced in the bottom layer. The stored strain

energy allowed the crack start to propagate, and the natural behaviors of both layers

were observed. The left and right boundaries were fixed in the x direction and top

and bottom boundaries were fixed in the y direction with a non-periodic boundary

condition, mimicking the main features from the experimental structure in Figure

3-11.
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3.3.3 Results and Discussions

One of the most promising methods to produce high-quality and large-area MoS 2 is

chemical vapor deposition (CVD). By adjusting the synthesis parameters properly,

the MoS 2 samples contain regions of both monolayer and bilayer. In our experimental,

setup, cracks are introduced into MoS 2 by popping a strained MoS 2 membrane with a

focused high-energy electron beam in Figure 3-7(a) to cause fractures that enable the

observation of the crack-tip behaviors with AC-TEM. The cracks that initially appear

in the monolayer regions then propagate into the bilayer domains in Figure 3-7(b)

(i-iv). The single atom resolution of AC-TEM and the application of Fast Fourier

Transformation (FFT) to TEM images, which enables the extraction of specific lattice

information in the reciprocal space to successfully reconstruct the atomic details of

each layer in the bilayer MoS2 as demonstrated in Figure 3-7(b) (v-viii).

To obtain a reliable forcefield for performing MD simulations that are able to

reproduce the behavior of crack-tips in bilayer MoS 2 system, REBO parameters are

utilized by using dispersion-corrected DFT calculations to describe both mechanical

properties of intralayer and interlayer interactions of MoS 2 (See 2.4.5 in Chapter 2).

The binding energy between the two layers and mechanical properties of monolayer

MoS 2 are critical for MD simulations to provide reliable insights into the mechanisms

behind the observed behaviors of the crack-tips. For the binding energy, we chose

the two representative stacks, AA and 2H(AA'), as a reference to tune the vdW

parameters. Then, we tuned the interatomic REBO parameters for the mechanical

properties of monolayer MoS 2 . The elasticity and strength of monolayer MoS 2 from

our MD show good agreement with those from our DFT calculation, and the previous

studies [99, 921. Also, the crack behavior in the bilayer region is well captured in Fig-

ure 3-7(c). Then, the subsequent MD simulations allow us to systematically measure

the friction between the two layers with different stacks and loading directions as

shown in Figure 3-8(a). The magnitude of the friction significantly depends on the

stacking and loading conditions (Figure 3-8(b)). The results show that frictions in

armchair (AC) directions with 2H and 3R stacks can reach 10 times higher than
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Figure 3-7: (a) Schematic illustration showing CVD grown mono- and bi-layer MoS 2

on Si3 N4 TEM grid. The focused e-beam on the suspended layers generates a hole

and cracks. (b) A time series of AC-TEM images (i-iv) showing a crack going from

the monolayer into the turbostratically-stacked bilayer region. The color of these AC-

TEM images is inverted to give a higher visual contrast so that atoms are in white.

The crack is restricted to one layer even in the bilayer region. (v-viii) A time series of

reconstructed AC-TEM images after filtering out the uncracked layer. (c) The snap

shots of MD simulation before (i) and after (ii) crack propagation into the triangular

bilayer region. The atomic bond breaking and moir6 pattern coming from bilayer can

be well captured with reactive MD simulations (iii, iv).
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Figure 3-8: (a) Schematic depiction of MD simulations for interlayer frictional forces

per area (eV/nm3 ) with four different loading directions: positive and negative zigzag

(+ZZ and -ZZ) and armchair directions (+AC and -AC). (b) The forces obtained
from the system size of 2R =150A (c) The relative positions of sulfurs of top and

bottom layers. Considering the small difference from the weak vdW interactions, the

10 times higher friction force is counterintuitive. (d) A table for the averaged frictions

(nN/nm 2 ). The two values in the +AC represent the two peaks of the frictions. The

forces and directional dependence can be explained with the relative distance and

position of sulfur atoms, suggesting the friction is originated from the geometrical

interlocking. The detailed values are listed in Table E.5 - E.8.
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turbostratically-stacked systems. The origin of the difference for 2H and 3R with re-

spect to turbostratically-stacked systems is expected to come from different binding

energies as shown inTable E.1 and E.2. However, the binding energies of 2H or 3R

stacking are only ~ 1.5 times larger than those of AA stacking (See Figure 2-6 and

Table E.1). Instead, analyzing the relative positions of sulfur atoms in the top and

bottom layers indicate a geometric effect on the friction. As shown in Figure 3-8(c),

sulfur positions in zigzag (ZZ) directions are highly symmetric while sulfur posi-

tions in AC directions are asymmetric. In fact, the peaks of friction forces occur

when the sulfur atoms of the top layer align with the sulfur atoms of the bottom

layer. Our results show that the slopes are equal to all peaks due to the geome-

try and number of interacting sulfur atoms per unit length. Therefore, we conclude

that such large difference results not from the vdW interaction itself but geometrical

interlocking between two layers.

The friction per unit area of the stacked bilayer is likely to decrease as the stacked

areas increase (See Tables E.4 -E.8) because local ripples and deformation facilitate

the sliding as the stacked areas increase in Figure B-2. Also, We have evaluated

the loading rate dependence. The results show that the friction values are likely

to decrease as the loading rate decreases as shown in Figure B-1. However, the

friction values of 2H and 3R systems are less sensitive to the loading rate compared

to turbostratically-stacked layers, which means that the friction from well-stacked

layers can be relatively much stronger than the friction coming from turbostratically-

stacked layers at the slow loading rate limit. This geometrically interlocking friction of

MoS 2 allows us to understand complicated crack-tip behaviors observed with in-situ

AC-TEM.

Crack tips in turbostratically-stacked bilayer MoS 2 region: crack blocking

Figure 3-9 shows the experimental observation of crack propagation in turbostratically-

stacked bilayer regions with AC-TEM, together with MD results. In turbostratically-

stacked systems one of the layers can be removed in AC-TEM images by using a mask

in Fourier space to study the crack in detail without the interference of the second
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layer. The AC-TEM images reconstructed by these means show the atomic structures

of both the cracked and uncracked regions separately, which can be directly compared

to the simulation results. Both AC-TEM images and MD simulations reveal that the

crack prefers the zigzag direction for propagating, and as a consequence the sliding

of the cracked layer with respect to the uncracked one generates different moire pat-

terns in Figure 3-9(a)-(f). The asymmetric moir6 patterns along the crack result from

asymmetric friction from the other layer.

To see how the friction from the different stacking can disturb the crack propa-

gation, we performed MD simulations with a circular bilayer with different stacking

conditions (Figure B-1(a)). Due to the elastic energy, a crack naturally propagates

into the circular bilayer regions. The propagation of the crack is drastically disturbed

and finally stops at the center of the circular region with 0' (3R) and 60' (2H). How-

ever, the other stacks (e.g., 15', 30', and 450) cannot disturb the cracks enough as

shown in Figure B-3(b). Figure 3-9 and Figure B-4 show that the interlocking friction

strongly interacts with the crack-tip with 0' (3R) and 60' (2H).

Crack propagation through the entire bilayer region: coherent fracture

Figure 3-10 shows two distinct fracture behaviors in suspended MoS 2 with 600 (2H)

that are generated by puncturing the membrane with the electron beam irradiation

in a monolayer region. The crack on the left propagated too fast to be captured

with the AC-TEM imaging technique, while the crack on the right propagated slowly

enough to be tracked. Despite the fast propagation of the first crack, the image

shows a complete fracturing of both layers, while the slow crack is confined in one

layer without any interruption of the second layer. Although friction force from fast

crack propagation should be higher than that from slow propagation, this loading

rate dependence is not sufficient to explain this coherent fracture. To probe whether

the uncracked layer breaks due to the crack propagation in the second layer, we

performed MD simulations of a 30 x 40 nm rectangular-shaped bottom layer with

an 8 nm length initial crack. To evaluate the differences coming from the stacking

conditions, 30 x 30 nm square-shaped top layer is stacked with 0' (3R), 600 (2H), and
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Figure 3-9: (a) AC-TEM image showing a crack propagating in one layer of a

turbostratically-stacked bilayer MoS2 . (b) Reconstructed AC-TEM image. It high-

lights the lattice configuration of the fractured layer. The crack tip region is zoomed-

in with atomic models overlaid, which shows atomic sharpness. The blue and yellow

spheres represent Mo and S atoms, respectively. (c) The yellow outline indicates the

region that has a crack on the other layer. (d) The MD simulation of crack propaga-

tion into finite bilayer region that is turbostratically stacked by 15 degrees. The white

hexagons indicate the size of moir6 patterns (e) Crack-tip image in the cracked re-

gion showing atomic sharpness as AC-TEM image (f) Image of the un-cracked finite

layer region without any structural change. The arrows indicate the zigzag lattice

direction in both AC-TEM images and MD simulations. (g)-(h) The MD results of

crack propagation with different stacking. 2H (60') and 3R (0) stacks block the

crack propagation while the other stacks allow the crack to propagate through entire

layers. (j)-(l) The friction distribution from vdW of the two sulfurs in the top and

bottom layers, showing the regions of highly activated interlocking friction. 2H and

3R stacks show stronger interaction between the friction and the crack tips than the

stack with 150. The region with high friction provides driving force to dominate the

fracture of the top layer and its discontinuous distribution associate with the stacking

geometry with the two layers after deformation.
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150. The top layer is assumed to be semi-infinite with periodic boundary conditions

(Figure B-5(a)). The top layer does not break even if the pre-strain increases in

both layers, which corresponds to faster propagation due to higher elastic energy.

The crack propagations cause local ripples in the cracked layer and the propagation

disturbed the coherent behaviors (consisting 2H stack) as shown in Figure 3-10(e)

and Figure B-6, significantly reducing the coherency of the friction. Once the 2H

stack is distorted, it does not recover its alignment due to the mismatching strains

at both layers. However, this behavior changes drastically if the top layer has a

small flaw on the crack propagation path. Due to this flaw, the regions near the flaw

are not well stacked in 2H anymore before the crack propagation, showing highly

activated interlocking friction in Figure 3-10(g)-(i), allowing coherent movement to

cause effective tensile stress near the crack tip after initial crack passed as shown in

Figure 3-10(f). Therefore, the small flaw becomes a crack-tip following the first crack

path. It is important to note that this flaw is too small to break along itself. Also,

the coherent fracture happens with 3R, but not with turbostratically-stacked layer as

shown in Figure B-5(b).

Cracks in 2H-stacked bilayer MoS 2 : crack branching

Figure 3-11(a) shows a region in the bilayer MoS 2 where the 1st crack tip is in the

monolayer region and the 2nd crack goes through both layers. There is lattice dis-

tortion along the 1st crack path, which could be a result from defects and grain

boundaries. As shown in Figure 3-11(e), moir6 patterns are observed at the front of

the 1st crack. Although these irregular moir6 patterns could be thought to arise from

a local ripple of one layer, the remaining tensile strain of the other layer prevents

the local ripple from appearing with such extremely confined width and non-straight

shape [1171. Also, if this comes from grain boundaries, well-aligned 2H phase in over-

all regions is not possible. Thus, it is reasonable to conclude that the distortion comes

from local defects. These specific structures are able to appear when two separated

triangles with 2H stack on monolayer MoS 2 combine during CVD growth-process.

Furthermore, the 1st crack path is on the defect region of the 2nd layer, which can
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Figure 3-10: (a) Low-mag TEM image showing two cracks on a suspended MoS 2

region. Most areas of this suspended MoS 2 region are monolayer, with some small

bilayer/multilayer islands distributed on it, as marked by yellow arrow. The red arrow

on the left indicates one of them, and the other one is on the right. (b) Zoom-in TEM

image of the region marked by the dashed white box on the left crack in panel a. (c)

Zoom-in TEM image of the region marked by the dashed yellow box at the tip region

on the right crack of panel a. (d) Zoom-in TEM image of the region in the cyan

dashed box in panel c.(e-f) Snap shots of MD simulations. (e) The crack passes

through in the bottom layer without breaking the other layer because the interlayer

friction reduces significantly by disturbed stacking alignment. (f) Coherent fracture

occurs when both layers move coherently during the crack propagation. The red

triangle indicates the regions where the effective tensile stress locally occurs due to

the high friction from 2H stack alignment. The top layer breaks after the crack pass

through in the bottom layer. (g-h) The distribution of the friction from vdW atomic

stress of the two sulfurs in the top and bottom layers before the crack propagation.

2H stack without a small flaw shows no activated friction while 2H and 3R stacks

with a small flaw show highly activated friction regions near the small flaw, which

causes effective tensile stress near the crack tip.
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result from weakening friction in the non-coherent 2H-stacked regions. Surprisingly,

the 1st crack branches into highly complicated paths in Figure 3-11(f), in contrast to

the other observed cracks.

To understand this complex crack-tip behavior in the system, we derived three

critical factors to model the systems. First, the entire system is considered as a

2H-stacked bilayer. Second, a thin defected region is prepared in the uncracked 2nd

layer. Finally, the system is constrained not only in the crack propagation direction

but also in the direction perpendicular to the crack propagation, which implies fixing

all boundaries. Within these settings, we simulated a 40x40 nm bilayer system with an

initial crack inserted in the 1st layer. The 2nd layer has 2nm-width defect regions with

different defect ratios, as shown in Figure B-7(a). As the defect ratio increases, the

crack path becomes more disturbed and eventually branches when 10% defects ratio

is reached (Figure B-7(b) and Figure 3-11(i)). The boundary condition is essential to

provide driving force for the branched crack to propagate into the different direction

from the initial direction.

The branched directions of the crack also show good agreement with AC-TEM

images. One crack is likely to pass straight following a zigzag edge direction, and

the other crack is deflected to the armchair edge direction as shown in Figure 3-

11(f) and (i). The asymmetry of friction force due to non-2H stack in Figure 3-

11(1) controls the direction of the branches. Also, the branching point in both AC-

TEM images and MD snap shots show non 2H-stacked moir6 patterns, where the

asymmetric force can occur. While one of cracks eventually propagates the entire

region with MD simulations, AC-TEM images show that the branched cracks run

parallel and leave islands behind. This behavior is not mechanically driven but by

sulfur vacancies induced by electron beams because the islands become smaller by

losing atoms without sliding (without changing moir6 patterns).

3.3.4 Conclusions

In summary, we combine in-situ AC-TEM and DFT-based reactive MD to investi-

gate crack-tip behaviors in bilayer MoS 2 , revealing the sulfur-to-sulfur geometrical
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Figure 3-11: (a) AC-TEM image showing cracks in a 2H-stacked bilayer MoS 2 region.

In this case, cracks happen in both layers, with a crack in one layer going beyond

the other. (b) Zoom-in AC-TEM image of the region in the white dashed box in

panel a, showing that the lattice in the monolayer region is deformed as indicated by

the red region. (c) Reconstructed AC-TEM image after applying a mask to one set

of the FFT spots, as indicated by the cyan spheres of the inset. (d) Reconstructed

AC-TEM image after applying a mask to the other set of the FFT spots, as indicated

by the yellow spheres of the inset. (e) AC-TEM image showing 1st crack in panel

a branches off into two cracks, leaving some bilayer islands in between. Two cracks

are highlighted by adding half-transparent white masks, as shown in panel (f). The

FFT patterns 1 and 2 are shown in (g) and (h), respectively. (i)A crack branches

in MD simulations due to the introduced defects in uncracked layer. The red arrows

indicate lower frictions while the blue arrows show the activation of high frictions due

to geometric interlocking. (k) The distributions of friction in the x direction from

vdW of the two sulfurs in the top and bottom layers with 0 and 10% sulfur vacancies.

(1) The distributions of friction in the y direction from vdW of the two sulfurs in the

top and bottom layers with 0 and 10% sulfur vacancies.
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interlocking mechanism. Both stacking and loading conditions significantly affect the

interlayer friction where 2H and 3R stacks show extremely high static friction com-

pared to turbostratically-stacked layers. Complex crack-tip behavior in bilayer MoS 2

is governed by highly variable interlayer friction. 1) A crack can either propagate

or be blocked. 2) a crack propagation in the first layer can induce breaking in the

other 2H- or 3R-stacked layer when small flaws in the second layer are located in the

first crack path. 3) A crack in the first layer branches due to the existence of defects

or atomic configuration in the other layer. The observed complex behaviors can be

explained by the principles we derived:

1. Higher friction from sulfur-to-sulfur interlocking of 2H and 3R stacks

2. Lower friction of turbostratic stacks

3. Loading-directional dependence of asymmetric frictions

These essential insights into the complex fracture of bilayer MoS 2 , can also apply to

other transition metal dichalcogenide (TMD) materials, which further increases the

relevance of this scientific contribution.

3.4 Anisotropic crack propagation in monolayer WS 2

3.4.1 Introduction

Understanding fracture mechanics is essential for developing correct models of failure

due to crack propagation [104, 105, 106, 118, 119], and improvements to materials

synthesis to enhance their strength. In brittle crystalline materials, cracks propa-

gate rapidly along low energy directions, which typically match a specific crystal

plane, when stress is applied to the materials [81]. Many theories by assuming a

linear elasticity of materials are capable of predicting the failure and initiation of

crack propagation [120, 121, 122]. However, the elastic linearity is only valid with

infinitesimally small deformation, and the materials at the crack experience severe
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deformation. The non-linearity of materials or elasticity at large strains, called hy-

perelasticity, are more dominating on the dynamics of fracture such as crack speed,

the onset of instability, and fracture faces [104, 118, 123, 124, 125]. Also, the lat-

tice structure front to the crack tip is a key to understand the crack propagation in

crystals such as silicon [105, 126, 127, 128] because the crack tip can be atomically

sharp and propagates by further bond breaking one at a time [129, 130]. Thus, a

single atomic level deformation and its non-linearity can play a critical role in the

dynamics of fracture despite the lack of evidence. Two-dimensional (2D) materials

have emerged as ideal materials for studying the atomic structures of cracks, defects,

and grain boundaries, due to their thin nature and straightforward interpretation of

the 2D structure [131, 132, 133, 134]. In monolayer MoS 2 , when electron beam irra-

diation pops it, the residual tension in the film results in rapid crack emission along

the zigzag directions. The force from the additional electron beam applied to around

the crack tip allows that the propagation speed is relatively slow, and this makes

it possible to track the crack movement in real time. It has also been shown that

the crack tips in monolayer MoS 2 retain their atomic sharpness even when entering

into a turbostratically stacked bilayer region. By utilizing the first-principle based

molecular dynamics, it was revealed that the behavior of cracks in bilayer MoS2 is

influenced by the interlayer locking of S atoms, associated with the 3D structure of

the 2D crystals. In this study, we show that single atomic deformation from the dif-

ferent types of atoms regulates the dynamics of fracture from the triangular faceted

voids with sharp edges in suspended WS 2 monolayer rather than randomly generated

edges from a hole that is popped into transition metal dichalcogenide (TMD) films

by electron beams. We also present that the atomic deformation can solely regulate

the initiation of crack propagation in spite of the same crack geometries, elasticity,

and cleavage surface, which is inexplicable in linear theory.
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3.4.2 Methods

MD for crack from triangular voids

MD simulations are performed via LAMMPS package. REBO forcefield (FF) is uti-

lized for the interatomic interactions of tungsten and sulfide. A WS 2 monolayer (50

nm by 50 nm) is prepared with the triangular void that has the same edge structures

in experiments. The size of the equilateral triangular, R, is defined as the distance

from the centroid to the vertex and R is selected as 6 nm. After energy minimization,

the structure is relaxed with NPT ensemble at 10K and 0 bar in the x and y directions

for 50 ps and then, with NVT ensemble at 10K for another 50 ps. The pre-strains in

both x and y directions (EXX, Eyy) are applied after the structural relaxation to mimic

the loading conditions from the in-situ STEM. Then, the boundary is fixed, and tem-

perature increases from 10 to lOOK after additional energy minimization. Although

the effect of the temperature on the strength is overestimated with the REBO style,

we can add kinetic energy by increasing temperature to break the bonds and cause

crack propagations under the certain pre-strains.

MD for propagation anisotropy

To compare the strengths and crack propagation among the triangular and half-

circular voids under the tensile loading in the zz direction for both crack directions

VA and -VA, a WS 2 monolayer (30 nm by 50 nm) is prepared with different voids.

All void sizes as a crack are set to 5nm (l = 5nm). There is enough space in the

lateral directions to ignore the interaction between image cells due to the periodic

boundary conditions. The structures are relaxed with NPT ensemble at 10K and

0 bar in the x directions for 50 ps after energy minimization. Further relaxation is

applied with NVT ensemble at 10K for another 50 ps. Then, the box is stretched

in the zz direction with constant velocity, 0.02A /ps (2m/s), for 1.5ns, and the stress

along the zz direction is recorded with strains in. The loading speed is slow enough

to ignore the strain rate effect on the strength. However, we check the strain rate

effect differently by utilizing the simulation set-ups from the previous study. From
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the pre-stretched (~5% in the zz direction) and relaxed system, a designed void

shape is introduced. Then, we trace the crack propagation with completely turning

off damping effects from the thermostat by using NVE ensemble, which allows us

to record the crack propagation purely driven by the mechanical strain energy. We

confirm that the distinct crack patterns between the VA and -VA directions are not

affected by the strain rate.

MD for strengths and stress distributions

A pristine WS2 monolayer (50 nm by 50 nm) is prepared with different sizes of R from

1 nm to 8 nm. The structural relaxation is applied as the previous sections. After

structural relaxation, the box is stretched with constant velocity, 0.02A /ps (2m/s),

for 2.5ns in the zz (x) and ac (y) loading directions. The failure strengths are fitted

with equations based on the LEFM. The same tests are performed with different

triangles with different crack directions and edge termination.

For the stress distributions from the different geometries of voids in monolayer

WS 2 , the atomic stress under a tensile strain is obtained by utilizing the equation

of virial stress. Unlike monoatomic systems such as graphene, careful atomic stress

analysis is required for the multi-atomic system. The atomic stress has useful meaning

when we consider the WS 2 unit because the only stress of each W or S atom has a

non-zero value even when the system is fully relaxed. The summation of atomic stress

from WS 2 unit describes the trend of the far field stress. Firstly, we build a bond

list of sulfide atoms near a W atom. Then, we add the atomic stress of the S atom

to the W atom with a factor 1.0/6.0, which corresponds to the two sulfide atoms'

contribution without any defect. Visualizing the atomic stress of W atoms describes

reasonably the stress concentration near the crack tip and the crack initiated from

the concentrated stress region.
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Stress intensity factor for triangular and circular voids.

Due to the different geometries of holes to compared, we utilize empirical stress in-

tensity factor from FEM simulations for triangular void:

Kwe = a-v/RF(#) (3.3)

where where R is the radius of crack; 4 = R/L, and F(0) given by fitted data. For

the zz loading direction, the empirical solution is

Fzz(#) = 1.041 - 0.602230. (3.4)

For the ac loading direction, the empirical solution is

Fac(#) = 1.341 - 1.1380. (3.5)

On the other hand, the stress intensity factor for circular voids from the solution for

the elliptical hole with eq(2.22).

3.4.3 Results and Discussions

Atomic structures and dynamics of cracks

Aberration corrected annular dark field scanning transmission electron microscopy

(ADF-STEM) is utilized to resolve the atomic structure. Low magnification imaging

of the samples reveals many triangular faceted voids in the WS 2 monolayer are present,

Figure 3-12(a)-(c), and range in size from 20 to 100 nm. They are all typically

aligned in the same direction, indicating they all have the same crystallographic

orientation. Figure 3-12(c) shows the triangular nanovoid having sharp vertices, and

near equilateral geometry. Figure 3-12(d) shows the atomic resolution ADF-STEM

image of the vertex region of a triangular nanovoid in monolayer WS 2 . The edges are

along the S zigzag direction, and the magnified inset region reveals this more clearly.

The S atoms at the very edge of the zigzag lattice may be missing in many cases,
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either as intrinsic or they are sputtered away easily by the electron beam. The vertex

region in Figure 3-12(d) is atomically sharp, and the edges are also very smooth with

terracing across only a few atoms across the 20 nm region. Figure 3-12(e) shows a

low magnification ADF-STEM image of WS2 that was transferred to a SiN grid with

two microns rectangular slit. Small triangular nanovoids are seen in the WS 2 film

below the slit and to the right of it, and the red arrow to the left of the slit shows

where a fracture has gone through one of these faceted void regions. In many cases,

the nanovoids were not perfectly triangular, with some faceted of the vertex regions

to produce truncated triangles. In this case, the tips were no longer atomically sharp,

but contained some lattice along the armchair direction, as shown in Figure 3-12(f).

The higher magnification ADF-STEM image in Figure 3-12(g) shows that some of

the edges have missing S atoms (green arrow), but some S atoms are present.

Sseveral occasions where cracks had formed from the edge of one of the faceted

nanovoids, and molecular dynamics (MD) simulations demonstrate a crack can prop-

agate from the vertex in Figure 3-13(a),(b) due to the residual strains.

It is rare to find cracks in monolayer TMD films that have no voids, and prior work

needed to introduce holes in MoS 2 to generate crack emission. Here, the existence of

voids from the growth conditions means that they can act as sites for crack generation

during the mechanical handling and processing of the material. Figure 3-13(c) shows

the vertex region of a triangular nanovoid that contains a crack emanating downwards

into the bulk lattice of WS 2 . In Figure 3-13(c), the green lines indicate the zigzag

lattice direction, the yellow lines indicate a 6' angle, and the red line shows the

center of the crack. A higher magnification ADF-STEM image of the crack mouth

area, Figure 3-13(d), shows it is mainly along the zigzag direction, before kinking

to the right along a non-crystallographic direction, green lines. The tip of the crack

is located in a pristine clean area of the WS2 , Figure 3-13(e), and further imaging

only caused further propagation of the tip region by a couple of nanometers over

20 minutes. This process is entirely different from the prior work, where crack tip

propagation was continuous across a long range when imaging due to the residual

tension in the film. The crack here in Figure 3-13 has exhausted the strain energy
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Figure 3-12: (a) STEM shadow image at the low magnification of monolayer WS 2

suspended across 2 micron hole in SiN membrane TEM grid. (b) Magnified view of the

green boxed area in (a), showing triangular nanovoids (c) Low magnification ADF-

STEM image of a triangular nanovoid. (d) Higher magnification ADF-STEM image

of the atomically sharp apex region of a triangular nanovoid with zigzag termination.

The inset shows the magnified view of the red boxed area, and the atomic lattice

to its left shows the relative orientation of the W and S lattice sites. Green lines

indicate zigzag lattice directions. (e) Low magnification ADF-STEM image of a WS 2

monolayer transferred across SiN TEM grid with rectangular slits, showing triangular

nanovoids, and also cracked regions indicated with a red arrow. (f) Atomic resolution

ADF-STEM image of an apex region of a triangular nanovoid that is not atomically

sharp. Green lines indicate zigzag lattice directions. Red arrow indicates the region

studied in (g) Higher magnification ADF-STEM image (rotated and false color LUT)

of the WS2 edge region, showing the missing S atoms at the edge (inset), green arrow.
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Figure 3-13: (a) Structures and dynamics of cracks emanated from the triangular
voids and (b) Snapshots of atomic models for triangular faceted nanovoids in mono-
layer WS2 with crack emissions. (c) ADF-STEM image of a crack emanated from the
edge of a triangular nanovoid. Green lines indicate zigzag direction; red line indicates
the center of crack; yellow lines indicate 60 angle. Inset shows the fast Fourier trans-
form power spectrum (FFT) from the image with two sets of spots at 6' rotation.
(d) Higher magnification ADF-STEM image of the crack mouth region (crack: void
interface), green lines indicate crack edge pathways. Visible contrast in the crack
region is due to residual carbon surface material from the transfer process. (e)-(h)
Time series of ADF-STEM images (false color LUT), showing small-scale propagation
of crack tip in the clean WS 2 region during imaging. Some surface carbon residue is
also visible. (i) ADF-STEM image from the top left white boxed region in (h) show-
ing zigzag edge terminations. (j) ADF- EM image from the bottom right white
boxed region in (h), showing zigzag sawtooth edge terminations. Green lines indicate
boundary region of sawtooth oscillations, and white lines indicate edge atoms and
their connecting lattice lines on the other side of the crack.



from the residual strains, and no more driving force is left for large-scale movement.

However, there was sufficient small residual strain energy left when coupled with the

electron beam to observe slow progress and track the atomic level reconstruction.

Figure 3-13(i), shows the crack edge structure in the middle region, the top white box

in Figure 3-13(h), and shows zigzag edges that are smooth and uniform. However,

the part closer to the crack tip, Figure 3-13(j), from the bottom white box in Figure

3-13(h), has significantly different direction and edge termination. The direction of

the crack in Figure 3-13(j) is non-crystallographic, and the edges adopt a sawtooth

structure with zigzag terminations. The green lines in Figure 3-13(j), indicate the

terracing width of the sawtooth edges, showing they are typically 1-2 atoms deep.

The actual size of each sawtooth is between 1-4 atoms of W.

Propagation anisotropy

Notably, straight crack propagation along the armchair directions are observed in

both ADF-STEM and MD simulations while we mainly found the zigzag patterns in

the previous study. We further investigate the mechanisms that make the distinct

patterns with MD simulations. For simplicity, we define the directions of crack prop-

agations from the hexagonal unit lattice vectors a and b (Figure B-10(a)) as Vz = a

(along with the zigzag direction, 1100]) and VA = a+b (along with the armchair direc-

tion, [110]). We only distinguish the directions VA and -VA, but do not differentiate

between Vz and -Vz. Also, we define the loading directions in the x and y direc-

tion (Figure B-10(b)) as 'zz' (zigzag) and 'ac' (armchair), respectively to distinguish

the crack directions and the loading directions. The different fracture patterns can

be identified with the defined crack directions, and MD simulations show that local

strains affect the fracture patterns in Figure B-11. We find that cracks with different

directions (VA and -VA) generated from different triangular vertices show different

behaviors even under the same loading in the x direction are shown in Figure 3-14(a)

and (f). Our results indicate that the atom type at the crack tip determines the next

bond breaking after a bond at the crack tips breaks in Figure 3-14(c) and (h). In the

VA crack direction, the W-S bond along the zigzag direction is more elongated and
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breaks in Figure 3-14(d) and (e). The crack propagates more, and it redirects in the

600 to another zigzag lattice direction due to the applied strain in the x direction.

Alternating the redirections leaves entirely zigzag traces behind. On the other hand,

the W-S bond along the armchair direction is more stretched and therefore the crack

straightly propagates with the -VA crack direction in Figure 3-14(i) and (j). The

different deformation between W and S atoms is a key to understand the propagation

anisotropy based on the coordination number around the W atom at the tip. When

the W atom loses two S atoms by bond breaking, the coordination number changes

from six to four, which results in the softening of the angular stiffness between W-S

bonds. The W atom at the crack tip with the VA crack direction (circled in Figure

3-14(c)) becomes more deformable and protects the closest bond from breaking. In-

stead, the coordination number of the S atom changes only from three to two and

the deformation does not drastically change as the W atom. Thus, the protective

role is not activated with the S atom at the crack tip with the -VA crack direction.

Next, we demonstrate why the straight crack propagation along the armchair direc-

tion (-VA) was not captured when electron beam popped the membrane. Figure

3-15(a) shows the stress-strain curves for triangular voids and half-circular voids with

the same crack length with both VA and -VA crack directions (Figure B-12). The

crack propagation from half-circular voids also depends on the crack directions in

Figure 3-15(b). The triangular voids have similar strength with both crack direc-

tions while the half-circular void with the -VA crack direction has higher strengths

than that with the VA crack direction. The difference comes again from the different

atomic-scale deformation between W and S atoms in Figure 3-15(c) and (d). The

deformation of the hexagonal unit with the S atom edge in Figure 3-15(c) is more

restricted than the hexagonal unit with W atom edge in Figure 3-15(d) as the same

reason we discuss in the previous section. The W atoms with the lower coordination

number allow more strain, 6cX = 0.105 (-VA) > 6xx = 0.085 (VA), which results in a

higher strength but the same stiffness. Therefore, we conclude that generating a hole

in a tensioned membrane is more likely to allow crack propagation in the VA direction

so that the zigzag crack edges were mostly observed from generating a hole in the
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Figure 3-14: Zigzag and straight crack propagation along the armchair lattice direc-

tions (a) Crack propagation in the VA direction from a triangular nanovoid under

the tensile loading in the x (the zz loading direction). (b), (c) Snapshots near the

crack tip before and after a bond break in the VA direction. (d), (e) the lengths of

W-S bonds near the crack tip. (f) Crack propagation in the -VA direction from a

triangular nanovoid (g), (h) Snapshots near the crack tip before and after a bond

break in the -VA direction. (i), (j) the lengths (A) of W-S bonds near the crack tips.
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Figure 3-15: Strengths and dynamic fractures from different void shapes (a) Stress-
strain curves along of WS2 monolayer with triangular and half-circular cracks under

the tensile loading in the zz (x) direction. (b) Snapshots of fracture patterns from

half-circular cracks after crack propagated. (c)-(d) Different deformation between W

and S atoms atom at the crack tip. The W atoms allow higher critical strains than

the S atoms.

Slow process of crack propagation and dislocation

Upon ADF-STEM imaging, we did observe the small-scale movement of cracks, from

2 to 5 nm over an imaging time of 20-30 minutes typically. Figure 3-16(a)-(d) shows a

series of ADF-STEM images from the first image captured of the crack tip, and then

imaging every 20 seconds. The crack tip has bridging atoms across it, Figure 3-16(a)-

(c), that are sputtered out by the electron beam and cause opening of the crack tip

and allow it to reach atomic sharpness in Figure 3-16(d). The frame-by-frame details
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of this process are displayed in more detail in Figure 3-16(e)-(h). In Figure 3-16(a),

the bridging atom (orange circle) pushes the atoms above and below further apart,

and this opens the gap to create the dislocation and establishes a crack tip with a

certain angle. Without the bridging atom, the strain would instead be distributed

to W-S bonds at the crack tip. The green line indicates the local dislocation region,

and the white dots indicate the positions of where W atoms should be for perfect

re-stitching, and the blue dots indicate current W positions in the crack area. Red

lines show where W atoms should move to for re-stitching. By the next frame, Figure

3-16(f), the top bridging atom is lost, and only one remains, indicated with blue

solid dot and green circle. Within the local crack tip region in Figure 3-16(f), there

is only one vacant site, white dot green circle, matching the single extra atom that

is in the bridging site, providing local W atomic number conservation. In the next

frame, Figure 3-16(g), the only difference is the breaking of W-S bonds and the

crack tip moving further down, before the final frame, Figure 3-16(h), where the final

bridging atom is lost, and the crack opens out. At this final stage of Figure 3-16, the

crack tip has propagated 7-8 atomic zigzag rows further downwards and sharped to

a single atomic W-S bond. The very apex of the crack tip region shows curved sides

throughout Figure 3-16(a)-(d). After reaching atomic sharpness, the next phase of

the crack tip dynamics showed blunting of the tip.

Enhancement of strengths from modification of edge structures

Finally, we explore whether the unveiled atomic-scale mechanisms can be utilized to

enhance the strengths of monolayer WS2 by MD simulations. Figure 3-17(a) and (b)

show the strengths of both triangular and circular voids with different sizes, R, from

1 im to 8 nm in WS 2 monolayer (50 nm by 50 nm). The strengths of circular voids

are less sensitive to the void size. Also, the stress concentration of a circular void has

reduced than a triangular void in Figure 3-17(c). The results predict the strength of

the circular void with R = 50 nm is as around 4.8 N/m, which is more than three

times higher than the strength of triangular voids with the same size (~ 1.3 N/m).

We also investigate the effects of the different edge terminations and shapes in Figures
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Figure 3-16: (a)-(d) Time series of ADF-STEM images showing the atomic scale

propagation of the crack tip during imaging. False color LUT used. (e)-(f) Magnified

views of the crack tip areas from (a)-(d) respectively.Blue dots indicate W positions.

White dots indicate W positions if no crack was present, red lines show connecting

W atoms to W lattice sites if no crack was present. Green lines indicate apparent

local dislocation sites. (e) Two W atoms circled in green are sputtered away by the

next frame. (f) Green circles indicate one W vacant site and one excess W atom that

is the bridging atom. (g) Shows unzipping of W-S bonds as atomically sharp crack

tip propagates. Total atom number is the same as in (f). (h) The bridging atom

is sputtered away and the atomically sharp crack tip breaks further W-S bonds to

propagate further and eliminate reconstructed geometry.
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B-13 and B-14. The strengths of triangular voids with the S atom termination under

the tensile loading in the ac and zz directions are similar, but the strengths with the

W atom termination under the zz loading higher than those under the ac loading.

However, the circular void shows the reversed tendency when the size, R, is larger

than 4 nm in Figure 3-17(b). The different edge structures regulate this reverse

transition. Unlike triangular voids, the circular void generates the edge with the W

and S pairs along with the ac direction as indicated by dotted circles in Figure 3-17(d)

while the other edges along with the zz direction are likely to be terminated with W

or S atoms in Figure 3-15(c) and (d) (See details in Figure B-15). As the number of

the W-S pair increase with the size of circles, the pairs allow more strains compared

to the other edge. The classical Griffith criterion, KIC oc -cv, works well with the

data from MD simulations for triangular voids as in Figure 3-17(a) while the values

of fracture toughness deviate from more accurate estimations by the finite element

method (FEM) due to the geometric factor. On the other hand, the criterion fails

to describe the behaviors of circular voids. We need to assume that the discretized

atomic positions play as a small crack with the circular voids based on Lukis' model

[83, 84] (See 2.3.2). The obtained fracture toughness from triangular to circular voids

increases by approximately 30% and 50% in the ac and zz directions, respectively.

3.4.4 Conclusions

The excellent agreement of fracture patterns between the models and STEM obser-

vation strongly supports the unveiled the governing mechanism for the propagation

anisotropy. Conventional conditions from fracture mechanics such as surface energy,

lattice geometries, and elasticity cannot account for the observation because this

kind of anisotropy has not been considered as a parameter in traditional theories.

The atomic deformation mechanism is entirely different from those of previous stud-

ies. The propagation anisotropy of silicon is explained with bond or lattice trapping

because of the different two-dimensional arrangement in front of the crack tip, com-

ing from three-dimensional structures by rotation around the axis of the cleavage

plane. Thus, cracks on the same cleavage surface (110) with [001] and [110 crack
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Figure 3-17: Enhancement of strengths by introducing circular voids (a)-(b) Strengths

of WS2 monolayer with triangular and circular voids under the loadings in both
armchair and zigzag directions with the plane strain conditions. The obtained values

are fitted for the equations from the linear elastic fracture mechanics. (c) The atomic

stress distributions of triangular and circular voids under the same strain in both

the x (along with the zigzag, top) and the y direction (along with the armchair,
bottom). We remove the circular regions in the left panels and relaxed the structures,
which results in reduced stress concentration with the hole shown in the right panels.

(d) Snapshots with different strains, Eyy = 0 and 0.06. There are W atoms with

coordination number four in a circled pair. As the number of the W-S pair increase,
the pairs allow more strain compared to the other edge, especially terminated with S
atoms is restricted to be deformed.
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directions experience different bond stretching under the tensile loading, which re-

sults in different fracture toughness [127]. On the other hand, the lattice structure

of WS2 monolayer in front of both crack tips (VA and -VA) is hexagonal, and the

propagation anisotropy does not show different failure strengths as in Figure 3-15(a).

Another example, potassium bichromate, has alternating AB layered structures along

(001) direction. Different cleavage directions, [100] and [WOO], invert termination of

surfaces from the layered system where the separated surface is regulated by the P

symmetry with the inversion center in the middle of the A and B layers [129, 135].

The fast fracture process from triangular voids of WS 2 monolayer by residual

strains during the transferring or handling samples is likely to be brittle while the

slow process of crack propagation shows some ductile behaviors such as dislocation

movement and crack blunting. As the crack propagates by exhausting the residual

strain energy, the alternating paths between -VA and Vz are more frequently ob-

served, which can be related to the low-speed crack instability observed in silicon.

Reconstruction of crack tip structures with bridging atoms or rotating S atoms at the

crack tip requires lower energy than simultaneously breaking two W-S bonds. The

atomic simulation shows S atoms at the crack tip more likely to be rotated to open

the crack tip wide as the crack close to the fixed boundaries, allowing opportunities

to alternate the crack directions. The alternation causes sawtooth edges in Figure

3-13(j).

The simulations results expands current knowledge of the effects coming from the

atomic deformation on crack propagation, propagation anisotropy, low-speed crack

instability, and bond trapping, which is of great importance for understanding fracture

mechanics and improving the strength of materials.
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Chapter 4

Grain Boundary and

Heterostructures

4.1 Introduction

This Chapter represents the study of polycrystals, grain boundary, and lateral het-

erostructures of 2D materials. The first section introduces models of polycrystalline

graphene with different grain sizes, extensively examining the relation between grain

sizes and fracture toughness. The second part shows that atomically sharp dual grain

boundary of WS 2 bilayer. The accurate structures are identified by comparing MD

simulations and ADF-STEM images. Also, mechanical stability is investigated by

MD simulations. The last section reveals the atomic scale mechanism of iD MoS 2

channel growth embedded in WSe 2 by unveiling the role of the catalytic 517 disloca-

tion located along MoS2-WSe2 heterojunction. Density functional theory reveals the

electronic band structures of the heterostructures. The works presented here are the

collaboration with Jamie H. Warner group in Oxford University and David A. Muller

Group in Cornell University based on the published articles [31, 36] and unpublished

one (ACS Nano, in revision).
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4.2 Fracture toughness of polycrystalline graphene

4.2.1 Introduction

Graphene is an ultrathin material composed of only a single layer of carbon atoms.

Pristine graphene represents the strongest tensile strength of 130 GPa [7], making it

ideal for applications under extreme mechanical, thermal and electronically conditions

with exceptional performance [7, 1361. For example, it can be imbedded in matrix

materials for enhanced mechanical strength and thermal and electrical conductivity

[1371. It is critical to precisely measure its strength before using it in applications.

Comparing to mechanical exfoliation of graphene, which provides small flakes during

peeling, chemical vapor deposition (CVD) is a much more promising technique for

large-scale production [5]. However, graphene produced by this means is polycrys-

talline, having pentagon-heptagon defects distributed along the grain boundary as

well as different chirality for neighboring grains [138], as illustrated in Figure 4-1 (a)

and (b). Those defects may cause stress concentration, initiate crack propagation

and weaken the material strength [139, 140]. Yet it is also known that the existence

of a grain boundary may influence the movement of crack and enhance the fracture

toughness. It is intriguing how the fracture properties of graphene can be affected by

the different geometries of grain boundaries.

Former studies mainly have been focused on the strength of a single graphene

grain boundary [139]. Theoretical and computational studies have found that the

strength is affected by the arrangement of defects, and it can have values as low as

33 GPa. The results of indenting tests show that the strength of a well stitched

polycrystalline graphene consistently exhibits high values above 90 GPa, which is

slightly smaller than that of the pristine graphene but much larger than the prediction

of the strength of polycrystalline graphenes [140]. These results suggest that the weak

grain boundary does not have a significant effect on the fracture strength of a large

piece of graphene. This finding is aligned with what is observed in several biological

materials, such as nacre and bone, which are composed of mineral plates and weak

interfacial protein materials but have high fracture toughness [141, 142].
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Modeling of polycrystalline graphene and systematic analysis of how its strength

and toughness alter with its geometry are crucial to understand its failure mechanism

under extreme loading conditions. Based on the high-resolution transmission electron

microscopy data, the shapes of grains are generally irregular, and the defects are

mainly 5-7 ring pairs to reduce the total energy and the tensions of defects [100].

However, previously suggested models are limited to mimic the geometry revealed

by experiments because the model has limited shape of regular grains or the grain

boundaries have numerous voids with irregular grains [139, 1011. In this work, we

report an innovative algorithm that is applied to generate well-stitched polycrystalline

graphene with any grain shape and any grain orientation, showing mainly 5-7 ring

pairs without any voids.

In polycrystalline metals, the grain size plays a key role in their strength [143]. It

is also reported that the strength of polycrystalline graphene depends on its grain size

in MD simulation [139, 101]. However, since defects generally exist in polycrystalline

graphene, its fracture toughness is more critical for the applications and the mechan-

ical strength measurement in experiments [144]. It is not understood how grain size

and geometry affect the fracture toughness of polycrystalline graphene. Although

some experiments have measured the fracture toughness of polycrystalline graphene,

their experimental samples are not well characterized for grain size. Thus, the re-

sults provide a range of fracture toughness values, making the dependence of fracture

toughness on grain size still elusive [145]. The knowledge of the fracture toughness

is vital for the application of CVD to generate graphene with reliable mechanical

performance as the grain sizes are sensitive to the growing conditions [138].

4.2.2 Methods

To understand the mechanical effect on grain boundary in graphene, it is crucial

to obtain a fully equilibrated structure that mimics the grain boundaries obtained

in CVD experiments. Here, a method is developed to generate an entire piece of

graphene sample composed of multiple grains. This method allows us to control the

shape, size and crystal orientation of each grain and it automatically reconstructs
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the boundary by removing and adding atoms. Since the models of polycrystalline

graphene in previous studies have voids and considerable non-pentagon-heptagon de-

fects [101, 88], our algorithm works well to generate with lower number of non 5 and

7 ring defects. By using the method, any two neighboring grains of different crystal

orientations are always connected by a lattice that includes mainly pentagon, hexagon

and heptagon, and a small number of octagon rings (under 0.2% in average) without

any other defects or voids. The polycrystalline graphene models are generated with

* - " 3 01*1

Figure 4-1: Geometry of rectangular and random polycrystalline graphenes; grain

boundaries are generated by Voronoi tessellation, and reconstructed based on the

coordinate numbers of atoms at boundaries. Colors represent the chiral angle of

graphene at the center of the initial grains from 0 (zigzag) to 30 (armchair). The

filled rings in the smaller box show the pentagon defects at grain boundaries. The

pentagon defects exist with heptagon defects to compensate for their stress. After

a sharp crack is inserted, the system is relaxed. The relaxed structures have the

out-of-plane deformation due to the defects (c, d).

regular grain (Model RegG) and irregular grain (Model IrreG) shapes with different

characteristic sizes as shown in Figure 4-1 (a) and (b). These models are demon-

strated to be stable as shown in Figure 4-1(c) and (d). Moreover, the out-of-plane

deformation near the grain boundary is distinct after structure relaxation. As shown

in previous studies [100, 146, 134, 147], this deformation at the grain boundary is the

nature of polycrystalline graphene.
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4.2.3 Results and Discussions

Using the polycrystalline graphene models, MD simulation is performed to measure

the fracture toughness of the polycrystalline graphene as a function of the grain size,

as shown in Figure 4-2. The polycrystalline graphenes show larger energy release rates

than that of the pristine graphene. Interestingly, the energy release rate increases as

the grain size decreases. This trend is clear for both the Model RegG and Model

IrreG, as shown in Figure 4-2(b) and (c). The obtained fracture toughness ranges

from KIc=3.1~4.5 MPa Mi/2, and these results show good agreement with the results

of the recent experiment, KIc=4.0 (+0.6) MPa mI/ 2 by Zhang et al. [1451. They

performed MD simulations with pristine graphene and obtained the energy release

rate as GC=11.8-12.5 Jm- 2 from the Griffith equation [145, 81]

2

Gc(2-y) = , ' (4.1)
E

where -c, ao and E are the critical stress of the fracture, half of the central crack

length and Young's modulus, respectively. This result is consistent with our result of

pristine graphene (GC = 10.3~12.4 Jm- 2 ). However, the value is still lower than their

experimental results (Gc=16 4.5 Jm-2) and, as they mentioned, the discrepancy

comes from not considering polycrystalline structures or crack deflection. Here, our

results are important and counterintuitive. They suggest that the fracture tough-

ness of polycrystalline graphene is larger than that of pristine graphene. Also, they

explain that the wide distribution of the experimental measurement comes from the

polycrystalline grains. The external work is slightly underestimated because of the

cut-off of the force field.

We further explore the mechanism of the higher energy release rate of polycrys-

talline graphene by looking into the stress distribution in front of the crack tip. Figure

4-3a shows the atomic stress distributions of pristine graphenes and Model IrreGs be-

fore fracture. The stress-strain curve for each of model under loading is shown in

Figure 4-3(b), and highlight the point where each snapshot in Figure 4-3(a) is taken.

It is shown that the multiple grain boundaries near the crack tip help to distribute the
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Figure 4-2: (a) Parameters of our models and simulation results. The energy release

rates (b, c), and fracture toughness (d, e) of Model RegGs and Model IrreGs as

a function of grain size (L). The energy release rates and fracture toughness are

calculated by the total external work (AWex) and the surface energy (2 7o). The

error bars are obtained from the different system lengths (1y) and the initial crack tip

position.
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stress, making a larger area of material in deformation instead of highly concentrated

at the crack tip. We statistically analyze the distribution of the atomic stress (Figure

4-3(c)) at the critical loading points and it clearly shows that the stress distribution

in polycrystalline graphene is much broader and atoms of maximum stress carry more

stress (by 10~20%) than the atoms in the pristine graphene. Such stress distribution

explains the higher critical loading stress (by 25%) before crack propagation (Figure

4-3(b)). The complex stress distribution in the polycrystalline graphene also makes

cracks difficult to propagate, as many of them get arrested after the propagation is

initiated, as shown in Figure 4-3(a) and (b). Using the simulation tool, it is possible

a

ma)
30 J~x x(GPa)

0~
CD

b
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0
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C
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.2
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Figure 4-3: Stress distributions and stress-strain curves of pristine graphene and
polycrystalline graphene. The stress distributions of polycrystalline graphene are

not localized like that of pristine graphene. In order to visualize the difference, we

choose the stress range from 30 to 60 GPa. Typically the atomic stress distribution

at the fracture point ranges from -70 to 130 GPa. The distribution of atomic stress

is calculated at the point before the final fracture by counting the number of atoms

at each bin (bin size = 0.2 GPa) and normalized by the total number of atoms.

to follow the crack tip and investigate the effect of grain boundary on crack propaga-
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tion. Figure 4-4 summarizes a series of snapshots taken close to the region near the

crack tip. With each atom colored by its atomic potential energy, it is more clearly

shown how deformation energy is dissipated. Several bonds of defects near the crack

tip break (at c=5.4%) and some of them develop into several branches (at E=5.41%),

and one of them actually becomes a new crack path (at E=5.42%). Since making

branches of cracks and breaking bonds requires more energy, the energy release rate

becomes greater in the polycrystalline graphene. Some bonds of branches recovered

after crack propagation, and the recovered bonds' energy is not shown in the surface

energy (2io) but in the external work (AWex). Last, the out-of-plane deformation

L=2 nm

-8.0 Uatomic(eV) -4.5

Figure 4-4: Atomic energy distribution of Model IrreG as the crack propagates. Since

the pentagon-heptagon defects break easier than the hexagon ring, several bonds of

the defects break near the crack tip. Several branches of crack tips are generated

from the bond breaking. Some of them remain, others are recovered, and one of them

develops to the final crack path. The recovered bonds energy is not shown in the

surface energy (2-yo) but it is shown in the external work (AWex) before catastrophic

failure.

due to the defects plays a key role in governing the enhancing mechanism. In the ini-

tial stage of stretching, there is a softened region of polycrystalline graphene (Figure
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4-3(b)) as the previous studies reported 1145, 881. The stress-strain curve becomes

linear after the deformation is fully stretched. In order to find the role of this out-of-

plane deformation, we test several samples with the same conditions except constraint

on the movement in the z direction. The results show that the energy release rates

of most polycrystalline samples drop to the level of those of the pristine graphene

(Gc=12~14 Jm 2 )). Figure 4-5 shows how the stress-strain curve is changed when

the movement in the z direction is not allowed. The maximum stress decreases by

18%, and the energy release rate decreases by 40%. The shape of stress-strain curve

and stress distribution lose their characteristics of polycrystalline graphenes. Inter-

estingly, the enhancing mechanism is not fully activated without the free movement

of the deformation although the other conditions are fully met. The strength of

polycrystalline metals increases as the grain size decreases, which is known as the

Hall-Petch effect. The effect mainly comes from less mobile dislocation in the small

grains [143]. Since graphene is typically a brittle material without significant plastic

deformation, it is intriguing that the behavior of fracture toughness of polycrystalline

graphene as a function of grain size shows similar trends. From our simulation results,

we believe that the defects form grain boundaries, and mediate tensile deformation

and reduce the stress concentration near the crack tips. The mechanism is enhanced

as the density of defects increases. This counterintuitive result is important as it

points out that the defects at the grain edge in the polycrystalline graphene can help

to dissipate more energy than those in the pristine graphene.

However, the effect showing higher critical stress in Model IrreGs does not depend

on the grain size, as depicted in Figure 4-3. The variation of grain areas and the

specific geometry appears to be more important and has a higher critical stress than

the averaged grain sizes. It could be an interesting future study to discover the role

of other conditions such as the orientation of grains and area ratio between grains,

and how those affect or maximize the critical stress.
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Figure 4-5: The stress-train curves of Model IrreG (10 nm) with and without the

fixed movement in the z direction. The critical stress decreases by 18%, and the

energy release rate decreases by 40% with the z direction restriction. The enhancing

mechanism of grain boundaries does not work for reduction of stress concentration,
and the stress strain behavior becomes more like that of pristine graphene in Figure

4-3(b).
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4.2.4 Conclusions

Using full atomistic simulations, we investigated the fracture mechanics of polycrys-

talline graphene under external tensile force. Combining an innovative algorithm with

classical MD simulation, we manage to systematically build the well-stitched poly-

crystalline graphene models with regular and irregular grain boundaries and measure

their fracture toughness as a function of the mean grain size. We found that the mean

grain size plays a critical role in affecting the fracture toughness of polycrystalline

graphene. This result is reproduced many times in our study for both different reg-

ular and irregular grain shapes, suggesting the fracture toughness of polycrystalline

graphene can have a range of values that depend on its grain size. Indeed, we found

the fracture toughness of polycrystalline increases by 20% to 35% compared to that

of the pristine graphene. This result is qualitatively confirmed by many recent exper-

imental measurements of the fracture toughness of polycrystalline graphene, which

revealed the same range of fracture toughness as we computed here.

Besides good agreement with experiments for the toughness result, our work the-

oretically reveals the toughening mechanism of polycrystalline graphene, which is

distinct from the mechanism of polycrystalline metals in two ways. First, compared

with pristine graphene, the polycrystalline graphene features a reduced stress concen-

tration built up at the crack tip, which is caused by the distributed stress at the grain

boundaries that involves more area of materials in deformation and less concentration.

Second, the grain boundaries cause crack branches and thereby create complex path-

ways during crack propagation through the entire material, causing greater dissipated

energy. We also identified that these two mechanisms strongly rely on the single-atom

thickness of graphene, as the out-of-plane deformation significantly affects the me-

chanical behavior and toughness of polycrystalline graphene. A constraint of such

deformation renders its mechanical behavior similar to what is observed in pristine

graphene.

This study demonstrates that instead of weakening due to the defects, the exis-

tence of grain boundaries can make polycrystalline graphene tougher than pristine
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graphene. Thereby, the material toughness is strongly controlled by the grain size,

providing a simple theoretical rule of thumb to make reliable CVD grown graphene

with predictable toughness. However, it is still not completely clear how the out-

of-plane deformation, which closely relates to the nanoconfinement of polycrystalline

graphene in its possible working environment, affects the stress concentration and

branching behavior of crack propagation. Since the toughening mechanism may de-

pend on the adhesion energy between graphene and its environment, the effects of the

out-of-plane deformation on graphene-based composite materials such as a graphene

embedded in a polymer or adhered to various substrates. A systematic investiga-

tion of these issues could be interesting topics for future work. More theoretical and

experimental studies are needed to explore these aspects.

4.3 Grain boundary of TMD in monolayer and bi-

layer

4.3.1 Introduction

The tilt grain boundaries (GBs) in bilayer 2D crystals of the transition metal dichalco-

genide WS2 can be atomically sharp, where top and bottom layer GBs are located

within sub-nm distances of each other. This expands the current knowledge of GBs

in 2D bilayer crystals, beyond the established large overlapping GB types typically

formed in chemical vapor deposition growth, to now include atomically sharp dual

bilayer GBs. By using MD simulations and atomic-resolution annular dark-field scan-

ning transmission electron microscopy (ADF-STEM) imaging, we distinguish different

atomic structures in the dual GBs, considering bilayers with 3R (AB stacking)/2H

(AA' stacking) interface as well as bilayers with 2H/2H boundaries. An in-situ heat-

ing holder is used in ADF-STEM and the GBs are stable to at least 800 'C, with

negligible thermally induced reconstructions observed. Normal dislocation cores are

seen in one WS2 layer, but the second WS 2 layer has different dislocation structures

not seen in freestanding monolayers, which have metal-rich clusters to accommodate
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the stacking mismatch of 2H:3R interface. These results reveal the competition be-

tween maintaining van der Waals bilayer stacking uniformity and dislocation cores

required to stitch tilted bilayer GBs together.

a

1st layer

Overlapping GBs

be

2nd layer domains Dual bilayer GBs

g J

Bilayer seeds

Figure 4-6: Schematic illustration of possible bilayer grain boundaries (GBs) and

their different formation processes during growth.

Figure 4-6 depicts three possible configurations of the bilayer GBs in TMDs and

their different formation processes during growth. In the first step (Figure 4-6(a)-

(b)), a tilt GB within TMD monolayers is produced when two separate monolayer

domains with tilt angle grow and meet together, as reported in many literatures before

[148, 149, 150, 1511. Meanwhile, a secondary TMD domain nucleates on the top of

each 1st-layer grain with crystallographic stacking (2H or 3R) in Figure 4-6(b). As

the secondary seeds grow, they either form an overlapping GB (Figure 4-6 (c)-(d)),

where one of the secondary layers grows across the GB and these two domains merge

to form a new GB at a random place related to the seeding positions of the second

layers and their growth rate. In this case, the GBs within each layer are independent

to each other, and the bottom-layer GB interferes little on the growth of the secondary

domains. The other possibility is the dual GBs, where the secondary domains stop
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growing when they reach the location of the GB already formed in the underlying

monolayer, Figure 4-6(e)-(f). Eventually both layers connect at the same site as the

monolayer GB to form the dual GB. The final mechanism for dual GB formation is

that two bilayer TMD domains nucleate and grow as a unified bilayer domain with

constant area of top and bottom layers. When two bilayers TMD grow together from

bilayer seeds and then merge together, they could also form the dual-GB, Figure 4-6

(g)-(h)-(f).

4.3.2 Methods

To investigate the mechanical stability of dual grain boundaries observed in WS 2 , we

perform structural relaxation and tensile tests of the geometries obtained from STEM.

Unlike the monolayer system, the interlayer interaction may play a critical role in the

bilayer system. The previous density functional theory (DFT) study [97] indicates

that the difference of binding energy of WS 2 and MoS 2 has only 10meV/atoms with

dispersion correction DFT-D and almost same with vdW-DF. Also, the interlayer

distance of 2H (AA') is the same. Therefore, instead of further tuning of vdW pa-

rameters for WS2 , the vdW parameters developed for MoS 2 bilayer system is utilized,

which describes well the binding energy profile as a function of the interlayer distance

between two layers.

For the atomic models, the geometries is relaxed from STEM through MD sim-

ulations. During the relaxation, the boundaries are fixed because the boundaries of

models with a finite size are not well bounded and can change due to residual strains

coming from the mismatching lattice parameters between TEM and MD. Then, we

take one of the unit cells to rebuild the systems for Typel, Type2i, and Type2ii. The

model for the stepped boundary (Type 3) is just cut out with a rectangular shape for

the following tensile tests. We further relax atomic structures of the rebuilt models

at 10K for 150 ps with the relaxation of the periodic unit length along the y direction

except for the Type 3 because the periodic boundary condition in the y direction

does not apply to Type 3. Instead, we insert a space between periodic images along

the y direction. The periodic boundary condition along the z direction with enough
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space is applied to all models to avoid the unphysical interactions between imaginary

layers. The non-periodic and shrinkable boundary is used only for the x direction.

After the relaxation, one of the edges parallel to the grain boundary with the width

0.5nm is fixed. The other edge is moved with a constant loading speed with 0.02A /ps

(2m/s). The stress-strain data are recorded during the loading.

To estimate the defect formation energy, we perform DFT calculation with Quantum-

Espresso package using PBE functional and norm-conserving type pseudopotential.

The pristine dislocation core obtained from MD relaxation with the geometries from

TEM. The energy cutoff for the wave functions is 60 Ry, and 1 x 15 x 1 Monkhost-

Pack grids are adopted for the K space sampling. For modeling the isolated ribbon,

15 A vacuum is inserted to avoid undesirable interaction between periodic images

in both x and z directions. The structure is relaxed with the fixation of boundary

atoms movement in x and z directions and fully relaxed along the y direction. There

is residual strain due to the fixed boundary atoms, but the 416 dislocation and its

nearest atoms are fully relaxed under a given grain boundary. The sulfur vacancies at

A, B, Ref-A, and Ref-B are introduced to compare the vacancy formation energy of A

and B to the nearest vacancy position. The defect formation energy (Ef) is obtained

by

E(a) Ev + Es - Eo (4.2)

where EO is the total energy of the reference system; EV is the total energy of the

system with a sulfur vacancy, Es is the energy of isolated sulfur atom; a is vacancy

type with a single sulfur vacancy. For example, Al is the first vacancy at the position

A from pristine, and A2 is the second vacancy at the position A from Al. Here, we

do not consider the detailed values of chemical potentials due to S/W rich limit or

temperature [1521. Instead, we compare the formation energy at A and B sites with

that of the nearest sulfur vacancy position.
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4.3.3 Results and Discussions

At the exposed monolayer regions where the secondary layers have not merged in

Figure 4-7(a)-(f), the tilt monolayer GB structures with common dislocation cores

can be distinguished, where the intersecting angle of the two films is 23.50. The

extended GB has meandering pathways rather than atomically straight lines. It

has the combination of two steps with turning angles of 60'. Taking the W-zigzag

direction as the reference axis, the GB mostly develops along the direction of -20.5'

and at some points have steps along the ~80.5' (20.50+60') direction (Figure 4-7(c)).

This monolayer GB is connected by a series of dislocation cores, which can be classified

to be two categories subject to the extending directions. According to the previous

classification of dislocation cores in monolayer TMDs, these two types on ~20.5 and

~80.5' are sulfur-polar and metal-polar dislocations, respectively, based on two unit

vectors along the zigzag node motifs. The one on -20.5' GB is composed of four- and

six-fold (416) rings and their variations, whose detailed atomic structures are shown in

Figure 4-7(g). While the other on ~80.5' consists of five- and seven-fold rings (517)

rings with W-W bonds. Note that all these dislocation cores are W-rich, and the

416 rings including the variants make up the majority in this GB (Figure 4-7(d)-(f)),

as the overall GB is extending along this direction in large scale. The 416 metal-

rich GB can be derived from 517 S-S defects at the metal-rich condition by removing

2S or adding metal atoms, which has been observed in MoS 2 and WS 2 monolayers

[153, 154]. In particular, the 416 (Figure 4-7(g), I) and 416+V 2s GB (Figure 4-7 (g),

II and III) are more likely to form over 517 S-S GB in W-rich conditions. The high

concentration of W-rich dislocation cores manifests a local W-rich environment during

CVD growth of this material. Figure 4-8 shows the results of DFT calculation for the

sulfur vacancy formation energy at A (dislocation core II) and B (dislocation core III)

sites compared to the nearest sulfur position. The results show the formation energy

of A and B are both lower than the reference positions. Also, the formation of the

next vacancy at the same location becomes smaller than the first one. The energy

difference between 1st and 2nd vacancies with the position A (core type II) is about
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A
s(A)+Vs(B

Figure 4-7: Grain boundaries (GBs) in the monolayer WS2 region. (a) ADF-STEM
showing a GB formed by two monolayer WS 2 crystal with orientations angle of 23.5'.
(b) Enlarged view of the boxed region in (a), with (c) overlaid by atomic models of

W (orange) and 2S (yellow) atoms showing the GB connected by dislocation cores

structure. (d) Another GB formed in monolayer WS 2 area. (e) Enlarged view of the

boxed region in (d), with (f) overlaid by atomic models showing the GB connected

by dislocation cores structure. (g, h) Two categories of dislocation cores in monolayer

WS2 GBs
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Figure 4-8: DFT calculation for defect formation energy (a) Unit cell (25A x 8.4 x
15A) of the grain boundary with a dislocation core, the red-circled atoms are fixed
in both x and z direction. (b) Schematic of dislocation core and its derivatives by
introducing sulfur vacancies. The atomic geometries obtained from the structural
relaxation through DFT calculations (c) The defect formation energy of type II and
III, compared to the nearest sulfur vacancy (VRef_.A1 or VRef-B1). The defect forma-
tion energy of II and III are lower than that from the hexagonal lattices. Once, the
monovacancy forms at A or B position, the second sulfur vacancy becomes easier to
form.
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1.3eV while the difference is not such significant about 0.3eV with the position B (core

type III). Interestingly, Ref-A and Ref-B also show the difference between the 1st and

2nd vacancy formation energy about 1.3eV, indicating that the sulfur divacancy at

the same position is likely to form near the grain boundary. More importantly, the

grain boundary is the location of stress concentration. Once the sulfur is lost at

the dislocation core, the other sulfur is under severe atomic stress and deformation

compared to the other regions having both sulfurs, which can be another reason for

the predominant divacancy observation in TEM. In this specific example of a bilayer

dual GB area, we did not find overlaying GB sections or any The dual GB, Figure 4-9,

shows specific periodic contrast features, in particular 6-member half-rings, similar

to the stacked GB region. The dual GB structure has different atomic configurations

along the nanoscale meandering pathway (Figure 4-9 (b)), so we classify them into

type 1 and type 2 (i and ii), according to the atoms from which stacking (3R or 2H)

taking the dominance. Type 1 dual GB (Figure 4-9 (c)) has the 6-member half-rings,

due to alternating W atoms from the two layers (Figure 4-9(f)). The other type of

dual GBs including two configurations, type 2i (Figure 4-9 (d)) and type 2ii (Figure

4-9 (e)), are 2H dominated, which means the structures are mainly 2H stacked at the

bilayer GB region. Figures 4-10, C-1, and C-2 show rebuilt MD models and the results

of tensile tests. The marked atomic positions of the models after relaxation show good

agreement with those from TEM while some other bonds and angles are more relaxed

in MD simulations. Under the tensile loading, the crack nucleation and propagation

occur along the grain boundaries. There are several stages of stress-strain curves

with drops caused by breaking atomic bonds in the 1st or 2nd layers. Before the

catastrophic failure, the atomic bonds in the defects at the grain boundary fail first.

The detailed information of the bonds is described in the figures. Overall, the 2nd

layer completely breaks at the strain around 8% and the 1st layer holds the loading

slightly longer with the strain around 9%. Only the 2nd layer of type I can elongate

as much as the other layer due to the split sulfur atoms. It is intriguing to see how

the dislocation cores deform or fail during the loading. The dislocation core 1, II and

III in Figure 4-8 are in the grain boundary of the 1st layer in Type 1, Type 2ii, and
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Figure 4-9: Dual GBs in the bilayer WS 2 region. (a) ADF-STEM showing the GB
formed by two bilayer WS 2 crystal with different stacking registries (2H and 3R) and
tilt angle. (b) Enlarged view of the dual bilayer GB highlighted in (a), showing three
different configurations (type 1, type2i/ii). (c) Enlarged view of the yellow boxed
region in (b) showing the periodic semicircle structure at the GB (Type 1). (d) Type
2i GB, (e) Type 2ii and their atomic structures with W atom position in the top and
bottom from MD simulations.
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Figure 4-10: (a) Rebuilt model of Typel through MD simulations with 7nm x 7nm
size. (b) Snapshot of the model after both layers fail. (c) Stress-strain curve of

the bilayer under tensile loading. There are several stages of failure (i- iv), which

described more detail in d. (d) Detailed atomic structures of the MD model. The

marked positions of atoms (red and blue circles and square) are well matched with

TEM observation. The red lines indicate the bond breaks at the failure stage from i

to iv described in the stress-strain curve.
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Type 2i models, respectively. From the snapshots of models under tensile loading in

Figure 4-10, C-1, and C-2, we can find the dislocations have different stability under

mechanical loading. The dislocations I, II and III change their structures or fail at

1%, 4%, and 9% of the tensile strains, respectively. They are mechanically stable

while they have different failure strain.

4.3.4 Conclusions

In summary, by using MD simulations and ADF-STEM we showed that dual GBs

can exist in 2D crystals and that special types of W-rich dislocation cores are needed

to enable such atomically precise GB structure. Our in-situ heating and tensile MD

simulation show these structures are stable. We resolved the W and S positions

within the atomically sharp dual GBs in the bilayers, enabling studies of 2H-3R

and 2H-2H interfaces. The dual GBs exhibit voids in their structure, similar to

those of monolayer TMDs grown by CVD, which enables the GB structure of both

monolayer and bilayer regions to be deduced. These GB interfaces may have different

semiconducting behavior compared to the overlapping GB types commonly found and

further studies may help reveal new band gap behaviors to stimulate ways to increase

the density and controlled growth of these 2D bilayer interfaces.

4.4 1D channel growth from lateral heterojunction

4.4.1 Introduction

Reducing the lateral scale of atomically thin 2D devices is crucial not only to real-

ize competitive electronic device applications, but also for reaching the length scales

needed for quantum confinement. Thus far, the many 2D heterostructure devices rely

on the lithographic patterning of one 2D layer followed by the growth of another in

the patterned areas [155, 156, 20, 1571. While this technique provides spatial control

down to below a hundred nanometers or so, the nature of the lithographic pattern-

ing creates atomic defects and contamination. Consequently, the atomic junctions
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in these heterostructures contain electronic defect states, impacting device perfor-

mance. Recently, the growth of micron sized in-plane epitaxial interfaces between

2D materials has been reported using chemical vapor deposition (CVD) methods

[21, 22, 23, 24, 158, 159, 160].

Theory predicts a tunable carrier confinement [161] and formation of ID electron

gas [162] at the abrupt and coherent interfaces in heterostructures of 2D materials

that are just a few atoms wide. The atomic-scale heterostructures are usually chosen

for computational convenience, but there would be benefits to realizing such narrow

physical structures. For example, in contrast to broad in-plane heterostructures which

ultimately generate misfit dislocations to release the lattice strain, thin channels can

sustain large strains without relaxation and hence access a wider range of electronic

band structures. Just as in bulk materials, dislocation formation can be suppressed

below a critical film width [1631, which scales inversely with the desired strain - several

nanometers are typical for mismatch in the family of 2D transition metal dichalco-

genides (TMDs). The thin channels always have one dimension below their critical

thickness, ensuring stability against dislocation formation at the strained epitaxial in-

terfaces. Eliminating interfacial dislocations, whose cores are 418 or 517 member ring

structures, is key as these are generally expected to introduce undesirable mid-gap

states [161, 164, 1651.

This section shows how to model the fabricating coherent 1D channels within

2D heterostructures (Figure 4-11). These channels possess sub-nanometer widths

and atomically coherent sidewalls free of misfit dislocations and dangling bonds. We

start with a lateral interface between two 2D TMDs, MoS 2 and WSe 2, whose lattice

mismatch provides an array of interfacial misfit dislocations (Figure 4-11(b)). Our

experimental collaborator (David Muller's Group at Cornell University) introduce

growth precursors that provide a high chemical potential for the channel material.

The higher reactivity in the core of the misfit dislocations allows the channel atoms

(Mo and S) to be inserted into the dislocation core, thus pushing the dislocations

away from the original interface, forming ID MoS 2 channels in a trail behind the

advancing core (Figure 4-11(c)). The dislocation-catalyzed growth is essentially the
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flat analog of the semiconductor nanowires whose growth from seeded catalysts has

played an important role in semiconductor nanoscience.

4.4.2 Methods

Molecular dynamics model for ID channels.

The computational model is a heterojunction composed of MoS 2 (4 nm x 7 nm)

and WSe 2 (6 nm x 7 nm) with an interface along the zigzag edge of the 2D lattice.

The 7 nm as the length of the material interface of this heterojunction is naturally

given by the -5% lattice mismatch between MoS 2 and WSe2 (Table E.13). Periodic

boundary conditions were applied to the zigzag direction along the interface of the

heterojunction. Perpendicular to the interface, the model has 2 nm spacing between

the simulation box boundary and the MoS 2 edge, and 2 nm spacing for the WSe 2

edge from the simulation box boundary. In addition, we set a 10 nm void region

in the out-of-plane direction of the 2D material. These margins are large enough to

guarantee that MoS2 and WSe 2 only interact at the interface of the heterojunction.

We applied an interaction between the bottom layer of S/Se atoms and the sub-

strate by using a Lennard-Jones (LJ) intermolecular potential with the 9-3 form [1661

of

2 (0,9 _ 073-

Esub = C -- - (4.3)
15 r r_

where r is the distance from an atom to the surface of substrate; a and E are param-

eters that relates to the equilibrium distance r = 0.858u and adhesion energy 1.054E

per atom. The form is related to the integration over a half-lattice of particles with

LJ 12-6 intermolecular potential. In the simulation, we used u=2.3 A and c=0.1 eV

through our simulations. We chose the adhesion energy as the system is stabilized

during the annealing process (See more details in the next section). We note that the

substrate model is simplified as an infinite wall to prevent the out-of-plane deforma-

tion and the penetration of atoms, which is similar to the sapphire substrate we used

in experiments.
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Figure 4-11: Formation of ID channels. (a) Schematic of the patterning process

guided by misfit dislocations (marked as 'T') at the MoS 2-WSe 2 lateral heterojunc-

tion. (b) and (c), atomic resolution ADF-STEM images overlaid with its E,, strain

maps (see Figure 4-12 for more details) identifying the periodic dislocations at the

interface of MoS 2 and WSe 2 (b) and the ID channels created by chemically-driven

migration of the interfacial dislocations as additional S and Mo atoms are added (c).

Strain maps refer to the WSe 2 lattice.
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We applied a number of cyclic annealing processes to study the behaviors of the

dislocations. As a result, the pentagon-heptagon dislocations clearly climb towards

the heptagon direction after hundreds of iterations, which matches our experimental

results and represents the dynamic process for ID MoS 2 formation.

Molecular dynamics model for 1D channels.

A number of cyclic annealing processes with adding or deleting atoms near the dislo-

cation equilibrate the MoS2-WSe 2 model, which is an algorithm combining MC and

MDto accelerate the evolutions of the structures. Each of the cycles is composed

of 4 stages by using NPT or NVT ensemble: heating, relaxing at high temperature,

cooling, and relaxing at low temperature. The periodic condition and NPT ensemble

are applied during the 2nd stage (relaxing at high temperature) to allow the struc-

tural relaxation along the junction direction. We have T1 0,=600 K for all atoms, and

Thigh=1100 K for W, Thigh=900 K for Mo and Se, and Thigh=600 K for S with 25 ps

for the 2nd stage and 5 ps for the others. Before the 1st stage (heating) and after

the 4th stage (relaxing at low temperature), conjugate gradient minimizations are

applied for 5,000 steps. To simulate the experimental process of depositing Mo and

S precursors at high temperature, we add MoS 2 nanoparticles 3 A above the Mo/W

plane over the dislocation with random variations less than 1.0 A in both lattice

directions, which allows both simulation efficiency and natural reaction between the

nanoparticles and the MoS2-WSe 2 heterojunction to be possible.

After every annealing process, we estimate a position of the next Mo for the most

spacious region. When an estimated Mo position is located 2.4 A away from the

Mo/W atoms, the precursor nanoparticle (MoS 2 ) is added on the top of the system

for the next cycle. The S2 or S4 is added based on the total number of sulfur and

selenium atoms. After the 2nd stage, we check the out-of-plane displacements of

atoms, and delete S/Se above 3.0 A and Mo/W above 1.5 A away from the Mo/W

plane. We note that all these processes are setup to accelerate the reactions without

forcibly forming bonds or other structures. The result confirms the generation of

a straight ID channel from the catalyst 517 dislocation with atomic thickness and
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reveals the physics behind the growing process in atomic scale. To predict whether

the approach can be applied to other TMDs, similar annealing process was conducted

during the simulation in WS2-WSe2 and MoS 2-MoSe 2 as well.

DFT calculation of 1D MoS 2 channel embedded in WSe 2

To demonstrate possible applications of 1D MoS 2 channel embedded in WSe 2 , we

obtained orbital projected band structures and projected density of state (PDOS) of

six different models by QE package using the same functional and pseudopotential

used for geometric parameters in Section 4.4.2. The rectangular shape unit cells in

replicated in the x direction containing 60 atoms with the periodic boundary condi-

tion in x (along the zigzag edge) and y (along the armchair edge) directions. The

energy cutoff for the wave functions is set to 60 Ry and 2 x 8 x 1 and 4 x 32 x 1

Monkhost-Pack grids are adopted for the K space sampling for structure relaxation

and PDOS, respectively. We prepare 6 models with different ratios of MoS 2 and

WSe2 to represent ID MoS 2 channels. The cells and atomistic structures are fully

relaxed with convergence thresholds of 0.5 kbar and 10- 3 (a.u.) for the pressure and

atomic forces, respectively. Due to the rectangular unit shape of the system, we used

F-K-Y-F for the bands structure to see the difference between the gap at the F the

K points in hexagonal Brillouin zone (BZ) as suggested in the previous study [1671.

Absolute conduction band minimum (CBM) and valence band maximum (VBM) rel-

ative to the vacuum level are calculated for all models. The obtained energy levels

of pristine MoS 2 and WSe 2 show good agreement with those from the previous study

[168], confirming the reliability of our calculation.

4.4.3 Results and Discussions

Atomic resolution annular dark field scanning transmission electron microscopy (ADF-

STEM) imaging shows that the epitaxial interface between the body of the channel

and the host matrix is coherently connected (Figure 4-12(a) and (b)). Meanwhile, a

pentagon-heptagon (517) dislocation (heptagon pointing up) is found at the terminus
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of all ID channels (Figure 4-12(b)). The difference in the atomic number between

Mo and W provides high contrast between the WSe 2 template and the newly grown

MoS 2 channels in the ADF-STEM images.

The as-grown heterostructures of the TMDs must contain strain, due to the bond

mismatch to create an epitaxial interface. Applying a geometric phase analysis (

GPa) to the ADF-STEM image in Figure 4-12(a), we are able to elucidate the strain

distribution in and around this ID channel in its 2D matrix, as plotted in Figure

4-12(c)-(f).For GPa, the WSe2 lattice parameter was chosen as the reference or zero

strain (-.036 would correspond to relaxed MoS2 sheets, consistent with the 3.6% lat-

tice difference measured from the electron diffraction of the MoS 2 and WSe 2 layers in

Figure C-3(a)). Along the x axis, there is significant difference in the strain map be-

tween the 2D WSe 2 and 1D MoS 2 channels, arising mainly from the lattice mismatch

(Figure 4-12(c)). In contrast, the y-axis strain map reveals that MoS 2 channels have

an identical lattice spacing with the host WSe 2 (Figure 4-12(d)), indicating a high

uniaxial tensile strain along the y direction for detailed strain analysis on a single

channel). Therefore, the newly synthesized 1D channel maintains coherency with the

WSe 2 matrix and is strain accommodated, which effectively avoids the generation of

misfit dislocations along the channel. The shear map and rotation map (Figure 4-

12(e) and (f)) display the position and orientation of the dislocations as dipole fields,

confirming all dislocations have the same orientation and migrate upwards (e.g. away

from the original hetero-interface).

Growth of the 1D channels is not limited to the interfacial misfit dislocations at

the heterostructure interface of the two 2D materials. They can also be generated

from intrinsic 517 dislocations implanted within the WSe2 film. The ADF-STEM

image and corresponding cxx strain map (Figure 4-12(g)) of a MoS 2 ID channel show

that it was formed from an intrinsic catalyst dislocation migrating in the direction

of the heptagon. The isolated ID channel is 70 nm in length and 1.5 nm in width,

surrounded by monolayer WSe 2 on all sides, showing a high-aspect-ratio of about 47:1

(length to width).

To understand the catalytic role of 517 dislocations, we utilized a reactive force field
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Figure 4-12: Strain maps of the 1D channels. (a) and (b), ADF-STEM image of

MoS 2 ID channels embedded within WSe 2 . The channel ends with the 5j7 dislocation
(white box in (b)). The same section is shown to the right with the atoms labeled.

(c) and (d), Geometric phase analysis ( GPa) of the 1D MoS 2 in a with uniaxial strain

components ex (c) and cy, (d). All the strain is in reference to the WSe 2 lattice. The

Ecx clearly distinguishes the two lattices mainly due to the lattice mismatch, while the

EYY indicates a high uniaxial tensile strain in the ID MoS 2 which is lattice mismatched

from the WSe 2. (e) and (f) display the shear strain and the rotation map (in radians)
indicating the position and orientation of the dislocations. (g) ADF-STEM image

and its Ecx strain map of a MoS 2 ID channel formed from an intrinsic 517 dislocation

in WSe2 , which matches the results found in channels arising from the heterojunction

interface.
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Figure 4-13: MD simulation of the ID channel formation. (a) and (b) MD simulation

of the process of Mo inserting into pentagon ring of 5|7 dislocation (a) and the forma-

tion of the next 517 dislocation (b). (c) MD simulation of each step for the patterning

process. The 517 dislocation can migrate 300 to the right (blue arrow) or 30' to the

left (red arrow). (d) The iteration of adding excess Mo and S atoms forms the iD

MoS 2 channel in WSe 2 , unveiling the chemically driven mechanism for the formation

of the 1D channels.
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with newly developed parameters based on DFT calculations and an accelerated MD

simulation. Our method captures the dynamics of the chemical bonds breaking and

reforming, which is difficult to model using conventional non-reactive MD simulations.

We found that unlike other hexagonal rings, the dislocation core allows the precursor

atoms to be inserted, which acts as the driving force for the dislocation-catalyzed

growth. The precursors first open the catalyst 517 dislocation, which admits the

Mo insertion (Figure 4-13(a)). This step makes S atoms insufficient to finish the

dislocation migration, leaving unsaturated dangling bonds in the system, and hence

the lattice around the dislocation core reconstructs to find more energetically favorable

structures. Afterwards, as more S atoms are absorbed from the environment, the

lattice relaxes and forms the next dislocation (Figure 4-13(b)). While repeating these

two key steps, the previously occupied W and Se atoms near the dislocation core

have a certain probability to leave the 2D sheet, and those sites are replaced by the

Mo and S precursors during the reconstruction and relaxation. Altogether, the entire

process eventually leaves a narrow MoS 2 trail behind it.

The circles in Figure 4-13(c) indicate the additional Mo and S atoms placed at

the dislocation during each migration step of the catalyst. The additional Mo and S

atoms contribute to a 1.4% compressive strain in the x-direction within the channels

(Figure C-4(c)).

Due to the crystal geometry of the hexagonal lattice, the migration of the dislo-

cation has two choices: 300 to the right or left (blue or red arrows in Figure 4-13(c)),

where the reference lattice orientation is shown as the gray hexagons. MD simulation

shows the lateral strain field provides a local restoring force that guides dislocations

back towards a straight line along the interface normal, as shown in Figure C-5.

Thus, the dislocation zigzags about a straight line perpendicular to the macroscopic

interface and is ultimately oriented in the heptagon direction, as shown in Figure

4-13(d).

The dislocation movement out of its slip plane also occurs in a 3D epitaxial inter-

face, due to the diffusion of vacancies or interstitial atoms. In the bulk, this typically

does not produce any major effects. In contrast, misfit dislocations in 2D materials
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can directly take (release) atoms from (to) the environment, suggesting persistent

climbs that can be used to pattern ID channels by controlling the precursors and

growth time. Statistically, 76% of dislocations tend to migrate and form ID channels

under our optimized growth conditions. Dislocations that did not move tended to

have complicated local interface geometries (Figure C-3). After measuring 150 ID

channels, we achieved an averaged distance between neighboring ID channels of 10.9

( 0.9) nm, indicating a density of 92 ( 8) 1D channels per micron along the inter-

face between MoS 2 and WSe 2 . The longest channels reached 80 nm. The length of

the ID channels was strongly correlated with the width of the MoS 2 layer around the

WSe 2 triangles, which is mainly determined by the precursor ratio (S:Mo) and the

growth time,suggesting these are two key underlying control parameters. However,

there is a limit to how long the MoS 2 channels can be grown. As the surrounding

MoS 2 layer continues to grow, the channel growth ultimately becomes unstable - the

ID channels have possibility to branch repeatedly and recursively, leading to tree-like

structures that eventually consume the host material.

Despite a variety of lengths, more than 90% of the 1D channels have widths that

are less than 2 nm, confirming the high accuracy of the dislocation-guided patterning

process. For these ultra-narrow MoS 2 channels in WSe 2 , DFT calculations show a

type II band alignment useful for highly-localized carrier confinement and charge

separation (Figure 4-15). Moreover, the strained ID MoS 2 shows a direct band gap,

distinct from the indirect band gap found in uniaxially strained 2D MoS 2 thin films.

In addition, the 1D channel sidewalls should be free of undesirable mid-gap states

that occur due to dislocations and dangling bonds. Both are desirable properties for

ultra-small monolayer electronic and optoelectronic applications.

From the orbital projected band structures and PDOS shown in Figure 4-15, the

ID channel of MoS 2 mainly contributes to the CBM and the major contribution for

the VBM comes from WSe2 . To estimate the local band gaps of MoS 2 , we evaluated

the contributions of MoS 2 for each eigenvalue in the band structures from the orbital

projected band structure. As shown in Figure 4-15, the blue dot lines are correspond-

ing to the weighted contribution from ID MoS 2 , where the dot size is proportional
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Figure 4-14: Generation of a super lattice at a grain boundary. (a) Schematic of

the superlattice formation where the top (bottom) panel depicts the grain bound-

ary before (after) the patterning process. (b) ADF-STEM image of a superlattice

grown from the periodic dislocations at the WSe2 grain boundary with 9' rotation

(2 nm spacing between dislocations). All blue dashed lines indicate the position of

the original curved grain boundary. The dislocations migrate in different directions

(indicated by the green arrows), thus forming a shifted but straight grain boundary.

(c) Magnified ADF-STEM image with one of the identical dislocations marked by
a 'T'. (d)-(g), GPa of (c) showing that dislocations preserve their periodicity and

orientations during the migration.
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Figure 4-15: Electronic properties of 1D MoS 2 channels embedded within WSe2 mono-

layer. (a) DFT calculation of the orbital projected band structure (left) and the

projected density of state (PDOS) (right) of three-unit-cell wide MoS 2 ID channel

embedded within WSe2. In the orbital projected band structures, the blue dot lines

are corresponding to the weighted contribution from ID MoS 2 , where the dot size is

proportional to the MoS 2 contribution. Our calculations show our 1D MoS 2 forms a

direct band gap, which is different from the indirect band gap of uniaxially strained

MoS 2 that has been reported before [114]. The gray dot lines are corresponding to

the weighted contribution from the WSe2 , while the red lines show the total band

structure. Moreover, the PDOS plots show clear type II band alignment (blue lines)

that can potentially be used for charge separation. (b) DFT calculations of ID MoS 2

channels with two-unit-cell and four-unit-cell width. The band structure and PDOS

show little difference from the three-unit-cell ID channel, indicating robust ID con-

finement even in the presence of small width variations. We chose the vacuum level

as reference (0 eV). The spin-orbital coupling is not considered in this calculation.
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to the MoS 2 contribution. The DFT calculations show that the gap of ID MoS 2 is

direct band gap even if we consider both K and F points while the uniaxial strain

applied to MoS 2 results in the transition from the direct to indirect band gap. Due to

the ID confinement, the uniqueness of the band structure of ID MoS 2 becomes more

distinct, considering only K-Y or F-Y path in the BZ, where K-F path is ignored due

to the translational symmetry broken in that path. The detailed values are listed in

Table E.18.

The nature of the ID growth can be used to create lateral 1D superlattices in 2D

materials starting from a periodic dislocation chain, as illustrated in Figure 4-14(a).

The most common structures with periodic dislocations are the grain boundaries of

2D materials. At a typical low-angle WSe 2 grain boundary, where two grains with

small rotation angles connect laterally to form a classic low-angle tilt boundary, the

periodic arrays of 517 dislocation cores line up with a spacing ~ b/O. Here, b is

the Burger's vector and 0 is the tilt angle between the two grains, suggesting grain

boundary tilt angle can be used to control the ID channel spacing. In theory, the

dislocations are most stable when they lie vertically above one another with equal

spacing [169]. To attain the lowest energy over large scales, the dislocations at the

originally curved grain boundary (blue dashed line in Figure 4-13(b)) migrate with

an angle of 300 to the left (or to the right) of the heptagon direction (as indicated in

Figure 4-13(a)) to form a straight grain boundary. For example, in Figure 4-13(b),

dislocations at the top migrate to the right while dislocations in the bottom migrate

to the left, forming a straighter grain boundary.

The magnified ADF-STEM image, Figure 4-13(c), shows a region where all cat-

alyst dislocations migrate 30' to the left forming ~1 nm nanowire arrays with sub-

nanometer spacing. Figure 4-13(d) to 4-13(g) present the strain maps of Figure

4-13(c), indicating that dislocations keep their periodicity and orientations after the

translation, and the right-side lattice orientation is inherited. We note that in Figure

4-13(c), short branches appear also on the right side of the original grain boundary,

but they have no dislocations at the ends. This can be understood as arising from

individual dislocation wandering before they are propelled towards the left by other
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dislocations, suggesting a strong collective interaction between dislocations that can

be used to control the patterning of ID superlattices. This ID superlattice formation

is commonly observed at low-angle tilt grain boundaries lower than 100.

4.4.4 Conclusions

Our strategy to produce dislocation-free ID channels suggests a general set of search

criteria for other 2D materials. First, candidate materials need a source of dislocations

such as low-angle grain boundary or lattice mismatched hetero-interface. Secondly,

while the dislocations allow for an easier insertion and exchange of atoms, the sub-

stitutions need to be energetically favorable (e.g. S for Se). We used MD simulations

to identify another two candidate systems for ID channels formation: ID WS 2 in

WSe2 (a different ID channel material) and 1D MoS 2 in MoSe2 (a different matrix

material), both of which are lattice mismatched (Figure C-6 for simulation details).

However, combinations of materials that have little lattice mismatch, such as MoS 2

and WS2 , will not form ID channels due to the lack of an initial source of catalyst

dislocations. The lattice mismatch and displacement criteria allows us to predict

candidate systems for ID channel formation, and also provides a way to engineer the

strain in the ID channels by changing the 2D hosts.
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Chapter 5

Three-Dimensional Designs from

Two-dimensional Materials

5.1 Introduction

This Chapter introduces atomic models of 2D materials with three-dimensional de-

signs utilizing triply periodic minimal surfaces (TPMS). The mechanical and thermal

properties of 3D graphene are systematically studied based on developed models in

the first and second sections. Also, the MD-based crystal Growth models for TMD

materials are designed for flat and curved surfaces. The works presented here are the

collaboration with Jamie H. Warner group in Oxford University and Jiwoong Park

group in Chicago University and published papers [38, 33, 34, 40].

5.2 Mechanical properties of 3D graphene with TPMS

5.2.1 Introduction

Graphene, a two-dimensional (2D) single layer of graphite, is known as one of the

stiffest and strongest materials [7, 51. Along with its excellent mechanical proper-

ties, its unique thermal and electrical contuctivity [136] have placed graphene as one

of the leading materials for innovation in several fields of materials science. Like
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carbon atoms in other allotropes discovered in the last three decades (e.g., carbon

nanotubes and fullerenes), carbon atoms in graphene are covalently bonded with sp 2

hybridization. This 2D carbon layer is considered a fundamental building block for sp 2

structures with other dimensionalities: OD fullerene, ID nanotube, and 3D graphite,

where the graphite layers are bound by weak van der Waals (vdW) interactions.

In the early 1990s, three-dimensional (3D) covalently bonded carbon networks

were proposed by introducing triply periodic minimal surfaces (TPMSs), where all

sp2-hybridized carbon atoms form structures with zero mean curvature and nega-

tive Gaussian curvature 1170, 171], through the inclusion of topological defects [172].

These TPMSs, called Schwarzites, can be classified into P (primitive), D (diamond)

and G (gyroid) types [1731. Theory predicted that Schwarzites are mechanically sta-

ble and can have diverse electronic properties such as semiconducting, insulating or

metallic, depending on their specific structures and sizes [174, 175]. Although the

successes of synthesis of Schwarzites has been very limited, different synthetic meth-

ods have been utilized to form Schwarzite-like graphene foams with various porosi-

ties. Benedek et al. have reported carbon spongy foams with under few-hundreds

of nanometer-scale pores from pulsed microplasma cluster source (PMCS) technique,

showing distorted P and D type topologies [176, 177]. While the surface topologies

are not clearly defined one nanometer-size porous carbon networks (sp2 hybridization)

have been synthesized by utilizing a zeolite [178]. Also, hydrothermal and chemical re-

ductions from graphene oxide have been widely used to produce macroscale graphene

foams with microscale pores, showing interesting mechanical properties, e.g., near-

zero Poisson's ratios and high compressive strength [179, 180, 181]. Additionally, the

template-directed chemical vapor deposition (CVD) technique with nickel foams is a

promising method to fabricate well-connected graphene foams 1182]. Recently, sub-

60 nm ordered graphene foams with gyroid surfaces have been synthesized using the

directed CVD method [1831.

The recent progress and intriguing features of the 3D graphene foams, e.g., lightweight

and excellent electrical and mechanical properties, have brought interest back to ide-

alized Schwarzites in order to better understand their promising properties [184, 1851.
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Also, G type surface or atomic models of Schwarzites can be 3D printed to design in-

novative lightweight engineering materials to have a high-load bearing ability, where

mechanical properties can be identified via atomic models [33, 186]. In previous

studies performed to characterize the mechanical properties of Schwarzites, the num-

ber of atoms and lattice sizes are limited to a few hundred and under 5 nm sizes

[175, 185, 1871 or fail to generate appropriate models to sustain curved surfaces after

structural relaxation [184]. Although the mechanical and thermal properties of G

type surface from 3 nm to 20 nm lattice sizes were made and studied [33, 34] the

relations between the other TPMS topologies (P and D types) and their mechanical

properties are still mostly unknown.

5.2.2 Methods

In this study, we investigate the mechanical properties of P, D and G types of graphene

foams using reactive molecular dynamics (MD) simulations [64, 631. The elastic

moduli, Poisson's ratios, strengths, and fracture energies with the power laws are

obtained to predict mechanical properties at different scales. Our work sheds light

on the roles of structures on the elastic and fracture properties with different failure

mechanisms arising from TPMS topology, which might be applicable not only to

porous carbon materials but also 3D printed engineering materials. [331 The atomic

structures of 3D graphene with TPMSs were proposed based on Euler's law or Monte

Carlo method with Ising models in the early 1990s while the lattice sizes were limited

to a few nanometers [171, 187]. Larger scale Schwarzites with the P surface up to 12

nm lattice size were generated in the previous study [184] using Surface Evolver [188].

However, the structures of TPMSs were not conserved after structural relaxation

because the building process considered only geometries without atomic stress and

energy of carbon atoms.

Phase field crystal method can be utilized to build centroid surfaces and sinusoidal

ruga graphene surfaces by considering total energy [172, 89]. This method was able to

generate only small sizes of TPMSs under 5 nm [1851. Recently, we proposed a novel

method that accounts for both local energy and stress to systematically construct
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3D graphene foams with G type up to 20 nm lattice size, showing preserved curved

surfaces after structural relaxation [33]. Here, we utilized the same approach to

generate TPMS P and D types from 3 nm to 20 nm to study and compare their

mechanical properties. We utilized previous models of G type from the references

[33, 34]. All carbon atoms in our models are designed to have sp 2 bonds without any

dangling bond or surface passivation that may play a significant role in the mechanical

properties.

5.2.3 Results and Discussions

Figure 5-1 demonstrates 3D graphene models with different TPMSs. Each surface fits

the cubic unit cell, and five models with different lattice sizes of L from 3 nm to 20

nm are systematically generated by three steps as shown in Figure 5-1(b) and Figure

D-1. The open-shell structures of TPMSs describe critical features of experimentally

synthesized graphene foams from PMCS and CVD methods in Figure 5-1(c). The

densities of the models range from 100 to 1000mg/cm 3 in the current study, listed in

Table E.19 where the number of atoms ranges from 800 to 60,000 in Table E.20. The

pore sizes of our models do not fit both one nanometer [178] and the sub-hundreds

nanometer [1831 scales. However, our study can provide meaningful insight for the 3D

graphene foams with pore sizes that have not been synthesized. As will be discussed

later, our models cover the density ranges where the defect ratios change significantly

from about 20% to 5% with different distributions. The models can capture the

essential features for multiscale mechanics of 3D graphene foams with various TPMSs.

Based on the spanned area in the unit cell, P type shows the lightest weight with

the assigned lattice size, while D type model is the heaviest. The area is S = aL2 ,

and the obtained factors, a, of P, D, and G types are 2.32, 3.78, and 3.06, respectively

(Table E.20). To reflect the difference of surface areas for analysis, we utilized a rel-

ative density, p/po, where p and po are the densities of TPMSs and pristine graphene

(2.3g/cm3 ), respectively. All three models show similar topological defect (pentagon

and heptagon) distributions in Figures D-2-D-4. As the lattice size increases the de-

fect ratios decreases from around 20% to 5% in Figure D-5. They are likely to form
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Figure 5-1: (a) Schematic figure for 3D graphene models with triply periodic minimal
surfaces (TPMSs) P (primitive), D (diamond) and G (gyroid). All models have a

cubic symmetry with varying lattice sizes (L): 3, 5, 10, 15, 20 nm. (b) Snapshots
present a summary of three-step process, including (i) generation of initial template

from FCC solid structure of Lennard-Jones (LJ) particles with external potentials,
(ii) transformation to hexagonal carbon lattice from triangular LJ lattice, and (iii)

refinement of geometries by adding and removing atoms based on the bond number

(c) Different topologies from experimental synthesis including (i) a TEM image of

randomly distorted P and D surfaces using the PMCS technique and (ii) a SEM
image of well-ordered 60 nm gyroid surface using the directed CVD method (d)-(f)
Snapshots of 3D graphenes with TPMS P, D, and G types with L=10 nm. The

randomly oriented grains and boundaries with topological defects (mainly pentagons

and heptagons) shape the curved surfaces.
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grain boundaries with aggregated topological defects as the lattice sizes increase,

which results in converged values of defects ratios to sustain the curved surfaces of

TPMSs. This polycrystalline feature of graphene can cause softening or non-linear

responses with a small deformation as shown in the previous polycrystalline graphene

studies due to the out-of-plane deformation [88, 31, 101]. The models conserve the

curved surfaces as defined after structural relaxation in Figure D-6, which is crucial

for the derivation of power laws to systematically understand multiscale mechanical

properties of 3D graphene foams. Firstly, to understand the effects of surface topol-

Figure 5-2: The components of stiffness (C1 1 , C12), two shear moduli (C44 and (C1 -
C12)/2), Young's modulus (E), and Poisson's ratios (v) of 3D graphene foams with
TPMS P, D, and G types. The values are averaged based on a cubic symmetry where
the error bars represent the standard deviation. The elasticity is strongly affected by
the structures, which provides an opportunity to design the elasticity with different
TPMSs. The Poisson's ratios show the strong dependence on the relative density
under 0.1 because the bending stiffness change as the density decreases. The defects
distributions are more likely localized and form grain boundaries, changing the local
mechanical properties. Solid lines in graphs are fitted functions described in Table
E.21.

ogy on the elastic properties, elastic constants are obtained (See refch2:2:6:1). As all

TPMSs have cubic symmetry, the three components of stiffness tensor (CI, C12, C44)

are enough to describe the elastic properties. We note that all our models are elas-

tically stable based on the Born elastic criterion for cubic crystals [1891. The cubic

shear modulus C44 represents the resistance to shear deformation across the (100)

plane in the [010] direction while (C11 - C12)/2 represents the resistance to shear

deformation across the (110) plane in the [11 01 direction [791. Figure 5-2 shows the

obtained elastic moduli and Poisson's ratios for P, D, and G types as a function of

the relative densities. The fitted functions for the properties of unit lattices are listed

in Table E.21.

The elastic properties are strongly affected by the TPMS topology, providing a

chance to design the properties from structures. The TPMS of D and G types have

relatively higher Young's modulus and (C1 - C22)/2 than P type while the Poisson's

ratio and C44 of P type are higher than those of D and G types. Two factors affect
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the elastic properties: one is the topological defect (mainly pentagon and heptagon)

distribution, and the other is the TPMS itself. From the previous study based on the

isotropic linear material with the finite element method (FEM) [190], the trends of

density dependence (exponent n from the scaling law) of TPMS are similar with those

from our models. For example, the exponents of Young's modulus of P type and G

type from FEM are 1.52 and 1.4, respectively. P and G types of graphene foams from

our MD simulations have 1.62 and 1.57, respectively. Also, the exponents of other

elasticity such as shear modulus of graphene foams have higher values than those from

FEM. The higher dependency on the density than FEM can come from the defect

distribution and its softening effect. Quantitatively decoupling the effects of defect

distributions and structures is challenging and would be possible by utilizing FEM

with careful set-up for graphene properties. Also, we note that there are nonlinear

responses due to the softening in small strain ranges. The behaviors are observed

in the polycrystalline graphene because of the out of plane deformation around the

topological defects. Our models have the same essential features of polycrystalline

in the regime of the relative densities below 0.1. This nonlinear response makes the

elastic properties less sensitive to the topology.

Secondly, the macroscopic effects of polycrystalline structures are investigated. In

general, the 3D graphene foams generated from the hydrothermal and chemical reduc-

tions feature the randomly assembled structures [181]. The well-ordered 3D graphene

foams with G type TPMS from the directed CVD method [183] also shows polycrys-

talline features. Therefore, it is worth identifying macroscale effects with randomly

oriented and distributed lattices from 3D graphene cubic crystals. Figure 5-3 shows

the obtained elastic moduli based on Voigt-Reuss-Hill (VRH) approach (See Method

2.2.6, which is a macroscale average with randomly distributed polycrystalline struc-

tures from unit crystals). The average makes Young's modulus and shear modulus

of D and P types converge into those of G type as shown in Table E.22 while both

coefficients and exponents of G type change little compared to the others. This is

because G type has nearly perfect isotropic elasticity confirmed by the Zener ratio

(Az) and the universal anisotropy index (Au) in Figure 5-3 and Table E.23. The
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Figure 5-3: Young's modulus (EVRH), shear modulus (GVRH), bulk modulus (BVRH),

and Poisson's ratios (VVRH) based on Voigt-Reuss-Hill approach. The approach is

to estimate isotropic properties from randomly oriented polycrystalline structures.

The error bars indicate the upper and lower bounds from Voigt and Reuss averages.

While the values do not change much for G type, those of P and D types vary

significantly from their properties because G type has isotropic elasticity even with

the geometrically cubic symmetry, which is confirmed by two anisotropy indexes Az

and Au (Az is a Zener ratio, and Au is a universal anisotropy index). If a material

is isotropic, Az is 1, and AU is 0. The anisotropies of G and D types do not much

depend on their density, while the anisotropy of P changes much. Solid lines in graphs

are fitted functions described in Table E.23.
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D and P types show the larger upper and low bounds of Young's and shear mod-

uli than G type (more than one order of magnitude in Table E.24). The randomly

oriented crystals in polycrystalline structures experience different strains under the

uniform stress. The different strains are associated with the shear stress concentra-

tion at the grain boundaries, and the magnitude of the stress concentration depends

on the elastic anisotropy. Therefore, G type has an advantage with polycrystalline

structures than the others. Also, this means that the deformation of polycrystalline

foams with G type is homogeneous under macroscopic loadings. The gyroid structure

is often observed in nature such as in the microstructure in butterfly wings known

for their unique structural colors [191]. Those structures have a thickness to form

lattice networks with polycrystalline features [192} (expressed as VG < thickness in

eq(2.25)). Although the materials properties and lattice scale are different, our find-

ing of isotropic elasticity of G type with atomically thin thickness implies that the

gyroid structure selected by nature may have an advantage for the polycrystalline

structures than the other structures.

Poisson's ratios demonstrate strong density dependence when the relative density

is under 0.1 (p=230mg/cm 3 ), which has not been captured with small size models

in the previous studies. A possible explanation for the decrease of Poisson's ratios

is a change of defect distribution at different scales. The spatial distributions of

defects and their ratios as a function of lattice size and relative density are shown in

Figures D-2-D-5 by utilizing the previously developed method 134]. As the lattice size

increases, the defects to sustain the curvature are more localized and gathered at grain

boundaries (converged to around 95% of hexagonal ring under the relative density

0.1), which basically changes the local mechanical properties of graphene including

topological defects, to the level of pristine graphene as the system size increases. From

the obtained scaling law for G type, Poisson's ratio decreases to 0.04 at p/po= 0.01

while a finite element model for G type has predicted v=0.2 at the same relative

density [190]. Our results explain the reported near-zero Poisson's ratios of graphene

foams at the very low densities [181].

Finally, strengths under tension, shear, and compression are obtained to gain
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Figure 5-4: (a) Tensile, (b) shear and (c) compressive strengths of 3D graphene
models as a function of the relative densities and snapshots of failure with the models
of L =10 nm. Compared to the elasticity, strengths are relatively less affected by
surface topology. However, the failure mechanism remarkably changes. For tensile
and shear loadings, multiple cracks (red arrows) are observed at different places in
D and G types while a single crack at the failing point grows to fracture the entire
system of P type. For compression, high values of Von Mises stress of D and G types
(O-a) are distributed in entire regions with complicated crumpled geometries while
P type shows localized buckling. Solid lines in graphs are fitted functions described
in Table E.25.

further insights into mechanical properties and fracture properties in Figure 5-4. The

results reveal that the strengths are relatively less dependent on the TPMS topology

compared to elasticity. However, the behaviors of failure differ under the tensile

loading significantly. Multiple cracks nucleate in the D and G types while a crack

grows to fracture in P type in Figure 5-4(a). Similar behaviors are observed under

shear loading in Figure 5-4(b). The behaviors affect the stress-strain curves after the

maximum stress as shown in Figures D-7 and D-8. P type shows brittle failure while

D and G types have saw-like tails. In this section, the failure mechanism of the TPMS

unit cell was mainly investigated in the current study. One may question whether the

brittle failure of P type originates from a finite size effect. Thus, the tensile tests are

performed with multiple unit cells (2x2x2) and confirmed the difference is still valid

as shown in Figure D-9. As the number of the unit cell increases further, the failure

will happen only near the region where the crack initially nucleated due to the stress

concentration. How the fracture toughness of the TPMSs and crack propagation

with a predefined crack change due to the TPMS topology would be an interesting

topic in the future. Under compression, the geometries of models at a strain of -

0.5 are demonstrated in Figure 5-4(c), showing complex crumpled geometries of D

and G types with well-distributed high atomic Von Mises stress (o..) in the entire

regions while P type collapsed with a localization of the stress. The stress-strain

curves in Figure D-10 demonstrate that P type has several points abruptly losing

the load-bearing ability, while G type has fewer points with continuously increasing

compressive stress. At the high compressive strain, regions of TPMSs parallel to
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Figure 5-5: Snapshots of atomic stress distributions with (a) tensile (oh) and (b)
shear (oy) loadings before the failure point and (c) compressive (o-yy) stress at highly
compressed state (EY, = -0.5). Under the tension, D and G types show notable stress

distributions compared to P type. The higher stress bands (red) are isolated from

lower stress regions (blue). The twisted stress bands are observed in D type, and the
spiral stress bands are found in G type. Similar isolated stress bands in D and G
types are observed under shear loading. For compression, the parts parallel to loading

direction mainly support the compression as indicated by red regions.
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the loading direction mainly support the compression in Figure 5-5(c). As discussed,

there are non-linear regions with a small deformation in stress-strain curves. The

tensile and compressive moduli were obtained from the stress-strain curves, showing

that the exponents of both tensile and compressive moduli are less sensitive to the

topology as around 1.0 and 2.2, respectively. D and G types show higher moduli than

P type, and its difference comes from the coefficients of the scaling laws as in Table

E.29.

For the better insight of fracture properties, the atomic stress is calculated for

tensile and shear loadings in Figure 5-5. We found that the different behaviors result

from distinct stress distributions under the tensile and shear loadings between D and

G types and P type. Figures 5-5(a) and (b) demonstrate that there are higher stress

bands that are isolated by lower stress regions in D and G types. The atomic stress

distributions in Figure D-12 also clearly show that there are high and low stresses

in D and G for both tensile and shear loadings, preventing a single crack becoming

dominant due to the stress concentration while P type fails by growing of a nucleated

crack. Also, the atomic stresses of the high-stress bands of D and G types are higher

than atomic stress in P type, making the strengths less dependent on the structures

compared to the elastic properties. The isolated bands allow multiple nucleated cracks

to be trapped and then, stress to transfer to lower stress regions. The redistributed

atomic stress due to deformation makes the stress increase from the failing point,

which makes a stress-strain curve in a saw-like shape by occurring multiple times.

Eventually, multiple crack paths are possible with the more significant amount of

energy dissipation as depicted in Figures 5-6(a) and (b). The saw-like stress-strain

curves and the localized cracks were also observed with 3D printed G type polymers

in the previous study [33]. To quantify the difference, we further obtained fracture

energy from stress-strain curves under tensile loading in Figures5-6(c)-(e). The results

show that D type can dissipate fracture energy almost three times larger than that

of P type while the portion of fracture energy from the elastic region is similar.
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Figure 5-6: Schematic of different fracture behaviors between P type and D and G

types. Due to the isolated high-stress bands, the stress-strain curves of D and G

show a saw-like shape while P shows brittle failure as described in panel (b). Inset

atomic stress shows how D and G types increase the intermediate stress by isolated

cracks. (c) Fracture energy is calculated from the stress-strain curves under tensile

loading. For the analysis, the total fracture energy is divided into elastic energy and

dissipated energy. D type shows approximately three times higher dissipated energy

than P type while both types have similar elastic energy. Solid lines in graphs are

fitted functions described in Table E.26.
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5.2.4 Conclusions

We note that these kinds of failure mechanisms are also observed in bio-inspired 3D

printed composites [32] by mixing two different soft and stiff materials. On the other

hand, our results demonstrate that the failure mechanisms with more energy dissipa-

tion can be useful even with a brittle and homogenous material based on complex 3D

porous structures by controlling stress distribution, which can open the opportunities

of designs for a novel class of lightweight crystal structures with excellent mechanical

performance. In summary, we systematically studied the mechanical properties of

triply periodic minimal surfaces (TPMSs) with 3D graphene foams: P (primitive),

D (diamond), and G (gyroid) types. The five different models (P and D) from 3

nm to 20 nm for each type are generated, and their elasticity, strengths, and failure

mechanisms are compared. We summarize our findings as below:

1. The defect distributions change with aggregation of defects forming grain bound-

aries as the density decreases, which causes a transition of the defect ratios at

P/Po ~ 0.1.

2. Elastic properties are strongly affected by the types while strengths are less

sensitive.

3. As the density decreases, Poisson's ratios significantly decrease from the tran-

sition (p/po - 0.1); near-zero Poisson's ratio is possible at very low density.

4. Failure mechanism under tension or shear loading is strongly affected by the

types.

5. Only G type has isotropic elasticity despite the structural cubic symmetry,

which may have an advantage for stress concentration with polycrystalline struc-

tures than P and D types.

6. The isolated high-stress regions of D and G types allow saw-like stress-strain

curves, which require more energy to break the unit cell of D and G types than

P type.
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Our findings provide the fundamental understanding of 3D graphene foams and in-

sights to design lightweight materials with tailored mechanical properties from so-

phisticated 3D structures.

5.3 Thermal properties of gyroid graphene

5.3.1 Introduction

Graphene is a well-known two-dimensional (2D) material that has excellent mechan-

ical, thermal and electrical properties [7, 193]. There is growing interest to utilize

graphene in three-dimensional (3D) architectures because monolayers of graphene

are constrained by their size, and because they are mechanical fragile with limited

large-scale mechanical engineering applications. Several different methods have been

developed to synthesize graphene-based porous materials with pore sizes ranging from

nano- to micro-meters in diameter [179, 180, 182]. Recently, 3D graphene structures

with sub-nanometer pore sizes have been developed based on a zeolite template [1781.

Although the mechanical and thermal properties of graphene per se have been well

characterized, the relationship between porous structures derived from graphene and

their mechanical or thermal properties are not well defined [194, 195, 25, 196, 197,

198, 199, 200].

A gyroidal shape, one of triply periodic minimal surfaces as shown in Figure 5-7,

has been proposed through atomistic computational modeling to represent the typical

features of porous 3D graphene [33]. The scaling law derived from that study shows a

great possibility of applying gyroid graphene to broad mechanical applications for high

strength and low density. Such a gyroid graphene model enables rigorous evaluation

of the thermal property of the 3D graphene structures.

Previous experimental studies have investigated thermal conductivities of graphene

foams and aerogels [201, 202, 203], where extremely low thermal conductivities com-

pared to the pristine graphene were reported. However, the quality of samples was

dependent on processes much and thus, the mechanism reducing the thermal conduc-
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Figure 5-7: 3D gyroid graphene models and schematic for non equilibrium MD (a)
Five models of gyroid graphene with different unit cell length, L =3, 5, 10, 15, 20
nm from left to right. Scale bar: 2.5 nm. (b) Spatial distribution of defects in the
gyroid models: L = 3,10, and 20 nm. Red atoms indicate the atoms belong to non-
hexagonal ring defects. The scale bar represents 2 nm for each model. The defects are

dispersed for smooth-curves in the system (Figure D-15). (c) NEMD with a gyroid

model (L =10 nm) for 1 = 60 nm, w=20 nm, and t=10 nm. The heat flux energy,
j, is selected based on the temperature gradient. The cross-sectional areas (wt) are

selected based on the standard deviation of temperatures of the temperature gradient
with different system lengths (1) (Figure D-18 (b))
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tivity was not clear. The porosity, defect ratios, and their distributions are possible

reasons for the reduction, which cannot be individually controlled in experiments. It

is intriguing to investigate how each factor plays a role in the reduction of the ther-

mal conductivity of the 3D foam of graphene. Also, it is valuable to derive an ideal

relation between the densities and thermal conductivities of graphene-based porous

materials for materials design perspective. Models for mechanics and thermal prop-

erties derived from computational modeling can guide design strategies to control

mechanical performance and thermal properties of such materials.

5.3.2 Methods

We relax the systems in the NPT ensemble together with the Langevin thermostat

and Berendsen barostat at a low temperature of 10K to 300K for the cell parameters.

Next, the Nos6-Hoover thermostat is applied to equilibrate the system at 300K for 5ps

with a time step of 0.5 fs. Thereafter, the heat flux is imposed in the NVE ensemble

for 0.5 ns or 1.0 ns with a timestep of 0.25 fs (0.5fs for L=15 nm and 20 nm) until

steady state is obtained. The short time step is required for conserving the system's

total energy while performing ensemble averaging, and the longer relaxation time is

required for the longer system to attain a linear temperature gradient. Subsequently,

averaged temperature gradients are obtained for 0.5 ns. Since a small cross sectional

area and heat flux result in large standard deviations of temperature, we set up the

system with replicated units for all simulations and scale the heat flux based on the

length of the simulation box, which gives a net temperature drop of approximately

10K. Detailed information including lateral dimension, thickness, heat flux and the

length is shown in Figure D-18. The temperature gradient is obtained by linear

regression of the temperature profile of the system at steady state as shown in Figure

D-19. All temperature gradients of models are shown in Figure D-20-D-24. The

thermal conductivity is simply obtained from eq(2.8).

All models are relaxed in the NPT ensemble with the Langevin thermostat and

Berendsen barostat from 10K to 300K. Next, sequential NPT, NVT, and NVE en-

sembles are applied at 300K for 106 steps for each. Finally, the data of heat current
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vectors (eq(2.10)) are accumulated for 107 steps with the NVE ensemble. The heat

current AU tocorrelation functions (HCACF) are obtained by utilizing Fast Fourier

Transform in the West (FFTW) library with C++ code and the thermal conduc-

tivities for all directions are calculated from eq(2.9). The widths of the systems

are greater than 9 nm in each orthogonal direction, and the size dependence of the

thermal conductivity is checked with doubled widths or thicknesses for each model.

All atomistic MD simulations and modeling are performed on the LAMMPS pack-

age. For interatomic potential, we utilize the optimized Tersoff parameters for bet-

ter agreement with experimental data, as these parameters show improved fits to

graphene's in-plane phonon-dispersion curves (Figure D-17).

All models are relaxed in the NPT ensemble with the Langevin thermostat and

Berendsen barostat from 10K and 300K. Next, sequential NPT, NVT, and NVE

ensembles are applied at 300K for 106 steps each. Finally, the data of heat flux

vectors are accumulated for 107 steps with the NVE ensemble.

Detailed information including lateral dimension, thickness, heat flux and the

length is shown in Figure D-18. The temperature gradient is obtained by linear

regression of the temperature profile of the system at steady state as shown in Figure

D-19. All temperature gradients of models are shown in Figure D-20-D-24. The

HCACF and thermal conductivities of gyroid models are shown in Figure D-26.

5.3.3 Results and Discussions

In NEMD simulations, heat flux is imposed across the system in the y-direction as

shown in Figure 5-7(c). The thermal conductivities of each model as a function of the

system lengths are shown in Figure 5-8(a) and Table E.31. Compared to the refer-

ence value of 2D pristine graphene (1200-2000W/mK), the thermal conductivities of

gyroid graphene with bulk density 5.5%-35.4% that of 2D graphene (p= 2 .3 g/cm3 )

are 300 to 400 times lower. We carefully checked the convergence with respect to the

lateral size because the results from NEMD vary with the simulation system lengths

in the direction of the heat flux if the phonon MFP is bigger than the system length

along the heat conduction direction. However, the thermal conductivity is insensitive
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to the widths or thickness in the directions orthogonal to the heat flux. The models

are constructed with thicknesses and widths that are greater than 9 nm because the

dependence of graphene sheet's thermal conductivity on its width with NEMD is neg-

ligible if the width is larger than 5 nm. To verify that this is true, the longest system

of each model is tested with twice the width or thickness. The results in Table E.33

show no significant difference.
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Figure 5-8: Thermal conductivities of gyroid graphene. (a) Thermal conductivities
of five different models with various lengths and their fits. (b) The linear relation
between the inversed thermal conductivity and inversed system lengths. The detailed
data of fitted parameters are shown in Table E.31 and E.32.

A widely-used approach to obtain converged bulk limit values with NEMD is based

on the linear fit of the inversed thermal conductivities and inversed system lengths

as shown in Figure 5-8(b). In addition to NEMD data, the thermal conductivities

calculated from equilibrium molecular dynamics (EMD) are also shown in Figure 5-

9(a) and Table E.32. Comparing to pristine graphene, both methods produce very low

values of thermal conductivities with similar density-insensitive trends. We note that

the isotropic gyroid graphene is constructed from randomly oriented flakes with grain

boundaries, which means that there should be no directional dependency in principle.

However, the thermal conductivities of our models can have small variation along
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different axes due to their specific geometries. The averaged standard deviation for

all samples in the three directions from EMD results is sufficiently small (<0.2W/mK,

Table E.32), hence the directional effects in gyroid graphene are negligible.
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Figure 5-9: Summary of results and power laws. (a) Bulk limit of thermal con-
ductivities of gyroid graphene with different method and fits. The detailed data of
EMD are shown in Table E.32. (b) The scaling law of thermal conductivity of gyroid
graphene. The obtained power laws are A = 4.0(p/po) 0 " and 5.3(p/po)0. 097 for EMD
and NEMD, respectively

Notably, EMD underestimates the thermal conductivities by approximately 30%

in comparison to NEMD. We note here that the thermal conductivity obtained from

EMD can vary based on the heat flux equation given in eq(2.10). The difference in

the heat flux formulation can give a wide range of thermal conductivity of pristine

graphene, ranging from 400W/mK to 1800W/mK [73]. We obtained the thermal

conductivity of pristine graphene as 1200W/mK in the current study with the formu-

lation assuming that the potential is equally divided between two atoms. Studying

the effects of different formulations considering many body terms is not considered

here, but the variation (from the current formulation, approximately 50% ~ 150%)

can explain the underestimation compared to NEMD because the thermal conduc-

tivity of pristine graphene from NEMD reaches around 2000W/mK for a 1000 nm

strip [204]. Thus, both methods predict significant drops of thermal conductivity

compared to the pristine graphene.

152



250 Scaled i (NEM).
fit

200

150

100

50,

0
0 20 40 60 80

deffect (nm)

b

150

100

50

0

Scaled X (EMD) *
fit

0.1 0.2 0.3 0.4

' (ps)

C
graphene

20nm
15nm
1Onm

5nm
3nm

0
0-

0 10 20 30 40 50 60
Frequency (THz)

Figure 5-10: (a) The linear relation between the effective distance (deffect) between
defects and the scaled thermal conductivity from NEMD based on the eq(5.3). (b) The
linear relation between the relaxation time (T) and the scaled thermal conductivity
from EMD. (c) Phonon density of states obtained from PDOS

The results from our study suggest a scaling law for the thermal conductivity of

gyroid graphene or porous foams of 3D graphene as a function of scaled density. The

thermal conductivity of conventional porous materials such as silica aerogel follows

the power law as [205]

A - C , (5.1)

where C is a parameter including the effects of the porosity; po is the density of bulk

silica; p is the density of silica aerogel; and a is approximately 1.6 for the densities

between 0.3 to 1.0g/cm 3 . However, 3D porous structures composed of monolayer

graphene show significantly different behaviors, because the thermal conductivity of

the 2D graphene that constitutes the gyroid graphene changes significantly with vary-

ing density as well. The power law we obtained from the five gyroid models is shown in

Figure 5-9(b). The obtained a is around 0.1, showing little dependency on the scaled

density. The exact expressions are 4.0(P/Pgraphene) 0 .11 and 5.3(p/pgraphene)0 .0 9 7 from

EMD and NEMD, respectively. Based on the volume fraction (# = Vgraphene/Votal),

we can estimate the thermal conductivity of the graphene with defects as suggested

from the previous study [202] as

Agraphene = (3/0)A
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where < is volume fraction (Vraphee/Vtotal) and can be obtained from P/Pgraphene,

where Pgraphene=2.3 g/cm 3 is the density of planar graphene. The thermal conductiv-

ity of defected and curved graphene (Agraphene) is reduced to 13% (L =20 nm) to 2%

(L =3 nm) that of pristine graphene. Based on the obtained power law, the thermal

conductivity of graphene recovers from 2% of the pristine graphene at p ~800mg/cm 3

to 2000W/mK, approximately at p ~10mg/cm 3.

There are several possible reasons for the reduction of the thermal conductivity

of the graphene sheet that makes up gyroid graphene. One reason is that the disor-

der ratio (,3) depends on the density as shown in the Table E.30. Previous studies

have reported that the grain boundaries and various defects can reduce the thermal

conductivity of graphene. Wu et al. have reported a 70% reduction in thermal con-

ductivity, with grain boundaries in the polycrystalline graphene and approximately

10% defects, due to the reduction of the phonon life-time [781. In that study, the poly-

crystalline graphene was considered to be a two-phase composite consisting of defects

and pristine regions. The disordered grain boundary regions possessed only 5% of

the thermal conductivity of the pristine graphene. Other studies also show significant

drops of the thermal conductivity due to various defects such as Stone-Thrower-Wales

(STW) defects, 5-7, and 5-8 pairs [206, 2071. We note that the defects of the gyroid

graphene are dispersed more uniformly (Figure 5-7 (b) and Figure D-15) compared to

polycrystalline graphene. Since the vibration of atoms near defects is influenced by

the defects, more atoms are affected by the defects with well-dispersed defects, which

can decrease the thermal conductivity more than polycrystalline graphene with the

same defect ratio. Also, the dependence of thermal conductivity on temperature is

determined at 200K, 300K, and 400K, showing that the trend with different disorder

ratios (grain sizes) in Table E.34 agrees with that of polycrystalline graphene in recent

simulations [751 and experiments [208].

Another feature of gyroid graphene is the curvatures induced by the defects. The

dislocations and pentagon-heptagon defects will cause curvatures in pristine portions

of the graphene sheet as they undergo torsional deformation and changing lattice

direction along the direction of heat flux. Limited studies reported the effects of
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and more energy dissipation. As the level of disorder increases, the system has more
atoms having high J,,.. Also, the distribution of high J,, changes from localizing
near the defect to dispersing all over the system. (b) The spatial distribution of the
atomic heat flux for the smallest gyroid graphene (L = 3 nm). (c) Dissipation factor

(arbitrary unit) as a function of the level of disorder (0). The factor increases faster
at a low level of disorder than at a high level of disorder because the localization
already happens with non-defect atoms with highly disordered system. The dashed
blue lines show different gradients in two different regions (/3 < 0.13 and / > 0.13).
Normalized atomic heat flux vectors of gyroid model for L = 3 nm (d) and for L = 20
nm (e); Red colors indicate defects. The pristine graphene shows homogenous and
clear directionality of the heat flux in the y-direction compared to gyroid models. The
difference of norms between the defect and non-defect atoms is not clear with highly
disordered system (L = 3 nm), while distinct localization of heat flux is observed with
less disordered system (L = 20 nm). The scale bar represents 2 nm for each model.
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graphene curvature or folding [209, 34], which can decrease the thermal conductivity

by approximately 30% to 70%. Although the effects of strain and various defects

have been separately studied in previous work, the effects of the curvatures induced

by dislocations and 5-7 defects have not been systematically studied and need to

be scrutinized. A similar three dimensional systems called Schwarzites having triply

periodic minimal surfaces, have been studied by Pereira et al [2101. The thermal con-

ductivities of Schwarzites are reported to be as low as 20W/mK. The main reason for

the reduction of the thermal conductivities is much smaller phonon MFP. Although

the system sizes of our models are prohibitively large for analyzing the phonon prop-

erties with anharmonic lattice dynamics, we can estimate the effects of the shortened

MFP from the averaged distances between defects and a single-mode relaxation time

approximation.

Firstly, we estimate the averaged distances between defect atoms to obtain insights

into the phonon MFP due to the defects. The defects of the gyroid graphene are

uniformly distributed in the system to sustain the structural features as shown in

Figure 5-7 (b). The area of gyroid graphene sheet is proportional to L2 . Assuming

the defects are homogenously distributed in the sheet, the averaged distances between

defects can be expressed as

ddefect OCL (5.3)

where L and 3 are the unit length of the model and defect ratio, respectively. For

gyroid graphene structures, since the shorter L requires more defects for the higher

curvatures, L decreases as # increases, leading to smaller ddefect. We note that dde-

feet is proportional to the effective distance between defects and MFP. The averaged

distance ddefect has a strong linear relation (R2=0.999) with Agrapiene from eq(5.2)

as shown in Figure 5-10 (a), which means that the major drop of the thermal conduc-

tivity of graphene sheet is caused by shortened MFP due to the distributed defects

in the system.

Secondly, the acoustic mode relaxation time is obtained from the heat current au-
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tocorrelation function (HCACF). The relaxation times for the slow acoustic mode are

obtained from fitting functions and listed in Table E.32. Based on the single-mode

approximation36, the overall phonon scattering is proportional to 1/r. The relax-

ation time of the gyroid samples are 20 to 400 times shorter than that of graphene,

which means the phonons are scattered much more frequently and thus, there is more

localization of thermal energy transfer in gyroid graphene. The relaxation time and

the Agraphene obtained from the eq(5.2) also have a linear relation (R2=0.99) as shown

in Figure 5-11 (b), meaning the scattering is a critical factor of the reduction. Since

the reduction of relaxation time results in shortening MFP (eq(2.7)), the reduction

comes from the shortened MFP, consistent with the discussion in the previous section.

Finally, we examine the phonon density of states (PDOS) of the gyroid graphene

to investigate the contribution of the heat capacity to the thermal conductivity in

eq(2.7). Both gyroid graphene and monolayer graphene over 5 ps are shown in Figure

5-10 (c) (separated graphs are provided in Figure D-16 ). The overall peaks and

shape does not change much except around 50 THz. This trend is very similar with

those of polycrystalline graphene reported in the previous study. Although there is a

significant change around 50THz, the contribution of high frequencies to the specific

heat is not important (Only 2.5%, compared to that of 1OTHz). Considering the fact

that the thermal conductivity has a linear relation with the relaxation time (Figure

5-10 (b) and eq(2.7)), and the effect of specific heat is not significant from PDOS,

we can deduce that the effect of group velocity is negligible compared to the effect

of the relaxation time. Thus, we can conclude that the main reduction of Agraphene

comes from the short MFP due to the high scattering rate (shorten relaxation time)

and dispersed defects, which appears with localization of heat flux [2111.

For better insight into the localization of thermal energy transfer, we obtain the

atomic heat flux from NEMD as Ji = -Sivi, where vi, and Si are the atomic energy,

velocity, and stress tensors. We need to normalize the atomic heat flux because the

values vary with factors like the total heat flux energy, system size, and the thermal

conductivity. The normalized spatial distributions of the atomic heat flux in the

gyroid models are shown in Figure 5-11 (a) and (b). Then, we define dissipation
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factor (D) to understand how the localized heat flux changes with its density (See

Method part). The D factors of gyroid models and pristine graphene as a function

of the disorder ratio 3 are shown in Figure 5-11 (c), clearly showing that the defects

cause more localized heat flux. The overall trend is linear between 3 and D, and

notably the gradient of the region between 3=0 and 0.13 is steeper than that of

systems with higher disorder (0>0.13). As shown in Figure 5-11(a), the higher J",

is localized near the defects in the systems with lower levels of disorder (0<0.13),

but non-defect atoms also have high Ja, in the system with higher levels of disorder

(0>0.13). Thus, the localization increases faster at a low level of disorder than at a

high level of disorder because the localization already happens with non-defect atoms

in the highly disordered system. The localization of thermal energy at non-defect

atoms is induced by curvatures. This can be clearly seen from the vector maps of

the models; the vector maps of gyroid models (L=3, 20 nm) are shown in Figure

5-11 (d) and (e) (Figure D-27-D-30 for other models and graphene). The atomic

heat flux vectors (J) lie along the lattice direction of graphene, and the overall heat

flux directionality of the whole system (Figure D-27) and the difference of norms

between the defect and non-defect atoms are not clear with highly disordered system

(/3>0.13) compared to pristine graphene as shown in Figure 5-11 (d). Conversely, the

localization of the heat flux (showing larger norms of the vectors than others) becomes

distinct near the defects as the system size increases (0<0.13) as shown in Figure 5-11

(e). The disturbed directionality of the heat flux vectors due to the curved lattices

can cause the localization of heat flux with the non-defect atoms, which explains why

the thermal conductivity show much lower values than planar systems with defects.

This is the common feature of the 3D structures generated from 2D materials and

thus our understanding of the thermal conductivity gain from the current work may

be applicable to other 2D materials with 3D porous structures.

5.3.4 Conclusions

In this section, the thermal conductivities of 3D gyroid graphene are studied on the

basis of molecular dynamics. Both non-equilibrium and equilibrium MD methods
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show that these gyroid graphenes have extremely low thermal conductivities (more

than 300 times lower with one-third the density of graphene) compared to those of

pristine graphene and carbon nanotubes. From the derived power law, we have re-

vealed that the thermal conductivity does not depend on the density as much as

conventional porous materials, such as silica aerogels, because the thermal conduc-

tivity of the constitutive graphene sheets decreases significantly. Based on the low

thermal conductivity and the mechanical stability with a very low density, the gyroid

graphene can be one of the best candidates for superior construction or composite ma-

terials. We find that the main reasons for the reduction are the porosities and shorter

phonon mean free paths due to dispersed defects. Also, the curved lattice direction

can increase the scattering even at sites with the non-defect atoms, which is the key

feature of the 3D structures assembled from 2D materials. This study can provide

a design rule for higher thermal conductivity of 3D graphene foam. For example,

we can design 3D graphene structures with heterogeneous material density distribu-

tion as well as anisotropic thermal conductivity for efficient thermal management and

mechanical function such as facades with energy efficiency.

5.4 3D surface of TMD materials

5.4.1 Introduction

In this section, MD based growth models of TMD monolayers are proposed. Various

substrates are utilized for CVD method for TMD such as silicon nitride (Si 3N 4),

silica(SiO 2 ), and sapphire (aluminum oxide). The unveiled growth mechanisms are

the chemical reaction with the precursors of metal and chalcogenide and diffusion on

the substrates. The lattice orientation of the substrates is less critical, but the lattice

directions of initial seed play a vital role in the crystal growth. Therefore, the details

of diffusion can be ignored to obtain the grown crystals from the initial seed. The

morphology of grain shape depends on the chemical environments such as dependent

the local metal-rich or S-rich conditions. The defects and structures at the grain
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boundary depend on at the mismatching angles between grains. When the substrate

is corrugated with positive and negative curvatures, the crystal growing process can

be affected by the accumulated strain energy from the substrates. First, the proposed

models show the grain boundary from two tilted grains can be formed. Second, the

models show how the single grain can branch on the negative or positive curvatures.

5.4.2 Methods

Growth of tilted triangular WS2 seeds on the flat surface

MD simulations for crystal growth and grain boundary formation in this study are

performed via a LAMMPS package. The crystal growth model utilizes the previ-

ously proposed method of building atomic structures of polycrystalline graphene by

combining MD and Monte Carlo (MC) method. In the process, energetically favored

structures are selected by geometries and bond numbers, and further relaxed by MD

runs. It can quickly accept or decline the new configuration based on the geometries

of defects and has successfully generated well-stitched polycrystalline graphene. In

the same way, models iteratively apply a growth algorithm for WS 2 monolayer based

on the bond number. Figure 5-12(a) presents four steps of the algorithm for the one

iteration from a given WS 2 seed to the next seed to be relaxed by MD simulations.

Different from graphene, WS 2 has three atoms-thick structures (i). To obtain a cor-

rect bond number, we project sulfide atoms positions on flat surfaces by averaging

the locations of the top and bottom sulfides, which allows us to calculate the bond

number based on the distance between W and S atoms (ii). Then, we add the W or

S atoms to the desired position based on newly tuned criterions (iii) will be described

in the following section. Finally, 3D structures are reconstructed from the projected

positions for the next structural relaxation MD (iv). The relaxation of each step uses

the NVT ensemble more than 2000 steps with Ifs time step and energy minimization.

The most important part of the growth method is adding or removing the atoms in

the step (iii). After removing the atoms having the bond number more than four,

atoms are added only near to the reference atoms having the bond number one or
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Figure 5-12: (a) The schematic of the growth algorithm from a relaxed seed of WS2

(i) to the next seed (iv). To obtain accurate bond information of each atom, the

projection the 3D geometries on the flat surface (ii) is required. After adding W or

S atoms on the surface (iii), the three-atom-thick structure (iv) is generated from

the 2D geometries. (b)-(c) Crystal growth and grain boundary structures with two

different angles for 190 mismatching. The strain (e) is calculated from the relative

bond lengths between W-S projected into the x-y plane. The defects at the grain

boundary structures are obtained from further relaxation of MD simulations.
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two. If the bond number of the atom is one, two atoms (W or S, as an opposite

type of the reference atoms) are added. If the bond number of the reference atom is

two, one atom is attached. In this case, if two bonded atoms are the same type, the

additional atom follows the atom type while if the two bonded atoms are different;

the new atom type is randomly selected. The variance on the position of new atoms

is added based on the Monte Carlo method. If the distances between the added atom

and pre-existing atoms are not long enough, the atoms are rejected. Unlike polycrys-

talline graphene, there are more kinds of defects at the grain boundary in CVD grown

TMD monolayer. We only remove S atoms having bond number two and larger angle

than 1500 to have reported defect types in previous studies [164, 212, 213, 154]. A

box of 30 nm x 30 nm x 10 nm is prepared to obtain the structure of grain boundary

with 19' mismatch with S edge triangular seeds. The lateral length of the triangular

seed is 12.5nm.

MoS 2 growth on curved surfaces

Several studies have been reported for models of grain boundaries or defects in two-

dimensional materials on a curved surface. Mostly, the proposed methods are based

on total energy estimation or energy barrier between transition states. Wang et

al., report a finite length of grain boundaries of graphene and MoS 2 on a non-zero

Gaussian curvature based on kinetic Monte Carlo method [214]. Phase field methods

have been utilized to build curved atomic structures of graphene [172, 185]. While

those methods do not require pre-knowledge of defect types, the system sizes are

limited because one needs to evaluate energy of randomly selected states to evolve

and the other needs to minimize the total energy of the entire system. The growth

models on the flat surface are extended to describe the various defects at the grain

boundaries of MoS 2 and see how the defects and grains are evolved due to the strain

coming from the curved substrates. The REBO potential is utilized to describe the

interatomic interaction of MoS 2 monolayer. To constrain surface during the evolution,
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analytical forms of a sphere and Gaussian curve are utilized (Vsurface):

VsphereZ 2 - r2 2(= 2 2) 2

VGaussian Z - j(R2 _ r?) exp(-b(r2 _ r2 > r2, (5.4)

where the R is the radius of a sphere; rt is the transition point from sphere function

to Gaussian function; b is a coefficient related to dispersion of the Gaussian function

in Figure 5-13. The Gaussian function plays a role in the transition function from the

flat surface to positive curvature. The constraint function is applied on Mo atoms:

EM = EREBO A S surface, (5.5)

where A was set as 50eV while S atoms are controlled by EREBO; VSurface is the

surface equations of the sphere and Gaussian. The modified potential allows Mo

atoms deform only on the surface during the structural relaxation. Then, the same

iterative growth algorithm of WS2 on the flat surface is applied in Figure 5-14.

........ VsPhere

VGaussian Z

VSphere :z R 2 -r 2

yVGaussian z - R2 
- r2 exp(-b(r2 

- rt))

x 2 2 + Y2 r2= x +Y 2

Figure 5-14: (a) The schematic of the growth algorithm from the relaxed seed (i) to
the next seed (iv) for relaxation. To obtain accurate bond information of each atom,
the projection the 3D geometries on the surface (ii) is required. After adding Mo or
S atoms on the surface, the 2D geometries are transferred to have three-atom-thick
structures (iii). (b) The adding and removing atoms based on the bond information
in panel (a)-(iii).
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5.4.3 Results and Discussions

Figure 5-12(b) and (c) show the grain boundary and defects from the initial angles of

WS2 monolayer seeds. A central part of each seed is fixed during the MD relaxation to

prevent undesired rotation. The only mirrored seeds are considered in the examples

while the relative displacement along the y direction can change the grain boundary

to have meandering paths. Figures 5-15 and (Figure D-31) show the results of crystal
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Figure 5-15: Crystal growth of MoS 2 with R=20 nm (a) and R=40 nm (b) curvature.
K is the Gaussian curvature of the surface; 0 is the lattice angle obtained from
projected lattice on the flat surface; c is strain calculated from bond length between
Mo and S where the S position is projected on the curved surface. Triangles represent
the positions and orientation of initial seeds.
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growth of MoS 2 from the flat surface. The initial triangular seed is located on the flat

surface. As the crystal growth, it edge of triangle first meet the negative curvature on

the Gaussian surface. The negative curvature on the Gaussian surface allows the grain

branches into multiple regions by Mo-S bond breaking. When the grain grows on the

positive curvature of the sphere surface, other grains are generated by the deletion of

lattice and the formation of dislocation. The generated dislocations change the angle

of grains and form a long grain boundary. In the end, complicated grain distributions

are obtained Next, the initial seed is located on the center of the half sphere to see the

effect of curvature on the initiation of the deletion. Figure 5-16 (Figure D-32) shows

the results after the seed grows. The results show a clear tendency that pristine grain

size depends on the curvatures. As the positive curvature increases, the grain size

gets smaller. The grains from the center show more symmetric distribution compared

with those from the flat region in Figure 5-15.

5.4.4 Conclusions

The MD-based crystal growth models are proposed and utilized to predict the grain

boundary structure with tilted angles with monolayer WS 2 . The types of defects

formed at the grain boundary show good agreement with previously reported defects.

The models are further extended to understand and model the grains on the curved

surface. The grain distributions on the curved surface actively interact with curva-

tures, and the behaviors are different between positive and negative curvatures. The

initial locations of seeds govern the overall geometries of grains, and the curvature

controls the size of the pristine region.
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Chapter 6

Conclusion, Discussions, and Future

6.1 Review of key findings and their significance

Two-dimensional (2D) materials provide not only provide exciting new material prop-

erties, but also excellent platforms to validate theoretical models by direct comparing

atomic structures from DFT (density functional theory) calculations, reactive MD

(molecular dynamics), CGMD (coarse-grained MD), KMC (kinetic monte carlo), to

FEM (finite element method) including phase field models with their intrinsically

multiscale features having atomically thin thickness but wafer scale area. The multi-

scale modeling paradigm becomes more critical when the available macroscale models

are not accurate enough, but microscale models are not efficient enough. The typical

strategy is a bottom-up approach by deriving parameters required for the macroscale

models from the microscale models. In principle, the interaction of atoms in quantum

mechanics based on many-body electrons can provide sufficient information to under-

stand most of chemistry, physics, biology, materials science and engineering problems.

However, the development of a scaled-up model (e.g., molecular dynamics from quan-

tum mechanics) should be validated because the approximation of the many-body

effects for scaling up is not straightforward, and some information is dropped.

In this thesis, I developed reactive MD models for transition metal dichalcogenides

e.g., MoS 2 , WS2 , MoSe2 , and WSe 2. The models can innately describe not only their

mechanical behaviors of single crystals but also those of the bilayers and covalently

169



bonded heterostructures. The key strategy in my development is matching the non-

linearity of stress-strain and failure strains of single crystals of MD to DFT calcula-

tions. The non-linearity of mechanical properties is critical to validate the developed

models by comparison with advanced TEM images conducted by experimental work

[35, 37, 103, 36]. I also devise methods to generate well-stitched polycrystalline crys-

tals based on reported dislocation and defects at the grain boundary. The method is

further extended to create intricate three-dimensional surface structures such as three

different types of triply minimal surfaces, and roughened surfaces with non-zero and

non-negative Gaussian curvature.

The validated models are utilized to understand mechanical, thermal and elec-

tronic properties related to the structures of 2D materials through further calculations

of DFT for electronics and accurate defect formation energy, reactive MD with well-

controlled boundary conditions, and comparison with continuum theory. I summarize

the important mechanisms unveiled in the thesis as follows:

1. Fracture is one of the most foundational concerns in physical science and

engineering governing a wide range of material failure. In this thesis, the atomic-

scale mechanisms of crack-tip behaviors in 2D MoS 2 and WS 2 crystals are studied

including the effects from the sulfur vacancies and bilayer. The crack propagation

becomes slower because the sulfur vacancies make the system metallic and plastic.

Different from graphene, TMD materials have a three-atomic thickness, which causes

geometrical interlocking to enhance the layer-to-layer friction. The friction plays a

critical role in the crack propagation, and the friction mechanisms can explain various

fracture patterns experimentally observed in the bilayer MoS 2 . The lattice structures

of TMD materials have a different symmetry (D3h) [215] from monoatomic 2D crystal

such as graphene [216] (D6h) although they have the primitive hexagonal cell. The

loss of inversion symmetry allows the propagation anisotropy along the armchair

direction in WS 2 monolayer. Conventional linear elastic fracture mechanics (LEFM)

cannot explain the mechanisms because such anisotropy has not been considered as

a parameter in LEFM framework.

2. The grain boundary and topological defects at the boundary are essential fea-
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turcs of 2D materials. The prediction of the atomic structures at the grain boundary

is a challenging task in atomic scale modeling. The advanced TEM provides rep-

resentative structures of topological defects at the grain boundary, e.g., pentagon

and heptagon in graphene. I propose a method for the generation of polycrystalline

graphene with randomly distributed grains by merely utilizing the reported geome-

tries. The fracture toughness from the developed models agrees with the previous

experimental measurement, which was not realized in the former MD studies. Also,

the models reveal the crucial role of out-of-plane deformation on the fracture tough-

ness. The reactive MD models are utilized to unveil the catalytic function of 517

dislocation at the border of a hetero-junction between MoS 2 and WSe 2 for ID MoS 2

channel growth in WSe2 -

3. One of the main goals of this thesis is to provide an efficient design tool for 2D

materials. By utilizing the developed MD models and methods, I propose a method to

generate three-dimensional graphene. Three different types of triply periodic minimal

surface (TPMS), e.g., D, P, and G, are made to derive scaling laws of mechanical and

thermal properties. The results provide the mechanisms for how the newly designed

structures behave differently from conventional porous materials and 2D materials.

Finally, the crystal growth method of TMD materials on the arbitrary surface is

proposed. The method can predict the grain boundary structures from two tilted

grains on the flat surface. Furthermore, the models can provide grain distributions

on the curved surface.

6.2 Possibilities for future research

Fracture is one of the most prominent multiscale phenomena, including atomic bond

breaking and macroscale crack propagation [104, 105, 106, 119]. Several models have

been developed to understand the crack-tip behaviors and fracture patterns of vari-

ous materials [30]. This thesis provides insights into the mechanics including crack

propagations in the crystalline materials, which were not captured in the conventional

fracture theory and bulk crystals.
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The unveiled atomic-scale mechanisms such as the anisotropic propagation due to

the atomic lattice distortion, are not limited to the nanoscale. Also, the importance

of local inelasticity is aligned with the findings in the previous studies [1181. Many

earlier studies including 2D material failure have been performed based on different

types of forcefields or potentials without carefully checking the non-linearity of stress-

strain curves with DFT calculations. Instead, elasticity and ground state energy

have been the standards to describe failure. Results in this thesis clearly show that

atomic-scale non-linearity comparable with quantum mechanics would be mandatory

to develop macroscale models, such as CGMD and FEM. In this section, I discuss

possible research directions in the future.

MD is a useful tool to investigate nanoscale to microscale deformation and dy-

namics such as wrinkles, ripples, crumples, and crack propagation of 2D materials

[217, 218]. In this thesis, the REBO can provide relatively larger size and compa-

rable behaviors of failure and deformation with DFT calculations and experimental

observations. While there are many emerging nano- and low-dimensional materials

and their heterostructures the development of the forcefields is limited due to the

complexity of the forcefield.

One direction is to develop a multiscale framework utilizing the genetic algorithm

and coarse-grained models. The critical bottleneck of up-scaling from DFT to MD

is a parameterization. The genetic algorithm with a large amount of training data

can provide a systematic, reliable and automated way for parameterization. The

availability of increasingly reliable parameters of various 2D materials offer more

opportunities to reveal atomic structures, deformation, and mechanisms of failure

and synthesis process for multiple applications at least up to the 100 nm scale. The

REBO potential can be further simplified if one considers only bond breaking and

failure of pristine crystals. The simplified formulations can provide accessibility to

larger scale system sizes in 2D materials. To handle larger systems, it is also possible

to use coarse-grained models.

Regarding three-dimensional designs of materials, exploring the electronics and

optical properties coupled with mechanics is an intriguing direction. It is difficult to
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investigate the scaling laws of optoelectronic properties due to the sizes that DFT

can handle. However, the smallest one is possible to manage with DFTB method.

A more feasible way is to build different curvatures of surfaces as a component of

entire structures and study the properties of the parts. One may find a general

relation between a certain electronic or optical properties and the given curvatures.

Then, it would be possible to build FEM models by connecting parts. Since 2D

materials are very thin and flexible, coupling with mechanical deformation can provide

opportunities for various applications, e.g., energy, filtration, and semiconducting

devices.

For the crystal growth model, the current model assumes an optimal growth condi-

tion such as triangular morphology and defect types at boundaries of TMD materials

missing synthesis conditions such as precursors and temperatures. It is possible to

include the effects of synthesis conditions by exploring the impact of chemical enviro

nments and temperatures. Then, the growth models can predict the quality of grain

boundary structures at the different chemical enviro nments, for example, metal-rich

condition or chalcogenide-rich condition. The predicted atomic structure would pro-

vide not only the mechanical properties but also electron transfer, band structures,

and chemical reaction at the defects. The growth models also can provide useful in-

formation such as the critical elastic energy for branching grains on the surfaces with

different curvatures, which was not possible to obtain directly from the experiments.

The data can be up-scaled to the continuum level theory such as phase field theory

for grain boundary and growth.
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Appendix A

Supplementary Figures for Chapter 2:

Methodology
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Figure A-1: (a) The hexagonal unit cell of WS 2 with lattice parameters a and b. For
simplicity, we define the crack propagation directions as Vz= a (zigzag, [100]) and
VA= a + b (armchair, [110]). We only distinguish the crack propagation direction
VA and from -VA, because they show different crack propagation patterns but do
not distinguish -Vz from Vz. (b) The geometries of monolayer MD simulations in
the current study. The x and y directions are aligned along Vz and VA directions,
respectively. To distinguish the crack propagation direction from the loading direc-
tion, we define the loading directions in the x and y direction as 'zz' (zigzag) and 'ac'

(armchair), respectively. The stress-strain curves under the uniaxial tensile loadings
in the zz (c) and ac (d) directions with a plane strain condition. The failure strain and
strength from the current REBO are well matched with those from DFT calculations.
The stress unit (N/m) is used to ignore the uncertainty of the thickness.
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Figure A-2: The process of a building polycrystalline graphene and the evaluation of

our models. From randomly generated Voronoi cells (a), the randomly rotated initial

grains form the initial geometry (b). The final geometry is obtained after about 1500
times of iterations with mainly pentagon-heptagon defects (c). The ratios of defects
in our RegG Model (d) and IrreG Model (e).
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Appendix B

Supplementary Figures for Chapter 3:

Single Crystals
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Figure B-2: Snap shots of the friction test in the +AC direction in Figure 3-8(a) with
R=50 A(a) and 150 A (b). As the size of the radius increases, the friction is likely to
decrease by utilizing local deformation. The two circles indicate the locally different
geometries between the two regions during the loading.
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Figure B-3: (a) Schematic figure for crack propagation into bilayer region. (b) Re-
sults of crack propagations. The stack conditions significantly affect the crack-tip
propagation. Only 2H and 3R stacks show that the crack propagation is disturbed
and blocked.
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Figure B-4: The interlocking friction distribution from vdW terms of sulfur atoms
in the top and bottom layers with different stacks: 2H, 3R, 150, 300, and 0'. The
sulfur atoms are colored according to their relative geometries estimated by the vdW
terms (See Method). The two panels (i) and (ii) represent the distributions before
and during the crack propagation, respectively. It can be assumed that the friction is
applied to the opposite direction of the movement. Therefore, the distribution near
the crack tip provides the crucial information to understand the crack behaviors. The
two well ordered stacks (2H and 3R) show significantly different interaction before
and during the propagation while the other stacks show weaker interaction. The 30'
shows symmetric distribution while the 150 and 450 show asymmetric distribution,
which results in the asymmetric moir6 pattern during the propagation in Figure 3-9.

183



a

P

b

1, = 30nm

i,4

k2= 0, 1, 2 nm

Onm Imm 2nm

Figure B-5: (a) Schematic figure for crack propagation in the bottom layer into semi-
infinite bilayer regions with different lengths of flaws of the top layer (b) Results of
crack propagations. The coherent fracture occurs with small flaws with 3R and 2H
stacks but does not occur with 15' turbostratically-stacked bilayer.

184

A

ga

..........

I



0 i16
(Yfx (mN/m)

Figure B-6: The interlocking friction distribution from vdW terms of the two sulfur
atoms in the top and bottom layers to demonstrate the coherent fracture with dif-
ferent conditions. The sulfur atoms are colored according to their relative geometries
estimated by the vdW terms. The top layers of 2H and 3R have a small flaw of 2
nm length on the crack path of the bottom layer. The highly activated frictions near
the flaw are observed in both 2H and 3R while no activation of the friction without
the small flaw in 2H ref. The initial interlocking friction causes effective tensile stress
near the crack tip and coherent fracture occurs.
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Figure B-7: (a) Schematic figure for crack propagation in semi-infinite bilayer regions
with different ratio of defects along the crack path. All edges are fixed with non-
periodic boundary condition. The different ratios of defects are introduced in the top
layer with a width ld. (b) Results of crack propagations for different ratio from 0% to
10%. The crack is branched with 10% defects in the top layer. The coherent fracture
occurs with 20% defect ratio.
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Figure B-8: The interlocking friction distribution from vdW terms of sulfur atoms in
the top and bottom layers without sulfur vacancies (a) and 10% sulfur vacancies (b) in
the second layer. The sulfur atoms are colored according to their relative geometries
estimated by the vdW terms (See method). There is asymmetric distribution of opy
in the x direction with 0%, which decides the branching direction when the crack
branches. Highly activated friction is observed in the triangular island region.
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Figure B-9: Snap shots of friction distribution of 2H stacks during the interlayer

friction tests with four different loading directions. (a) positive and (b) negative

armchair directions (+AC and -AC), and (c) the two zigzag directions (+ZZ and

-ZZ) in Figure 3-8. The red and blue triangles represent the sulfur triangles in the

top and bottom layers, respectively. The atomic stress from vdW terms between

the bottom sulfurs in the top layer and the top sulfurs in the bottom layer, describe

sulfurs' relative positions and therefore, it can be a good indicator for the interlocking

friction (high friction distributions correspond to the friction peaks in Figure 3-8).
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Figure B-10: (a) The hexagonal unit cell of WS 2 with lattice parameters a and b. For

simplicity, we define the crack propagation directions as Vz = a (zigzag, [100]) and

VA = a + b (armchair, [1101). We only distinguish the crack propagation directionVA

and from -VA, because they show different crack propagation patterns but do not

distinguish Vz from -Vz. (b) The geometries of monolayer MD simulations in the

current study. The x and y directions are aligned along Vz and -VA directions, re-

spectively. To distinguish the crack propagation direction from the loading direction,
we define the loading directions in the x and y direction as 'zz' (zigzag) and 'ac'

(armchair), respectively. The stress-strain curves under the uniaxial tensile loadings

in the zz (c) and ac (d) directions with a plane strain condition. The failure strain and

strength from the current REBO are well matched with those from DFT calculations.
The stress unit (N/m) is used to ignore the uncertainty of the thickness.
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Figure B-11: (a)-(c)VArious crack propagation patterns due to the different pre-strains
around the triangular voids with the size of R = 6 nm in MD simulation. The size, R,
is defined as the distance between the centroid and vertex of the equilateral triangle.
(d)-(e) Crack patterns observed by TEM after transferring process. There are distinct

Vz and -VA crack patterns and the mixtures of both crack direction during the

propagation.
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Figure B-12: Schematics of the edge-located half-circular and triangular voids for the
tensile loading in the zz direction. A triangle with the crack length of 1, = 5 nm is
introduced in both the top and bottom edges in pristine WS 2 monolayer (30 nm by 50
nm), which corresponds to the crack directions in VA(a) and -VA (b). A half-circular
void is introduced in both crack directions in VA(c) and -VA (d).
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Figure B-13: Schematic of triangular void structures. (a)-(b) S atom and W atoms

are located on edge with the crack direction -VA. (c)-(d) S atom and W atoms are
located on edge with the crack direction VA.
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Figure B-14: Strengths of the WS2 monolayer with triangular voids under the loading
in both zz and ac directions with the plane strain conditions. The equations from the
linear elastic fracture mechanics describe the trend well.
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Figure B-15: The deformation of edge structure in the circular void with different size
of R = 6 nm (a) and 1 nm (b). W-S atom pairs (blue dotted circles) play a protective
role in elongating the failure strains as the size of R increases.
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Figure B-16: Derivation of the elastic-plastic model of WS 2 before material failure
for FEM model and the stress distribution of the sample with a line crack. (a) The
stress-strain curve of a piece of WS 2 under tensile loading in the x direction (C 11 >0)
with plane strain condition (E22=0) in MD simulation. (b) The plastic deformation
of WS 2 computed by using the results in panel. By using the elastic-plastic model,
we apply simple boundary conditions by uniformly stretch the upper and lower edge
of a piece of WS 2 model (with 50x50 nm and a line crack of a length of 10 nm) and
gradually increase the deformation until the maximum von Mises stress of all the
elements reach oc value. (c) The stress distribution within the sample by using the
elastic-plastic model. (d) The stress distribution within the sample by using only the
linear elastic model.
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Figure B-17: The FEM result of the stress distribution at the critical point before
failure from the initial triangle crack of different sizes and different orientations with
different loading directions. The triangular cracks with one edge in parallel with the
loading direction for (a) R = 1 nm and (b) R = 5 nm. The triangle cracks with
one edge in vertical with the loading direction for (d) r=1 nm and (e) R = 5 nm.
The summary of the FEM results of U(L,) as a function of the crack length r for the
triangle cracks with one edge in parallel with the loading direction (c). (panel (c),
the fitting function with F,,(#) = 1.041 - 0.60223)) and the triangle cracks with
one edge in vertical with the loading direction (panel (f), the fitting function with
Fac(#) = 1.341 - 1.1380).
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Figure B-18: (a) We approximate the system with a circle with a radius R under
tension with the symmetrical cracks of length 1 normal to the loading direction based
on Lukd model. (b) The strengths under the loadings in the zz and ac directions
with the fitted functions.
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Figure B-19: The extrapolations of the strengths from the MD simulation data for
triangular (a) and circular (b) voids.
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Figure B-20: Strain rate and temperature effects on the strength of the pristine WS2
monolayer. (a) Schematic of WS2 with the lattice direction. (b)-(c) The stress-strain
curves of pristine WS 2 with the different strain rate (ref: 0.02A/ps) in both the zz (x)
and ac (y) directions. (e)-(f). The stress-strain curves of the pristine WS 2 monolayer
with the different temperature from 1K to 300K.
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Figure B-21: Schematics of triangular (a) and circular (b) voids for strengths. The
size, R, is defined by the distance from the centroid to the vertex for a triangular
void and radius for a circular void.
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Figure B-22: Stress-strain curves of the WS 2 monolayer with a triangular void under
the tensile loadings in zz (x) and ac (y), and both with a plane strain condition.
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Figure B-23: Stress-strain curves of the 50 nm by 50 nm WS 2 monolayer with a
circular void under the tensile loadings in zz (x) and ac (y), and both with a plane
strain condition.
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Figure B-24: (a,b) The stress-strain curves of the reactive FF used in the current study
(blue line) and DFT calculation (red points) in the armchair and zigzag directions.
The original potential has artificial stiffening due to the switching functions as the
same as the REBO potential for graphene. Our new parameters remove the stiffening
effects and can describe the failure strains for both zigzag and armchair directions,
which have not been achieved in the previous studies. (c) The equilibrated geometries

of MoS 2. (d) The elastic constant and Young's modulus of the current study and DFT

calculation. The reactive FF used in the current study well describes geometries,
mechanical properties and failure behaviors of MoS 2 .
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Figure B-25: (a) 3D plot showing the dependence of the Mo/2S intensity ratio in the
AC-TEM on the parameters of defocus (nm) and defocus spread (nm) by performing
a series of simulations on the atomic model of pristine monolayer MoS 2 . (b) AC-TEM
image showing cracked MoS 2 edges with white circles highlighting the mono-sulfur
vacancies as reference points, as well as blue and yellow circles representing Mo and
2S sites, respectively, which are deduced by counting atoms from either reference
points. (c) AC-TEM image of one side of the long and straight zigzag edges, which
is the right part of Figure 3-4(a). (d) Magnified view of the structure of the MoS 2
edge from the region indicated by the orange dashed box in panel c. (e)-(h) Atomic
models of four possible edge configurations. Each of them is having both the top and
bottom S atoms lost, having the bottom S atoms lost and the top S atoms move to
places above the MoS 2 lattice plane, having the top S atoms lost and the bottom S
atoms move to places below the MoS2 plane, and having no S atoms on the edge lost
but both the top and the bottom S atoms move to out-of-plane places, respectively.
The upper parts show the top views of the atomic models, while the bottom parts
show the side views. (i)-(l) Multi-slice image simulations of the edge structure based
on corresponding atomic models shown in panel e-h, respectively. (m)-(q) Boxed line
profile analysis across the edge region shown in yellow dashed boxed in panel d, i-1,
respectively. 202



Figure B-26: (a) AC-TEM image of the MoS2 torn edges with a path deflection. (b)
Detailed structure of a segment of the MoS2 edge from the region indicated by the
white dashed box in panel a, where a configuration reconstruction of the outermost
Mo and S atom takes place. (c) Atomic model of the edge structure in panel b. The
blue, yellow and orange spheres represent the single Mo atom, double S atoms and
the single S atom, respectively. (d) Multi-slice image simulation using the atomic
model in panel c in a supercell. (e) AC-TEM image of the long and straight MoS 2

zigzag edge. (f) Detailed edge structure from the region marked in the white dashed
box in panel e with an atomic model overlaid. (g) Simulation snapshot of the MoS 2
edge structure after performing a penetration test in a MoS 2 model, which is cropped
from Fig 3-4 (g). The regions marked by orange ellipses in panel f and g show a good
configuration match on edges between the AC-TEM image and the simulation results
via a penetration test.
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Figure B-27: (a) AC-TEM image showing the line defects formation in monolayer

MoS 2 due to the missing of three S lines along the zigzag lattice orientation under the

electron beam irradiation. (b) Atomic model of the line defect structure. The pair

of red arrows shows the lattice contraction along the armchair direction due to the
generation of line defects. The blue, yellow and orange spheres indicate the single Mo

atom, the single S atom and double S atoms, respectively. (c) Schematic illustration

showing the direction of the strain and mechanical stress generated around the crack

tip due to the line defects formation under the electron beam irradiation at the slow

crack stage. (d)-(g)Time series of AC-TEM images showing the generation, extension
and rupture of the residual chain after the crack propagation in a defective region of
the MoS 2 lattice.
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Figure B-28: (a-c) AC-TEM images showing the configuration evolution of monolayer

MoS 2 under the same electron dose as that we used when imaging the crack propa-

gation. We applied a nonstandard defocus value rather than the 'optimal' Scherzer

focus to 'filter' the pristine MoS 2 but highlight the defect structures like vacancies

and line defects. (d) AC-TEM image taking under the standard defocus value close

to the Scherzer focus, which proves that those highlighted configurations in panel a

to c are vacancies and line defects rather than dislocation pools. Scale bar: 2 nm.

(e-f) AC-TEM images showing the generation of vacancy clusters, dislocation pairs

and small holes on graphene under a prolonged electron beam illumination, which is

different from the lattice evolution on monolayer MoS 2 , where S vacancies are prone

to aggregate into line defect networks.
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Appendix

Supplementary Figures for Chapter 4:

Grain Boundary and

Heterostructures
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Figure C-1: (a) Rebuilt model of Type2i through MD simulations with 7nm x 7nm
size. (b) Snapshot of the model after both layers fail. (c) Stress-strain curve of the
bilayer under tensile loading. There are several stages of failure (i- iii), which described
more detail in d. (d) Detailed atomic structures of the MD model. The marked
positions of atoms (red and blue circles) are well matched with TEM observation.
The red lines indicate the bond breaks at the failure stage from i to iii described in
the stress-strain curve.
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Figure C-2: (a) Rebuilt model of Type2ii through MD simulations with 7 nm x 7 nm
size. (b) Snapshot of the model after both layers fail. (c) Stress-strain curve of the
bilayer under tensile loading. There are several stages of failure (i- iv), which described
more detail in d. (d) Detailed atomic structures of the MD model. The marked
positions of atoms (red and blue circles) are well matched with TEM observation.
The red lines indicate the bond breaks at the failure stage from i to iv described in
the stress-strain curve.
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Figure C-3: Dislocations at abrupt MoS2 -WSe 2 junctions. (a) Diffraction pattern
of the abrupt junction from a micron-sized area with magnified diffracted spots on
the right, indicating that the two materials are flat and fully relaxed. We fit the
peaks to Gaussian and located the centers, showing a 3.6% lattice mismatch between

MoS 2 and WSe2. (b) Atomic resolution ADF-STEM image of the abrupt MoS2 -
WSe2 junction with two misfit dislocations appearing at the interface. The magnified
images of the dislocations are shown on the right with the atoms marked. They are
pentagon-heptagon pair dislocations with Mo-Mo bonds (red border) or S-S bonds
(yellow border). In the formation of ID MoS 2 , both types of the 517 dislocations
behave similarly as catalysts. c-f, GPA maps of (b), indicating the lattice strain, in
addition to the location and orientation of the misfit dislocations. (g-m), Additional
ADF images (g, 1) and the overlay with E, strain maps (h, m) of abrupt junctions
with dislocations at the interface.
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Figure C-4: (a, b) The uniaxial strain E_, and EY, maps shown in Figure 4-12 in the
main manuscript. (c) The line profile from the blue line region in a and red line
region in (b) respectively. The minimum (blue line) shows a -5% lattice difference in
the MoS 2 from the surrounding WSe2, indicating a small compressive strain (-1.4%)
along the x direction in the MoS2 1D channels, which can be calculated from the
3.6% lattice mismatch between MoS 2 and WSe2. Along the y direction, the MoS2
and WSe 2 are lattice matched, showing a 3.6% tensile cy, strain in the MoS 2 ID
channel to form the coherent structure.
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Figure C-5: Strain guides the migration direction. (a-c), Schematic of the 1D channels
migrating via a zigzag path perpendicular to the interface (a), path 300 to the left
(b) and right (c). (d-f), The corresponding strain maps of (a), (b), and (c). The
strain map of 00 ID channel (d) shows a symmetric strain, while (e) and (f) show
clear asymmetric strain. (g) Schematic of the catalyst dislocation. (h) Table of

the local bond angle (9), atomic strain (c), atomic stress (a) and total energy (E)
differentiations between Sel and Se2 selenium atoms (g) for the three migrating paths
shown in (a)-(c). The initial one is calculated from the case where the dislocation
is at the interface without migrating. The bond angle, strain, and stress differences
between the two W-Se bonds reveal a local asymmetry in the dislocation core. This
asymmetry affects the breaking of left or right W-Se bonds (i.e., migrating toward
left or right) when the precursors insert into the lattice. The comparison of total
energy confirms the dislocation prefers to form a zigzag path that is perpendicular to

the interface.
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Figure C-6: MD simulations of different combinations of TMDs that grow iD chan-
nels. (a- c) MD simulation of the formation of iD MoS 2 embedded within 2D WSe2

(a), iD WS2 embedded within 2D WSe2 (b), and iD MoS2 embedded within 2D
MoSe2 (c). The results prove that this approach can extend to different combinations
of TMDs other than MoS2 -WSe2 , although the widths of the iD channels show small
variations, which is due to the difference in optimized growth conditions for different
cases.
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Appendix D

Supplementary Figures for Chapter 5:

Three-Dimensional Designs
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Figure D-1: Generation of atomic TPMS P(a) and D(b) types, representing critical
steps including (i) Lennard-Jones (LJ) particles distributed with fcc structure, (ii)
generation of TPMSs with triangular LJ lattice with external potentials A(Vx) 2 , X
= P and D, (iii) transformation from triangular lattice to hexagonal one, and (iv)
refinement of the geometries for all carbons to have sp2 bonds.
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Figure D-2: (a-e) The spatial distribution of topological defects (pentagon, heptagon,
and octagon) in the D type models from L=3 nm to 20 nm. The red atoms indicate
the atoms belong to non-hexagonal ring defects. The ratios of defects and hexagon
ring are listed in table f.
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20nm 3.1 93.7 3.2 0

Figure D-3: The spatial distribution of topological defects (pentagon, heptagon, and
octagon) in the P type models from L=3 nm to 20 nm. The red atoms indicate the
atoms belong to non-hexagonal ring defects. The ratios of defects and hexagon ring
are listed in table (f). The scale bar represents 1 nm for each model.

216



a,

d

t

W-

Cb
4

J

R

AT

ek

% penta hexa hepta octa

3nm 3.3 84.4 12.3 0
5nm 2.7 90.9 6.4 0

1Onm 2.5 94.3 3.2 0

l5nm 2.1 95.5 2.4 0

20nm 2.0 95.9 2.1 0

Figure D-4: (a-e) The spatial distribution of topological defects (pentagon, heptagon,
and octagon) in the G type models from L=3 nm to 20 nm. The red atoms indicate
the atoms belong to non-hexagonal ring defects. The ratios of defects and hexagon
ring are listed in table (f). The scale bar represents 1 nm for each model.
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Figure D-5: The ratios of hexagons (a) and defects (b) as a function of relative density.
The ratios of hexagons are closed to 95% where the relative density is below the 0.1.
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Figure D-6: (a-c) Five different models of P, D, and G types with different lattice sizes
of L=3, 5, 10, 15, 20 nm. Scale bar, 2.5 nm. Inset panels present a summary of the
three-step process, including (i) generation of the initial template from FCC structure
of LJ particles with external potentials, (ii) transformation from triangular LJ lattice
to hexagonal carbon lattice, and (iii) refinement of geometries by adding and removing
atoms based on bond number. The randomly oriented grains and boundaries with
topological defects (mainly pentagons and heptagons) shape the curved surfaces.
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Figure D-7: Stress-strain curves under tensile loading with a plane strain condition.
Top Panels include the data for L=3 and 5 nm sizes, and bottom panels show the
data for L=10, 15, and 20 nm. The P type clearly shows brittle behavior while the
D and G types show multiple breaks with a saw-like shape. The maximum stresses
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Figure D-13: Temperature effects on the strength of the pristine graphene and 3D
graphene foams with TPMS. (a) Schematic of graphene with the lattice direction.
(b-c) The stress-strain curves of pristine graphene with the temperatures from 1K
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223

d
15

'10



a

d G-Type
140x -

12 ref -

10

8

26 V
2

0
0 0.1 0.2 03

Strain (en)

120 -3
Olef

100 2x
4U

80

60

40

20

0 nr
0 0.1 0.2 0.3

Strain (En,)

100 05

C 90 ro
80 2x

"4x
70

CLe60

~40
20

0 V.
0 0.1 0.2

Strain (Ejy)

D-Type P-Type
IS ---- 12 o s5 --

2x10

12 - 2

10
6

2 2

0 0
0 0.1 0.2 03 0 0.1 0.2 03

Strain (en) Strain (en)

G-Type
0 03

-0.5 - re-
2x

- 4x -

-1.5
-2

-2.5

-3

-3.5
-4

-4.5
-03 -0.2 -0.1 0

Strain (en)

D-Type
0

-1 re -
2x

-2 4x-

-3
p4

.5

6

-7

-8
-03 -02 -0.1

Strain (en)
0

P-Type
0 0.5x -

re ---

-0.5 2

2x

-2
-2

-03 -02 -0.1 0

Strain (en)

Figure D-14: Strain rate effects on the strength of the pristine graphene and 3D
graphene foams with TPMS. (a) Schematic of graphene with the lattice direction.
(b-c) The stress-strain curves of pristine graphene with the different strain rate (ref:
0.02A/ps) in both zigzag (x) and armchair (y) directions. (d) The stress-strain curves
in the x direction of 3D graphene foams (L=3 nm) with TMPS (G, D, and P) under
various tensile loading rate (ref: 0.02A/ps). (e) The stress-strain curves in the x
direction of 3D graphene foams (L=3 nm) with TMPS (G, D, and P) under various
compressive loading rate (ref: -0.05K/ps).

224

e



C

Figure D-15: a-f. The spatial distribution of defects in the gyroid models: L= 3,
5, 10, 15 and 20 nm. Red atoms indicate the atoms belong to non-hexagonal ring
defects. The scale bar represents 1 nm for each model.
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Figure D-16: Phonon density of states of gyroid graphene and graphene (Separated
images)
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Figure D-18: (a) An example of the NEMD setup with a gyroid model (L=10 nm) for 1
= 60 nm, w=20 nm, and t=10 nm. (b) The table of the detailed NEMD configurations
for all models. The heat flux energy, j, is selected based on the temperature gradient.
Also, the cross-sectional areas (wt) are selected based on the standard deviation of
temperatures of the temperature gradient.
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Figure D-24: Temperature distribution of gyroid graphene with L=20 nm with various

lengths.
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Figure D-28: Atomic heat flux vectors of gyroid model (L=3 nm), NEMD applied
in the y direction: non-homogeneous and complicated directionality. The red atoms
indicate defects. The vectors of hexagonal atoms show large variation as those of
detect atoms.

Figure D-29: Atomic heat flux vectors of gyroid model (L=10 nm), NEMD applied in
the y direction: The red atoms indicate defects. The vectors of hexagonal atoms show
slightly less deviation than those of 3 nm model. The directionality is still unclear.
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Figure D-30: Atomic heat flux vectors of gyroid model (L=20 nm), NEMD applied in
the y direction: The red atoms indicate defects. The vectors of hexagonal atoms show
much less deviation than those of hexagonal atoms, clearly showing the difference
between defects and hexagonal atoms. The directionality is still unclear because the
vector basically follows the lattice directions.
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Figure D-31: Crystal growth of MoS 2 with R=5 nm (a) and R=10 nm (b) curvature.
K is the Gaussian curvature of the surface; 0 is the lattice angle obtained from

projected lattice on the flat surface; c is strain calculated from bond length between

Mo and S where the S position is projected on the curved surface. Triangles represent

the positions and orientation of initial seeds.
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lattice angle obtained from projected lattice on the flat surface; 6 is strain calculated

from bond length between Mo and S where the S position is projected on the curved

surface. Triangles represent the positions and orientation of initial seeds.
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Appendix E

Supplementary Tables

Eb (meV/atom) AA AA' (2H) AB (3R)

DFT-D2 14.1 24.1 23.8

Original FF 11.6 16.2 16.3

Optimized FF 15.6 22.0 21.7

Table E.: The binding energy obtained from DFT calculation with Grimme's vdW-
D2 correction and MD with both original and optimized reactive FFs. The difference
of the binding energy between 2H and 3R are improved.

hwaf (A) AA AA' (2M)

DFT-D2 6.7 6.2

Original FF 6.5 6.1

Optimized FF 6.7 6.3

AB (3R)

6.3

6.1

6.3

Table E.2: The equilibrium distance obtained from DFT calculation with Grimme's
vdW-D2 correction and MD with both original and optimized reactive FFs. The
difference of the equilibrium distance between 2H and 3R are improved.
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LJ parameters o*m (A) oms (A) oss (A) EM (eV) ems (eV) ess (eV)

Original FF 4.2 3.665 3.13 0.00058595 0.0028498 0.01386

Optimized FF 3.6 3.165 3.25 0.00093752 0.00455965 0.022176

Table E.3: The original and optimized Lennard-Jones parameters for the layer-to-
layer interaction. Explicit parameters for oMs and eMs are utilized instead of con-
ventional mixing rules.

Original FF Optimized FF
current study)

Mo-Mo (S-S) 3.17 3.21

Mo-S 2.44 2.46

t(S",-Sbom) 3.24 3.24

C1 (N/m) 149.0 127.9

C 1 2 (N/m) 41.9 38.5

C22 (N/m) 149.0 127.9

E (N/m) 137.0 116.3

DFT DFT15

(current study) (reference)

3.18 3.18

2.45 2.41

3.20 3.11

129.9 123.3

29.3 32.9

130.2 124.3

123.5 114.5

Table E.4: The geometric parameters and elastic constant of monolayer MoS 2 from
DFT calculations and MD.

2R 01 300 450 0
(3R or AB)..3 (2H or AA')

5 rm 0.38 0.081 0.068 0.076 0.41

7 nm 0.41 0.071 0.066 0.063 0.36

10 nm 0.34 0.069 0.060 0.032 0.32

15 nm 0.30 0.063 0.061 0.032 0.28

Avg (nN/nm2 ) 0.37 0.04 0.071 0.008 0.064 0.003'0.065 0.004 0.34 0.06

Table E.5: Friction forces per area in the +ZZ direction for the rotational stacking
from 2H stack: 0 = 0 (3R) 150, 300, 450, 600 (2H) with four different sizes: 2R = 5,
7, 10, 15 nm.
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2R

5 nm

7 rm

10 nm

15 nm

Avg (nN/nr

00 60*
(3R or AB) 150 30 , 45 (2H or AA')

0.34 0.049 0.054 0.051 0.37

0.35 0.057 0.060 0.055 0.37

0.32 0.056 0.054 0.058 0.34

0.29 0.057 0.056 0.061 0.31

2) 0.33 0.03 0.055 0.003 0.056 0.003 0.056 0.005 0.35 0.03

Table E.6: Friction forces per area in the -ZZ direction for the rotational stacking

from 2H stack: 0 = 00 (3R) 150, 30', 450, 600 (2H) with four different sizes: 2R = 5,

7, 10, 15 nm.

2R f 00
3R o rAB

5 rnn 0.50/0.15

7 nm 0.54/0.16

10 nm 0.53/0.15

15 nm 0.48/0.13

Avg (nN/nm') 0

150 30* 450 600(2H1 or AA')

0.060 0.059 0.065 0.26 /0.52

0.055 0.055 0.058 0.24 / 0.57

0.056 0.055 0.060 0.24 /0.52

0.054 0.060 0.058 0.23 / 0.47

0.24 0.01
0.056 0.003 0.057 4 0.003; 0.060 +0.003: 0.52 0.04

Table E.7: Friction forces per area in the +AC direction for the rotational stacking

from 2H stack: 0 = 00 (3R) 15', 300, 450, 600 (2H) with four different sizes: 2R = 5,

7, 10, 15 nm. For 2H and 3R, two peak forces are recorded.

2R

7 ninj

10 mn
15 inm

Avg (nN/n 2)m

00

(3R or AB) 150

0.27 / 0.54 0.066

0.25 /0.53 0.071

0.23/ 0.51 0.066

0.25 0.48 0.064

0.25: 0.01 0.067+
0.52+ 0.03 0.003

Table E.8: Friction forces per area in the - AC direction for the rotational stacking

from 2H stack: 0 = 00 (3R) 150, 300, 450, 600 (2H) with four different sizes: 2R = 5,
7, 10, 15nm. For 2H and 3R, two peak forces are recorded.
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300

0.064

0.062

0.066

0.063

0.064
0.002

450

0.066

0.066

0.064

0.064

0.065 0.002

600

(2H or AA')

0.53 /0.11

0.59/0.15

0.52 /0.14

0.50/ 0.14

0.53 : 0.04
0.14+0.02



R(nm) Circle
Kic (MPam

zz ac

1 0.78 0.73

2 1.10 1.13

3 1.11 1.13

4 1.24 1.39

5 1.32 1.49

6 1.41 1.62

7 1.45 1.64

8 1.49 1.75

Avg. 1.45 1.67
(std.) (0.04) (0.07

Triangle-i Triangle-2 Triangle-3 Triangle-4
K/c (MPam 2 ) KIc (MPam" 2) Kic (MPamla) Kic (MPam/)'
S-edge (Exp) W-edge S-edge (invT) W-edge (invT)

zz ac zz ac zz ac zz ac

0.75 0.77 0.87 0.72 0.88 0.76 0.84 0.78

0.77 0.80 0.91 0.78 0.94 0.85 0.92 0.89

0.87 0.83 1.00 0.85 1.01 0.9 0.94 0.91

0.87 0.84 1.00 0.86 1.03 0.95 0.97 0.96

0.82 0.88 1.01 0.88 1.03 0.98 0.98 1.00

0.84 0.88 1.01 0.89 1.03 0.99 1.00 1.00

0.97 0.88 1.00 0.89 1.05 1.0 0.98 0.99

0.80 0.89 1.03 0.9 1.03 0.99 0.99 0.99

0.87 0.88 1.01 0.89 1.04 0.99 0.99 0.99
(0.1) (0.01) (0.02) (0.01) (0.01) (0.01) (0.01) (0.01)

Table E.9: The fracture toughness (Kic) of the WS 2 monolayer with the different
radius of crack and its failure strength (ac). The effective thickness is set as 0.615
nm for monolayer WS 2.

Triangle-i
R (nim) Kic (MPam1 2)

S-edge (Exp)

zz ac

1 0.77 1.01

2 0.78 1.03

3 0.87 1.05

4 0.86 1.04

5 0.80 1.08

6 0.81 1.06

7 0.92 1.03

8 0.75 1.01

Avg. 0.83 1.03
(std.) (0.09) (0.01)

Triangle-2
Kc (MPamn)

W-edge

zz ac

0.89 0.95

0.93 1.02

0.99 1.08

0.99 1.07

0.99 1.08

0.97 1.06

0.95 1.04

0.96 1.03

0.96 1.04
(0.01) (0.01)

Triangle-3
Kic (MPam1)
S-edge (invT)

zz

0.9

0.95

1.00

1.00

1.00

0.99

0.99

0.96

0.98
(0.02)

ac

1.01

1.10

1.16

1.19

1.20

1.18

1.17

1.14

1.16
(0.02)

Triangle-4
Kic (MPam 2)
W-edge (invT)

zz ac

0.86 1.03

0.94 1.15

0.94 1.16

0.96 1.20

0.95 1.22

0.96 1.20

0.93 1.16

0.93 1.14

0.94 1.16
(0.02) (0.03)

Table E.10: The fracture toughness (KIC) of the WS 2 monolayer with the different

R of crack and its failure strength (ac) based on the empirical equations from FEM

simulations. We use the effective thickness as 0.615 nm for monolayer WS2 -
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Circular void R (nm) zz (N/m) ac (N/m)

I 8.6 8.0

2 8.5 8.7

3 7.0 7.1

4 6.8 7.6

5 6.5 7.3

6 6.3 7.2

7 6.0 6.7

8 5.7 6.7

K c (MPam') 1.46 1.5

l (nMn) 1.07 0.78

Table E. 11: The strengths (N/m) of WS2 monolayer from the stress-strain curves from

R = 1 nm to 8 nm. The fracture toughness (KIc) of the WS 2 monolayer with the

different radius of crack. We used the effective thickness as 0.615 nm for monolayer

WS2 .

QMM 3.68313

/JMM 1.07603

Bmm 478.479101848

Bms 908.2375325272

R'ms 2.91

amm 0.995132

AMM 121.276952699

AMS 388.7777704834

R*Ms 2.91

R'" SS 2.9

Table E. 12: The parameters for interatomic interaction in the current study. Sub-

scripts M and S refer metal and chalcogen, respectively.

DFT (A) MoS2  WS2  MoSe 2  WSe 2

Mo/W-Mo/W .3.18 3.23 3.32 336

Mo/W-S/Se 2.45 2.45 2.55 2.58

S/Se-S/Se 3.18 3.23 3.32 336

t(top-bottoM) 3.20 3.19 3.35 3.40

Table E.13: The geometric parameters obtained from DFT calculations.
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REBO (A) MoS 2  WS 2  MoSe 2  WSe 2

Mo/W-Mo/W 3.17 3.24 3.28 3.33

MoIW-S/Se 2.46 2.46 2.55 2.56

S/Se-S/Se 3.17 3.24 3.28 333

t(top-bottom) 3.23 3.21 3.41 3.38

Table E.14: The geometric parameters obtained from REBO potential

DFr (N/r) MoS 2  WS2  MoSe2  WSe2

C11 129.9 129.3 104.7 113.1

C22 130.2 132.6 105.6 1122

C12 29.25 30.15 24.9 25.8

E 235 124 99.2 106.7.

Table E.15: Elastic constants and Young's
tions) from DFT calculations

modulus (averaged in the x and y direc-

REBO (N/m) MOS2  WS2 MOSe 2  WSe2

cii 115.1 118.3 90.1 96.3

C22 115.1 118.3 90.1 96.3

C12 34.1 34.8 26.7 286

E 105.0 108.1 82.287

Table E.16: Elastic constants and Young's modulus (averaged in the x and y direc-

tions) from the current REBO potential
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(MoS2)(MoS 2)lo (WSe2) ( 2
(WS"2)

A in x(A) 31.86 33.60 33.43

B in y (A) 5.52 5.82 5.79

C, in MoS2 0 4.9%

e, in WSe 2  - 0 -0.5%

CBM (eV) -4.21 (-4.29) -364 (-3.69)" -3.72

VBM (eV) -5.92(-5.98)" 509 (-5.20) 5.15

Gap(eV) 131 (1.69)" 1.45 (151) 1.43

(MOS2)2  (MoS2) (MoS2)4

(WSe2) (WSe2 (WSe )

33.24 33.07 32.90

5.76 5.73 5.70

43% 3.8% 3.2%

-1.0% -1.5% -2.0%

-3.8 -3.85 -3.92

-521 -527 -533

1.41 1.42 1.41

Table E. 17: The relaxed lattice parameters (A in the x direction and B in the y
direction), CBM, VBM and band gap of each model. The reference values of pristine

MoS 2 and WSe2 are obtained from the previous study"7 [168]. Here we use the foot

notation to indicate the width of the materials in rectangular unit cells. For example,

(MoS 2 )3 (WSe2 )7 indicate a three-unit-cell wide MoS 2 1D channel embedded within a

seven-unit-cell WSe 2 matrix, which is schematically described in Figure ??(a).

CBM@MoS2(eV)

VBM@MoS 2(eV)

Gap@MoS2 (eV)

(MoS) 1I
(WSe 2),

-3.72

-524

1.52

(MoS2)2
(WSe2)X

-3.80

-5.47

1.67

(MoS 2)3
(WSe2)

-3.85

-5.51

1.66

(MoS 2)4
(WSe2)6

-3.92

-5.56

1.64

Table E.18: The estimation of localized band-edge of MoS 2 from the orbital projected

band structures. With widths from one rectangular unit cell to four unit cells, the

MoS 2 channels all present direct band gaps even if we consider the F point in the

calculation.

L (nm)

3

5

10

2 .0 ......

Table E.19: Densities (mg
structural relaxation.

P D G

630.3 1008.0 814.8

381.0 618.2 510.1

195.3 315.3 253.9

129.7 211.8 169.4

97.3 129.0 126.8

/cm 3 ) of 3D graphene foams with different TPMSs after
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__ L (nm) P D

3 810 1304

5 2266 3658

10 9116 14802

15 20582 33412

20 36526 59478

2.32 0.004 3.78 0.009

G

1062

2846

11972

27018

48172

3.06 0.01

Table E.20: The number of atoms in 3D graphene foams with different TPMSs
(2.546A2/atom). The surface area is S = aL2 and the factor, a, is obtained by
averaging from 10 to 20 nm models where the defects ratios are low enough.

P D G
1.50 1,/Ci (GPa) 384.9 (p/po).......590.1 (p/po)149  643.5 (P/PO)I

Cu (GPa) 196.6 (p/po)'-43  165.3 (p/po)87 284.9 (p/po)'"

C44(GPa) . 275.1 (WPlo)" t8  167.7 (pp)~0 194.5 (p/po) 5

(C11-C 2)/2 99.9 p/po) 206.2 (p/po)' 37  188.8 (p/po)
(GPa)

E (GPa) 266.8 (p/po) - 499.9 (p/po)- 494.2 (p/po)

V 0378(1-exp(-29.6p/po)) 0.156(1-exp(-16.6p/po)) 0.2(115.4p/po))

Table E.21: Elastic constants as a function of the relative densities. The density of
pristine graphene (po) is 2.3g/cm3

E (OPa)

Evpj (GPa)

C44(GPa)

(CI-C 2)/2
(GPa)

GVRH (GPa)

P

266.8 (P/po)1.
62

466.2 (p/po)-"

275.1 (p/po)A

182.9 (p/po)-

D G

499.9 494.2 (p/po)

446.5 (p/po) 502.1 (p/po)

167.7 (p/po)'7  194.5 (p/po)'

206.2 (p/po) 188.8 (o/po)"

179.8 (p/po)"5 192.4 (p/po)"

Table E.22: Young's modulus and Shear modulus from the cubic lattices and VRH
average (po= 2.3g/cm 3). Due to cubic symmetry, there are two shear moduli: C44
and (C11 - C12)/2.
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P

EvRH (GPa) 446.2 (p/po)15

GvRH (GPa) 182.9 (/po) 154

BVRH (GPa) 257.4 (p/po)"

0. 25 1(1 -exp(-
2 1 .3 p/po))

Az (GPa) 3.60 -0.51

AU (GWa) 2.23 0.51

D G

446.5 (p/po) 502.1 (p/po)'5

179.8 (p/po)'-s 192.4 (p/po).

286.8 (p/po)' 5  398.8 (p/po)

0.257(1-exp(-
0.245(1-exp(-30.9p/po)) 2(-ep14.6p/po))

1.98+0.11 0.99 0.04

0.6+0.1 0.02+0.007

Table E.23: The elasticity based on Voigt-Reuss-Hill approach as a function of the

relative densities (po = 2.3g/cm 3). Two anisotropy indexes: a Zenar ratio and a

universal anisotropic index.

P D G
(AE/AG/AB) (AE/AG/AB) (AE/AG/AB)

3 8.4/2.0/0.1 2.7/0.3/0.01 0.03/0.004/0.03

5 4.7/2.4/0.04 3.0/0.7/0.01 0.04/0.01/0.04

10 2.0/4.0/0.02 1.0/0.7/0.005 0.04/0.04/0.002

15 0.8/2.0/0.001 0.7/0.9/0.01 0.02/0.03/0.004

20 0.3/0.8/0.01 0.3/0.5/0.003 0.005/0.007/0.005

Table E.24: The variance of Young's modulus (EVRH), shear modulus (GVRH), and

bulk modulus (BVRH) based on VRH average. The variance of the bulk modulus is

small (<0.1) because the values from cubic symmetry have to be the same as the

isotropic average. The unit is GPa.

Or (GPa)

Oc (GPa)

Us (GPa)

P D G

55.6 (p/po)'.25  46.6 (p/po)1  49.2 (p/pc) 8

57.4 (p/po)26 64.1 (p/O)5 50.0 (p/po)2 37

34.1 (p/p,)- 34.4 (p/po) 5 36.6 (p/p )1.3

Table E.25: Strengths as a function of the relative densities with different structures.

Gawt (J/m2)
Gd, .t i (J/m2)

G~ (Jim2)

P D G

5.8 (p/po) - 5 1 (p/po)06' 4.6 (p/po)

3.8 (p/po)074  13 3 (p/p,) 9.2 (p/po)0

9.6 (p/po) - 17.1 (p/po)086 13.4 /p) 7

Table E.26: Fracture energies under tensile loading as a function of the relative den-

sities.
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Deformation strain

0.01%

0.05%

0.1%

0.5%

1.0%

CI1 (GPa)

954.5

945.6

956.1

971.64

987.6

Cu (GPa) E (GPa)

350.0 826.2

348.4 827.4

346.2 830.8

332.3 858

317.3 885.7

Table E.27: The deformation strain for elastic constants of graphene. The range

between 0.01% and 0.1% shows relatively constant elastic constants and 0.1% was

chosen to measure the elastic constants for TPMS models.

P D

Orthotropic Cubic Orthotropic

3nm 0.35 0.03 0.36 0.17 0.01

5nm 0.37 0.01 0.38 0.14 0.01

10nm 0.41+0.01 0.40 0.13+0.01

15nm 0.32+0.03 0.33 0.130.02

20nm 0.23 0.05 0.23 0.09 0.01

Cubic

0.17

0.14

0.13

0.13

0.09

G

Orthotropic

0.25+0.01

0.23+0.02

0.22 0.02

0.17 0.03

0.12+0.01

Cubic

0.25

0.23

0.22

0.17

0.12

Table E.28: Two different methods obtain Poisson ratios. One is calculating averaged
Poisson ratios obtained from orthotropic symmetry. The other one is calculating
Poisson ratios from averaged C1 and C12, utilizing the equation from cubic symmetry,
C12/(Cil + C12).

Tensile modulus (G]

Types P

3nm 78.5

Snm 46.7

10nm 20.1

15nm 13.7

20nm 10.7 (

Power 329.
laws (p/po

D

164.5 2.3

100.5+0.7

49.4 0.5

32.5 0.3

24.3 0.2

377.7
(p/po)

101

Ra)

G

122,2+1.3 33

72.9 1.3 7.

35.5t0.2 3.

23.8 0.2 1.

18.1+0.1 1.

362.6 6

Compressive modulus (GPa)

P D G

.03.1 137.7 4.6 102.5

7+1.6 50.1 2.9 34.5

1 0.2 9.7 0.9 5.9t

5 0.1 4.1 0.2 2.7+(

1 0.1 2.5 0.2 L7+(

33.2 835.6 1165
)2.

3 2 2

t4.7

0.7

.2

.3

.5
23

Table E.29: Tensile and compressive moduli from stress-strain curves. The tensile

and compressive moduli were fitted from strain 4 ~ 6% and 0 - -2%, respectively.
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Table E.30:
models.

Defect types and disorder ratios of three-dimensional gyroid graphene

Table E.31: Fitted parameter data for thermal conductivity (exponential fit), A(x) =

Ao(1 - exp(-x/lo)), and inversed thermal conductivities (inverse linear fit), ( =

A (1) + -, as a function of the length and the inverse length from NEMD.

Table E.32: Fitted parameter data for thermal conductivity (exponential fit), as
a function of correlation time (ps) from EMD (zz: zigzag direction, ac: armchair
direction). The parameter, -ro, is a relaxation time of the fast acoustic modes. The
size effects are tested with doubled size

245

L (nm) 5 rings 6 rings 7 rings 8 rings Disorder ratio Disorder ratio (fl)
by #type (%) by #atom (%)

3 17 439 64 0 15.58 41.0

5 30 1002 70 0 9.07 18.8

10 147 5635 192 1 5.69 13.0

15 279 12896 321 3 4.47 10.0

20 473 23086 413 4 3.71 9.0

L (nm) Ao(W/mK) 16 (nm) A A e(W/mk)

3 4.45 58.9 9.66 4.94

5 4.15 84.0 8.46 4.50

10 3.74 88.15 15.82 4.19

15 3.75 157.7 26.66 4.14

20 3.57 200.5 36.52 4.1

L (nm) Ae (W/mK) ro (ps) Doubled size
_,(W/mK)

3 3.62 0.14 0.02 3.52 0.03

5 3.25 0.12 0.07 3.07 0.15
10 3.07 0.25 0.17 3.00 0.07
15 2.97 0.11 0.29 2.91 0.09
20 2.91 0.32 0.37 2.69 0.15

Reference (graphene) 1218 (zz), 1121(ac) 8.78 -
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L (nm) A(A w, ) ltft (, W, 1

3 4.71 0.47 (9,9,60) 5.08 0.39 (18,9,60)

5 4.64 0.44 (10,10,60) 4.32 0.31 (20,10,60)

10 4.03 0.38 (20,10,60) 3.73 t 0.17 (20,20,60)

15 3.99 0.4 (15,15,90) 4.07 0.48 (30,15,90)

20 3.7 0.46 (20,20,100) 3.2 0.2 (40,20,100)

Table E.33: The effects of width and thickness. We have tested doubled width or
thickness with the longest sample in the y direction (1). The results show the thermal
conductivities from the Fourier law. Increasing the width or thickness from the current
setting does not affect thermal conductivities.

L (nm) Ap(W/mK) Ae(W/nK) A.(W/mK) a
@200K a300K @400K

3 3.65 0.14 3.52 0.03 3.49 0.07 0.005
10 3.19 0.04 3.00 0.07 2.98 0.04 0.008
20 2.77+0.1 2.69 0.15 2.64 0.02 0.06

Table E.34: Temperature dependency obtained from EMD with doubled sizes due to
their small standard deviations. Fitted data for thermal conductivity (exponential
fit), as a function of correlation time (ps) from EMD. The dependency parameter, a,
is fitted to A ~ T-' in the range between 200K to 400K.
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Appendix F

Codes, REBO Parameters, and

Visualization

In this appendix, the developed codes and parameters are listed and explained.

F.1 Polycrystalline graphene generation

The sources codes include (C++, intel compiler, and openmpi with fftw and voro++

libraries): main.cpp, atominfo.cpp, readfile.cpp, Impinput.cpp, graphene.cpp, cell.cpp,

grained.cpp etc. While the other codes are utilities for readfile, atom information for

positions and types, gereration of lammps input, and cell-linked list, the key code

is "grained.cpp". Initially, I designed to run the lammps package as a library and

parallelize the functions I built.

Figure F-1 shows the main function. First, the GenVoro() in the gb (Grained)

class generates the voronoi seeds from the voro++ library. The number of seeds and

graphene sizes (min and max of l, ly, and 1,) are defined in grained.cpp. The pristine

graphene is generated with 2l, by 21, and cut out by the Voronoi cells after randomly

rotated. Then, iterative algorithm are applied in the for loop.

The structures are relaxed by running lammps through "relax.in" input file. The

input simply relax the given structures with several hundreds steps. The function

(gb->rndcut() adds variance for the adding and deleting process.
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int main(int argc, char *argvf){
MPIInit(&argc, &argv);
myComm-MPICO*LWORLD;

ReadFile *readf;
AtomInfo *atominfo;
LMPInput *impinp;
Grained *gb;

gb = new Grained;
gb->GenVoroo;

using namespace LAM4PS-NS;
LAMMPS *Imp = new LAMMPS(argc,argv,MPICOMMLWORLD);
for(int i=0;i<10000;i++){
if(i!=0){
gb->rnd-cuto;
gb->Readxyzl();//gen from voro
gb->GenLMPo;

}

delete Imp;
Imp = new LAMMPS(argc,argv,MPI-COMMLWORLD);
Imp->input->fiIeC"relax.in");

gb->rnd-cuto;
gb->Readxyz2();//add voro

gb->Readxyzl();//gen from voro

MPIFinalize();
return 0;

i

Figure F-i: main.cpp for the polycrystalline graphene generation
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The "relax.in" generates "grained.xyz" after energy minimization through MD

simulations. The function (gb->Readxyz2()) reads the geometries (grained.xyz), and

adds carbon atoms based on the bond numbers described in the method.

Then, the function (gb->Readxyzl()) deletes the atoms that do not satisfy the

conditions such as bond angles, length, and bond numbers. gb->GenLMP() generates

the data file from the last step for the structural relaxation through MD.

The iteration number (the example is set to 10000) is set as large enough to refine

the geometries without voids.

F.2 Source code for bilayer MoS 2

Here, I include the modified part of the original REBO code for MoS2. To obtain

comparable binding energy profile with DFT calculation, I needed to change the

cutoffs of the Lennard Jones parameters. Figure F-2 shows the modified code for the

cutoff between Mo and S. The LJ parameters in the new version do not follow the

//This is original
/*rcLJmax[O][0] - 2.5*sigma[0][0];
rcLJmax[0][1] = 2.5*sigma[0][1];
rcLJmax[1][0] = rcLimax[0][1];
rcLJmax[1][1] = 2.5*sigma[1][1];
*/

//This part is modfied by GS Jung for bilayer MoSZ
rcLJmax[0][0] = 2.5*sigma[0][0];
rcLJmax[0][1] = 1.5*sigma[0][1];
rcLJmax[l][0] = rcLimax[0][1];
rcLJmax[l][1] = 2.5*sigma[1][1];

Figure F-2: Modification of cutoff M-S for bilayer interaction of MoS 2

conventional rules. The values for the interaction between Mo and S are explicitly

provided in the parameter file in Figure F-3. Then, the applying the conventional

rules should be turned off as in Figure F-3(left). The final step is to modify the

parameter file as the order shown in Figure F-3(right).
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/Y U parameters
// Here modified by GS JUNG for explicit sigm and epsilon For M / LJ modified ?y GS Jung
fgetsCs,MAXLINE fp);
sscanf(s,-%Lg",&epsilon-W); sigmaeO][0] - sigmaw;
fgetsCsNAXLI nEfp); //ipw-)44 + sigmu..S5)/2; //original version
sscanf~s,'%tg ,&epsilon-SS); siSig)EJ - -W
fgetsCsMAXLNE ,fp); sina[l][8)- sigma[ @ ];
sscanfCs, "%lg".&epsiloni4S); sigmaElJ3lJ sigoc.ss;
fgetss,MAXL1NE,fp);
sscanfCs, "%lq",&signxA.4); epsilon[OIeSE] - epsilonj#4;
fgets(sMAXLINE~fp); /eps [S 1 sqtepslonjW*epsilon-SS); //original version
sscanf(s, %lq" ,&sigemaS5); epsilon[SJ[l) = epstloni6S;
fgetsCsIAXLINEfp); epsilonEl]E) - epsilon[ J [1];
sscanf(s, "%1g",&sigma-WA); epsilonl[][C1 - epsilonSS;

Figure F-3: (left) Modification of the 'read parameter' function, read_file, for explicit

parameters for aMs and Ems. (right) Ignoring the conventional rules for the LJ
parameters

F.3 Source code for MoS2-WSe2 heterostructures

Here, I introduce how to modify the original source code that handles only two atoms

for MoS2 WSe2 heterostructures. First, the code should recognize four different atoms

and have memory for them in Figure F-4. When the REBO calculates the bond

order parameters, the coordinate term is independent from the atom type. Therefore,

what matters are mainly correct assignments for the interatomic parameters without

modifying the bond order function. The major modifications of the source code come

double rcmin[4] [4], rcmax[4] [4], rcmaxsq[4] [4], rcmaxp[4] [4];
double Q[4] [4],alpha[4] [4],A [4] [4],BIJc [4] [4], Beta [4] [4];
double b0[4],bl[4],b2[4],b3[4],b4[4],b5[4],b6[4];
double bg0[4] , bg1[4] , bg2[4], bg3[4],bg4[4], bg5[4], bg6[4];
double aO[4] ,a1[4],a2[4],a3[4];
double rcLJmin[4] [4], rcLJmax[4] [4], rcLJmaxsq[4] [4];
double epsilon[4][4],sigma[4][4];

for (int i = 3; i < narg; i++) {
if (strcmp(arg[i],"NULL") = ) {

map[i-2] - -1;
continue;

} else if (strcmp(arg[i],"M) - 0) {
map[i-2] - 0;

} else if (strcmp(arg[i],"S") - 0) {
map[i-2] - 1;

} else if (strcmp(arg[i],"W') - 0) {
map[i-2] - 2;

} else if (strcmp(arg[i],"Se") - 0) {
map[i-2] - 3;

}else error->all(FLERR,"Incorrect args for pair coefficients; this?");
}

Figure F-4: (top) Defining four atom variables in .h file. (bottom) adding W and Se
atom types in .cpp

from the readfile. New variables are defined for REBO for inputs in Figure F-5

(left). Then, new par for LJ are defined in Figure F-5 (right).

250



J1 RERO earwes (4- FLW

4weit e A-&441;

/1RERO Pvc*peters 4 -Se RE802

dmS Ie Q. -4.SeSp, ' A-~ 45'e ~ c 'AEe eSe;
6W61~S t. ii 3t ,XSe4 .

/ R6110 Pameters rn- SL RM4)

.7 44.ffin e .S I;
&sUc e ;ReT..441,413Wel.;

/16040 pa0,eters (N-S RE60)
&A,4lC rvwS,rcmax.cWS;

/4460 PCom Pers (S-Se 4460)W-e ESI

OSa lpSe,05'.

/,5646 09's-0~ Sece.cec'S (cc.SNSe40

// U Parameters CW-Se REDO)
dtuble rcUminWc,rcLJminWSe,rc"mox-,60, rcl mxLe;

double epsilonJ6,epsilorWSe;
double sigma4 ,si mJDWSe;

/ U Parameters (W-5 REDO)
dble rcU cs..WS, rcUcox.WS;

i ble psitom-c s;
-besigmaj s;

Figure F-5: (left) New variables in read_file function for REBO. (right) New variables
in readfile function for LJ.

Then, reading parameters are simply extended from the original code, examples

are in Figure F-6. The order of variables should be matched the order in the param-

eters file. Then, the parameters are assigned in the memories defined in Figure F-4.

After the code assigns the parameters in the main load (MPI=O) from the 'readfile'

function, the parameters should be transferred to other MPI node for parallelization

in Figure F-7.

F.4 Generation of TPMS

Here, I introduce the codes for TPMS graphene generation. The basic process is the

same as polycrystalline graphene with the periodic boundary conditions in the x, y,

and z directions. The key part is how to constraint the geometries. I modify the

"pairlj_cut.cpp" for the constraint and utilize "hybrid" potential in LAMMPS to

combine the REBO potential. Figure F-8 shows how to add the external potential

for the G type. Once the equations for the surface are given, it is straightforward to

obtain the derivative of the external potentials.
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//self
fgets(s,MAXLINEfp);
sscanf(s, "%lg",&rcminji);
fgets(s,MAXLINE ,fp);
sscanf Cs, "%lg",&rcmaxjW);
fgets(s,MAXLINEfp);
sscanf(s, "%lg",&rcminSS);
fgets(s,MAXLINE,fp);
sscanf(s,"%lg",&rcmaxSS);
fgets(s,MAXLINEfp);
sscanf(s, "%lg",&rcminWf);
fgets(s,MAXLINE,fp);
sscanf(s, "%Lg",&rcmaxW);
fgets(s,MAXLINE,fp);
sscanf(s,"%lg",&rcminSeSe);
fgets(sMAXLINE,fp);
ssconf(s,"%lg",&rcmaxSeSe);
//Anteraction
fgets(s,MAXLINEfp);
sscanf(s,"%Ig",&rcminM);
fgets(s,MAXLINE,fp);
sscanfCs, "%lg" ,&rcmax-M);
fgets(s,MAXLINE,fp);I
sscanf(s, "%lg",&rcminyS);
fgets(s,MAXLINE,fp);
sscanfCs, "%lg",&rcmaxMS);
fgets(s,MAXLINE,fp);
sscanf(s,"%lg",&rcminMSe);
fgets(s ,MAXLINE ,fp);
sscanf(s, "%lg",&rcmaxMSe);
fgets(s,MAXLINEfp);
sscanf(s,"%lg",&rcminWS);
fgets(s,MAXLINEfp);
sscanf(s,"%lg",&rcmaxWS);
fgets(s,MAXLINE,fp);
sscanf(s,"%lg",&rcmin_WSe);
fgets(s,MAXLINE,fp);
sscanf(s,"%1g",&rcmaxWSe);
fgets(s,MAXLINEfp);
sscanf(s,"%lg",&rcmin.SSe);
fgets(s,MAXLINE,fp);
sscanf(s,"%Ig",&rcmaxSSe);

Figure F-6: Extension of the original code to get parameters for four atoms interac-
tions.
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rcmin[G][0] - rcmin8; //VM
rcmin[O][3] - rcmin-MS; //MA
rcmin[1][2] - rcmin3f5; //M
rcmin[1][31] - rcrnin-jSe; //e

rcmin[1][2] - rcminjWS; //V..
rcmin[1][l] = rcmin.SS; //SS
rcmin[l][Z] = rcmin-WS; //SW
rcmin[2][3] - rcmin-SSe; //Sse

rcmin[2][2] - rcminM; //V
rcmin[2][1] - rcminiWS; //WS
roin[3][2] - rcmintW; I/SeM
rain[3][3] - rcminWSe; //Se

rcmin[3][2] - raninWSe; //SeE
ranin[3] [1] - rcminSSe; //Ses
rcmin[3][2] - rmainWe; //SEW
rcmain[3][3] - rcinSeSe; //See

rcmax[O][2] - rcmaxW; //MW
rcnax[O][3] - rcmax-Me; /MC
rcmax[1][2] - rcmoxMS; //W
ranx[1] [3] rcmaxJSe; //eSe

romax[l][2] - rcma-0 ; //SM
raax[l][l] - rcmaxSS; //SS

rcmax[2][8] - rcmaxJi; //84
rcmax[2]l] - rcmux-WS; //WSI
rcmax[2][2] - rcmaxWA; /1/1
rcmax[Z][3] - rcmaxWSe; //WSe

ramax[3][O] - raaxjlle;
rcmax[3][1] - rcmaox55e;
ranax[3][2] - rcmax-WSe;
rcmax[3][3] - rcmox-SeSe;

MPI-8cast(&rcmin[O] [0], 16,MPIDOUBLE,8,world);
4I-'Bcast(&rcmox[@][0],16,PIDOUBLE,8,world);

MPI-Bcast(&rcmaxsq[][B],16,MPLDOUBLE,B,world);
WILBcastC&rcmaxp[O] [0],16,MPILDOUBLE,,world);

WLBcast(&Q[@][0],16, WIJDOUBLE ,O,world);
PI-Bcost(&alphao[][0],16,MPI-DOUBLE ,B,world);

PIBcast(&A9] [0], 16, WIDOUBLE, ,world);
MIBcost(&BIRc[B[0], 16,MPLDOUBLE ,B,world);
MPI-Bcast(&Beto[8][0],16,MPI-DOUBL E,,world);

WIBcast(&bg[0],4,WI_DOUBLE,0,world);
MPI-Bcst(&bl[],4,lPLDOUBLE,0,world);

MIPBcast(&b2[],4,MPLDOUBLE,,world);
NWIBcost(&b3[O],4, WLDOUBLE,0,world);
WIBcast(&b4[8],4,WIDOUBLE,,world);

WLBcast(&b5[0],4,WIDOUBLE, ,world);
WIBcost(&b6[0],4,WIDOUBLE,@,world);

6PI_8cast(&a8[O],4,WIDOUBLE,0,world);
WIBcast(&al[8],4,WI-DOUBLE,Oworld);
WLBcost(&oZ[0],4,PL.DOUBLE,0,world);
WIBcost(&o3E] ,4 4,WI_DOUBLE, ,world);

WIBcost(&bgI[0], 4,WIDOUBLE 0, world);
MPI-Bcast(&bgl[O],4,WI.DOUBLE,0,world);
WI-Bcost(&bg2[0],4,WIDOUBLE,0,world);
WI.Bcast(&bg3[O],4,WI-DOUBLE,0,world);
WIBcast(&bg4[0],4,WLDOUBLE,0,world);
WIBcost(&bg5[0],4,WILDOUBLE,@,world);
WIBcast(&bg6[8] ,4,WLDOUBLE ,,world);

PI8.Bcast(&rcLJmin[0][] 16,WLDOUBLE,8,world);

WIBcost(&rcLJmaxsq[E] [0],16, WIDOUBLE,0,world);
WLBcast(&epsilon[@][0],16,P4LDOUBLE,@,world);
WIBcast(&sigmo[O][0],16,WI-DOUBLE,O,world);

//SeM
/s/S

//SeW
//ese

Figure F-7: (left) Examples of assignments from the input values. (right) Based on
the memory sizes, the parameters are transferred to other MPI nodes by using MPI
broadcast command.

//make outsource forces.
double Lxc=lx/3.141592*0.5;
double Lyc=ly/3.141592*0.5;
double Lzc=lz/3.141592*0.5;
double cosx = cos((xtmp-xlo)/Lxc);
double cosy = cos((ytmp-ylo)/Lyc);
double cosz =
double sinx =
double siny =
double sinz =

cos((ztmp-zlo)/Lzc);
sin((xtmp-xlo)/Lxc);
sin((ytmp-ylo)/Lyc);
sin((ztmp-zlo)/Lzc);

double vvO = 20*(sinx*cosy+siny*cosz+sinz*cosx);
double addx =-vv0*(cosx*cosy-sinz*sinx);
double addy =-vv0*(-sinx*siny+cosy*cosz);
double addz =-vv*(-siny*sinz+cosz*cosx);

f[i.][0+=addx;
fMi][1J+=addy;
f[i]121+=addz;
//end of outsource force

Figure F-8: The code for the external potential for Gyorid (G type).
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F.5 Crystal Growth TMD

The TMD materials have three-atom thickness. It is not possible to utilize the poly-

crystalline algorithm because the algorithm is based on the plane structure and bond

number. Also, there are two types of atom. The polycrystalline code is modified

to recognize the type of atoms from the xyz file. The projected bond length cuts

are changed to 2.04 A. The type is simply selected by the "if" statement. The two

python codes, htom.py and mtoh.py, are utilized for converting 3D structures from

2D and vice versa. The key of the code is to build a function to distinguish top

and bottom sulfur based on curved or flat surfaces. Only the distance from metal to

sulfur cannot distinguish which sulfur is belong to the top or bottom. Therefore, the

additional bond list for only sulfurs atoms is generated to distinguish which one is

top and bottom. In this list, sulfur atoms can have one neighbor sulfur based on the

distance less than 3.6 A. Then, it becomes possible to distinguish which one is top

or bottom based on the give surface equation. The projected positions are simply

obtained from the averaging the positions of top and bottom sulfurs.

For recovering 3D structures from 2D geometries also requires surface equations

and its normal vectors. Since the distance from the surface is known, the locations

of top and bottom sulfurs are simply calculated from the normal vector.

F.6 Parameters of Bilayer MoS 2

F.7 Parameters of Mo-W-S-Se

The parameters for the heterostructures (MoS 2-WSe2 ) are listed in Figure F-10. The

vdW parameters are the same with original ones.

F.8 Visualization

It is essential to appropriately visualize data from MD for understanding mechanisms.

VMD is mainly utilized for atomic structures and evolutions of crack propagation
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Figure F-9: Parameters of Bilayer MoS 2 . The vdW parameters are explicitly defined

in the end.

[219]. It has a function to make movie from .xyz trajectory files from LAMMPS

[220]. To visualize the atomic stress, Atomeye [221] and OVITO [222] are utilized.

LAMMPS provides a dump commend with a cfg option to print out atomic position

and data such as stress and potential though .cfg file format, which is readable for

the visualization tools without any modification.
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Figure F-10: Parameters of MoS 2 -WSe2 heterostructures. The vdW part is not in-
cluded in but the same values of the original ones are utilized.
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