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Abstract 
Hydrogen embrittlement (HE) presents a critical challenge to application of structural alloys in 

hydrogen (H) environments. Recently, development of high-entropy alloys (HEAs) has opened a new 
avenue for alloy design against HE: not only do some HEAs indicate resistance to HE, but the immense 
composition spaces associated with these alloys provide endless prospects for tuning composition and 
corresponding mechanical behavior. In particular, metastable alloys—those that exhibit a mechanically-
induced austenite-to-martensite phase transformation—pose an interesting opportunity for HE 
resistance, where the toughening mechanisms associated with this transformation could counter HE 
effects under the right conditions. One alloy system, FeMnCoCr, has been previously shown to include 
metastable alloys which are of special interest due to the high tunability of deformation mechanisms with 
respect to composition. For example, tuning just the Mn content enables switching between dislocation 
slip, twinning, and martensite transformation mechanisms. Thus, in this work, we further explore alloys 
in the FeMnCoCr system to discover H effects and their interactions with metastability.  

In the first part of this work, we explore H-induced transformations in one metastable alloy, 
Fe45Mn35Co10Cr10. To this end, we electrochemically introduce H to the samples, quantify the hydrogen 
evolution by thermal desorption spectroscopy, and observe microstructural transformations by scanning 
electron microscopy techniques. Through these analyses, we find that the hydrogen induces ε-martensite 
that preferentially forms in <101> and <111> oriented grains and along Σ3 coincident site lattice 
boundaries. Further addition of hydrogen induces extension twinning within the martensite. We examine 
the microstructural factors influencing these transformations to better understand the hydrogen-
microstructure interactions. 

In the second part of this work, we address the compositional complexity of the FeMnCoCr-H 
system by developing a method to efficiently screen this composition space for interactions between H 
and metastability. We apply this method to Fe88-x-yMn12CoxCry alloys, with a focus on microstructure and 
H effects. To this end, we first select three alloys using predictions from Thermo-Calc, then produce these 
alloys by suction casting and apply three thermo-mechanical treatment routes to further vary 
microstructure. Indentation and scanning electron microscopy are employed to screen for deformation 
mechanisms and cracking. We identify two particular samples which exhibit extreme cases of indentation 
response and can provide a starting point for future iterations of this investigation. 

 

Thesis Supervisor: C. Cem Tasan 
Title: Thomas B. King Associate Professor of Metallurgy  
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1. Introduction 

1.1. Hydrogen embrittlement 

Hydrogen embrittlement (HE) is a crucial problem for a range of industries that employ structural 

alloys in hydrogen (H)-containing environments. HE is difficult to avoid due to the abundance of H and its 

high diffusivity in metals. H sources range from moisture in the atmosphere to storage of high-pressure H 

[1], and when a small amount of H from these sources percolates into metallic alloys, it can cause 

embrittlement and subsequent failure. While the problem of HE has been studied for over 1.5 centuries 

[1], it remains challenging to analyze due to the variety and complexity of H-metal interactions, which are 

also difficult to observe directly. 

H interacts with metals across length scales, from inhabiting interstitial lattice sites to segregating 

to crack surfaces [2], and causes embrittlement via a variety of mechanisms [3]. Two commonly-cited 

mechanisms are H-enhanced localized plasticity (HELP) [4–6], in which H assists local deformation near 

crack tips, and hydrogen-enhanced decohesion (HEDE) [7–9], where H weakens atomic bonding, thus 

lowering the energy for crack propagation [1]. These phenomena lead to fracture, as reflected (for 

example) by a decrease in ductility in tensile tests or decreased fracture toughness in fracture mechanics 

tests employing [3]. Beyond mechanical effects, H also promotes a variety of complex microstructural 

transformations upon introduction into metallic alloys, such as formation of new phases [10–13], phase 

transformations [14–19], and dislocation rearrangements [20,21]. Thus, HE becomes a broad, complex 

field of study: it must be tackled from multiple angles to eventually find solutions for a variety of 

applications. The following section introduces one toughening mechanism that might be applied to the 

HE problem, under certain conditions. 
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1.2. Transformation-induced plasticity 

 Transformation-induced plasticity (TRIP) is a phenomenon in which an alloy undergoing 

mechanical loading deforms plastically via a metastable phase transformation. This mechanically-induced 

transformation is common for alloys exhibiting a metastable austenite phase, which can undergo a 

diffusionless α’ or ε martensite transformation at room temperature upon the application of stress. (The 

symbols α’ and ε refer to body-centered tetragonal (bct) and hexagonal close-packed (hcp) martensite 

phases, respectively.) TRIP can increase the strength and ductility of metastable alloys due to the 

associated enhanced strain hardening rate, and has thus been applied to a variety of high-strength steels 

[22,23]. 

 Such martensite phase transformations during loading can also serve as toughening mechanisms, 

i.e., transformation-induced toughening, in which mechanically-induced phase transformations at crack 

tips inhibit crack propagation [24]. Specifically, mechanically-induced γ-austenite to α’-martensite 

transformation is well-known to increase toughness in steels [25,26]. Unfortunately, in most cases, this 

mechanism cannot be applied to systems containing H, because γ-austenite to α’-martensite 

transformation leads to abrupt changes in H solubility, causing micro-cracking at α’-martensite interfaces 

[27–33].  

Although ε-martensite can also enhance cracking in the presence of H [16], recent studies show 

that some alloys exhibiting an ε-martensite transformation can instead resist HE: ε-martensite can have 

higher ductility and lower H diffusivity than α’, while increasing the capacity for plasticity, which together 

might render a metastable alloy resistant to H induced cracking [15,34–36]. These phenomena present 

alternate design routes towards toughening in H environments, where the metastable γ-austenite to ε-

martensite transformation may be employed to at once improve ductility and toughness.  
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1.3. High-entropy alloys and the FeMnCoCr system 

High-entropy alloys (HEAs) are alloys consisting of typically 5 or more major metallic elements; 

therefore, HEAs exhibit high configurational entropy. Assuming atoms occupy random lattice position, the 

ideal configurational entropy can be quantified by the Boltzmann equation: 

𝑆 = 𝑘𝐵ln⁡(𝑊) 

where S is entropy, kB is the Boltzmann constant, and W describes the number of microstates of a system. 

Precise definitions for HEAs range from entropy-based to component-based ones [37], but in general, they 

can be thought of as multicomponent concentrated solid solutions. The interested reader can find a full 

discussion on definitions and terminology in Ref. [37].  

The discovery of the HEA concept—which largely took place in 2004 [38–43]—unleashed 

enormous opportunities for alloy design, as the broad compositional spaces allow for many degrees of 

freedom when selecting for desired mechanisms and properties. Early work resulted in the Cantor alloy, 

equiatomic FeMnCoCrNi [38], which has beneficial mechanical properties such as good ductility at low 

temperatures [44,45] and indications of hydrogen embrittlement resistance [46,47]. Various other HEAs 

have been reported to exhibit promising characteristics, including exceptional strength, ductility, and 

toughness [48], plus good fatigue [49] and creep resistance [50].  

Recently, several works on the FeMnCoCr system have revealed interesting mechanical properties 

within this system [51–56], which have motivated the present work. Not only are there a range of 

compositions within this system that can form stable fcc solid solutions, but tuning the alloy content 

enables selection of various deformation mechanisms [52]. In particular, Li et. al. showed that varying the 

Mn content from 45 to 30 at% in an Fe80-xMnxCo10Cr10 alloy results in switching between dislocation slip, 

twinning, and TRIP, as well as influencing the phase constitution [52]. TRIP was shown to increase ductility 
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of dual-phase FeMnCoCr while maintaining a high yield strength, enhancing the strength-ductility tradeoff 

of this alloy [52]. 

Thus, the FeMnCoCr system becomes an interesting case for investigating metastable phases and 

related plasticity mechanisms, especially in the case of TRIP, where a γ-austenite to ε-martensite 

transformation enhances strain hardening and could provide a toughening mechanism against HE, as 

discussed above. Yet, the presence of these metastable phases adds a layer of complexity to investigating 

H effects, as H uptake creates the possibility of H-induced martensite transformation. H reduces the 

stability of γ-austenite against martensite, which can both promote martensite transformations during 

loading [17] and cause martensite to form in the absence of external loads [57]. These H effects have been 

well-investigated for stainless and high-Mn steels, for which H-induced martensite is prevalent [14,15,64–

72,16,17,58–63]. When H is introduced into these metastable alloys, it significantly decreases the stacking 

fault energy (SFE) [73–77], which promotes ε-martensite formation [16,76]. Martensite transformation is 

known to proceed once a critical H content has been achieved [17,57], and the driving force is generally 

attributed to the concentration gradients associated with non-equilibrium introduction of H [14,57,78]. 

While these studies address the relationship between H content, mechanical loading, and H-induced 

martensite, we wish to clarify the effects of microstructural features and H trap sites on martensite 

transformation in the absence of external loads.  

Thus, in the first part of this work (Chapter 3), we analyze H effects in an FeMnCoCr high entropy, 

Fe45Mn35Co10Cr10, whose metastable austenite-martensite transformations have been studied without H 

[54,55]. We focus specifically on H-induced microstructural transformations in this alloy, in the absence 

of mechanical loading. To that end, we combine electrochemical H charging, thermal desorption 

spectroscopy, and scanning electron microscopy techniques to study these transformations at room 

temperature. Our investigations reveal insights regarding the contributions of microstructural features to 

H-induced martensite and twinning. 
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1.4. High-throughput alloy design 

 While the immense compositional space presented by HEAs yields exciting opportunities for alloy 

design, it also presents a challenge to conventional metallurgical alloy design routes. While typical alloys 

can be explored by systematically varying composition by small steps, this becomes impossibly time-

consuming in the case of HEAs, which, e.g. in the case of the Cantor alloy, present a 5-dimensional 

composition space. The effects of thermal-mechanical processing on the subsequent alloy properties only 

increases the degrees of freedom by which these compositions may be characterized. Thus, it becomes 

necessary to develop high-throughput (HT) methods, by which these composition spaces can be screened 

for promising compositions in an efficient manner. 

 Using a bottom-up approach, many researchers have accomplished HT screening of a given 

composition space by producing diffusion multiples, graded powder specimens, or sputtered 

compositional spread islands [79–85]. Here, an array of compositions can be probed for crystal structure 

or mechanical properties on a small scale, such as with nanoindentation [79]. Meanwhile, others have 

developed high-throughput methods by additive manufacturing [86–89], or novel techniques such as in-

situ melting [90]. While these methods promote efficient collection of data for a large array of 

compositions, they are not directly applicable to the properties of bulk alloys, due to the limited length 

scale from which these properties are measured [91]. This discrepancy can be bridged partly by increasing 

material volume while still using a fast characterization method such as indentation [92–94], or an 

engineering approach can be taken to producing bulk alloys quickly. Recently, Springer et. al. pioneered a 

solution to HT bulk alloy screening, “rapid alloy prototyping” [95]. With this method, they were able to 

successfully screen tensile and hardness properties for 45 material states (5 compositions x  9 thermal 

treatments) in 35 hours, which the authors estimate to be a time advantage by a factor of 6-10 over 
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conventional bulk alloy design [95]. Several other studies have utilized this method successfully [96–98], 

typically by varying composition and thermal processing systematically to screen for a range of properties.  

 In the second part of this work (Chapter 4), we design a HT method appropriate for the scale of 

an academic research laboratory and apply it to the FeMnCoCrH system. With this method, we intend to 

increase efficiency by decreasing the number of samples necessary to iteratively search a composition 

space. Furthermore, because H adds so much complexity to this system (as will be seen in Chapter 3), we 

require a method that will allow systematic comparisons of metastability and HE effects. These goals are 

approached with a focus on (1) Calculation of Phase Diagrams (CALPHAD)-informed composition selection 

for microstructural variation, and (2) “binary” testing which can yield “yes/no” data. For this study, we 

first narrow the composition range to Fe88-x-yMn12CoxCry, in order to search for alloys that are possible to 

process at large scales (e.g. the Mn content overlaps with that of medium-Mn steels), while maintaining 

a reasonably high Mn content to promote retained austenite during processing [99,100]. The Co and Cr 

contents are limited to 5-15 at% to reduce cost compared to near-equiatomic FeMnCoCr alloys. We 

employ Thermo-Calc, a CALPHAD software, to choose compositions that we expect will yield a variety of 

microstructures and phase transformation behaviors. Because microstructures dictate final mechanical 

properties—rather than composition alone—this method may allow for a greater range of properties to 

be screened with fewer compositions. Second, after producing the selected FeMnCoCr alloys, we employ 

three sets of micro-indentation to screen for deformation mechanisms and cracking before H charging, 

after H charging, and after 24 hours of outgassing. We use the results of these tests to identify particular 

specimens that can serve as a starting point for future iterations, due to their unique indentation 

responses. 
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2. Methods 

2.1. Sample production and preparation 

The mechanistic study on H-induced phase transformations (Chapter 3) employs an Fe45Mn35Co10Cr10 

HEA produced by methods similar to those below, but the specific parameters are described in detail 

elsewhere [54]. For the HT method study (Chapter 4), three FeMnCoCr alloys with varying Co and Cr 

contents were produced in-house as described below. All samples were generally prepared by the same 

techniques.  

Samples are produced by arc melting, in which an electrical arc is employed to melt raw elements 

under an inert argon atmosphere. The inert atmosphere is used to avoid introduction of impurities into 

the sample, such as oxygen and nitrogen; to achieve a pure argon atmosphere, the chamber of the arc 

melter is pumped down to a pressure of 5E-2 mbar and flushed with argon three times, before re-

introduction of pure argon. A pure titanium getter is melted before applying the arc to the sample, to 

absorb any remaining oxygen in the chamber. Then the samples are melted with an arc of 300-400 A, 

while the copper crucible is continuously water-cooled. The samples are flipped and re-melted at least 5 

times to minimize elemental segregation due to gravity. Finally, the button-shaped samples are cast as 

rectangular bars by re-melting the samples over a suction-casting mold. Once the samples melt and begin 

entering the mold, suction is applied to the bottom of the mold by opening the previously vacuum-

pumped tanks on the arc melter. This method reduces the formation of shrinkage cavities while producing 

a sample shape suitable for further thermo-mechanical processing.  

Samples are further homogenized by first cold-rolling, then heating at elevated temperatures. 

Rolling the samples introduces severe plastic deformation, and the resulting stored energy of cold work 

drives atomic rearrangement during heating, thus catalyzing the homogenization process. Specifically, the 

samples discussed in Chapter 4 are cold-rolled to a 40% reduction in thickness, then homogenized at 
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1100oC for 3 hours. Because this extended heat treatment results in samples with very large grains (and 

therefore decreased strength, by the Hall-Petch effect), these samples are cold-rolled to 40% reduction in 

thickness a second time before heating at 900oC to drive the recrystallization process. Here, grains 

nucleate and grow within the heavily deformed structure, resulting in a finer grain morphology, where 

grain size will increase with time. 

Samples are cut from the final heat-treated bars by either electron discharge machining (EDM) or 

using an abrasion saw. EDM is used to cut small, thin samples while minimizing damage to samples: a wire 

provides rapid electrical discharge (sparks) which effectively cuts the specimen while losing only tens of 

micrometers of material. While the abrasion saw causes loss of about 2 mm, it provides a quick method 

for simple cuts, and thus is employed for the HT method. 

After cutting, samples are mounted on pucks with acrylic or super-glue (media that dissolve in 

acetone) and ground with 320, 400, 600, 800, and 1200 grit SiC sandpaper to remove the damaged surface 

layer. Then they are polished with 3um and 1um diamond suspension, and finished with an OPS or OPU 

(colloidal silica suspensions) to remove diamond suspension scratches. All samples that will be subjected 

to electrochemical H charging are polished on both sides. 

Hydrogen is introduced to samples electrochemically. Samples are suspended in an electrolyte (5% 

NaCl + 3 g/L NH4SCN3) along with a platinum counter-electrode, while current is applied from a current-

controlled power source. During this process, the NaCl promotes production of atomic H which can be 

adsorbed onto the metal surface via either of the following chemical reactions in solution [101]:  

𝐻+ + 𝑒− → 𝐻𝑎𝑑𝑠 

𝐻2𝑂 + 𝑒− → 𝐻𝑎𝑑𝑠 + 𝑂𝐻− 
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After adsorption, adsorbed H atoms can either recombine with other H atoms and return to solution, or 

become absorbed into the bulk of the material. The NH4SCN3 acts as a recombination poisoner, to inhibit 

the H atoms from re-combining.  

 

2.2. Microstructure characterization 

2.2.1. Scanning electron microscopy and related techniques 

Scanning electron microscopy (SEM) presents a powerful tool for taking high-resolution images of 

sample surfaces with a large depth of field, and SEM-based techniques are the primary mode of 

microstructural analysis in this work. The SEM is equipped with an electron gun which focuses an electron 

beam on the sample. Electrons interact with the sample to produce a variety of signals, which are then 

captured by the appropriate detectors and mapped with position [102]. Secondary electrons (SE) and 

back-scattered electrons (BSE) are used for producing images; the contrast from both can display 

topographical features, while the contrast differences from BSE can be used to identify varying 

phases/compositions (brighter regions correspond to higher atomic number, due to a higher intensity of 

backscattering) [102]. Composition can be mapped exactly using an X-ray detector for energy dispersive 

spectrometry (EDS), where the energy of the scattered X-rays can be used to identify elements with 

atomic number higher than 5 [102]. These composition maps can be compared directly to SE and BSE 

images to correlate composition to microstructure. 

 To map specific crystallographic information, electron back-scattering diffraction (EBSD) is 

employed. An EBSD detector captures the angular spread associated with the BSE intensities at each point, 

in order to map Kikuchi patterns which directly correspond to crystal structure [102]. In this work, we use 

EBSD mapping before and after H charging to reveal phase, orientation, and defect density information. 

We employ a Tescan MIRA3 SEM with an EDAX Hikari EBSD camera for this data acquisition. 
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2.2.2. X-ray diffraction 

 X-ray diffraction (XRD) is used to identify phase constitution for the FeMnCoCr samples produced 

for the HT screening study, since this method is faster than EBSD and detailed crystallographic information 

was not required. XRD involves focusing an X-ray beam on a sample at varying angles and collecting 

diffracted beams to map the intensity of diffraction versus the diffraction angle (2𝜃). The resulting high-

intensity diffraction peaks follow Bragg’s law: 

𝑛𝜆 = 2𝑑𝑠𝑖𝑛𝜃 

where 𝑛 is an integer relating to the order of reflection, 𝜆 is the wavelength of the X-ray beam, 𝑑 is the 

spacing between crystal planes at the point of data collection, and 2𝜃 is the angle of diffraction [103]. 

Thus, given the diffraction parameters, crystallographic information can be determined. Databases of XRD 

patterns are used to quickly match XRD data with known phase structures, so that identification is largely 

automated. Phase fractions are calculated from the relative areas under diffraction peaks. 

In this work, we employed a Bruker D8 Discover machine equipped with a Vantec2000 2D detector and a 

General Area Detector Diffraction System, operating with a Co source; the Co source (λ=1.790Å) mitigates 

fluorescence from Fe and Co containing samples to increase accuracy [104]. XRD data was collected for 

angles ranging from 15 to 120 degrees. Data was analyzed with Highscore Plus software, using Reitveld 

fitting to determine phase fractions. 

2.2.3. Thermal desorption spectroscopy 

Thermal desorption spectroscopy (TDS) is a method used to determine H content and H trapping 

sites in a sample. H desorption is measured with a mass spectrometer while the sample is heated at a 

continuous rate, to obtain a plot of H desorption rate versus temperature. At lower temperatures (e.g. 

near 400 K in some steels [105]), an initial peak indicates diffusible H de-trapping from weak trap sites 

such as grain boundaries and surfaces. Peaks at higher temperatures will correspond to de-trapping 
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from increasingly stronger trap sites; the activation energy of de-trapping, 𝐸𝑎, can be calculated by the 

following equation:  

𝜕 ln(𝜑/𝑇𝑝
2)

𝜕(1/𝑇𝑝)
= ⁡−

𝐸𝑎
𝑅

 

where 𝜑 is the fugacity coefficient, 𝑅 is the gas constant, and 𝑇𝑝 is the temperature at the desorption 

peak. Meanwhile, peak height reflects the desorption rate-determining mechanism, e.g. typically lattice 

diffusion for weak trap sites and de-trapping rate for strong trap sites [3].  

In this work, an Fe45Mn35Co10Cr10 sample was heated at a rate of 5K ∙ min-1 in the vacuum SEM 

chamber, where a residual gas analyzer (RGA) unit from MKS Instruments was used to collect H 

desorption information. The sample was heated in-situ with a heating module from Kammrath & Weiss; 

the general setup is displayed in Figure 1(a). The H desorption profiles were deconvoluted with a Voigt 

peak function, as shown in Figure 1(b). 

Figure 1. a. Schematic of the integrated SEM-TDS method. Residual gas analysis is conducted 
simultaneously to heating the H-charged sample. b. TDS from a sample H charged for 106 hours. 
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2.3. Mechanical property characterization: Vickers micro-indentation hardness testing 

 The primary method used for mechanical property characterization in this work is Vickers micro-

indentation, which is used to determine the hardness of the material. This method involves pressing a 

tetrahedral diamond indenter tip into a polished sample surface at a pre-determined force for a specified 

dwell time, here 300 gf (2.94 N) and 15s. Using the known indenter geometry, where the tetrahedral 

pyramid is defined by a 136o angle between opposite faces, the area of indentation can be calculated from 

the measured diameter of the indent, and thus related to stress; hardness, HV, is calculated with the 

equation  

𝐻𝑉 = 1854.4 ∗ 𝐹/𝑑2 

where F is the applied force (gf), and d is average diameter (i.e. the average length of the square indent 

diagonals, in µm) [106]. HV relates linearly to yield strength [107], and thus this method offers a quicker 

test for relative strength than tensile testing. Additionally, the indentation stress results in deformation 

features about the indent that can be identified by SEM, in order to scan for deformation mechanisms. 

For this work, each measurement included five indents for statistical accuracy, spaced apart by 3x the 

indentation width to avoid the effects of hardening from adjacent indents. 

 
3. Hydrogen-induced microstructural transformations in an FeMnCoCr 
alloy 
 

3.1. Results 

3.1.1 Hydrogen-induced martensite transformation 
The EBSD phase maps of a representative Fe45Mn35Co10Cr10 sample are shown in Figure 2(a-c), at 

increasing H charging times of (a) 0 hours, (b) 55 hours, and (c) 106 hours, each at a charging current 

density of 10A/m2. It is apparent that in the samples investigated, H charging alone (without straining) 
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induced a γ-austenite to ε-martensite phase transformation. The martensite fractions were calculated 

from EBSD scans of the same 400 μm view field after each charging step, excluding points with a 

confidence index lower than 0.02. Note that after H charging, only light polishing was performed to avoid 

further transformation. Thus, some corrosion products were still present in EBSD scans (as represented 

with black points in Figure 2(b)). These data points were excluded when calculating martensite fractions. 

The evolution of martensite fraction with H charging time is quantified and represented in the inset in 

Figure 2(c). Longer charging times resulted in an increase of martensite, with the fraction of martensite 

rising from 0.2% to 22% over the course of 106 hours of charging.  

 

Figure 2. EBSD phase maps of a single sample, with a grayscale image quality overlay, (a) as-homogenized, 
(b) after 55 hours of H charging, (c) after 106 hours of H charging. Black pixels represent points of the EBSD 
scan with a confidence index lower than 0.02, including a corroded area in (b). The inset in (c) shows the 
increase of martensite fraction with charging time. 

To evaluate the extent of the martensite transformation below the surface, we repeatedly fine-

polished the sample and took SEM BSE images of the same multiphase region after each polishing step 

(Figure 3). To calculate the amount of material removed at each step, we placed Vickers indents on the 

sample and measured the change in indent diagonal length, which is related to the indent depth by a 

geometrical constant [108]. In BSE images, ε-martensite bands can be recognized by a difference in 

contrast with respect to the matrix. In this case, the brighter-contrast bands represent martensite, while 

the dark contrast of the matrix represents austenite, as verified by the fine EBSD scan shown in Figure 
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3(a1). While there is some contrast change in each step due to slight fluctuations in surface orientation 

after polishing, we minimized error in this respect by maintaining the same BSE image parameters at each 

step (e.g. working distance, tilt angle, and channeling contrast). We also verified the identity of the bright-

contrast bands a second time after removing 5 µm of surface material. Thus, we utilized the distinction in 

austenite/martensite contrast to estimate the fraction of martensite at each step. The fractions were 

calculated by first thresholding the BSE images, then counting the bright and dark pixels. (Polishing-

induced pores and streaks were removed from the image beforehand for accuracy.) Although some error 

remains in the calculations from contrast fluctuations, Figure 3(d) shows that, overall, the martensite 

fraction decreases with depth into the sample. The martensite mostly disappears after 12 µm, at which 

point any remaining martensite features are finer than 0.7 µm. 

 

Figure 3. (a-c) Three representative layers of a sample H charged for 106 hours and subjected to serial 
sectioning by polishing. BSE images correspond to depths of (a) 1.2 µm, (b) 6.2 µm, and (c) 12 µm from the 
original surface of the sample. Insets (a1, b1, c1) highlight the decreasing martensite fraction, where bright 
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contrast represents martensite bands; this correlation is verified by comparing (a1) to the EBSD scan in (a2). 
(d) The martensite fraction calculated from the SEM BSE images at each polishing step.  

 

3.1.2 Hydrogen-induced martensite: microstructural correlation  
In order to draw insights regarding the mechanism of H-induced martensite transformation, we 

evaluated several microstructural features identified by the EBSD scans before and after 55 hours of H 

charging. We chose to analyze grain orientation, average misorientation, and diameter, as these could all 

impact H uptake and martensite transformation. Grain orientation could affect H diffusion rate, as seen 

in polycrystalline 304 SS in a gaseous H environment [109], as well as Ni single crystals undergoing 

electrochemical H charging [110]. Average misorientation, which reflects geometrically necessary 

dislocation (GND) density, could also affect H diffusion because dislocations can act as H trap sites [7,111]. 

Finally, grain size could limit the ability for a given grain to accommodate martensite transformation [112]. 

We first present the effects of grain orientation on H-induced martensite transformation in Figure 

4(a-b). Figure 4(a) is an image quality (IQ) map of the same region shown in Figure 2(a), before H charging; 

different shades of gray represent different grains, and GBs are darker due to lower IQ. Every grain in 

Figure 4(a) that proceeded to show at least a 10% martensite transformation (by area fraction) is 

highlighted in red, based on the percent of martensite transformation in each of these grains after 55 

hours of H charging. The corresponding grain orientations of the “red grains” are also highlighted in the 

inverse pole figure (IPF) in Figure 4(b). The IPF reveals that all grains that form >10% martensite after 55 

hours of charging are within 10 degrees of the <111> and <101> type grains (except for one partial grain 

at the edge of the EBSD scan, which is disregarded due to lack of information). Here, grain orientation is 

referenced to the sample normal, i.e. [001].  

Although the martensite-forming grains were all within 10 degrees of the <111>-<101> type 

grains, several grains within this orientation range did not form any martensite; these grains are 

highlighted in blue in Figure 4(a). We statistically examined the differences in these two categories of 
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grains by quantifying the average grain misorientations and grain diameters (Figure 4(c)), based on the 

EBSD scan before H charging. The ranges of these attributes overlap, but, considering the averages of each 

(marked by X’s in the box-and-whisker plots), the grain misorientation is on average lower for martensite-

forming grains (red) than those that do not form martensite (blue), and the grain diameter is on average 

smaller for the latter. 

Figure 4. (a) IQ map of an as-homogenized sample. Grains that transformed to martensite by 10-100% 
after 55 hours of H charging are highlighted in red, and grains from the same orientation range that did 
not form martensite are highlighted in blue. The orientations of the red and blue grains are also highlighted 
in (b), an inverse pole figure representing all of the orientations in (a). The average grain misorientation 
and grain diameter corresponding to the highlighted grains are plotted in (c) as box-and-whisker plots. 

Finally, because  GBs can have a strong effect on hydrogen segregation and martensite nucleation 

(see Discussion) [113–116], we analyzed the correlation of martensite to GBs in the sample that was H 

charged for 55 hours. We focused on coincident site lattice (CSL) boundaries, which have been proposed 

to exhibit unique H trapping behavior in related alloys [117], and high-angle grain boundaries, which can 

provide a high density of interstitial H trapping sites [113]. Figure 5(a) shows an IQ map of the sample 

(corresponding to Figure 2(b)), with the martensite phase highlighted in red, and Σ3 boundaries in blue. 

Σ3 boundaries are coherent coincident site lattice (CSL) boundaries arising from fcc twins, which are 

annealing twins in this material. Other CSL boundaries in the sample were not relevant to the analysis (i.e. 

one Σ5 boundary in an austenitic region). We analyzed the martensite-GB correlation as follows. For each 

region of martensite, we measured the length of every austenite-martensite phase boundary, then 
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classified it into one of the following categories: (1) boundaries that correspond to Σ3 austenite 

boundaries before introducing H, (2) boundaries that correspond to random austenite GBs before 

introducing H, and (3) boundaries that are within austenite grains, and thus do not correspond to any 

austenite GBs. None of the random GBs from (2) were low-angle GBs (with a misorientation <5°), and 

overall 95.5% of them had a misorientation over 25°. This boundary correlation was verified with the EBSD 

map of the austenite boundaries before H was introduced, as the martensite overtakes several of the Σ3 

boundaries once H is present, making the post-H EBSD map challenging to use for this analysis. In Figure 

5(c), the relative lengths of boundary types (1) and (2) are compared to the total relative lengths of Σ3 and 

other high-angle GBs in the same region before H charging. These results reveal that martensite borders 

more Σ3 boundaries than random high-angle GBs, despite the fact that, overall, there were more high-

angle GBs than Σ3 boundaries available in the region before H charging. Finally, it is observed that most 

of the larger martensitic features border multiple GBs, making nucleation analysis challenging. However, 

we note several martensite regions which are small enough to enable deduction of the nucleation site. 

Two examples are shown in Figure 5(b), indicating that nucleation of martensite on Σ3 boundaries can 

occur. 

 

Figure 5. (a) IQ map of the sample H charged for 55 hours (corresponding to Figure 2(b)), showing the 
martensite phase in red and the Σ3 boundaries in blue. (b) Some small martensite regions that appear to 
only contact one GB, which are Σ3 boundaries. (c) Relative % boundary length is plotted for Σ3 boundaries 



22 
 

and high-angle GBs, to compare (i) the boundary ratios in the as-homogenized fcc material, pre-charging, 
and (ii) the ratio of boundary types bordering H-induced martensite. 

 

3.1.3 Hydrogen-induced twinning 
Upon closer examination of the micrographs in Figure 3(a1), a fine ellipsoidal shaped feature 

becomes apparent. These features (shown at higher magnification in Figure 7(a)) are present within the 

martensite phase; these formed in all samples after 106 hours of H charging. Figures 6(a) and 6(b) show 

an IQ map for a sample charged for 106 hours, with the ellipsoidal features in martensite highlighted in 

red (see the corresponding phase map in Figure 2(c) for reference). The line profile shown by the blue 

arrow in 6(b) and plotted in (6)c confirms that these features are hcp twins, specifically {101̅2} < 101̅1 > 

twins, with a characteristic misorientation angle of 86° about < 12̅10 > [118]. Line profiles were taken 

across several other twins to confirm this observation. These twins are induced solely by the addition of 

a large amount of H: no external stresses were applied to the samples.  

 

Figure 6. (a) IQ map of a sample H charged for 106 hours. (b) Enlarged region, with H-induced twins 
highlighted in red. The line profile along the blue arrow is plotted in (c). (c) Point-to-point misorientation 
across an H-induced twin, demonstrating a misorientation of 86⁰ at the twin boundaries. 

A second sample with higher twin density was used to confirm whether any other common hcp 

twin variants could form in this material. The sample was first pre-strained to 15% to induce a total of 26% 

martensite on the surface (measured by EBSD), then H charged for 55 hours, which increased the 

martensite fraction to 76%. A total of 4% of this martensite was twinned, compared to only 0.08% in the 
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sample presented in Figure 6. Even at this increased twin density, no other twin variants were observed 

besides the {101̅2} twins.  

We evaluated the extent of twinning below the surface of the unstrained sample with the same 

repeated fine polishing as described in section 3.1. As shown in Figure 7, the twins (ellipsoidal features 

with the brightest BSE contrast) were well-defined at the sample surface (7(a)) but became less well-

defined with increasing depth (7(b)), and fully disappeared after a depth of 5 μm (7(c)). Several other 

random areas across the sample surface (~ 50 mm2) were checked thoroughly to ensure all twins had 

disappeared at a depth of 5 μm: multiphase regions (as identified by bands of differing contrast) were 

checked for fine features representing local deformation, such as the brightest features in Figure 7(b). 

 
Figure 7. (a-c) SEM BSE images showing a single region of a sample H charged for 106 hours, taken at d=1 
µm, 4 µm, and 5 µm during serial sectioning by polishing. The brightest contrast in (a) and (b) represents 
twins in the martensite, while the darkest contrast represents austenite. The bright contrast in (c) 
represents martensite without any twins. (d) Twin width vs. depth, plotted for five individual twins, each 
represented by a separate symbol. The red dotted line represents the global average trend.  
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To quantify the relation between twin width and sample depth, we calculated the approximate 

widths of 5 distinct twins using the BSE images at each polishing step as follows. We took a line profile 

across each twin in each image using ImageJ, plotted the gray values versus distance, and measured the 

full width at half maximum (FWHM) of the peak corresponding to each twin. These values are plotted in 

Figure 7(d), with different symbols for each twin. On average (as noted by the red dashed trendline), the 

twin widths decrease with depth. Although there is some variation in width for individual twins, all twins 

disappear by 5 μm.  

 

3.1.4 Hydrogen-induced twinning: microstructural correlation  
For the same 106-hour charged sample shown in Figure 6(a), Figure 8(a) highlights the martensite 

regions that formed twins: while only martensite regions formed twins (as opposed to austenite), not all 

martensite formed twins. While many of these twins appeared to be located in the midst of a martensite 

region, the fine EBSD scan in Figure 8(b) reveals that, for a partially transformed grain, the twins (red) 

span across the martensite bands (blue) with twin tips located on the martensite-austenite boundaries. 

Thus, for grains fully transformed to martensite, twins will appear to be randomly located within the 

martensite (e.g. the bottom-left grain of Figure 6(b)). To analyze propensity for twinning with respect to 

the extent of martensite transformation in each grain, Figure 8(c) quantifies the relation of twinning to 

the percent martensite transformation in the corresponding grains (excluding the edge grains). Filled red 

circles denote the martensite fraction in the six twinned grains, and red arrows point to the corresponding 

grains at 55 hours of H charging. Twins appear to only form in grains that have experienced greater than 

50% martensite transformation, although there is not an apparent correlation of twinning to the 

martensite fraction at 55 hours of H charging.  
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Figure 8. (a) IQ map of a sample H charged for 106 hours. Martensite that contains twins (“parent 
martensite”) is highlighted in blue, and twins that were identified by EBSD scan are in red (those identified 
within a step size of 0.35 µm). (b) High-resolution EBSD scan of the twinned regions, with martensite in 
blue, twins in red, and austenite in white. (c) Fraction of fcc→hcp transformation plotted for all non-edge 
grains in the 400 µm region shown in (a), based on the EBSD phase maps at 0, 55, and 106 hours shown in 
Figure 2. The 6 twinned grains are represented by red points; these points correspond to ones marked with 
red arrows at 55 hours.  

 

3.2. Discussion 

Figure 9 presents an overview of the observed H-induced transformations in the FeMnCoCr alloy. 

Beginning from the as-homogenized, mostly austenitic state (10(a)), H induces martensite transformation 

(10(b)) preferentially in <111> - <101> oriented grains and at Σ3 boundaries. Further increase in H content 

causes the martensite transformation to progress (10(c)), and H eventually induces {101̅2} type twins 

within the martensite phase (10(d)). We discuss each of these observations in detail below. 

 

3.2.1 Hydrogen-induced martensite transformation 
Increasing H content clearly increases the amount of martensite transformation in this material 

(as shown by Figure 2), which is in line with the observations of H-induced or H-enhanced martensite 
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Figure 9. Schematic overview of the H-induced transformations observed in this work. (a) We begin with 
an austenitic sample, which contains Σ3 boundaries and high-angle GBs. (b) Upon H charging, martensite 
likely nucleates from a  Σ3 boundary. (c) Upon further addition of H, the martensite fraction increases, and 
(d) twins eventually form at austenite-martensite boundaries. 

transformations in stainless steels [119]. The serial sectioning results also indicate that the martensite 

fraction depends strongly on H content (Figure 3), since the martensite fraction decrease with depth, and 

since H charging is known to induce a H gradient in the material, with high H concentrations near the 

surface [120]. We can calculate an approximate critical H concentration for transformation as follows. The 

TDS results (Figure 1(b)) yield a total hydrogen content of 13.26 wt. ppm, which is the mean concentration 

throughout the sample thickness (482 μm). However, the value of interest corresponds to the H 

concentration at 12 μm below the surface (Figure 3(d)). After 106 hours of H-charging time (t), the center 

of the specimen is expected to be free of H, as the effective H penetration depth is calculated to be about 

40 μm (i.e. 𝑥~√𝐷𝑡, where D is taken to be 1 x 10-15 m2s-1
,  a typical value for fcc HEAs [121,122]). Here, we 

consider the hydrogen diffusion process from surface to bulk, where the concentration as a function of 

the distance below the surface (x) is given by:    

 𝑐(𝑥, 𝑡) = 𝑐0 [1 − erf (
𝑥

2√𝐷 ∙ 𝑡
)] (1) 

In Equation (1), H charging time, c0 is H concentration at the surface, and D is the approximate diffusion 

coefficient at room temperature. The mean atomic fraction in the sample cM across the sample thickness 

(i.e. H concentration measured from the TDS method) is given by:  
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 𝑐𝑀 =⁡
∫ 𝑐(𝑥, 𝑡)⁡𝑑𝑥
𝑤

0

𝑤
 (2) 

In Equation (2), we take w to be half the sample thickness, to account for the fact that the sample is being 

H charged from both sides at once. By simplifying the above equation, one can rewrite and calculate for 

the H concentration at surface c0 with the following equation:   

 𝑐0 ⁡=
𝑤 ∙ 𝑐𝑀
4

⁡√
𝜋

𝐷 ∙ 𝑡
 (3) 

From Equation (3), c0 = 36 wt. ppm was obtained. Therefore, from Equation (1), a critical concentration 

of 24 ± 1 wt. ppm was found for H-induced martensite formation. The calculated error arises from slight 

variation in applied current during H charging. 

The correlation between grain orientation and martensite transformation (Figure 4) further 

validates the importance of H content to transformation capability. In a previous work, Li et. al. used H 

permeation tests to study the rate of H diffusion in pure Ni single crystals and determined that H diffusion 

is fastest in grains with a <111> or <101> orientation, with respect to the net diffusion direction in the 

crystal [110]. Thus, considering that H diffuses into our sample from the surface during H charging, the 

<111> and <101> grains would take up H faster than other grains and therefore have the highest H 

content, which results in a relatively larger amount of martensite transformation compared to <100> type 

grains. 

However, these observations regarding H diffusion rate do not explain why some <111> and 

<101> type grains do not experience martensite transformation within 55 hours of H charging, as 

represented by the blue grains/points in Figure 4(a-b). It is worth noting that, even if all of these grains 

have a high enough H content for martensite transformation to occur, it is possible that martensite may 

not nucleate in every grain, simply due to the nature of nucleation statistics. Here, we also consider other 

microstructural effects which could contribute to the suppression of martensite. First, we note in Figure 
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4(c) that, overall, the average grain misorientation for grains within 10 degrees of the <111>-<101> edge 

of the IPF tends to be lower for martensite-forming grains than the other grains. One interpretation of 

this observation could take into account the relationship of misorientation to GND density. Generally, 

higher grain misorientation correlates to a higher GND density [123]; this suggests that the martensite-

forming grains begin with a lower GND defect density than the other grains. Meanwhile, it has been shown 

that H can become trapped at dislocations upon entering the material [7,111]. Thus, one may suppose 

that the higher GND density could provide a distribution of H traps within a grain such that H may be less 

likely to reach a critical value near a preferential martensite nucleation location (e.g. at a grain boundary). 

The second microstructural feature we consider is grain size. For martensite-forming grains, we observe 

that the diameter is on average higher, compared to the diameters of grains that do not form martensite 

(Figure 4(c)). Relatedly, it has been reported for Fe-based alloys that the fcc phase can be stabilized against 

martensite via grain refinement on the order of tens of microns [112,124]. Thus, grains with smaller 

diameters may exhibit a lower propensity for martensite transformation, although the factor of lower 

probability of martensite nucleation sites in small grains may also be taken into account here. Overall, 

while just one of these factors—H diffusion rate, defect density, and grain size—alone may not fully 

explain martensite transformation within a given grain, some combination of these and other 

microstructural factors will most likely affect the progression of martensite transformation. 

We next consider how H may drive the martensite transformation upon entering the material. As 

noted earlier, H has been shown to decrease SFE in stainless steels [76] and FeMnCoCrNi [125]. Thus, 

adding H to the material aids martensite transformation at the stage of nucleation, due to the reduction 

in free energy of hcp embryos (as related to SFE) [126] and the corresponding nucleation of dislocations 

necessary for transformation [125]. Because interstitial H could also contribute to local stress fields 

affecting this transformation, we wish to further consider how interstitial H may relate to transformation 

dislocation motion. The austenite to ε-martensite transformation requires glide of fcc a/6<112̅> type 
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partial dislocations on alternating planes to form the hcp phase [126]. This glide could result from the 

introduction of H [127,128]: our previous calculations revealed that when H segregates to GBs in an fcc 

material, it can produce a stress field sufficient to drive movement of dislocations within the grains [128]. 

Thus, we propose that, by segregating to GBs in the FeMnCoCr material, H similarly induces the shear 

stress and resulting dislocation motion that are necessary for the H-induced martensite transformation. 

The TDS results validate that H indeed segregates to grain boundaries, including high-angle grain 

boundaries as indicated by the first peak in Figure 1(b), and Σ3 boundaries, as indicated by the third peak 

[117,129]. 

Next, we proceed one step further in explaining the tendency of H-induced martensite to border 

Σ3 boundaries (Figure 5). According to the Olson-Cohen model, martensite nucleation occurs by faulting 

from defects such as GBs, where the necessary Shockley partial dislocations are available (often due to 

dislocation interactions at dislocation pile-ups) [115,116,130]. High-angle GBs in particular have been 

confirmed to be preferred nucleation sites under stress by Landau modeling of martensite nucleation 

[131]. Further, boundaries that specifically contain the necessary dislocations within their structure are 

especially probable nucleation sites, such as noncoherent twin boundaries, whose incoherent segments 

contain a/6<112̅> partials [115]. The potential of these nucleation sites have also been confirmed 

experimentally with TEM [132]. Based on the statistical analysis of martensite-austenite boundaries in 

Figure 5, it appears that the martensite preferentially nucleates on the Σ3 boundaries, instead of 

nucleating randomly on various GBs. Several instances of small martensite zones growing from only one 

boundary, such as those shown in Figure 5(b), support the possibility of Σ3 boundaries as nucleation sites. 

However, the Σ3 boundaries in this material, which are annealing twin boundaries, are expected to be 

coherent, similar to the case of high-Mn steels [18]. (These fcc annealing twin boundaries should not be 

confused with the aforementioned hcp twins, which we will discuss in the next section). This gives rise to 

two problems. First, while coherent Σ3 boundaries have been shown to be slightly more favorable for 
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nucleation in a single crystal, other GBs are still more favorable nucleation sites in a polycrystalline sample 

[133], likely due to the lack of intrinsic GB dislocations for Σ3 boundaries [134]. Second, H is expected to 

not segregate to Σ3 boundaries, due to the increase in the solution energy compared to the bulk 

octahedral interstitial sites where H may otherwise reside [113,114]; but, based on the TDS curve 

presented in Figure 1(b), Σ3 boundaries do act as H trap sites. 

Koyama et. al. thoroughly address the second problem in their work on an Fe-18Mn-1.2C TWIP 

steel, whose Σ3 deformation twin boundaries were found to contain H via TDA and SKPFM measurements 

[18,117]. The authors conclude that Σ3 twin boundaries can lose coherency through dislocation-twin 

interactions, such as the following dislocation dissociation mechanism given by Mahajan et. al. [135]: 

 
1

2
[1̅01](111) →

1

6
[1̅14](511̅̅ ̅̅ ̅)||(111) +

1

6
[211̅̅ ̅̅ ̅](1̅11)  (4) 

Equation (4) shows the specific example of a [1̅01]dislocation interacting with a (111) coherent twin. Such 

dislocation-twin interactions result in incoherent steps on the Σ3 boundaries, which could accommodate 

interstitial H [117]. Additionally, as a result of the dissociation, the now-incoherent boundary will contain 

an a/6<112̅> partial dislocation, as shown by the last part of Equation 4. Thus, we reason that H-induced 

dislocation interactions with Σ3 boundaries simultaneously form incoherent regions to which H can 

segregate, and, through this process, the incoherent regions of the Σ3 boundaries become viable 

martensite nucleation sites. Even though there is less H stored at these boundaries compared to high-

angle GBs (suggested by TDS results in Figure 1), these nucleation sites, with Shockley partial dislocations 

readily available, would be statistically more highly probable nucleation sites than random high-angle GBs. 

This would explain why the martensite is observed to prefer Σ3 boundaries over other GBs.  

It remains unclear whether the H first segregates to high-angle grain boundaries, inducing 

dislocation motion that results in dislocation-Σ3 boundary interactions and further H segregation, or 

whether there could be small pre-existing incoherent portions of Σ3 boundaries that accept H interstitials 
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from the beginning. Further investigation is needed to clarify these questions. Either way, our results show 

that H does segregate to Σ3 boundaries in the FeMnCoCr alloy, which seems to correlate to a preference 

for martensite nucleation at these boundaries.  

 

3.2.2 Hydrogen-induced twinning in the martensite phase 
We now  examine the mechanism of twinning within the H-induced martensite. The field of hcp 

twinning mechanisms is rich and highly debated [118,136–140]. Generally, {101̅2}[101̅1̅] twins form by 

a combination of shear (movement of hcp partial dislocations) and atomic shuffling, as shear alone will 

not produce the full crystallographic transformation from the parent structure to the twin [118]. The end 

result for the {101̅2} twins is to reach an 86o rotation about the < 12̅10 > axis with respect to the parent 

material (as illustrated in Figure 6). This is the main identifying factor we employed to verify the twins’ 

character over a range of grains. 

Based on the literature detailing twin formation mechanisms, the relation of stress state to twin 

type can be deduced from the c/a ratio in an hcp material [140]. The c/a ratio for our FeMnCoCr alloy is 

1.6238 [54], and is not expected to significantly change due to H entering the lattice [141]. For this ratio, 

the twinning shear necessary for {101̅2} < 101̅1 > twin formation causes extension along the c direction 

[118,140]. Hence, these twins are referred to as “extension twins.” From a mechanical perspective, these 

extension twins observed after 106 hours of H charging thus form as a result of tension in the hcp phase, 

parallel to the c axis. This tension might arise from two factors: first, the H-induced stress that causes the 

martensite transformation in the first place; and, second, H-induced lattice expansion. The latter has been 

reported to occur in various materials [142–144], including up to 5% expansion in hcp-martensite in 

stainless steels [141]. While the first option is certainly feasible in terms of inducing c-direction tensile 

stresses, the H-induced stress from GB segregation should also be compressive in some grains. However, 

for this c/a ratio, and other hcp materials with c/a greater than 1.5,  contraction along the c-axis would be 
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expected to result in {101̅1} compression twins [118,140]; neither these twins, nor any other common 

hcp twin variants, were found in the material, including the second, pre-strained sample mentioned in the 

Results section.  Thus, it seems unlikely that this form of H-induced stress is the main driving force for the 

twin formation; rather, interstitial H within the lattice would be responsible.  

Our results further support this hypothesis. It is clear from Figure 8(c) that twinning occurs as a 

result of high H content. Even after 55 hours of H charging, some grains fully transformed to martensite, 

indicating that H-induced stresses were already prevalent. However, twinning did not occur in these 

grains: while it was necessary for grains to have a high martensite content (e.g., over 50%) for twinning to 

occur, a high martensite content alone was not sufficient. Instead, twinning only occurred after longer H 

charging times, which produced a high concentration of H on the surface of approximately 36 wt. ppm 

(assuming homogenous distribution within the sample surface). This H content would have produced 

significant lattice expansion near the surface, where twins formed. Additionally, by analyzing an EBSD scan 

of the second, pre-strained sample after letting the H desorb for 3 months at ambient conditions, we 

found that the H-induced twinning is reversible: most of the twins fully disappeared, leaving behind grains 

with the exact crystallographic orientation that they had before H charging. Thus, when the H-induced 

lattice stress was alleviated, the twins reverted in a non-plastic manner, in contrast to the martensite 

itself, which did not revert upon desorption. 

Other effects promoting or limiting twin formation should be noted. Based on the SEM-TDS and 

serial sectioning analysis, twins only formed at a critical H content of 31 ± 1 wt. ppm, i.e., the content 

present within 5 µm of the sample surface. Twins generally nucleated at the surface of the sample and 

decreased in size below the surface. These results indicate that twins were only able to form near the 

maximum H content; however, additional surface effects may have further increased the twinnability near 

the surface. First, in a study of nano-sized single crystals, Gong et. al. found that, in the presence of free 

surfaces, coherency stresses associated with twin formation would be partitioned to the matrix [145]. This 
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observation indicates that the energy barrier for twin formation near surfaces would be lower, compared 

to the bulk. Second, the surface may serve as a source for partial dislocations necessary for nucleation, as 

well as twinning dislocations associated with growth [146]. We confirmed the importance of defect 

density to twin formation with the sample that was pre-strained by 15%: although this sample had a lower 

H content, it had a much higher twin density, by a factor of 50. Thus, the availability of defects is at least 

as important to twinnability as H content. 

To the best of our knowledge of the literature, this is the first conclusive observation of H-induced 

twinning in martensite. Previously, H-induced twinning has been observed in fcc single crystals  [147,148], 

ferritic stainless steels [71,149–151] and austenitic equiatomic FeMnCoCr [46]. H has also been shown to 

enhance deformation twinning in stainless steels due to the decrease in SFE [152], and one instance of H-

enhanced deformation twinning in α’-martensite was reported in a high-strength bearing steel [153]. 

Thus, there is a precedent for H-induced or -enhanced twinning in stainless steels and related alloys. 

Meanwhile, this instance of H-induced twinning in ε-martensite is unique, and deserves further study due 

to the potential for increased ductility in the otherwise relatively brittle phase. 

 

3.2.3 Summary 
To summarize this chapter, we have now observed a variety of H interactions with microstructure 

and metastability in this FeMnCoCr alloy. Upon introduction of H into the material, with no externally 

applied load, the H can induce both martensite transformation and twinning within the martensite, each 

with complex dependence on H content and microstructure. We would next like to explore how such H-

induced transformations may broadly benefit alloys within the FeMnCoCr system. To begin to connect 

this study to other compositions, we propose to systematically search for H effects on austenite stability 

and embrittlement over a range of compositions and microstructures. To do so, we could consider a 

classical HT characterization study, as discussed in section 1.4. However, even simple data (e.g. checking 
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for indentation-induced cracking) may not be straightforward to compare: due to the combination of 

metastability, H-induced transformations, transformation dependence on H concentration, and H 

concentration dependence on microstructure, on top of the compositional complexity, a large amount of 

data analysis would likely be required in order to draw strong conclusions. Thus, we seek to adjust the 

classical HT approach by adding an additional step in which we use CALPHAD software to select just a few 

compositions that will allow us to systematically examine H effects with respect to austenite stability. We 

perform the first iteration of this study and present the results in the next chapter. 

 

4. High-throughput screening of FeMnCoCr alloys 

4.1. Results 

We used three criteria for selecting the Fe88-x-yMn12CoxCry alloys for this study. First, we required 

that a single fcc phase exist at high temperature, as predicted by equilibrium phase diagrams produced in 

Thermo-Calc, to enable some fraction of retained austenite upon quenching. We observed that this single 

fcc phase was always present for the alloys of interest, with Co and Cr contents varying between 5 and 15 

at%, and that the fcc phase was predicted to be thermally stabilized at lower temperatures by Mn and Cr, 

but destabilized by Co. Second, we chose alloys with low free energy of γ-austenite to ε-martensite 

transformation, ∆𝐺𝛾→𝜀, to enable the TRIP effect [154]; here, Co and Mn were both observed to increase 

∆𝐺𝛾→𝜀 (they stabilized the fcc phase), while Cr decreased it (stabilized the ε phase). Thus, the Co and Cr 

content could be balanced to choose ∆𝐺𝛾→𝜀~0. Finally, we adjusted Cr and Co contents to vary the 

martensite start temperatures, to further vary starting microstructures. The selected compositions and 

corresponding parameters are displayed in Table 1. After casting and heat treatment, the compositions 

were measured by EDS, as presented in Table 2. Some error in Co and Fe contents measured by EDS is 

expected due to overlapping energy signatures. 
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Fe Mn Co Cr ∆𝑮𝜸→𝜺 α’ Ms ε Ms 

Alloy 1 72 12 10 6 ~⁡0 174oC 9oC 

Alloy 2 61 12 14 13 ~⁡0 168oC 7oC 

Alloy 3 70 12 5 13 <⁡0 113oC 113oC 

Table 1. Target compositions for the three selected Fe88-x-yMn12CoxCry alloys in at%, and the corresponding 
phase transformation energy and martensite temperatures, as predicted by Thermo-Calc.  

 
 

Fe Mn Co Cr 

Alloy 1 70.0 ± 1.7 11.5 ± 0.3 11.9 ± 0.4 6.6 ± 0.2 

Alloy 2 59.5 ± 1.5 11.9 ± 0.3 14.7 ± 0.5 13.9 ± 0.4 

Alloy 3 67.5 ± 1.7 11.8 ± 0.3 6.7 ± 0.3 14.0 ± 0.4 

Table 2. Compositions of homogenized alloys measured by EDS in at%. 

 

Samples from these alloys were subjected to three recrystallization treatments at 900oC, for 5, 

15, and 30 minutes (referred to as treatment A, B, and C, respectively). After heat treatment and sample 

preparation, the microstructures of each of the 9 material states (3 compositions x 3 heat treatments) 

were imaged with BSE in the SEM. Phase fractions were quantified by XRD. These results are summarized 

below in Figure 10. All microstructures contained a measurable fraction of α’ and ε-martensite, while only 

alloys 2 and 3 exhibited retained γ-austenite. A fine EBSD scan verified that no interlath austenite was 

detectable in alloy 1 at this time, although further investigation is needed to certify this. 
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Figure 10. Array of microstructures produced by varying composition and recrystallization treatment 
durations. Phase fractions for each alloy and recrystallization time are summarized in bar graphs on the 
right. 

 

The hardness of each sample was measured by Vickers micro-indentation testing after polishing; 

the average hardness from each set of 5 indents is plotted against α’ martensite phase fraction in Figure 

11. As a general trend, hardness increased with α’ martensite fraction, but trends for individual alloys 

varied.  



37 
 

 

Figure 11. Average hardness measured by Vickers micro-indentation for the 9 material states, in the 
absence of hydrogen. Error bars indicate standard deviation of the 5 hardness measurements for each 
sample. 

 

Four samples with varying compositions and fractions of retained austenite were selected for H 

charging and further analysis: 2A, 2C, 3A, and 3C. Each of these samples was indented before H charging, 

immediately after 24 hours of H charging at 2.5 mA/cm2, and again after samples were left to outgas at 

ambient conditions for 24 hours. The average hardness at each of these times (0, 24, and 48 hours, 

respectively) is summarized in Figure 12. Generally, introducing H increased the hardness of each sample, 

then the hardness decreased to an intermediate value after 24 hours of outgassing, at which point some 

H would likely have remained in the samples due to the slow H diffusion rate in the fcc phase [155]. It is 

observed that sample 2A experienced the smallest change in hardness overall. 
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Figure 12. Average hardness measured by Vickers micro-indentation for select samples before H charging 
(t=0 hours), immediately after 24 hours of H charging at 2.5 mA/cm2 (t=24 hours), and after outgassing at 
ambient conditions for 24 further hours (t=48 hours). Error bars represent the standard deviation for each 
set of measurements. 

 

After each set of indentations, samples were examined with the SEM to determine whether 

deformation occurred by slip (as determined by the presence of slip steps) and/or mechanically induced 

α'-martensite transformation, and whether cracking occurred from the indentation. A few instances of α' 

transformation were verified with EBSD to ensure accurate identification. The indentation response 

results are summarized in Table 3 below, where “Y” and “N” indicate a positive and negative identification 

of each feature, respectively. All samples exhibited slip and α' transformation prior to the addition of H 

(“pre-H”) and did not crack initially. These responses varied after introduction of H (“post-H”) and after 

outgassing for 24 hours (“post-outgassing”). For the post-H indentation, indents were performed within 

15 minutes of removing the sample from the H charging setup, to minimize H desorption before indenting. 
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Pre-H Indentation Post-H Indentation Post-Outgassing Indentation 

Sample Slip? α' transf? Cracking? Slip? α' transf? Cracking? Slip? α' transf? Cracking? 

2A Y Y N Y Y N Y Y N 

2C Y Y N Y Y Y Y Y N 

3A Y Y N Y N Y Y N Y 

3C Y Y N Y N Y Y N N 

Table 3. Indentation response of select alloys before H charging, post H charging, and post outgassing. 
Slip, α' transformation, and cracking were identified with SEM (both SE and BSE imaging) in each instance. 
“Y” indicates positive identification of these features, and “N,” negative.  

 

4.2. Discussion 

Upon selecting compositions for this study, our goal was to produce alloys with varying 

microstructure and specifically γ-austenite thermal stability. The SEM images and phase fractions 

displayed in Figure 10 suggest that we were successful on this front. For alloy 1, it appears that the 

austenite was not stable enough to be retained upon quenching, at least for this set of heat treatments; 

this observation is supported by the thermodynamic data, as alloy 1 exhibited both the highest α’ Ms 

temperature and lowest Cr content—thus the γ phase was expected to be the least stable. This 

composition provides an edge case for future studies, where varying Co and Cr content between this alloy 

and the others could produce interesting microstructures besides those presented here. Alloy 2, in 

contrast, displayed a more stable γ phase. Accordingly, alloy 2 has a higher Cr content and lower predicted 

α’ Ms temperature than alloy 1. This trend continues for alloy 3, which achieved the highest γ fraction after 

the 5-minute recrystallization treatment. For alloys 2 and 3, γ fraction could be altered with 

recrystallization time, and, generally, the γ and α’ phase tended to substitute for each other. The relevance 

of this trade-off for alloy 1, as well as the dependence of ε fraction on the heat treatment parameters, 

remain open questions that require further investigation.  
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To examine the relationship between γ stability, introduction of H, and martensite 

transformation, we next focus on the contrast in indentation response between samples 2A and 3A. Both 

of these samples exhibited martensite transformation before H charging. Examples of mechanically-

induced α’ martensite transformation features are displayed in Figure 13(a), where the sharp relief of 

these features is recognizable with SE imaging. After H charging, the indentation response of sample 2A 

did not noticeably change: the material still exhibited  α’ transformation and did not crack. Furthermore, 

upon H charging, sample 2A exhibited the smallest change in hardness compared to all samples, as shown 

in Figure 12, indicating that H had the weakest effect on this sample. However, in the presence of H, 

sample 3A no longer exhibited α’ transformation, and cracks formed after indentation (see Figure 13(b)). 

These results may be justified as follows. In a related work [156], H has been shown to increase the 

thermodynamic stability of the γ phase, separately from (and simultaneously to) inducing the 

transformations described in Chapter 3. It appears that the γ phase in sample 2A exhibits a sufficiently 

low stability such that the addition of H does not inhibit mechanically induced α’ transformation. 

Meanwhile, for sample 3A, the γ stability is higher, to the point that the introduction of H appears to 

further stabilize the γ phase enough to inhibit α’ transformation upon indentation. While the differing 

microstructures of 2A and 3A will affect the total H content, 2A is expected to have a higher H 

concentration after charging, due to the larger fraction of α’; thus, this difference further supports the 

observed variation in γ stability in each sample. 

Meanwhile, these preliminary results suggest that the unstable γ phase present in 2A correlates 

to a tougher, more HE-resistant alloy. While samples 2A and 3A were subjected to the same H charging 

conditions, and 2A is even expected to contain more H after charging, sample 3A exhibited cracking, while 

2A did not. Meanwhile, sample 3A exhibited a more stable  γ phase that did not undergo α’ transformation 

after indenting, in contrast to 2A. Thus, we discover an extreme difference in mechanical response 
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between these two alloys, which alludes to increased toughness correlating to the metastable γ to α’ 

transformation.  

 
Figure 13. a. SEM SE image of indentation response for sample 2A, before H charging. The inset enlarges 
an example of indentation induced α’-martensite transformation. b. SEM BSE image of an indent in sample 
3A after H charging that exhibits cracking, as indicated with the red arrows. 

Although these are only initial results from the first iteration of our screening approach, this 

iteration has revealed an interesting set of compositions where we find differences in both γ stability and 

mechanical response. The next step in this high-throughput screening would be to produce other alloys 

systematically about the compositions of alloys 2 and 3 to discover further trends. Furthermore, the 

results in Figure 10 show that thermo-mechanical treatments have a strong effect on microstructure and 

phase constitution, which supplies another interesting degree of freedom for iteration. Thus, these alloys 

may serve as an interesting starting point to continue exploring this question of metastability-induced 

toughening, whereby we may further investigate martensite transformations and HE effects in the 

FeMnCoCrH system. 
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5. Conclusion 

In this work, we first investigated the H-induced microstructural transformations in a metastable 

Fe45Mn35Co10Cr10 HEA. After introducing H via electrochemical charging, we examined the nature of the 

transformations at the surface of the samples using EBSD, and combined TDS and SEM analyses to 

quantify the extent of these transformations below the surface. We further quantified the relationship of 

the transformations to microstructure, including grain orientation and grain boundary type. The main 

conclusions from this study are listed as follows: 

• Upon introduction of H into the Fe45Mn35Co10Cr10 specimens, we found that a γ-austenite to ε-

martensite transformation took place at the surface of the sample, as shown by EBSD phase 

mapping. For a sample H charged at 4 mA/cm2, the martensite extended into the bulk of the 

sample by about 12 µm from the surface. Based on combined TDS and serial sectioning, this depth 

corresponded to a critical H concentration of 24 wt. ppm. 

• Martensite formed first in grains with faster diffusion rates, as shown by phase and orientation 

information in the EBSD scans. This observation serves as an additional indication that martensite 

formation depends strongly on local H content. 

• TDS analysis showed that fcc Σ3 annealing twin boundaries served as H traps, and these 

boundaries were important to martensite formation, as quantified with the EBSD scans. Overall, 

martensite preferred these boundaries over high-angle grain boundaries, and there were several 

instances of small martensite grains adjacent to only one Σ3 boundary; this indicates that 

martensite likely nucleates at Σ3 boundaries. Based on literature, we deduced that this 

phenomenon probably results from some combination of H trapping at Σ3 boundaries and 

increased likelihood of partial dislocation emission at these boundaries. 
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• At longer H charging times,⁡{101̅2} extension twinning occurred near the surface of the ε-

martensite at an approximate critical concentration of 31 wt. ppm. These twins form as a result 

of tension in the hcp lattice, which would be caused by H-induced lattice expansion. To the best 

of our knowledge, H-induced extension twinning in martensite has not been published elsewhere; 

further work is required to understand the exact formation mechanisms and possible mechanical 

benefits of this twinning. 

Due to the complexity of these H effects on metastability, in addition to the compositional complexity of 

the FeMnCoCr system of interest, we next developed a high-throughput method to screen for 

metastability and H effects in FeMnCoCr alloys. We began by using Thermo-Calc to select three alloys that 

were expected to yield varying phase constitutions and stabilities due to varying predicted Ms 

temperatures and energies of ε-martensite transformation. After production and processing of these 

alloys, we scanned them for hardness, metastable phase transformations, and indentation-induced 

cracking. Our analysis yielded the following conclusions: 

• As a proof-of-principal, we successfully obtained a range of austenite stability and microstructures 

by a combination of Thermo-Calc predictions and varying thermal treatments. We produced 9 

samples (3 compositions x 3 heat treatments) with varying relative amounts of γ, ε, and α’ phases, 

as verified with XRD scans. 

• H had varying effects on these alloys, which can be correlated to differing austenite stability and 

resulting mechanical response, as measured by indentation followed by SEM imaging.  

• By focusing on two samples, we found indications that a metastable γ phase is more resistant to 

HE than a more stable γ phase, which also correlated to the propensity for indentation-induced γ 

to α’ transformation.  
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• We proposed that these alloys serve as starting compositions about which further iterations of 

this screening approach may be performed, in order to continue exploring HE and metastability 

relationships. 

 

6. Outlook 

This work leaves us with many opportunities for further research regarding H effects in metastable 

FeMnCoCr alloys and beyond. Not only do we better understand the many complex interactions H can 

have with microstructure and transformations in FeMnCoCr, but the high-throughput screening method 

offers a way to efficiently relate these effects to mechanical properties while also exploring new 

compositions. Suggestions for further work in these areas are presented below, beginning with the most 

specific aspects, and ending broadly. 

Regarding the H-induced transformations in Fe45Mn35Co10Cr10, two directions for improved 

understanding of the evolution of H and its relation to transformation are as follows. First, while we 

analyzed microstructure evolution with H charging time (and H content), this work would benefit from a 

study of the evolution of H within the material with respect to time/content. Specifically, a series of TDS 

measurements after varying H charging times could reveal which H traps become populated with time, 

and how the H concentrations at these traps changes. After correlating to martensite content, such 

measurements could also illuminate the most likely martensite nucleation mechanisms, e.g., whether 

martensite first nucleates at surfaces, high angle grain boundaries, or Σ3 boundaries. Second, regarding 

twinning at higher H contents, there are several factors to explore in relating H contributions to twinning. 

While we surmised that twinning occurred as a result of H-induced lattice expansion, further confirmation 

could be obtained by measuring the lattice parameter with XRD after H charging. This measurement could 

be compared to known twinning mechanisms to better understand how this lattice expansion relates to 
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twin formation, and whether there are any other factors at play. Furthermore, a similar microstructural 

correlation can be carried out for twinning as was done for the H-induced martensite, upon producing a 

series of samples with higher twin density by increasing the H charging current density. Thus, we could 

explore in greater depth this unique phenomenon of H-induced hcp twinning.  

More generally, these mechanistic H-induced transformation findings could next be connected to 

mechanical testing of the material (with and without H) to understand the benefits or detriments of these 

transformations. Often, tensile tests are used to examine the reduction in ductility upon H charging, and 

these could be applied to this problem. It would be especially interesting to relate cracking behavior to 

microstructure, which could be done by analysis of surface cracking (for example, Ref. [117]). In particular, 

preliminary analysis showed that the H-induced martensite in our study was not the main cause of 

cracking, which is promising for HE resistance. (Similar conclusions were drawn for 304L stainless steel, 

where atomic H was the cause of cracking [17].) First, we found that a higher relative percent of Σ3 

boundaries bordered martensite compared to grain boundaries. In a separate experiment, where a 

sample was charged for 106 hours with a harsher current density, then allowed to degas for 3 days before 

taking images with the SEM, we found that cracking was more common on grain boundaries than Σ3 

boundaries, despite their correlation to martensite. Although this could be a result of the higher cohesive 

energy of Σ3 boundaries, this seems unlikely, as H at the boundaries would reduce cohesion. Additionally, 

in their experiments involving tensile tests of Fe-Mn-C, Koyama et. al. found that Σ3 boundaries in the 

presence of H were highly probable crack propagation sites [117]. Thus, the apparent lack of cracking 

along Σ3 boundaries in Fe45Mn35Co10Cr10 suggests that the martensite at these boundaries either did not 

contribute to cracking or possibly inhibited cracking; these observations require further investigation to 

draw stronger conclusions. 

The contributions of martensite transformation to toughening in H environments can also be 

analyzed with the high-throughput screening methods. In particular, we can investigate (1) the 
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composition/γ metastability dependence of the presence of ε and α’ martensites, as well as their 

associated mechanical transformations, and (2) their relation to HE. The motivation for the case study on 

Fe45Mn35Co10Cr10 included the notion that α’ martensite is always detrimental for HE, but the results from 

our first screening indicate that we should ask ourselves whether this is also true in FeMnCoCr HEAs. A 

first test could be simply to check for delayed cracking in α’ martensite samples compared to others, but 

mechanical behavior can also be further investigated on a small scale with indentation or a larger scale 

with tensile testing. Furthermore, it remains unclear exactly when ε martensite may provide toughening 

(even if this is a rare or common event), with respect to composition and microstructure. Information in 

these directions could be crucial for designing metastable HE resistant alloys.  

Finally, as mentioned at the end of Chapter 4, the alloys explored here could be used as starting 

compositions for further screening of metastability and HE effects. While we found that Thermo-Calc was 

a useful tool in producing a range of microstructures and austenite stability, the predictions were limited 

to relative properties; for example, it remains undetermined what exact compositions will or will not 

retain austenite, and what factors affect ε martensite fraction. Thus, further iterations about these initial 

compositions could reveal much more regarding thermo-mechanical treatment response and phase 

constitution-composition dependence, in addition to mechanical response in H environments. This is an 

exciting opportunity to investigate H and metastability relationships systematically, which could lead to 

the design of new HE-resistant alloys.  
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