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ABSTRACT

The interaction of deformation-induced manensitic transformation of
dispersed austenite with fracture-controlling processes, such as microvoid-
induced shear localization, results in a toughening mechanism termed
dispersed-phase transtormation toughening. The transformation behavior and
the toughening effects are controlled by the stability of the austenitic dispersion,
the most important microstructural parameters being the size and chemical
composition of the austenite particles. The size affects the probability of finding
a nucleation site in the particle, while the composition determines the chemical
driving force for the martensitic transformation. The stability depends also on the
stress state through interaction of the transformational volume change with
stress triaxiality. For transformation toughening, the required stability of the
austenitic dispersion is quite high, and can be achieved only by size refinement
and compositional enrichment of the austenite particles.

The dispersed austenite can be in the form of either retained austenite or
precipitated austenite . Retained austenite is that which conventionally ramains
untransformed after the steel is quenched from the austenitizing temperature.
On the other hand, the precipitated austenite forms on high-temperature
tempering or intercritical annealing. Transformation plasticity effects associated
with retained austenite were studied in VAR 4340 steel, while precipitated
austenite was examined in high Ni-Co secondary-hardening martensitic steels
and in particular AF1410 steel.

The MgC temperature provides a single-parameter characterization for

the stability of dispersed austenite. It is the temperature at which the
transformation occurs at the yield stress of the parent phase, and was measured
as a function of stress state for retained austenite in 4340 steel. The results
indicate that while the retained austenite is relatively stable for the pure-shear
stress state, it is guite unstable for the crack-tip stress state and, therefore,
retained austenite has little effect on toughness. Controlled experiments,
designed to isolate the role of retained austenite in 4340 steel, using high-
magnetic-field cryogenic treatments, demonstrate a flow-stabilizing effect in
pure shear deformation. The delay in shear instability is attributed to the strain-
induced transformation of retained austenite.

While the 0.2% macroscopic flow stress in 4340 steel is not found to be
controlled by the transformation in the stress-assisted regime, as in the
metastable fully-austenitic steels, microyielding experiments show that the



elastic limit 1s completely transformation-controlled tor T<Mg® and slip-

controlled for T>Mg®. The constitutive behavior in the stress-assisted

microyielding regime has been modelled by considering the eftect ot stress on
the autocatalytic nucleation -site potency distribution. For retained austenite, the
distribution is truncated due to the activation of sites during quenching. The
procedure allows estimation of the carbon stabilization of the retained austenite
dunng tempering. Such carbon enrichment decreases the chemical driving
force and increases the frictional work of interfacial motion. Theretore, for
transformation to continue, the above effects have to be compensated by
supplying a mechanical driving force, which then determines the elastic limit
(transformation stress) of the steel.

A functional form relating the MgC temperature with the chemical

composition and size of the austenite particles, the stress state, and the yield
strength, has been developed using the dislocation-dissociation mechanism of
martensitic nucleation. The microstructural requirements for dispersed-phase
transformation toughening are then derived in terms of the austenite particle
size and chemical enrichment in stabilizing solutes for a given strength and
stress state. To achieve these microstructural requirements, three heat
treatment methodologies have been studied in AF1410 steel, aiming at
appropriate austenite stabilization : the standard single-tempering treatment, a
two-step treatment for austenite nucleation at alloy-enriched cementite, and a
two-step treatment for direct austenite nucleation during the short-time high-
temperature first step of the treatment. The latter direct-nucleation treatment
results in the formation of equilibrium austenite in an ultrafine (200A) and Ni-
enriched {30wt%) dispersion with high stability for crack-tip interactions. Both
the Charpy (blunt notch) impact energy and the J,c (sharp crack) fracture
toughness are improved by 25% relative to the standard single treatments, with
no loss of strength. This represents a significant advance in strength/toughness
combinations, emphasizing the importance of dispersed-phase transformation
toughening.

For transformation toughening to operate at ultrahigh-strengths (2000-
2400 MPa), alloy design should be aimed both at enhanced austenite
stabilization to compensate for the increased mechanical driving forces, and
also at large transformation dilatation for maximum interaction with crack-tip
triaxiality to enhance the fracture toughness. Computer-aided thermodynamic
calculations of austenite stability combined with a formulation of the
composition dependence of the lattice parameters provides a basis for the
design of alioy matrix compositions for enhanced transformation toughening at
extremely high strength levels.
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1. INTRODUCTION

A multi-institutional university-government-industry interdisciplinary
research program was initiated at MIT in 1985 aiming at the advance and
application of basic principles in physical metallurgy and related disciplines as
a foundation for novel concepts in alloy design.

The long-term property objectives which serve as the "technological pull”
or "driving force" for the research program are summatrized in Fig.1.1. The figure
shows data depicting the current achievable levels of K¢ fracture toughness for
ultrahigh-strength martensitic steels as a function of hardness and tensile
strength. Included are data bands for 9Ni-4Co steels, maraging steels, 4340
steel and its modifications ( 300M, Republic HP310 ), and M2 and M50 bearing
steels. These toughness levels currently limit the usable hardness/strength
properties of steels for structural applications (involving significant tensile
loading) to Rc 50-55, or an ultimate tensile strength (UTS) range of 250-300 Ksi
(1700-2100 MPa); the exact level depends on the required degree of reliability.
The toughness ranges of premium steels at the Rc 50 and 55 hardness levels
are indicated by the vertical bars in Fig.1.1. Toughness levels corresponding to
a constant critical flaw size, ac, at a design stress proportional to hardness are
designated by the dashed lines passing through the centers of the vertical bars.
These then identify the toughness improvements required for an increase in
hardness at a constant criticai flaw size. Steel users will acknowledge that an
increase of 5 Rc points in usable hardness of these steels would represent a

major advance in steel technology.
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The toughness required for steels of Rc 55-60 hardness to replace steels
currently of Rc 50-55 hardness is indicated by the vertical bars and dashed
band shown further to the right in Fig.1.1. Meeting such strength - toughness
objectives would not only expand the usefui range of structural steels but would
also overlap the required hardness levels (~Rc 60) of steels for advanced gears
and bearings, and with a substantial toughness advantage over the M2 and
M50-type steels of current importance. One can thus anticipate a wide range of
engineering applications for the class of steels being considered here.

To avoid brittle fracture modes, the prior austenitic grain size should be
kept to a minimum. This can be accomplished by an austenitic grain-refining
dispersion for grain-boundary pinning. This dispersion must be sufficiently
stable not only to remain out of solution during the austenitizing treatment but
also to resist coarsening sufficiently so that a fine austenitic grain size can be
maintained with a minimum volume fraction of the boundary-pinning phase.

An important consideration underlying the design of the grain-refining
dispersion is that it should provide resistance to microveid nucleation. The
fracture toughness of high-cleanliness martensitic steels is typically limited by
plastic shear instability which leads to a characteristic "zig-zag" pattern of crack
propagation at a mode | crack tip. Microvoid nucleation is a very significant
strain-softening influence contributing to shear instability.

In addition to reducing any softening influence during plastic
deformation, another approach to controlled flow stability is the superposition of
a strain hardening contribution. A promising way to alter the constitutive
behavior of the matrix is through transformation plasticity associated with
dispersed austenite. Fig.1.2 depicts the definition of Dispersed-Phase
Transformation Toughening which is the toughening mechanism that is

investigated in this work. The interaction of deformation-induced transformation
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of dispersed austenite with fracture-controlling processes, such as microvoid-
induced shear iocalization, can lead to substantial improvements in fracture
toughness. Transformation toughening is attributed partly to a modification of
the stress-strain curve shape, and partly to a modification of the stress state
because of the transformation volume change. In designing an austenitic
dispersion for dispersed-phase transformation toughening, two important
factors must be taken into consideration: the stability and the amount of
austenite. The stability is controlled by the size and the chemical composition of
the austenite particles. The size influences the probability of finding a
nucleation site in the particle, and the composition influences the chemical
driving force for the martensitic transformation.

The transformation toughening considered here should be differentiated
from the transformation toughening found in TRIP steels where the transforming
phasas is fully austenitic. In the ultrahigh-strength steels under consideration in
this work, the transforming phase is dispersed metastable austenite either in the
form of retained austenite or precipitated austenite. The conventional retained
austenite is the austenite that remains untransformed after quenching from the
solution temperature. On the other hand, the precipitated austenite forms upon
high-temperature tempering or intercritical annealing. An important difference
between these two forms of dispersed austenite is the stability against
martensitic transformation. Substantial transformation toughening can be
achieved only if the austenite has an optimum stability which is quite high. This
condition can be achieved by size refinement and by compositional enrichment
of the precipitated austenite, parameters which can be controlled with heat
treatment. This controlied metastability is not feasible with retained austenite.
However, study of the transformation plasticity associated with retained

austenite provides insight into its effects on mechanical behavior and helps
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clarify the still controversial role of retained austenite on fracture toughness. For
this reason, a VAR 4340 steel was chosen to study the effects of retained
austenite, while precipitated austenite was examined in high Ni-Co secondary
hardening steels.

The outline of this thesis is as follows. A background discussion is
presented in Chapter 2 dealing with transformation plasticity, transtormation
toughening, and austenite precipitation. In Chapter 3 the experimental
procedures used throughout this work are presented. Chapter 4 focusses on the
transformation plasticity of retained austenite. The stability of retained austenite
is characterized quantitatively as a function of stress state. Plastic-flow
stabilization effects in pure shear are correlated with austenite stability. Finally
in Chapter 4, a discussion of the microyielding transformation behavior of
retained austenite is presented. Chapter 5 deals with precipitated austenite with
emphasis on austenite stabilization. Multistep heat treatments for austenite
stabilization are discussed, and experimental results arising from transformation
toughening effects are presented. Chapter 6 presents a discussion on alloy
design for enhanced transformation toughening at high-strength levels
including control of transformation volume change through compositional
modifications. Finally Chapter 7 summarizes the major conclusions of this

thesis.
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Fig.1.2 Definition of Dispersed-Phase Transformation Toughening as an
interaction between transformation plasticity of dispersed austenite
with fracture-controlling processes, in the context of structure /
property relationships in materials science and engineering.
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2. BACKGROUND

2.1 Dispersed-Phase Transformation Piasticity

Deformation can stimuiate the kinetics of solid-state phase transformations
through both the thermodynamic effect of the applied stress and the production of new
catalyzing defects by plastic strain. For the case of martensitic transformations, these
interactions are depicted in Fig.2.1 [1]. Spontaneous transformation triggered by pre-
existing nucleation sites occurs on cooling to the Mg temperature (Point A). Stress-
assisted nucleation on the same sites will occur at the stress denoted by the sclid line
indicated. At a temperature designated Mg, this stress reaches the yield stress oy for
slip in the parent phase (Point C). Above Ms® new potent nucleation sites, introduced
by the plastic strain, trigger strain-induced nucleation (Line CE). The temperature Ms®
thus defines an approximate boundary between the temperature regimes where
separate modes of the transformation dominate; near the Ms® temperature both
modes will operate. Due to transformation plasticity, the observed yield stress follows
the stress for stress-assisted transformation below the Ms® (Line CA for athermal and
line CA' for isothermal martensitic transformation). A reversal in the temperature
dependence of the flow stress thus provides a convenient determination of the Ms®
temperature.The Ms® temperature is then a quantitative characterization of the stability
against stress-assisted transformation. Md is the maximum temperature above which
martensitic transformation cannot be induced by deformation. Due to the interaction
between stress triaxiality and transformation volume change, the Ms® and Md

temperatures are stress-state dependent.
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regimes for mechanically-induced transformation. Below Mg©, initial

yielding is controlied by transformation plasticity, and above Mg® by
slip in the parent phase (from reference 1).
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2.1.1 Siress-Assisted Transformation

For the case of stress-assisted nucleation, the applied elastic stress assists the
transformation kinetics by modifying the affective potency distribution of the pre-
existing nucleation sites. Based on a dislocation dissociation model of classical
heterogeneous martensitic nucleation via elastic interactions with internal stress
concentrations[2], the potency of a nucleation site can be expressed in terms of the
thickness n (in numbers of crystal planes) of the nucleus that can be derived from the
defect by barrierless dissociation. The critical n for nucleation at a given

thermodynamic driving force per unit volume AGCh s :
2y/d

n=-
AG‘:h +EY 4 W,
(2.1)
where vyg is the nucleus specific interfacial energy, d is the crystal interplanar
spacing, EStF is the elastic strain energy per unit volume asscciated with distortions in

the nucleus interface plane, and Wi is the frictional work of interfacial motion. Based

on this model, Cohen and Olson[3] derived the cumulative structural defect-potency

distribution Ny(n), from the Cech and Turnbull small-particle experiments in Fe-30Ni

[4].

0
N,, = N,, exp(-an
v =Ny exp(-an) 2.2)

where Ns is the total number of nucleation sites of all potencies and a is a constant.

The effect of the applied stress on the potency distribution can be found by

adding a mechanical driving force term AGO to the chemical driving-force term AGCh of

eq(2.1), to obtain the total driving force:

AG = AG +AG (2.3)
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At a given stress level, the value of AGC changes with the orientation of the
nucleus relative to the stress axis. The mechanical driving force due to a uniaxiai

elastic stress ¢ is then expressed as :

AG° = g{yosin(%) cosa + eo(l+cos(29))> (2.4)

where yg and gq are the transformation shear and normal strains, 6 is the angle
between the applied stress axis and the normal to the habit plane, and « is the angle
between the shear direction of the transformation and the maximum shear direction of
the applied stress resolved on the habit plane.

In considering stress effects on the potency distribution, two limiting cases
should be considered. A fully-biased distribution which is based on the assumption by
Patel and Cohen(5] that the operative nucleation sites are of the optimum orientation
for maximum interaction with the applied stress, such that AGS=AGSmay for all sites.
An opposite extreme is to consider a fully-random distribution, based on the
assumption made by Olson, Tsuzaki, and Cohen[6] that the nucleation sites are
randomly oriented. The actual behavior should be bounded between these two
extremes. Olson, Tsuzaki, and Cohen found that in the stress-assisted regime the
effect of the applied stress is approximately one third (1/3) of that predicted by the fully-

biased distribution model. Therefore, the potency distribution of nucleation sites
Ny(o), under an applied elastic stress g, is given by the following expression :
2av,/d

0

N {(o)=N_exp

Y Y AG™ + AGT  +W, + Y
(2.5)

where for the fully-random distribution of nucleation sites, the term AGCy,5x should be

replaced by AGOpgx/3.
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The mechanical driving force is related to the applied stress through the

expression:

AG° = o (—
ol 0o )

The stress-assisted transformation of a well-spaced dispersion of metastable
particles in a stable matrix is controlled by the pre-existing nucleation sites for which
the potency distribution under an applied elastic stress ¢ is given by eq(2.5). For an
average particle volume Vp, the fraction of particles to transform via sites of a potency
with a cumulative number density Ny, is equal to the probability of finding at least one
nucleation site in the particle, assuming that a single nucleation event transforms the
particle to martensite. This probability is:

f= 1-exp(-Nv.Vp) (2.6)

From eq(2.1), the stress ¢ required to operate a nucleation site of a potency ng is

linearly related to a parameter @ of the form:

@ = | 6(-9AG/30) < AGT+EY+W) | (dr2y) =n]
? ¥ =No

(2.7)
For the potency distribution of eq(2.5), f and ® are related by:
o= =
0
In[-Nv.Vp/In(1-f)]
(2.8)

Taking the plastic strain € to be proportional to f, (f=e/e,), with complete transformation
giving a strain &, the form of the ®-f (5—¢) curves predicted for various values of Vi,

normalized to (N\(,))'1 are shown in Fig.2.2. For small particles, a high strain-hardening

rate arises from early exhaustion of the most potent sites, and further strain requires

operation of less potent sites at higher stresses. The sigmoidal shape of the o—¢ curves
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for stress-assisted transformation has been also observed for transformation plasticity

in certain ceramic systems. Recent experiments by Chen and Reyes[7] have

demonstrated sigmoidal 6—¢ curves under combined pressure and uniaxial stress in

MgO - partially stabilized zirconia ceramics.

Fig.2.2  Stress-strain curves for stress-assisted transformation of a well-
spaced dispersion of metastable particles in a stable matrix where
the transformation is controlied by the pre-existing nucleation sites.
Cuives for various average particle sizes are shown.

(from reference 6).
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2.1.2. Strain-induced Transtormation

It was mentioned earlier that during strain-induced transformation new
nucleation sites are created by plastic strain. The potency distribution of these sites
can be found by making the assumption that.thesc sites have an optimum orientation
for maximum interaction with the applied stress (i.e. these sites are more potent than
the pre-existing sites). In this case the mechanical driving force is AGG=AG%max and

therefore the potency distribution becomes:
' 2 ay,/d

0
N, (e)=N, () exp
' ' AG™ +AGS _ +W, + E¥

(2.9)

. . 0.
where all parameters have been defined earlier. However, note that N,, is now a

function of plastic strain.

Recently, Kuroda[8] treated the strain-induced transformation of dispersed
particles. He assumed that during strain-induced transformation, nucleation sites will
be activated by the applied stress and created by the plastic strain, simultaneously.
Taking these effects to be additive, the potency distribution of nucleation sites can be
expressed as:

00 0
N,=N, exp(-a, n)) + N, exp(-o, n,)

(2.10)
where ng and nq are given by:
2v,/d
n,=-
0 ch ar
AG +AG°_ _+W +E
mas3 © (2.11)
2v,/d
n,=-

ch sr
AG +AG° +W.+E
max © f (2.12)
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It can be seen that a fully-random distribution of nucleation sites is used for the stress-
assisted part, while a fully-biased distribution is used for the strain-induced part. Then,

invoking eq(2.6), the fraction of particles to transform can be expressed as:

00 0
f=1-exp {-V [N, exp(-ax, ng) + N, exp(-c, ny) ]} (2.13)

The strain dependence of NS for strain-induced nucleation can be expressed as:

0 n
Nv(e)=N[1-exp(-Ke )] (2.14)

where N and K are constants. Kuroda used non-linear curve fitting to fit the above
model with experimental data on the Cu-Fe system[9] and on a dual-phase steel[10].

While stress-assisted transformation (T<Mg®) represents a softening

phenomenon relative to the flow behavior of the parent phase in the absence of
transformation, above MgO, where strain-induced nucleation dominates the
transformation behavior, transformation and slip act as parallel deformation
mechanisms. While a softening effect is still associated with the operation of the
transformation as a deformation mechanism (dynamic softening), a hardening effect
also arises from the transformation product as an obstacle to slip (static hardening).
These two effects have been separated by pre-strain experiments, providing empirical
constitutive relations for transformation plasticity [11]. A general characteristic of
transformation plasticity is that dynamic softening is the dominant effect at low strains,
while the static hardening dominates at high strains as the rate of transformation

diminishes. The combined effect of these two contributions is to distort the usual
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stress-strain curve to an upward-curving shape approximating an ideal "expcnential
hardening” behavior which imparts maximurn flow stability [12].

The flow-stabilizing influence of transformation plasticity has been
demonstrated experimentally for retained austenite in dual-phase steels[13]. High-
magnetic-field cryogenic treatments were used to vary the amount of retained
austenite in an intercritically annealed 0.11C-0.55Si-1.4Mn steel. The tensile o—¢
curves are shown in Fig.2.3. Curve A represents the as-heat-treated material, curve B
depicts the magnetic-field treated control material. Curves AT and BT represent
specimens treated the same as A and B but tempered for 1h at 180°C to fully age the
dislocation substructures in order to eliminate possible complications arising from
additional mobile dislocations introduced by the magnetically-induced martensitic
transformation in the B specimen. The amount of retained austenite as a function of
plastic strain is also plotted in the same figure. The data in Fig.2.3 allow comparison of
the flow behavior of materials with the same UTS and identical martensite contents at
the UTS but with a difference in initial austenite content of Af,=0.05. The
transformation plasticity associated with transformation of this amount of austenite
provides an additional increment of uniform ductility of 4 to 5% strain. The curve-
shaping influence of relatively modest austenite contents is clearly a potent

mechanism for enhanced control of the stability of plastic flow.
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Fig.2.3  True stress-strain curves and corresponding martensite contents
during tensile deformation of a dual-phase steel; curve A, as heat
treated: curve B, magnetic-field treated; curves AT and BT, tempered
1/2 h at 180°C. Solid and open points indicate necking strains.
(from reference 13).
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2.2 Transformation Toughening

2.2.1 Ductile Solids

In ductile solids, such as ferrous alloys, transformation toughening has been
investigated and has led to the development of TRIP steels[14]. Recent experiments in
metastable austenitic steels have demoristrated that the flow-stabilizing influence of
transformation plasticity can substantially enhance fracture toughness when fracture is
controlled by shear instability[15]. Fig.2.4 summarizes the measured increment of J-
integral toughness enhancement AJ;¢ relative to the toughness of stable austenite
JicA, as a function of relative transformation stability, for a series of precipitation-
hardened metastabie austenitic steels. The relative transformation stability is
expressed by a normalized temperature parameter 6, given by :

TM

M -M°
ds (2.15)

with 8>1 (T>Mg) corresponding to stable austenite and 8<0 (T<MgO) corresponding to

0=

stress-assisted transformation. Both the Mg® and My temperatures were
experimentaliy determined for the crack-tip stress state. The shape of the Adic/dich vs ©
behavior for shear-instability-controlled fracture is consistent with the effect of
transformation plasticity on flow stability, indicating an optimum of crack-tip
transformation near the MgC temperature. Curves labeled HV in Fig.2.4 represent
alloys with a relatively high transformation volume change of 4%, while LV represents
a lower volume change of 2.5%. Toughness enhancement is clearly increased by a
larger volume change. However, extrapolation to AV=0 shows that even in the

absence of dilatation, the ¢ curve-shaping effect of transformation plasticity will

delay shear instability.
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Recent observations[16] of martensite forming around void-nucleating carbide
particles during tensile deformation of a homogeneous metastable austenitic steel,
suggest that transformation toughening can arise by suppressing microvoid nucleation

to higher plastic strains.

2.2.2 Brittle Solids

The concept of dispersed-phase transformation toughening has been
thoroughly investigated for the brittle ceramic systems failing by cleavage([17]. The
most familiar example is the partially-stabilized zirconia ceramics (PSZ), where the
metastable tetragonal precipitate is biased to transform to the monoclinic product
phase by the intensified stress field ahead of a crack tip.

The strength / toughness relationships in these systems are illustrated

schematically in Fig.2.5. When transformation toughening operates, the toughness K¢
increases as the critical stress o (at which the transformation nucleates) decreases.
Then, when fracture is controlled by pre-existing flaws (of size a), the fracture strength
varies as depicted in Fig.2.5. However, at low o, another failure mechanism
intervenes. As the critical transformation stress decreases, localized nonlinear
deformation occurs in the form of shear bands which initiate fracture. At low o¢ then,
failure is yield-limited causing the mechanism transition shown in Fig.2.5.

An analogy can now be made between transformation toughening in the brittle
ceramic systems and in the ductile ferrous alloys. in both systems a characteristic peak
toughening is associated with optimum transformation stability. In TRIP steels, Fig.2.4
indicates that peak toughness occurs at the Mg® temperature where the transformation
mode changes from strain-induced to stress-assisted nucleation as the austenite
stability decreases with decreasing temperature. On the other hand, in the PSZ
ceramics the corresponding toughening peak is associated with the intervention of

yield-limited fracture as the transformation stability is reduced.



38

Yield-Limited
Failure

¥

Peak Strength —

7)) .
0 Failure from
g Pre-existing Flaws
n
(0]
| .
=
© increased
L _Flaw size a
Critical Transformation Stress
Fig. 2.5 Schematic reprasentation of strength / toughness

relations in zirconia-toughened ceramics.
(From reference 17).



38

The toughness improvement in the ceramic systems has been rationalized in
terms of the additional dissipative work of the transformatior’ﬁa]. More recent
models[19] indicate that the observed toughening is due to a reduction in the effective
local stress intensity, caused by the volume change of the transformed particles which
are ieft in the wake of the moving crack tip. In this case the toughening can be

characterized by a stress intensity change AK, defined as:

AK =K, -K
P e (2.16)

When Kjjp < Koo , AK is negative and the transformation zone shields the tip from the

applied loads. The change in stress intensity is given by:

T
AK=-022Efe Jh/(1-v
iVh/{-v) (2.17)

where E is Young's modulus, v is Poisson's ratio, €;T is the total dilatational
transformation strain, f is the volume fraction of transforming particles, and h is the

transformation-zone width [19].
2.3. Austenite Precipitation and Toughening Effects.

A nite Precipi havior

Mechanisms for austenite precipitation have been studied in low-carbon ferritic
steels used for cryogenic applications[20-23], dual-phase steels[24-29], and high-
strength tempered martensitic steeis[30-33].

The Fe-Ni ferritic steels, which have been developed for structural use at
cryogenic temperatures, are typically given a heat treatment which finishes with an
intercritical temper at a relatively low temperature in the a+y region. During the
intercritical temper, austenite is precipitated within the prior martensitic matrix. If the

tempering temperature is low and the tempering time is sufficiently long, a substantial
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fraction of the precipitated austenite is retained after cooling to room temperature.
Morris and co-workers[23] have developed a double tempering treatment (termed
QLT) to promote the stability of the precipitated austenite in a Fe-5Ni steel. Enhanced
stability results from the compositional enrichment of the interlath austenite. The
austenite composition,.as determined by STEM microanalysis, was 8.8 Ni, 4.3 Mn, 3.2
Cr, balance Fe, which shows an enrichment in Ni, Mn, and Cr relative to the initial
amounts of 5.8, 1.2,and 0.69 (w/0) in the steel. The QLT treatment consists of a two-
step temper; 670°C/1h followed by 600°C/1h. The success of this treatment appears to
result from the mode of austenite precipitation. The final austenite forms within regions
previously enriched in Ni during the high-temperature step.

As discussed earlier, in addition to compositional enrichment, size refinement is
also a very important parameter controlling the stability of precipitated austenite. This
is because the austenite particle size influences the probability of finding a nucleation
site in the particle. Size refinement can be achieved in two ways:

1. Tempering for short times to keep the austenite particle size small; and

2. Heterogeneous nucleation of austenite on another fine dispersicn of

second-phase patticles, such as carbides.

The first method has been investigated by Marschall et al.[31], who showed that short
times and low temperatures lead to more stable austenite. The second method has
been investigated by Rao[34], who reported austenite nucleation on alloy-enriched
cementite. In the latter case, a microailoyed steel with 0.16C and 1.5Mn (w/0) was
tempered below the A3 temperature to partition Mn and C and to form fine, lenticular
cementite particles. Then the steel was intercritically annealed (between the A1 and
A3 temperatures). Relatively fine particles of austenite nucleated cn the cementite
particles which dissolved, thus enriching the austenite in C and Mn and enhancing the

austenite stability.
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2.3.2 Toughening Effects

While the effect of transformation plasticity on the toughness enhancement of
homogeneous metastable austenitic steels is clearly evident, the toughening role of
small amounts of dispersed metastable austenite in martensitic steels remains
controversial. Toughness improvements associated with retained austenite have been
reported for 4340 and 300M steels [35-38[ as well as for tool steels [39]. Recent
studies [40] indicate a decrease in toughness during the second stage of tempering,
when the retained austenite decomposes to form interlath carbides. In Fe-Ni cryogenic
steels, the toughness enhancement is associated with the presence of an austenitic
dispersion, which is precipitated during intercritical annealing [41-43]. Similar
phenomena have been observed in Fe-Mn steels [44].

Many attempts have been mads in the past to clarify the toughening role of
austenite dispersions. The most important explanations that appear in the literature
are as follows:

1. Intrinsic toughness of dispersed austenite [38-45]. This explanation requires
that the austenite be mechanically stable with respect to strain-induced transformation
during the fracture process.

2. Scavenging action of austenite for carbon and other impurities from the
ferritic matrix, which improves both low and high-temperature toughness [31-46].

3. Grain-refining effect of the austenite dispersions. In the Fe-Ni cryogenic
steels, the austenite dispersions interrupt the cleavage planes in the martensitic
matrix, thus refining the effective grain size of the alloy. According to Kim, Syn, and
Morris [23], the austenite, which is located along the martensitic lath boundaries is
transformed to martensite by the plastic deformation associated with the advancing
crack. The crystallographic variant of the product is different from the dominant variant
of the surrounding packet. The crystallographic alignment of the martensitic packets is

then broken-up, resulting in an indirect grain-refining effect.
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4. The transformation dilatation and the stress-strain curve-shaping effects of
transformation plasticity improve the toughness of the homogeneous metastable
austenitic steels when fracture is controlled by shear instability. The same mechanism
should apnly for dispersed austenite in martensitic steels, provided that the austenite
has the optimum stability for the crack-tip stress state.

An attempt will be made in this work to correlate the toughening effects of
dispersed austenite with its stability, since the stability is the most important parameter
controlling the transformation behavior. This issue will be addressed for both retained

and precipitated austenite.
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3. EXPERIMENTAL PROCEDURES

3.1. Materials

The materials used in this work consisted of the following steels:

a) VAR 4340 steel, used to study the effects of retained austenite. This
steel was supplied by the U.S. Army Materials Technology Laboratory.

b) AF1410 and 1410-4Mo steels, used to study the effects of precipitated
austenite. These steels were supplied by Carpenter Technology Corporation.

The chemical compositions of the steels are listed in Table 3.1 (in w/0).
AF1410 is a commercially available alloy with an excellent combination of
strength and toughness[47,48]. The 1410-4Mo steel is based on the AF1410
matrix composition of 14Co-10Ni but with Cr taken out and Mo balanced tc the
C content in the stoichiometry of the MooC strengthening phase for high
coarsening resistance. The THERMOCALC software[49] was used to design the

1410-4Mo compaosition.

3.2. Heat Treatments

Two austenitizing treatments were adopted for the 4340 steel. A
conventional 870°C and a high 1200°C, both for 1h. The material was oii-
quenched and subsequently tempered to 200°C for 1h. A series of specimens
received a high-magnetic-field cryogenic treatment (20 Tesla at -196°C for 1h)
to reduce the amount of retained austenite.

The AF1410 steel was double vacuum melted (VIM/VAR). Then, a plate

was forged from a 133x95 mm flat as follows:



Co
Ni
Mo
Cr
Mn
Si

Fe
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Table3.1 Compositicns of steels (w/0)

1410-4Mo

0.29
14.06
10.20
3.88
0.01
<0.01
<0.01
<0.C05
0.003
bal.

1410-4Mo(L)

0.23
14.17
10.24
3.96
0.06
<0.01
<0.01
<0.005
0.003
bal.

AF1410

0.16
14.25
10.15
1.05
2.10
0.02
0.01
0.003
0.002
bal.

VAR 4340

0.42

1.74
0.21
0.89
0.46
0.28
0.009
0.001
bal.
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a) 133x95 mm to 165x38 mm from 982°C

b) reheat to 982°C

c) 165x38 mm to 190x25 mm

d) air cool

e) normalize (900°C/1h, AC)

f) overage (677°C/6h, AC}
Austenitizing treatments were performed for 1h at 830 to 885°C, followed by oil
quenching. Tempering was carried out over a range of temperatures (400-
600°C) and times (15min-several hours). For the short-time temperings, the
specimens were immersed in a neutral salt bath which was maintained at +1°C
from the desired temperature. For longer tempering treatments (t>1h), the
specimans were encapsulated in argon-containing quartz tubes to aveid
decarburization during heat treatment.

A similar procedure was followed for the 1410-4Mo steel with the
exception of a homogenization treatment (1200°C/8h) in a vacuum furnace

followed by furnace cooling prior to austenitizing.

3.3. Electron Microscopy

3.3.1 Transmission Eleciron Microscopy

TEM was used to observe the austenite particles and determine their
size, morphology and distribution. Two electron microscopes were available; a
PHILLIPS EM400 operating at 120 KV, and a JEOL 200 CX operating at 200
KV. In both cases, a double-tilt specimen holder was employed. In order to
identify the austenite particles, the BF/DF technique was used. A selected-area
diffraction pattern was taken on the bright-field image. FCC diffraction spots

were then aligned with the optic axis and a dark-field image was generated by



46

letting only the FCC diffracted beams pass through the objective aperture of the
microscope.

Specimen preparation for the TEM consisted of the following:

a) wafering the samples down to 20-30 um using a STRUERS

ACCUTOM machine with SiC blades operating at 800 rpm

b) punching 3 mm diameter disks

c) thinning to ~5 um on 400 and 600 grit emery papers

d) electropolishing, with a Fischione twin jet electropolisher operating at
12 V. The polishing solution consisted of 20% perchloric acid in methanol. The
solution temperature was maintained at -10°C during polishing, using a mixture
of acetone and dry ice as the cooling medium. To avoid oxidation of the
prepared foils, microscopy was performed within 24 h from the completion of

polishing.

ning-Transmissi lectron Micr

High-resolution STEM microanalysis (energy dispersive X-ray
microanalysis) was used to determine the chemical composition of the
austenitic particles, which is a very important factor characterizing the stability of
the dispersed austenite. A dedicated VG HBS5 field-emission STEM operating at
100 kV was employed. The instrument was equipped with a high resolution
windowless X-ray detector.

A counting time of 100 sec was adopted in collecting the X-rays to
improve the statistics. Standard samples were used for the deconvolution of the
overlapping peaks of Fe, Co, and Ni. A computer program was written to carry
out the necessary calculations for the deconvolution and to perform
straightforward Cliff-Lorimer analysis. This procedure is discussed in

Appendix A
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Most of the particles analyzed were hanging from the matrix into the
perforation of the foil. Therefore, X-ray signals from the matrix did not contribute
to the total number of X-rays counted. Several other particles located in very
thin areas very close to the perforation but embeded or semi-embeded in the
matrix were analyzed. In most cases the X-ray spectra from these particles were
very similar to those of the hanging particles, and then the average X-ray count
was considered in the determination of the particle composition.

Convergent beam electron diffraction patterns (microdiffraction) were
obtained in several cases in order tc identify the austenite particles in the

STEM.

nnin i Micr
The SEM was used to characterize fracture surfaces of broken CVN or

Jic test samples. An AMR 1000 SEM operating at 20 KV was employed. The

fracture surfaces were previously coated with Au.

3.4. X-Ray Diffraction

The voiume fraction of dispersed austenite was determined by the
standard "direct comparison” X-ray diffraction technigue[50] where the
integrated intensity of an austenite line is compared to that of a martensite line.
In the present study, the average integrated intensities of the (220) and (311)
austenite peaks were compared to the (211) and (200) martensite peaks. The
integrated intensity was taken to be the area below each corresponding peak
after background subtraction. Specimens with area > 1.5 cm?2 were prepared by
usual metallographic grinding and polishing procedures. A DIANO

diffractometer with vanadium-filtered CrK, radiation was used, operating at 35

kV and 15 ma.
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Fe, Ni, and Co have small differences in atomic scattering factors.
Therefore, compositional effects on the integrated intensities were not expected
to arise from these elements. However, Mo has a relatively high atomic
scattering factor and Mo remaining in solution could conceivably contribute to
the measured integrated intensity of the martensite peak. On the other hand, in
all cases examined, the precipitation of MoC carbides (M=Mo, Cr, Fe) was
complete and therefore the Mo effects were negligible. A more important error in
the determination of the volume fraction of retained austenite could arise from
preferred orientation in the samples, but other combinations of diffraction peaks
were found to yield similar results, indicating that texture was not an important

factor in these measurements.

3.5. Electrical Resistivity Measurements.

Samples fer resistivity measurements were cut from quenched and
tempered bars on the Struers Accutom wafering machine using SiC blades.
The samples were 4cm long and about 1.5mm square in cross section. Pure
nickel lead wires insulated with tefion tubes were spot welded to each end of
the samples for the measurements. A Keithley miilliohmmeter was used to
measure resistance with a rated accuracy of £5%. The resistance and resistivity

are related with the formula:

p=R%
(3.1)

where p is the resistivity, R is the resistance, A is the cross-sectional area of the
sample, and L is the length of the sample. The measurements of L and A
introduce additional errors in the calculation of the resistivity from eq(3.1).

However, the resistance of each sample was measured in the as-quenched as
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well as in the tempered condition and relative changes in the resistivity were

calculated from eq(3.1) as follows:

Pr_ Ry

"R,
Po " (3.2)

The sensitivity of these measurements then was limited only by the accuracy of
the miliichmmeter, +5%.

A number of different measurements were performed in order to follow
the precipitation of austenite. The resistance was measured first in the as-
quenched condition. Then the samples were tempered and the resistivity was
measured again at room temperature. Finally, the samples were immersed in a
bath of liquid nitrogen and the resistivity was measured again. In this way,
transformation of the precipitated austenite could be detected. In some
instances, the resistivity was measured at the tempering temperature vs time. In
this case, a tube furnace was used with the Ni lead wires extending out of the

opposite ends of the furnace and linked to the milliohmmeter.

3.6. Saturation Magnetization Measurements

Magnetic measurements were performed to determine the volume
fraction of retained austenite in 4340 steel and to monitor austenite precipitation
in the 1410-4Mo steel.

The samples were 3mm diameter disks that were cut from heat-treated
rods with a slow-speed diamond saw. The magnetization of the samples (emu)
was measured as a function of applied magnetic field (KOe), using a DMS

vibrating sample magnetometer. Fields up to 15 KOe were used. A computer-
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driven X-Y plotter provided plots of M vs H, where M is the normalized magnetic
moment (emu/gr) and H the applied magnetic field (KOe). Using data from these
plots, the magnetization was plotted vs 1 / H2 and the saturation value was
determined by extrapolating a least-squares fit through the data to infinite
applied field (1/H2=0).

The volume fraction was measured using the following procedure. In a
sample containing fy volume fraction retained austenite (paramagnetic) and 1-fy

martensite (ferromagnetic), the saturation magnetization Mg, of the sample is

given by a simple rule of mixtures:

M=t ML +(1- ) M2, 03

where Mg;Y and Mg;® are the saturation magnetizations of 100% austenite and

100% martensite respectively. Since MgatY << Mg4* , €q(3.3) can be written:

M_=(1-f )M
a=(1-1) Mg (3.4)

so that fy can be determined if Mg;* is known. In order to measure Mg4®, a

sample of ferromagnetic martensite was prepared by tempering the 4340 steel
at 300°C for 1h to decompose the retained austenite. The saturation
magnetization of this sample was taken to be Mg5;*. The effects of carbides on
the saturation magnetization were taken to be negligible due to their low
volume fraction.

A similar procedure for determining the volume fraction of precipitated
austenite in the high Ni-Co steels was not successful because the saturation

magnetization was fouind to be sensitive to compositional changes during
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tempering. The magnetization increased as Mo precipitated out of solution to
form Mo,C carbides. However, because of the paramagnetic nature of the
austenite, the saturation magnetization decreased rapidly when austenite
precipitated. This technique, therefore, was found useful in monitoring austenite

precipitation and its stability during tempering.

3.7. Mechanical Testing

7.1 Tension_an mpression Tesiin
Tension and compression testing was performed in an INSTRON 1125
testing machine at a nominal strain rate of 10-4 s-1. The tensile specimens
complied with TR-6 specifications and are shown in Fig.3.1. The compression

specimens were cylindrical, having 15mm length and 6mm diameter.

3.7.2 Single-Specimen Technigue for MsC Determination
A single-specimen technique originally developed by Bolling and

Richman[51] was used to determine the Mg® temperature in tension and

compression. The technique involved monitoring of the 0.2% flow stress as a
function of temperature. The MgC could be determined from a reversal in the
temperature dependence of the flow stress. Starting at a high temperature, the
specimen was loaded up to the 0.2% flow stress. Then the specimen was
unloaded by 10% and the temperature was lowered by 10°C. The specimen
was then reloaded to the new 0.2% flow stress. The procedure was repeated at
progressively lower temperatures. A silicone oil bath heated by an electric
resistance provided the heating medium for T>25°C. A mixture of dry ice and

methanol or a mixture of liquid nitrogen and ethanol was used for T<20°C. The
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temperature was measured with a thermocouple attached to the gage section of

the specimen. The bath was stirred at all times to ensure temperature uniformity.

r ion Elastic Limi
The tensile elastic limit was determined as a function of temperature in

order to measure the Mg temperature of the retained austenite in the tempered

4340 steel. The technique, also described by Muir et al.[52], employed a load-
unload procedure in order to monitor the load as a function of residual strain.
This procedure was repeated with increasing load to determine the load that
resulted in the first detectable positive residual strain. The strain was measured
with an accuracy of £10-5 using sensitive strain gages mounted on the gage
section of the tension specimens. Because the test was conducted as a function
of temperature in a silicone-oil bath, a dummy strain gage mounted on an
identical unloaded test specimen immersed in the bath was provided for

temperature compensation.

.7.4 Thin-W rsi Testin

Thin-wall torsion testing was conducted in order to determine the effects
of retained austenite in delaying shear instability under pure shear deformation.
Thin-wali torsion specimens with hexagonal ends were used (Fig.3.2). The tests
were performed in an instron 1125 testing machine at a nominal strain rate of
10-4 s-1. Shear strain profiles were determined from grid patterns that were
formed on the gage section of the torsion specimens. For this purpose, a 200
mesh Ni grid was attached on the gage section. A Au-Pd coating was then

applied in a vacuum evaporator. The Ni grid was then removed leaving a fine



83

grid pattern on the specimen that allowed local measurements of shear strain to

be made.

3.7.5 Fracture Toughness Testing (CVN and Jic)

Charpy V-notch impact testing, according to ASTM E23 [53], was
performed to assess the blunt-notch fracture toughness of the AF1410 steel
subjected to various heat treatments. The standard Charpy specimen was used,
which is shown in Fig.3.3. The longitudinai axis of the specimen corresponded
to the L-T orientation. The specimens were machined after heat treatment and
were tested in a Physmet Charpy Machine with full capacity of 163 J.

While CVN testing provides information about the blunt-notch toughness
of a material, K¢ or Jic test procedures are used to assess the sharp-crack
fracture toughness. For very ductile alloys, such as AF1410, validity
requirements for K¢ tests specify very large specimen thicknesses. For AF1410
the required thickness is in excess of 1 inch according to ASTM E399 [54].
Critical J values for the onset of crack growth and J-based crack-growth
resistance curves are the most promising candidates for elastic-plastic material
characterization and ductile failure assessment. Besides the multiple-specimen
interrupted-loading method described by the ASTM standard for J,c, ASTM
E813 [55] single-specimen procedures have become available and they form
the basis of a tentative test procedure for determining crack-growth resistance
curves {R-curves) [56].

A three-point bend specimen, shown in Fig.3.4, was used in this work.
The specimen axis corresponds to the L-T orientation. Fatigue precracking was

performed on an INSTRON 1331 servohydraulic machine above the anticipated
Mg temperature of the precipitated austenite (100°C) to avoid transformation of



94

the precipitated austenite during precracking. A heating tape was attached to
heat the specimen to the required temperature. J,c testing was performed on an
INSTRON 1125 machine.

The single-specimen technique eliminates the effect of material
variability on the R-curve. Instead of using the interrupted-loading technique,
the increasing crack length can be inferred from successive measurements of
the elastic compliance C=Av/AP of the specimen that is derived from smiall
superimposed unlcadings (AP=0.1P) and a known function a=f(C,B,E), where v
is the displacement, P is the load, a is the crack length, B is the specimen
thickness, and E is Young's modulus[57].The compliance was measured from
the unloading slope. For this purpose the unloading slopes were amplified to
increase the accuracy of the measurements. In this work, only part of the
unloading slope was used to determine the compliance because of nonlinear
behavior at the beginning and at the end of unloading. This nonlinear behavior
is due to machine and fixture relaxations. To minimize these effects, the load
was allowed to relax before unloading. Compliance calculations were done
using the slope of the unloading curve between 15 and 7G% of the maximum
load.

The following equation was used to calculate the crack iength from the

compliance measurements[58]:

a 2 3 4 5
W=C°+01U+02U +C;U +C,U +C U 5

with
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1

Us———
JECB +1

where E'=E/(1-v2) for plane strain, C is the compliance and B is the specimen

thickness.
For the three-point bend specimern, the coefficients C; were taken to be [59]:
Co=.994, C1=-3.492, C,=-2.740, C3=-101.362, C4=1289.364, C5=-4545.959.

The value of J was calculated from the equation:

N

1=22

b (3.6)

where A is the area under the load vs. load-point displacement curve and
b=W-a is the remaining uncracked ligament. With the values of J from eq(3.6)
and the values of the crack length from eq(3.5), the R-curve (J vs. Aa) was
constructed for each specimen and the Jq value was determined. The
procedure was subjected to the qualification requirements set by ASTM

E813[54].Finally J;c was taken to be equal to Jq if:

25 Jg

BandW-a0 >

(o
0

where
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Fig.3.1 Tensile specimen. Dimensions in mm.
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Fig.3.2 Thin-wall torsion specimen. Dimensions in mm.
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Fig.3.3 Charpy-V-Notch specimen. Dimensions in mm.
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Fig.3.4 Three-point bend fracture toughness specimen for J-integral testing.
Dimensions in mm.
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4. RETAINED AUSTENITE

4.1 Introduction - Controlled Heat Treatments

Retained austenite is the form of dispersed austenite that remains
untransformed after quenching from the austenitizing temperature. The alloy
system selected to study the transformation plasticity associated with retained
austenite was a VAR 4340 steel. Centrolled sxperiments were designed to
isolate the role of retained austenite. For this purpose, high-magnetic-field
cryogenic treatments were used to reduce the amount of retained austenite in
ctherwise identically treated specimens. Two austenitizing treatments were
used, 870°C and 1200°C for 1h. The specimens were oil-quenched and
tempered at 200°C for 1h. The amount of retained austenite was determiried by
measuring the saturation magnetization of pre-weighed samples, using a
vibrating sample magnetometer. Table 4.1 shows the four different treatments
used, the resulting volume fraction of retained austenite, and corresponding

hardness.

Tabie 4.1 Controlled Heat Treatments for 4340 Steel.

Austenitizing Treatment Volume Fraction Hardness

Temperature Retained Austenite (Re)

870°C 200°C/1h 4.0% : 54.0

870°C 20 Tesla/1h/-196°C 2.5% 53.5
200°C/1h

1200°C 200°C/1h 9.0% 53.3

1200°C 20 Tesla/1h/-196°C 6.8% 53.4

200°C/1h



4.2 Characterization of the retained austenite stability. M‘s’

temperatures.
It was mentioned eariier that the Mg temperature provides a quantitative

characterization of the stability of dispersed austenite. For this purpose, the Mg
temperature was measured in uniaxial tension, Mg(u.t), and uniaxial
compression, M:(u.c). A single specimen technique, originally developed by

Bolling and Richman[50] was used. The temperature dependence of the 0.2%
flow stress in tension and compression are shown in Fig.4.1a for the material
containing 9% retained austenite (1200°C austenitizing temperature). Both flow
stresses increase with decreasing temperature as expected from the thermally-
activated flow theory. However, the tensile flow stress undergoes a plateau
region, starting at about 40 to 50°C. At this temperature yield-point phenomena
appear, which increase in magnitude with decreasing temperature. These yield
points (designated Y.P. in Fig.4.1a) should not be attributed to strain aging,
which being thermally activated, should disappear with decreasing
temperature.* They are, instead, attributed to mechanical relaxations associated
with the transformation of retained austenite. It is important to note the absence
of a complete reversal of the flow stress such as that shown schematically in
Fig.2.1. This is because the 0.2% flow stress is a composite flow stress,
controlled by the flow properties of both martensite and retained austenite.

Therefore, the M‘s’(u.t) temperature corresponds to the onset of the plateau

region and yield-point phenomenon (40-50°C). Smooth yielding dominates the

* The hoid time between each loading cycle was kept constant in these tests.
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compressive flow stress down to about -25°C, where again the yield-point

phenomenon appears. Here M:(u.c)=-20 to -30°C.

The corresponding results for the steel containing 4% retained austenite
(870°C austenitizing temperature) are shown in Fig.4.1b. A plateau region is
absent in this case due to the much lower amount of retained austenite.
However, the tensile flow stress undergoes an inflection at abcut 10 to 20°C.
The transition from smooth yielding to discontinuous yielding also occurs in the

same temperature range, indicating that Mg(u.t)=10 to 20°C. No yield points
were observed for the compressive flow stress indicating that Mg(u.c)<-50°C

From the flow stresses in tension and compression, the strength-
differential effect (S-D)* was calculated and plotted vs temperature in Fig.4.2.
The steel that contains 4% retained austenite exhibits the normal S-D behavior,
i.e, a few percent in magnitude and slowly increasing with decreasing
temperature. However, the steel that contains 9% retained austenite exhibits a

quite different S-D behavior. Approaching the Mg(u.t) from high temperatures,

the S-D undergoes a local minimum and then assumes high values of up to 7%

where it shows a second local minimum at the Mg(u.c). It is interesting to note
that around the Mg(u.t) the S-D effect assumes negative values, corresponding

to a higher yield stress in tension. Such "pre-transformation strengthening" has
also been observed in TRIP steels and has been attributed to dislocation core-
structure rearrangements just prior to the general transformation[60]. The local
minima in the temperature dependence of the S-D effect can be used to define

the approximate Mg temperatures for the corresponding stress states.

#The strength-diferential effect is defined as $-D = 2(c¢-0¢)/(cc+oy), Where o and oy
are the flow stresses in compression and tension respectively-
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4.3. Transformation Microyielding of Retained Austenite.

4 f the elastic limit.

The elastic limit was measured in tension with a load-unload technique
that is described in chapter 3. The measurements were performed on a VAR
4340 steel austenitized at 1200°C and tempered at 200°C for 1h. The volume
fraction of retained austenite was found to be 0.09 as measured by a vibrating-
sample magnetometer.

The temperature dependence of the elastic limit is shown in Fig.4.3. The
0.2% flow stress and smaller-strain offsets are also indicated in the same figure.
A definite reversal of the temperature dependence occurs at 40°C designating

the tensile Mg temperature of the retained austenite. However, the 0.2% flow

stress does not undergo a reversal, consistent with the behavior cbtained from
the single-specimen technigue.
Fig.4.4 presents stress-strain curves obtained in the microyielding region

at temperatures above and below Mg. Above Mg , the stress-strain curves have

the normal downward-curving shape, while below Mg the stress-strain curves

have a sigmoidal shape characteristic of stress-assisted transformation.

4.3.2 nstitutiv havior in the Microvielding Regime.

In the stress-assisted nucleation regime (T<Mg), initial yielding is

controlled by the transformaticn of the retained austenite. Therefore, the theory
of martensitic nucleation can predict the constitutive behavior of the steel in the
microyielding regime. The observed stress-strain behavior can be understood

by considering the effect of stress on the nucleation-site potency distribution[61].
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The stress-strain curve at T=20°C is selected to represent the stress-assisted
transformation behavior. Two models for the nucleation-site potency distribution
are compared. The first model assumes that the transformation is controlled by
the pre-existing nucleation sites in the retained austenite. The second model

assumes that the transformation is controlled by nucleation sites created due to

autocatalysis during the quench from the solution temperature.

According to this model the applied elastic stress assists the transformation
kinetics by modifying the effective potency distribution of the pre-existing nucleation
sites. This distribution has been defined in Chapter 2, eq(2.2). For stress-assisted
transformation, yielding is controlled entirely by the transformation, and then f and €

are linearly related:

(&
€
1 (4.1)
where g, is the plastic strain at the completion of the stress-assisted transformation
(f=1).
Combining equations (2.5),(2.6) and (4.1), we obtain the stress-strain relation in the

stress-assisted region:

207,/
= 1 P ~AG™ - w,-E™"
(228 in[-— In(1-e/e)]
o0 N, Vp
(4.2)

where (0AG/dc) has the values of (0AG/06)nax @and 1/3(0AG/96) 4y for the fully-biased

and fully-random distributions of nucleation sites, respectively.
Eq(4.2) can be fitted to the experimental stress-strain curve for T=20°C, with

Ne\lp and AGCh being the parameters to be determined from the best fit. The strain €,
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can be determined from a linear extrapolation of the high-temperature elastic limit

(T>M:) to lower temperatures. For T=20°C this extrapolation gives €4=0.17%. At this

strain the stress would reach the elastic limit of the steel in the absence of
transformation (the slip-controlied elastic limit). For €>€, plastic yielding by slip
introduces new nucleation sites in the retained austenite and the transformation
becomes strain-induced. Thus, pure stress-assisted transformation operates up to
€=€4. The frictional work of interfacial motion in eq(4.2) was estimated using the
expression given by Kuroda[8]: W;=1.310X104 X2/3. For 0.40wt% C in 4340 steel, this
gives W=1000 J /mol. The remaining parameters in eq(4.2) are EStr=500 J/mol,
p=3x10-5 mol/m2, ¥s=0.15 J/m2, and a.=0.866.

Fig.4.5 compares the experimental stress-strain curve (at T=20°C) with the
curve calculated using eq(4.2). Although the calculated c—¢ curve possesses the
sigmoidal shape of the experimental o—€ curve, it does not fit the data well at low and
high strains. In particular, the assumption of the exponential nucleation-site potency
distribution fails to account for a non-zero value of the elastic limit as well as to predict

the onset of rapid work hardening at medium strains. The parameters determined from
the best fit are: N\‘,’Vp=1 .48x10% and AGCh=-1687 J/mol for the fully-biased distribution,

and N2Vp=6.44x108 and AGCN=-1811 J/mol for the fully-random distribution. The

chemical driving forces calculated in this way, can be compared with the value AGCh=-
3028 J/mol, estimated from the THERMOCALC database for the composition of 4340
steel at room temperature. The values of AGCh determined from the best fit imply a
very large discrepancy in AGCh which cannot be accounted for by carbon stabilization
of the retained austenite. In view of the above considerations, we conclude that the
exponential distribution of the pre-existing nucleation sites does not satisfactorily

describe the constitutive behavior of the steel in the microyielding region. The next
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section presents a more realistic model, based on the distribution of nucleation sites

created due tc autocatalysis.

in this model the applied elastic stress assists the transformation kinetics by
modifying the effeciive potency distribution of autocatalytic sites. The following
assumptions are employed:

1. The nucleation sites created due to autocatalysis are much more plentiful

than the pre-existing sites, i.e. p fg >> Nj where p is the autocatalytic factor{61], fqis the
fraction transformed during quenching, and N;j is the density of the pre-existing sites.

Then, since fg=1, the number of available nucleation sites Ny is:

Ny=p

2. The potency of the autocatalytic sites follows a Gaussian distribution[62], as
shown in Fig.4.6a. A linear approximation is adopted here for the cumulative

distribution of nucleation sites (Fig.4.6b):

p=C1+C2n

where C4 and C, are constants.

3. Furthermore, the distribution is truncated at n = ngt due to the consumption of
sites during quenching and Ny=Ap (Fig.4.6c). The potency of the nucleation sites at
room temperature ngr, as calculated from eq(2.1) is 6.5.

Under the above set of assumptions, the cumulative distribution of nucleation

sites is given by the linear approximation as:
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N.(0) =C, [n(c) - ng,] 4.3)

The potency under an applied stress o in the present tensile testing is given by:

2v,/p
AG™T . Wi+ EY + AG®

n(c)=-

(4.4)

where the chemical driving force AGCh.T and the frictional work of interfacial motion
W; T are now evaluated for the tempered condition and are different from the
corresponding AGCh and W values of eq(2.1) due to carbon enrichment of the retained
austenite. Since AGch.T and W 1 are functions of carbon content, we can write:

AG™ 4 W, =F(X,) “s)

where F(X¢) is a function of the mole fraction carbon Xg.

Combining eq(2.6) and eq(4.3), the fraction of particles to transform is given by:

f=1-exp[°C2VP[”(“)'"RT]] (4.6)

Finally, the stress-strain relation in the microyielding region can be found by

cornbining eqs(4.3),(4.4),(4.5),and (4.6) to obtain:

-2v./ C,V
| G ey T
(=) "rrit¥2Vp 1

do

4.7)
where (0AG/do) takes the values of (0AG/96)max and 1/3 (0AG/0G)may for the fully-

biased and fully-random distributions of nucleation sites respectively.
Eq(4.7) will be fitted to the experimental stress-strain curve for T=20°C, with F(Xc) and

C2Vp being the parameters to be determined from the best fit.



n

Fig.4.7 compares the experimental stress-strain curve (at T=20°C) with ihe
curve calculated from eq(4.7). Although the model predicts a higher elastic limit, it
agrees very well at higher plastic strains, especially in the rapid work-hardening
regime. The rapid increase in the rate of work hardening is suggestive of the
exhaustion of available nucleation sites at strains close to €;. This, however, does not
necessarily imply complete transformation of the retained austenite, since a single
nucleation event is generally not expected to give rise to complete transformation of
film-like austenite particles. Complete transformation would require more than one
nucleation event per particle, the probability of which is negligible. It is estimated that
at T=20°C oniy approximately 30% of retained austenite transforms up to €=g1, while
the fraction of austenite particles containing martensite is approaching unity.

Using non-linear curve-fitting, the values of the parameters for the best fit are:
CoVp =-2.614 and F(X¢) = AGEN.T + Wy 1 =-1455 J / mol for the fully-biased distribution
model, and C2Vp=-6.871 and F(Xc) = -1845 J / mol for the fully-random distribution
modei.

From the calculated value of F(X¢), the extent of carbon enrichment of the
retained austenite due to tempering can now be estimated. From eq(4.5) and using

THERMOCALC to express the chemical driving force as a function of carbon
AGCh=AGCh(X.), wa find that X;=0.026 or 0.57wi% C for the fully-biased distribution

modei and X;=0.022 or 0.46wt% for the fully-random distribution modei. This is the

carbon content of the retained austenite after tempering. Similar leveis of carbon
enrichment of the retained austenite have been observed by Barnard et al.[63] in a
0.26C, 2Cr, 1.88Mn, 0.5Mo, 0.01Ni steel by means of atom probe/field-ion microscopy.
The slope 36/9T in the stress-assisted transformation regime can now be
calculated and compared with the experimental slope of 15.2 MPa/K for the
temperature dependence of the elastic limit from Fig.4.3. The slope do/dT is related to

the entropy change ASY® for the martensitic transformation through the relation:
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J0 AS™®

oT = (3aG/do)

ASY® was evaluated at room temperature for the carbon content estimated above. For
the two limits we have AS(0.57wt%C)=4.609 J/mol.K and AS(0.46wt%C)=4.755
J/mol.K. This gives 90/0T=5.3 MPa/K for the fully-biased distribution and do/0T=16.5 _

MPa/K for the fully-random distribution. The actual behavior is therefore bracketed by

these two limits but is closer to the fully-random distribution of nucleation sites.
The parameter Co in the model corresponds to the siope dp/dn of the

autocatalytic-site potency distribution. Using Vp=3x10-14m3 from TEM observations of
retained austenite by Rao and Thomas[64] and the result C2Vp=-6.871 from above,
we get C5=2.3x1014/m3 which is in very good agreement with the value dp/dn=
8x1013/m3 obtained by Lin[62] for a Fe-29.5 Ni alloy.

The reduction of the driving force due to the carbon enrichment is
d(AG)=(AGCh+Wj) - F(X¢) = 183 J/mol. The stress required to compensate for the

decrease in the chemical driving force can be calculated from the condition:

o(228)_4(aG)
JG

and is =641 MPa. This transformation stress is also the elastic limit of the tempered

steel in the stress-assisted transformation regime.
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Fig.4.6 Potency distribution of autocatalytic sites. p is the autocatalytic
factor, n is the structural potency of nucleation sites, and ngt is the
potency of nucleation sites at room temperature, immediately after
the steel is quenched from the solution temperature to room
temperature. The Gaussian distribution of autocatalytic sites is
shown in (a), the linearization in (b) and the truncation of the
distribution at ngy due to the consumption of sites during quenching

in (c).



14

1200

1100 -

1000 - calculated
300 _ (autocatalytic

4 distribution)
800 -

700 p

Stress ( MPa)

600 -
€~ experimental

500 [ M ¥ v I v T v 1 M
0.00 0.20 0.40 0.60 0.80 1.00

Normalized Strain

Fig.4.7 Comparison of experimental stress-strain curve at T=20°C with the
model based on the distrib:s’3n of autocatalytic sites .



15

4.4 Stress-state Dependence of MgC Temperature.

Table 4.2 shows the experimentally determined Mg temperatures for

tension and compression. Two more entries are shown in the same table

corresponding to the Mg temperatures for the pure shear and crack-tip stress

states, Mg(p.s) and Mg(c) respectively. The Mg(p.s) was taken to be
1/2[M:(u.t)+Mg(u.c)] assuming a linear relationship between Mg and stress

state. The Mg(c) was estimated from a simple extrapoiation to the crack-tip

stress state. Table 4.2 gives a relatively complete picture of the stress-state

dependence of the Mg temperature underlying the varying degree of stability of
the retained austenite with stress state. It is interesting to note that the Mg

temperature varies with the austenitizing temperature, indicating that a lower
austenitizing temperature results in retained austenite of a higher stability.

Two points regarding the stability of the retained austenite have to be
made. First, The carbon enrichment of the retained austenite, that was
estimated in the previous section by modelling the constitutive behavior in the
microyielding regime, is not enough to stabilize the retained austenite for crack-
tip interactions that could lead to transformation toughening. The seccnd point
regards the assumption that stabilization was due to carbon enrichment.
Another phenomenon that contributes to stabilization is the distortion of the
retained austenite/lath martensite interfaces after the transformation on cooling.
Howevaer, this type of stabilization is extremely difficult to quantify both

analytically and experimentally and was not considered in this work.
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4.5 Plastic Flow Stabilization In Pure Shear

One of the most important effects of transformation plasticity is the
stabilization of plastic flow. In pure shear deformation, the strain-induced
transformation of the retained austenite can delay shear localization to higher
strains. These effects were investigated with controlled experiments where the
amount of retained austenite was varied using the high-magnetic-field
cryogenic treatments described in Table 4.1. Thin-wall torsion testing was
performed for the four conditions listed in Table 4.1. The tests were run at room

temperature, i.e. above the estimated Mg(p.s) shown in Table 4.2 to ensure a

high stability of retained austenite against stress-assisted transformation. The
shear stress-strain curves to the point of instability are shown in Fig.4.8a and
Fig.4.8b for the 870°C and 1200°C austenitizing temperatures respectively. A
delay in shear instability is associated with the higher amounts of retained
austenite. The increase in shear instability strain is of the order of 25 to 30%. It
should be emphasized that the amount of retained austenite is the only variable
in these experiments. The specimens have otherwise received identical heat
treatments resulting in identical hardness.* The retained austenite content as =
function of shear strain was determined by saturation magnetization
measurements after interrupted straining of identically treated specimens. The
results are shown in Fig.4.8c and Fig.4.8d for the 870°C and 1200°C
austenitizing temperatures respectively, indicating that the retained austenite
transforms during the test. The curves also indicate a complete exhaustion of

the transformation at the point of shear instability.

* Any additional mobile dislocations introduced by the magnetically-induced

martensitic transformation are fully "aged" after tempering to 200°C for 1h.
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4.6 Implications On Toughening

It was demonstrated in the previous section that the strain-induced
transformation of the retained austenite delayed shear instability during pure
shear deformation. Since fracture in these steels is cften controlled by shear
localization, it is expected that such delocalizing effects arising from the
transformation plasticity of the retained austenite should enhance the fracture
toughness. However, the stability of the retained austenite for the crack-tip

stress-state is very low, as indicated by the high Mg(c) temperature in Table 4.2.

A toughening effect associated with the strain-induced transformation of the

retained austenite would only be observed above the Mg(c) temperature, i.e.,

above 150°C. This temperature is too close to the tempering temperature
(200°C) for K| testing of a stable matsrial to be performed.# Therefore, the

toughening role of retained austenite cannot be assessed directly. To confirm
this point, K|¢ testing was performed at room temperature, and as expected, no
correlation was found between retained austenite and fracture toughness
beyond experimental scatter. The K¢ results, together with the shear instability
strains determined from the thin-wall torsior tests, are given along with the

corresponding Mg temperatures in Table 4.3. It is apparent from this table that

the retained austenite is sufficiently stable for the pure-shear stress state but
unstable for the crack-tip stress state when testing is performed at room

temperature. Transformation toughening can result only by lowering the Mg(c)

# Fatigue precracking would have to be performed at an even higher
temperature (above Md).



below room temperature by stabilizing the austenite. It will be shown that this
can be achieved in reformed or precipitated austenite which can then be
stabilized by size refinement and compositional enrichment, using multistep

heat treatments.
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5. PRECIPITATED AUSTENITE

5.1 Introduction

*Precipitated™ austenite is the form of dispersed austenite that
precipitates on high-temperature tempering or intercritical annealing. It is
different from retained austenite which is the parent phase that remains
untransformed after quenching from the solution temperature. This fundamental
difference in the mode of fermation makes the precipitated austenite attractive
for the study of transformation toughening. Since it is formed through a
precipitation reaction rather than being the leftover of a martensitic
transformation, its amount and distribution can be controlled. Its size and
composition can be varied through heat treatment and its stability can be tuned
for transformation-toughening effects.

The focus of this chapter is on austenite stabilization and toughening.
First, the parameters that affect austenite stability are identified and a functional
form relating austenite stability with these parameters is constructed. For this

purpose the Mg temperature is used as a single-parameter characterization of

the austenite stability.
Thermodynamic calculations, using the Thermocalc software and
database, deal with the compositional effects on austenite stability. Alloy design

criteria for transformation toughening are then presented based on

* The terms "reverted" or "reformed"” austenite have also been used in the

literature to describe precipitated austenite. Since the austenite under
consideration in this work forms through a precipitation reaction rather than
a reverse martensitic transformation it is refered here as "precipitated”.
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thermodynamics.

In the experimental part, austenite precipitation is studied in the high Ni-
Co steels. Single tempering treatiments are compared with multi-step treatments
regarding austenite stability. Finally, fracture toughness results for various

treatments are presented and correlated with austenite stabilization.
5.2 Austenite Stabilization

5.2.1 Parameters Affecting Austenite Stability. MZ

Temperature.

The stability of dispersed austenite is the most important parameter
controlling its tranformation plasticity and toughening effects. The stability
depends on the following factors:

1) chemical composition of the austenite particles (affects the chemical
driving force for the martensitic transformation)

2) austenite particle size (affects the probability of finding nucleation sites
in the particle)

3) stress state (due to the interaction of the transformational volume
change with stress triaxiality)

4) strength of the matrix (affects the mechanical driving force contribution
to the total driving force for the martensitic transformation)

It was discussed earlier that the Mg temperature provides a single-
parameter characterization of the stability of the dispersed austenite. The Mg

temperature depends on the size and composition of the austenite particles, the

yield strength of the matrix, and the stress state:
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Y
MZ =M (o, =", V., wt% Ni)
5 (5.1)

where oy is the yield strength, o, is the hydrostatic stress, o is the effective
stress, and Vp is the average austenite particle size.

The maximum toughening oczurs when the Mg temperature for the crack-

tip stress state is just below room temperature. The required microstructure can

then be prescribed by model predictions of the Mg temperature for the 14Co-

10Ni steels of interest to this work. A functional form will be developed for the

Mg temperature in eq (5.1) that will enable the prediction of required particle
size and Ni enrichment to set Mg(c)=300K.

For a dispersion of metastable patticles in a stable maitrix, the stress-
assisted transformation is controlied by the pre-existing nucleation sites. The
stress-modified cumulative distribution of nucleation sites was introduced in
Chapter 2, and has the exponential form :

o Y
N,=N,exp(-an})

(5.2)
where n is the structural potency given by:
2v,/p
n=- ch str
AGT +AG°+ W, +E
(5.3)

where p is the density of atoms in a closed-packed plane and all other
parameters appearing in eq(5.2) and (5.3) have been previously defined in

Chapter 2. For particles of average volume Vp. the probability of finding at least

one nucleation site in the particie is given by:

f=1-exp(-N,Vp) (5.4)
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Assuming that a single nucleation event transforms the particle, then, for a large
number of particles, the fraction of particles to transform will be given by the
probability defined above.

Taking the Patel-Cohen criterion for the mechanical driving force:

AG°=0 (—a—é_g- ) max
96 (5.5)
the transformation stress can be found by combinig eq(5.2), (5.3), (5.4) and

(5.5):

2o0v./p
6= — = . AG™"-w,-E"
(BAG) In _In{1-f)
- o
o5 Nv VP

(5.6)
The chemical driving force can be expressed as a function of temperature and
wt% Ni using the Thermocalc database. For the Fe-14Co system a linear
expression was obtained as follows:

AG™ = -8885.82 + 200.48 (Wt%Ni ) + 5.91 T (5.7)

The frictional work of interfacial motion Ws was calculated as a function of Ni
content from the composition dependence of the critical driving force AGerit at
Mg for Fe-Ni alloys[65]:

W, = 2.93 { wt% Ni)*"
(5.8)

The parameter (2AG / 2c) is given as a function of stress state by Olson and
Conen [60] ag follows:

For compression -0.58 J/mol MPa, i tension -0.86 J/mol MPa and for the
crack-tio -1.42 J/miol 2APa. These data are shown in Fig.5.1 where the stress-

statz is repressnied oy i perameter ow/o. A straight line fit of the data gives:
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o]
28 _ 0.715-0.3206 ()

00 G (5.9)

At the M: temperature, the transformation stress equals the yield stress.

Setting oy = Oy arnid substituting eq(5.7), (5.8), and(5.9) into eq(5.6), the M‘sJ

temperature can be cbtained as follows:

1465.3
o
-46-InN V,

Mg=cy[ 0.121 +0.0542(oh/6)]+
(5.10)

+[ 1418.92 - 33.92 (wt% NI) - 0.5 (wi% Ni )2

This equation shows the effects of yieid strength, stress state, austenite
panicle size, and Ni enrichment on the stability of the dispersed austenite as it is

expressed by the Mg temperature. It indicates that in order to get very high
stability of the dispersed austenite, so that the Mg temperature for the crack-tip

stress state can be as low as room temperature, the austenite has to be very
fine (small Vp) and enriched in Ni. The relationship between particle size and
compositional enrichment can now be explored with the aid of eq(5.10). Setting
Mg(c)=300K for the crack-tip stress state, and taking oy =1400 MPa for AF1410

steel, the resulting relationship is indicated in Fig.5.2 which shows the Ni

content of the austenite particles vs their size. The size here is represented by a
scaled radius (N3Vp)1/3. The figure indicates that the destabilizing effect of

increasing the austenite particle size should be compensated by a

corresponding increase in Ni enrichment to keep the degree of stability
constant. The parameter Ns represents the total number of nucieation sites of



817

all potencies and was introduced in chapter 2. lts magnitude is not known for
dispersed systems; however, the value 2x1017m-3 has been obtained for Fe-Ni

polycrystals[66]. Experimental resuits on the size and composition of austenite
particles can be used to estimate the value of Ns for the dispersed austenite.

This issue will be addressed later in this chapter.
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.2.2.2 Therm mi iculation

This section presents thermodynamic calculations regarding the
compositional effects on austenite stability. The calculations were performed
with the Thermocalc software. Fig.5.3 and 5.4 show two isothermal sections of
the ternary Fe-Ni-Co system at 510°c and 600°C respectively. The o+y/y phase
boundary shifts to the left as the temperature is raised from 510 to 600°C. This
causes the Ni content of the austenite in equilibrium with ferrite to decrease.
Therefore, the austenite has lower stability at higher temperatures.

The intersection of the tie-lines with the a+y/ y two-phase boundary in
Fig.5.4 define the austenite compositions in equilibrium with ferrite at a given
temperature. The locus of these intersection points as a function of temperature
for the Fe-14Co-10Ni system is shown in Fig.5.5. As the tempering temperature
decreases, the austenite is enriched in Ni and depleted in Co. Fig.5.6 shows the
amount of austenite {(mole fraction) as a function of tempering temperature,
indicating that at the tempering temperatures of interest (500-600°C), about
20% austenite can form at equilibrium.

Specific calculations were performed for the 6-component AF1410 steel.
Table 5.1 gives the compositions and volume fractions of the equilibrium
austenite at 510 and 600°C, while Table 5.2 gives the compositions and volume
fractions of the other phases in equilibrium with austenite at the same
temperatures. The austenite is more enriched in Ni at 510°C than at 600°C. but
has a lower volume fraction at 510°C.

Since the material is designed for transformation toughening at room
temperature, a quantitative characterization of austenite stability that can also
be used for alloy design can be provided by the free-energy change for
martensitic transformation evaluated at room temperature. This quantity

AGCh(RT) was calculated for the Fe-Ni-Co system. The martensitic phase was



represented by the BCC phase with the same composition as FCC since the '
transformation is diffusionless. Fig.5.7 shows the contours of the free energies
of FCC and BCC as a function of composition, evaluated at 300K. The
difference between these free energies is the free-energy change for the
martensitic transformation AGCh = Gbcc-Gfcc, The more pasitive this quantity,
the more stable the austenite. Fig.5.8 shows contours of AGch as a function of
composition for the ternary Fe-Ni-Co system. Superimposed on the same plot is
the isothermal section of Fe-Ni-Co at 510°C (dotted lines) with two tie-lines
shown. This combined plot allows one to select alloy compositions for austenite
stabilization. Starting with an alloy composition Xo, the corresponding tie-line
defines the composition of the austenite Xy that precipitates at 510°C. That
composition then defines, from the AGCh contour plot, the chemical driving force
at room temperature. Therefore, alloy compositions that maximize austenite
stability can be selected. Table 5.3 lists alioy compositions with the

corresponding values of AGCh(RT) and volume fraction of austenite that

precipitates at 510°C.

Table 5.1 Equilibrium Austenite in AF1410 steel.

COMPOSITIONS (WT%)

ELEMENT TEMPERATURE
510°C 500°C

Ni 38.50 27.60
Co 4.10 6.79
C 5.4x10-4 8.5x10-3
Cr 0.98 1.33
Mo 0.23 0.27
Fe Balance Balance

VOLUME FRACTIONS 0.167 0.240
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Table 5.2 Compositions and volume fractions of phases in equilibrium
with austenite at 510 and 600°C in AF1410 steel.

BCC M,;C¢ M,C MgC
Volume 0.803 0.025 0.0042 2.1E-4
Fraction 0.73C 0.0244 0.00467 -
Ni 4.45 - - -
4.61 - - -
Co 16.58 - - -
16.92 - - -
Cr 0.51 52.20 19.71 5.26
0.70 42.62 26.71 7.36
Mo 0.14 20.21 73.37 68.51
0.19 19.89 65.87 64.46
C 8E-5 5.06 6.87 2.48
1.23E-3 5.03 7.22 2.54

* Compositions are in wt%
*Boldface numbers are for 510°C. The plain numbers are for 600“C.

Table 5.3 Alloy Compositions and corresponding stabilities and volume

fractions of equilibrium austenite at 510°C.

Alloy AGep Mole Fraction
Austenite
Fe-14Co-10Ni 1.1 Kd/mol 0.177
Fe-14Co-15Ni 1.2 0.300
Fe-18Co-10Ni 1.4 0.172

Fe-18Co-15Ni 1.6 0.291
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Fig.5.3 Ternary section of the Fe - Ni - Co system at 510°C computed with

the Thermocalc software. The solid round point indicates the 14Co-
10Ni composition.
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Fig.5.4 Ternary section of the Fe - Ni - Co system at 600°C computed with
the Thermocalc scftware. The solid round point indicates the 14Co-
10Ni composition.
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Composition of the austerite (in wt% Ni and Co) in equilibrium with
ferrite as a function of tempering temperature in the Fe-14C1-10Ni
system. The calculations were performed using the Thermocalc
software and represent the locus of the tie-lines for the austenite
composition in the temary sections shown in Fig.5.4.
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Mole fraction of austenite as a function of tempering temperature in
the Fe-14Co-10Ni system. The austenite is in equilibrium with
ferrite. The calculations were perfermed using the Thermocalc
software.
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5.3 Single Tempering Treatments
1410- .
The computer-designed 1410-4Mo composition is based on the

commercially available AF1410 steel. Thermocalc calculations were directed at

finding coarsening-resistant M>C carbide compositions. The resuits indicated
that although an optimum M>C carbide free energy of formation favors

significant Cr content, minimization of solubility (taking into account activities in
the Fe-Ni-Co matrix) favors almost pure MooC. Accordingly a complete

substitution of Cr with Mo was made and the carbon level was increased for a
balanced composition with respect to the MaoC stoichiometry. The composition
of the steel is shown in Table 3.1. A low-carbon version 1410-4Mo(L) was also
prepared.

The tempering response of 1410-4Mo is shown in Fig.5.5. The figure
indicates that 1410-4Mo belongs to the class of secondary-hardening steels,
where high strength is obtained through precipitation of alloy MoC carbides
during tempering at relatively high temperatures (500-600°C). As Fig.5.9 shows,
the hardness initially drops relative to the as-quenched condition due to
cementite precipitation. The coarse cementite is then replaced by a very fine
MooC carbide dispersion, resulting in a secondary-hardening peak. The
hardness drops at longer tempering times due to carbide coarsening.

Austenite precipitation during tempering was monitored by measuring
the changes in resistivity and saturation magnetization of heat-treated
specimens relative to the as-quenched condition. Fig.5.10 shows the changes
in relative resistivity with tempering time for the 1410-4Mo tempered at 500°C.
The upper curve in Fig.5.10 indicates the relative resistivity at 500°C. After an
initial drop of the resistivity due to recovery processes and carbide precipitatior,

the resistivity rises due to austenite precipitation. The resistivity continues to
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increase with time as more austenite precipitates at 500°C. The intermediate
curve in Fig.5.10 shows the resistivity changes that occur after the specimens
have been tempered and then cooled to room temperature ( 25°C ). After an
initial drop of the resistivity as before, a local maximum is observed at 8h of
tempering time. This is because the austenite that forms as a result of 8h of
tempering at 500°C is unstable and transforms to martensite when cooled to
room temperature, thus decreasing the resistivity. The bottom curve represents
the resistivity changes with tempering time for specimens tempered at 500°C
and then cooled to liquid nitrogen temperature. The behavior is similar with that
of the previous curve, but the peak height at 8h has decreased in magnitude
indicating further transformation of the precipitated austenite upon cooling to -
196°C. This experiment demonstrates that on simple tempering relatively stable
austenite precipitates betweeri 5 and 8h, but since this austenite transforms on
cooling to -196°C it is not stable enough for transformation toughening effects,
where higher stability is required.

The austenite precipitation in 1410-4Mo was also monitored with
saturation magnetization measurements. Fig.5.11 shows the relative resistivity
and magnetization changes with tempering time for specimens tempered at
500°C and then cooled to room temperature. Due to the paramagnetic nature of
the austenite, the saturation magnetization decreases when austenite
precipitates. The minimum in the saturation magnetization curve corresponds to
stable austenite precipitation and occurs at 8h consistent with the increase in
resistivity.

Saturation magnetization measurements on the 1410-4Mo and 1410-
4Mo(L) were also performed as a function of tempering temperature for 5h of
tempering time. The results are shown in Fig.5.12 which indicates that higher

carbon causes the austenite to precipitate at lower tempering temperatures.
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performed after the specimens were further cooled to liquid
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TEM observations revealed that the austenite in the 1410-4Mo
precipitates on the lath boundaries of the martensitic matrix thus forming , an
interlath dispersion. Fig.5.13 shows a BF/DF image of interlath austenite films
for specimens tempered for 8h at 500°C. Note that at this tempering time the
size of the films is still quite small. However, after tempering beyond 8h, the
films grow and lose stability. This is shown in Fig.5.14 for 13h at 500°C and
indicates that austenite particles link together along a given lath boundary and
form relatively long austenite films resulting in ioss of austenite stability. These
TEM observations are consistent with the resistivity results discused eatrlier,
indicating loss of austenite stability for tempering times beyond 8h.

Therefore, at short tempering times, the austenite is stabilized due to size
effects but it very soon loses stability with tempering time due to growth of the
interlath films. However, at longer tempering times the austenite tends to be
chemically stabilized due to Ni enrichment. To explore these effects, a single
treatment of 300h at 600°C was performed on the 1410-4Mo steel. Fig.5.15
shows a STEM micrograph in (a) and a corresponding Ni X-ray map, indicating
particles highly enriched in Ni. These particles were identified with
microdiffraction (shown in (c)) to have an FCC structure. The Ni content of the
austenitic particles, measured by STEM microanalysis, was 30 wit%. This value
is in good agreement with the Thermocaic prediction of 34 wt% Ni for austenite
in equilibrium with ferrite at 600°C in the Fe-Ni-Co system, as Fig.5.5 indicates.

However, this type of stabilization, i.e.long-time tempering to reach the
equilibrium Ni composition in the austenite, is not recommended for two

reasons. First, dramatic decreases in strength occur due to coarsening of the
M2C carbide strengthening dispersion as indicated in Fig.5.9. Moreover, more

stable carbides (M23Cg and MgC) form with a much coarser dispersion which

is detrimental to fracture toughness. These effects are illustrated in Fig.5.16. In
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(a) the MoC carbides (needle-shaped) are transforming to more stable
carbides, while in (b) the MoC carbides measure 200A in length; this represents
significant coarsening compared to the 50A carbide length at peak toughness.
The most important conclusion from these experimental observations is
that size stabilization dominates at short tempering times while chemical
stabilization dominates at longer tempering times when the system is

approaching equilibrium.
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TEM micrograph showing
a bright field (a) and a
dark field(b) image of
interlath austenite films in
1410-4Mo tempered for
8h at 500°C. The dark
field image was formed
using austenite reflections
from a selected area
diffraction pattern of (a).
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Fig. 5.14

TEM micrograph showing
a bright field (a) and a
dark field (b) image of
interlath austenite films in
1410-4Mo tempered for
13 h at 500°C.
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STEM micrograph (a) indicating austenite particles that formed during
tempering of 1410-4Mo steel at 600°C for 300h. The austenite particles were
identified with microdiffraction shown in (b). The Ni X-ray map in (c)
corresponds to the area shown in (a) and indicates a considerable Ni
enrichment of the austenite particles.



TEM micrograph indicating transformation of MaC carbides (needle-shaped) to
other more stable carbides in (a) and significant coarsening of the MoC
dispersion in (b). 1410-4Mo steel, tempered at 600°C for 300h.
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141

AF1410 is a commercially available steel with an excellent combination
of strength and toughness. It was selectad for the présent research to study the
austenite stabilization and transformation toughening effects because of
existing information in the literature about its tempering response and
mechanical behavior[47,48].

Austenite volume fraction was measured using X-ray diffraction
techniques, described in chapter 3. Fig.5.17(a) shows the volume fraction of
austenite as a function of tempering temperature for 5h of tempering time. The
curve labeled RT corresponds to measurements performed after the specimens
were quenched to room temperature from the indicated tempering temperature.
The curve labeled LN denotes measurements performed after the specimens
were further cooled to liquid nitrogen temperature. The difference between
these two curves gives a good indication of the thermal stability of the
precipitated austenite. Austenite that forms between 500 and 600°C is very
stable but loses stability at higher tempering temperatures. Fig.5.17(b) presents
the volume fraction of precipitated austenite vs tempering time for 500°C and
650°C tempering temperatures. Again stable austenite precipitates at short
tempering times. These results suggest that stable austenite dispersions form
on simple tempering when low temperatures and short tempering times are
used. However, under these conditions the amount of austenite is relatively
small. A combination of large amounts and stability can be achieved only
through multi-step heat treatments aiming at size refinement and compositional

enrichment of the austenite dispersion. This topic is treated in the next section.
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5.4 Multi-step Heat Treatments For Austenite Stabilization.

4.1 M | Treatmen

Heat treatment for austenite stabilization is directed at size refi nement
and compositional enrichment of the austenite particles. Two methodologies
were employed tc achieve this goal.

First, a fine dispersion of intralath austenite can form if a second
dispersed phase can provide nucleation sites for the austenite. Furthermore, if
this dispersed phase can be previously enriched in y-stabilizing solutes, then
the austenite will inherit a considerable amount of these elements and be
chemically stabilized. In the present study, a dispersion of alloy-enriched
cementite was adopted for heterogeneous nucleation of the austenite. The
cementite was precipitated at a low-temperature step (420°C), whereas the
austenite was formed at a higher-temperature step (510°C). The resulting
austenite is termed cementite-nucleated austenite.

On the other hand, a fine ,uniform dispersion of intralath austenite can
form directly by increasing the driving force for austenite precipitation. This was
achieved by a short-time high-temperature step (600°C/1 5min), followed by a
lower-temperature step (510°C/8h). An additional feature of this treatment was
that the diffusivity of Ni is enhanced at the high-temperature step resulting in
higher Ni-enrichment of the austenite particles. The resulting austenite is
termed direct-nucleated,

A common characteristic of both treatments is the formation of interlath
austenite. Later in this section, it will be shown that this austenite has lower
stability than the intralath austenite.

Table 5.4 summarizes the heat treatments used for austenite stabilization

in the AF1410 steel. The Table also lists the resulting hardness values after the
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completion of these treatments. In ail these instances, the austenitizing
temperature was 830°C for 1h followed by oil quenching.

The 510°C/5h treatment is standard for the AF1410 steel, providing the
best combination of strength and toughness to date.

The 510°C/8h treatment produces stable austenite on simple tempering
as evident from the resistivity, magnetization and TEM results discussed earlier.
This treatment was used for reference purposes since the last step in all multi-
step treatments was 510°C/8h.

The next two double treatments in Table 5.4, 420°C/1h+510°C/8h and
420°C/5h+510°C/8h correspond to the cementite-nucleated austenite
treatments. The 600°C/15min+510°C/8h is the direct-nucleated austenite
treatment, and the triple treatment 420°C/1h+600°C/15min+510°C/8h is a
combined treatment. It is interesting to note that all these multi-step treatments
yield the same hardness, with the exception of the 420°C/5h+510°C/8h
treatment which results in considerable hardening. The discussion will be
focused now on the 420°C/5h+510°C/8h and 600°C/15min+510°C/8h
treatments because they reflect the general characteristics of cementite-

nucleated and direct-nucleated austenite treatments.

Cementite-nucleated austenite treatment (420°C/5h+600°C/8h)

As mentioned before, the purpose of this treatment is to produce a fine
dispersion of stable intralath austenite by heterogeneous nucleation on alloy-
enriched cementite. Table 5.5 shows the high-resolution STEM microanalysis
results obtained for this treatment. At 420°/5h a dual dispersion of cementite
forms; Mo-rich and Cr-rich cementite. Then at 510°C the Mo-rich cementite

dissolves completely to form the MoC carbide strengthening dispersion while

the Cr-rich cementite being stabilized by Cr does not dissolve. A fine dispersion
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Table 5.4 Heat Treatments for Austenite Stabilization in AF1410 Steel.

—TREATMENT HARDNESS ( Rc. REMARK
510°C / 5h 48 Standard Treatment
510°C/ 8h 46 Slightly Overaged
420°C / 1h Cementite-Nucleated
510°C / 8h 48 Austenite
420°C / 5h
510°C / 8h 51.5 /l
600°C / 15min Direct-Nucleated
510°C / 8h 48 Austenite
420°C / 1h
600°C / 15min
510°C / 8h 48 Combined Treatment

NOTE : Austenitizing treatment 830°C / 1h
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of intralath austenite nucleates then on the Cr-rich cementite particles at 510°C.
Fig5.18 shows a STEM microgragh illustrating multipie nucleation of austenite
particles from a single cementite particle.The compositions of the austenite
particles, together with the compositions of the cementite particles that they
nucleated on, are given in Table 5.5. The results indicate a considerable Ni
enrichment of the austenite particles to about 19wt% and a concurrent depietion
of Ni in the cementite particle, suggesting solute transfer from the cementite to
the austenite. The resulting austenite dispersion is very fine {<100nm) and
enriched in Ni. Also present in the microstructure are interlath austenite
particles which nucleate on the lath boundaries of the martensitic matrix. These
austenite particles are also quite small but with a lower Ni enrichment (14w/0)
than the intralath austenite particles, having therefore lower stability. A
shortcoming of this treatment however is the isolated cementite particles which
remain undissolved and can act as void-nucleating particles degrading the
fracture toughness of ihe material.

An important characteristic of the treatment is the resulting hardening
(51.5 Rc compared to 456 Rc for the 510°C/8h). This is most likely due to an
increased driving force ior M2C carbide precipitation, leading to a much finer
dispersion and decreased mean free path of the MoC carbides. This is
indicated in Fig.5.19 which shows FIM images of the M2oC carbides for the two
treatments. The increase in driving force is attributed to a reduction in Crin
solution due to the formation of Cr-rich cementite during the fitst step of the

treatment.



13

Eig. 5.18

STEM micrograph showing austenite particles (A) nucleating on a cementite
particle (C) during the "cementite” treatment (420°C/5h + 510°C/8h) in AF1410
steei. The microdiffraction pattern was taken from one of the austenitic regions
and reveals the FCC structure.
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FIM images of M,C carbides in AF1410 steel for the single treatment
(510°C/8h) in (a) and the "cementite” treatment (420°C/5h + 510°C/8h) in (b)
taken under the same operating voltage of 15 kV.
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irect-nucl ni °C/15min+510°C/8h

As mentioned earlier, the purpose of this treatment was both to increase
the driving force for austenite precipitation and to enhance the diffusivity of Ni.
The combination of these effects produces an exceptonally stable austenitic
dispersion. Fig.5.20 presents a TEM micrograph indicating the presence of a
uniform intralath ultra-fine (10-20 nm) austenitic dispersion. Fig.5.21isa BF/DF
high-magnification image of the intralath austenite particles. An interlath
austenitic dispersion also forms heterogeneously on the lath boundaries of the
martensitic matrix. This dispersion is much coarser than the intralath dispersion.

The composition of the austenite particles was measured by high-
resolution STEM microanalysis and the results are shown in Table 5.6. Data for
the 510°C/8h as well as for the cementite-nucleated austenite treatments are
shown for comparison. These findings indicate substantial Ni enrichment of the
austenite particles (up to 30wi%) This compositional enrichment together with

their very smali size makes these particles extremely stable.
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Fig. 5.20

TEM micrograph showing a very fine dispersion of intralath austenite that
precipitated during the "direct" treatment {600°C / 15min + 510°C/8h) in

AF1410 steel. Interlath particles (on the lath boundaries of the martensitic
matrix) are also shown.
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TEM micrograph showing a BF image in (a) and a DF image in (b) of intralath
austenite particles nucleated during the "direct-nucleation” treatment
(600°C/15min+510°C/8h).
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re Toughn N).

Room temperature Charpy-V-notch impact testing was performed for
preliminary assessment of the transformation toughening contributed by
precipitated austenite. Testing was performed for all treatments listed in Table
5.4 and the resulting impact energy is shown vs hardness in Fig.5.22.

The direct-nucleated austenite treatment for 600°C, 15min provides
considerable toughening (105 J) relative to the standard treatment (84 J) at no
loss of hardness. The 20 J toughness increment is attributed to dispersed-
phase transformation toughening arising from the ultra-stable austenite
dispersion.

The cementite-nucleated austenite treatment causes a decrease in
toughness due to the cementite left undissolved. A similar situation exists with
the 420°C/1h+510°C/8h treatment. t

Although the combined triple treatment gives a higher toughness than
the standard treatment, it does not provide the high toughness of the direct-
nucleated austenite treatment because of undissolved cementite from the first
step.

Table 5.6 shows that the highest Ni enrichment of the austenite particles
is achieved with the direct-nucleated austenite treatment. The average
austenite particle size is also the smallest with this treatment. These factors in
combination with the absence of undissolved cementite produce substantial
toughening, and should prove of considerable technological importance to this

class of ultrahigh-strength high-toughness steels.
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Fig.5.22 Charpy V-notch impact energy vs hardness comparing a series of
single and multi-step heat treatments in AF1410 steel.
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5.4.2 The Direct Treatment For Austenite Stabilization

.4.2.1 _Intr

It was demonstrated in the previous section, that from all the model
treatments examined, the direct-nucleated austenite treatment (calied "direct”
from now on) led to substantial size refinement and compositional enrichment of
the precipitated austenite. This resulted in a significant enhancement of the
Charpy energy reiative to the standard single treatment with identicai hardness.
An attempt will be made in this section to analyze in more detail the direct
treatment. First, variations in the first step of the treatment (the high-temperature
step) are examined in terms of strength/toughness combinations. This enables
the optimum condition to be found. Then follows a discussion on austenite
nucleation, and finaliy the tensile properties and sharp-crack fracture toughness
(Jic) for the direct treatment are compared with the standard single treatments

for the AF1410 steel.

.4.2.2 Variations of the dir reatmen
The effect of the first step of the direct treatment on the
strength/toughness combinations is now examined. The second step of the
treatment was kept fixed at 510°C/8h. The following first-step tempering
treatments were performed: 570°C/15min, 570°C/30min, 600°C/5min,
600°C/30min, 630°C/15min, and 630°C/30min. The Charpy impact energy is
plotted vs hardness (in Rc points) in Fig.5.23. The contours correspond to iso-K

lines, where K is defined by the relation:

Kooy (HRC -35)°
=7356
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where Cv is the Charpy impact energy in Joules and HRC is the hardness in
Rokwell "C" points. The above equation represents the strength/toughness
combinations to which steel manufacturers compare their products. K then
defines the technological value of a steel in terms of strength/toughness
combinations. The current technology limit is given by the standard treatment for
the AF1410 steel (510°C/5h) and is K=140. Relative to that, the direct treatment
(600°C/15min+510°C/8h) yields a K-value equal to 170 which represents a
technological advance relative to the standard treatment. The 570°C treatments
yield even higher K-values, but since the direct treatment had identical

hardness with the standard treatment, it was selected for further study.

.4.2.3 A nite Nucieation

The composition of the austenite precipitated during the direct-nucleation
treatment (shown in Table 5.6) is ciose to the equilibrium austenite composition
(shown in Table 5.1). This suggests nucleation of equilibrium austenite with fuil
partitioning. Estimated driving forces, using Thermocalc, for austenite
precipitation were used as input to the calculation of nucleation energetics. The
results, presented in detail in appendix B, showed that homogeneous
nucleation, either coherent or semicoherent, is not feasible under the available
driving forces, due to the large strain energy accompanying austenite
nucleation.

The very high dislocation density present in the martensite of this class of
high-Co/Ni steels, suggests that austenite particles could be dislocation-
nucleated. As the calculations in appendix B show, the interaction energy
between coherent austenite embryos with the stress field of edge dislocations
can contribute to the total driving force. However, the large strain energy

contribution results in a minimum in the AG vs r curve (free energy vs nucleus
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Fig.5.23 Charpy V-notch impact energy (C, ) vs hardness (HRC) for a series
of direct treatments in AF1410 steel were the second step of the
treatments is fixed at 510°C/8h and the first step varies as indicated.
The solid lines correspond to iso-K contours where K is defined by
the relation: C, =1356K(HRC-35)-3. The solid round points
correspond to the single tempering treatments. The light arrows
originating from the 510°C/5h treatment indicate advances in the
strength/toughness combinations relative to the standard treatment.
The temperatures are in °C and the times in min.
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size) corresponding to the formation of stable austenite nuclei that cannot grow
with further reduction in the free energy of the system. In contrast, the interaction
between semicoherent nuclei and edge dislocations reduces the strain energy
enough to lead to barrierless nucleation. Therefore, nucieation of semicoherent
austenite on dislocations is cosidered to be a feasible mechanism of austenite
precipitation. The point has to be made, however, that a complete description of
the dislocation structure of the martensite/austenite semiccherent interphase
boundary is required to accurately determine the interfacial energy term.
Anocther possible nucleation mechanism is the interaction of austenite
nuclei with carbides, mainly M,C, which are precipitated simultaneously with
austenite. However, a complete treatment of austenite nucleation is not within

the scope of this research.

.4.2.4 Tensil r rti nd sharp-crack fractur hn

Tensile testing and J,¢ fracture toughness tests were performed for the
direct treatment (600°C/15min+510°C/8h) and for the single treatments
510°C/5h and 510°C/8h. The yield strength, UTS, uniform strain, fracture strain,
reduction in area (RA), elongation, and J;¢ fracture toughness are listed in Tabie
5.7. The volume fraction of precipitated austenite, determined by X-ray
diffraction, is also shown in the same table. Here, the direct treatment should be
compared with the 510°C/8h single treatment since they have almost identical
yield strengths and UTS. The direct treatment possesses higher uniform ductility
and fracture strain as well as reduction in area and elongation relative to the
single treatment. The percent increase in these properties varies from 5 to 15%.

The J|¢ fracture toughness for the direct treatment is significantly higher
than for the single treatment (250 KJ/m2 relative to 201KJ/m2) an increase of

25%. The percentage increase in Ji¢ is higher than the percentage increase in
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the tensile properties, and suggests that the precipitated intralath austenite
interacts more with the crack-tip stress state rather than with the uniaxial tension
stress state. This indicates that the fine intralath austenite has near optimum
stability for the crack-tip stress-state and is too stable for uniaxial tension. The
enhancement of the tensile uniform ductility is most probably due to the less
stable interlath austenite.

Fig.5.24 presents the J-Aa curves (R-curves) for the direct and the single
treatments. The direct treatment not only possesses higher resistance for the
initiation of crack growth (J;c) but higher resistance for crack propagation as
well, compared to the single treatments. This is shown by the larger siope of the

R-curve for the direct treatment.
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Fig.5.24 J vs Aa curves comparing the direct treatment with. the single
standard treatments in AF1410 steel. The direct treatment
possesses higher Jic and higher resistance for crack growth.
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6. ALLOY DESIGN FOR ENHANCED TRANSFORMATION
TOUGHENING

6.1 Basic Principles

The alloy design principles discussed in this section are aimed towards
selecting alloy compositions that optimize austenite stability and transformation
volume change. Austenite stabilization is important because it determines the
transformation-plasticity interactions of the dispersed austenite with the shear
localization process ahead of a crack tip. The amount of toughening is also
affected by the transformation volume change.

In quantitative terms, for transformation toughening to occur, the Mg®
temperature for the crack-tip stress state of the austenitic dispersion should be
just below the anticipated service temperature, in this case room temperature.
This condition then prescribes the microstructural requirements, i.e., austenite
particle size and composition, to obtain this degree of stability. Thermodynamic
calculations can then be used to select alloy compositions that achieve this
stability of the precipitated austenite.

The alloy design procedure, outlined above, is then subjected to the
constraint that the ailoy compositions selected should maximize the
transformation volume change. Alloy compositions affect the volume change
through the composition dependence of the lattice parameters of the austenite
and martensite. Magnetic changes, such as ferromagnetism and the INVAR
effect, become important in the austenite, which can reduce the transformation

volume change and the resuiting toughening.
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It is, therefore, important to select alloy compositions that ensure high
austenite stability while promoting a large transformation volume change. This
then establishes the framework for alloy design to achieve transformation

toughening.

6.2 Transformational Volume Change.

Enhanced transformation toughening can be achieved through a large
transfcrmation volume change. The volume change interacts in two ways with
the stress field at the crack tip to increase toughness: 1. pAV energetic
interaction, and 2. reduction of stress triaxiality, which in turn lowers the critical
strain-hardening rate for void-induced shear instability.

The transformational volume change is subjected to some control
through the composition dependence of the lattice parameters of austenite and
martensite. Alloy compositions can then be designed that result in high AV/V
and, hence, enhanced toughening. The volume change resulting from the
martensitic transformation FCC=BCC is related to the lattice parameters agcc

and aggg of the two phases as:

3

o
BCC|

AV
v =2

%ree (6.1)

The lattice parameters are functions of composition:

apce=f1(Xj), agcc=ta(X;), i=Fe,Co,Ni,Cr

where X; is the mole fraction of element i. In particular, the form of the function {4
for the FCC phase is influenced by magnetic changes, such as volume

magnetostriction and the INVAR effect, both of which increase the value of ogcc
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and, hence, reduce AV/V. An attempt will be made here to develop analytical
expressions for agcc, taking into account these magnetic effects. The two-
gamma states formalism developed by Tauer and Weiss[68] is used to describe
the INVAR effect on ogcc.

6.3 The Two-Gamma States Model.

In a study designed to separate the contribution of magnetic structure to
phase transformations, Tauer and Weiss[69,70] attempted an analysis of the
specific heat of varicus substances, including iron, by separation into magnetic,
electronic, and lattice cortributions. In order to equate the free energy of BCC
and FCC iron at the ovy transition at 910°C, it was necessary to postulate a
sizeable magnetic entropy term for y-iron, which was inconsistent with the
absence of a specific heat anomaly at the Néel temperature. The high-
temperature properties of y-iron suggested ferromagnetic behavior with a large
saturation magnetic moment, while the low-temperature properties suggested
antiferromagnetic behavior with a much smaller magnetic moment. It was
therefore proposed that there existed two discrete electronic states of y-iron, v
and y,, separated by a specific energy difference in equilibrium with each other
in a manner corresponding to a two-level Schottky excitation[71]. Individual
atoms are not considered to permanently possess either of the electronic
configurations, but have a probability of exhibiting both states on a time-

transient basis according to the ratio:

f AE
a=——=(9,/9,)exp (- =)
1-f ‘917 %0 RT 6.2)
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where a is the probability of the upper energy state being occupied and f the
corresponding fraction of iron atoms in the upper energy state. AE represents
the energy difference between the two states and g and g4 the degeneracies
of the upper and lower states respectively. The properties of the vy, and y, states
are presented in Table 6.1. In pure y-iron, the antiferromagnetic (low volume)
state is the ground state (T=0K). Addition of Ni, Co, and Cr reverses the reiative
stability between y, and y, promoting the ferromagnetic (high volume) v, state.
On the other hand, additicn of Mn stabilizes the v, state. These effects are
shown in Fig.6.1, which presents the composition dependence of AE, the

energy difference between the two states.

Table 6.1 Approximate values of lattice parameter, spin per atom, and Curie
or Néel temperature of the two electronic structures of gamma-iron

(reference 72).

Crystal Lattice Magnetic  Spin per Curie or
Structure  Parameter Structure  Atom (ug) Néel Temp.
T FCC 3.54 A Anti-Ferro 0.5 80 K

Y2 FCC 3.64 Ferro 2.8 1800 K
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6.4 Lattice Parameters.

The formulation of the compositional dependence of the lattice parameter
agcc is based on the description of two composition-dependent effects:
1. the effect of composition on the relative occupancy of the Y; and y, states
through the compositional dependence of AE, the energy difference between
the two gamma states and;
2. the effect of composition on the overall magnetic moment, which influences
the magnitude of volume magnetostriction.
These effects are studied in the Fe-Ni-Co-Cr system with the following
procedure: an expression for the lattice parameter is derived in the Fe-Ni binary
system which is adopted as a reference. Then the effect of Cr and Co on both
the relative stability of y; and v, states and the magnetic moment is considered,
to derive the final expression for agcc.

Using Vegard's law, the lattice parameter a for the Fe-Ni system is:

=(1-X.)[a A o+ f ]+x. .
aFCC Ni 72 72 71 Yl Ni aNl (6.3)
where fy; and fyz are the fractions of iron atoms in the v, and Y States

respectively as defined by eq(6.2), and ay1,0y2 are the lattice parameters of the
Y1 and 7, states given in Table 6.1. Xy; and ay; are the mole fraction and lattice

parameter of Ni respectively. According to data on the composition dependence
of AE by Weiss[70], AE=0 at Xy=0.29. Therefore, for Xni>0.29 the v, state is
stable. In order to develop eq(6.3) further, an analytical expression for AE(Xy;) is

required. The following expression was assumed:
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2 3 4
AE=A+BXNi+CXNi-|-DXNi+EXNi 6.4)

This expression was fitted to data on AE vs Xy; reported by Weiss[70]}, giving
=-820, B=668.85, C=-11107.9, and D=62030 for Xy;<0.29, and A=-1.07x105,

B=1.28x1086, C=-5.71x108, D=1.11x107, and E=-8.03x108 for 0.23<Xy;<C.45.

Having established the compositional dependence of AE, the lattice parameter

afcc in the Fe-Ni system is found to be:

354[1 axo s 2K 020
aFCC= . - 1 Ni+.1_1—7_ Ni< .
+9/1.79 (6.5a)
o M (1=Xy)
aFcc=3.64 l-xlxNi-Ti-g—— fOI’XNi> 0.29
(6.5b)

with g=exp(AE/RT) and A,=0.0075, A,=0.0293, A,’=0.0338, and A,'=0.0273. AE
is given by eq(6.4). Fig.6.2 presents the lattice parameter agcc as a function of
mole fraction Ni in the Fe-Ni system for Xy;<0.29 (Fig.6.2a) and 0.29<Xy;<0.5
(Fig.6.2b). Stabilization of the high-volume ferromagnetic vy, state with the
addition of Ni, as depicted in Fig.6.2b, results in an increase in the lattice
parameter in the composition range Xy;=0.30 to 0.40. However, with further
addition of Ni, the v, state becomes saturated and the effect of the low-volume
Ni becomes evident in reducing the lattice parameter above Xy;=0.40. The data
presented here for the lattice parameter of the Fe-Ni system are in very good

agreement with experimental data obtained by Ruhl[73].
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Effect of Chromium

Addition of Cr markedly reduces the saturation magnetization[74], which
results in a decrease in the lattice parameter irrespective of Ni content.
However, Cr stabilizes the y, high-volume state and, therefore, the transition
from vy, to y, occurs at lower Ni contents (Xy;<0.29). The data of Miodownik[74]

for AE vs X, in the Fe-Ni-Cr system were fitted to an expression of the form:
L 1] 1] 2
AE=A'+B X, +C' X,

yielding A’=50, B"=9180, and C’=-50800, while AE is in cal/mol. Then, with

Vegard's law, the lattice parameter agqc in the Fe-Ni-Cr system becomes:

A, (1- Xy~ Xg,)

O =364 1- XIXNE- Xe, +

g
1 +§‘— exp(-AE/RT)

o (6.6)

2 4
+x0r[ Cy-Cp(Xyi=Cg) +C, (X4-C3) ]

Eq(6.6) was fitted to experimental data of Pearson[75] for lattice parameters in
the Fe-Ni-Cr system to give C1=3.433, C2=2.838, C3=0.506, and C4=-162.605.

Effect of Cobalt

The effect of Co on the lattice parameter agcc will now be examined. Co
stabilizes the y, high-volume state as Fig.6.1 indicates. It also increases the
saturation magnetic moment, which should lead to larger lattice parameters.
From Fig.6.1 AE=0 at X,=0.4 in the Fe-Co system. Since the AE vs X curves in
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Fig.6.1 have similar shapes for Co and Ni, the AE vs X¢, curve can be derived
from the AE vs Xy; curve by substituting Xy=Xc(0.29/0.40) in eq(6.4). The result
is:

2 3
AE=A"+B"X. +C"X. +D"X

where A”°=-820, B"°’=594.5, C"'=-8053.2, and D""'=44971.7. Eq{6.7) then
represents the effect of Co on the relative stability between the y; and v, states.
The magnetic moment {in Bohr magnetons) was calculated for the FCC phase

in the Fe-Ni-Co-Cr system using the following equation:

B= Z X B(FCC,i,0) + Zz X, X [B(FCC,i,j;O)+(Xi-Xi)B(FCC,i,j;1 )+(X.L-X.r)zB(FCC,i,j;2)+...]
i 1]

where i=Co,Cr,Fe,Ni, and B(FCC,i,j) are defined in the THERMOCALC

database and their values are given in Table 6.2.

Table 6.2 Coefficients B(FCC,i,j) in Bohr magnetons for the magnetic
moments defined in the THERMOCALC database.

Magnetic Moment Value
B(FCC,Fe;0) \ -2.1
B(FCC,Ni;0) 0.52
B(FCC,Co;0) 1.35
B(FCC,Cr;0) -2.1
B(FCC,Fe,Ni;0) 9.55
B(FCC,Fe,Ni;1) 7.23
B(FCC,Fe,Ni;2) 5.93
B(FCC,Fe,Ni;3) 6.18
B(FCC,Co,Fe;0) 9.74
B(FCC,Co,Fe;1) -3.51
B(FCC,Co,Ni;0) 1.04
B(FCC,Co,Ni;1) 0.16

B(FCC,Cr,Ni;0) -1.91
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Fig.6.3 shows the variation of the magnetic moment with Ni content for
the Fe-Ni ,Fe-Ni-5Co, and Fe-Ni-5Cr systems evaluated using eq(6.8). The
contribution of the magnetic moment to the lattice parameter of Fe-Ni-Cr can
now be calculated with the aid of eq(6.6). For Xp=0.4 and X¢,=0.05 this
equation gives agce =3.5775A, while excluding the last term in brackets (eq.6.6)
from the calculation (representing the effect of the magnetic moment) gives ogcc
=3.5924A. Therefore, the addition of 5% Cr reduces the lattice parameter by
Aa=0.01495A. This reduction in the lattice parameter is due to a reduction in the
magnetic moment AB caused by the addition of 5% Cr. The value of AB is 0.35
from Fig.6.3 for Xy;=0.40. Therefore, Aa=(0.01495/0.35)AB or Aa=0.04271 AB,
where Aa.is in A and AB is in Bohr niagnetons. To find the corresponding effect
of Co, The value of AB at XNi=0.40 was evaluated from the curves for Fe-Ni and
Fe-Ni-5Co of Fig.6.3. This gave AB=0.1. Assuming the relation between Aa and
AB above to hold for Co as well, we obtain Aa=0.04271x(0.1/0.05) X¢, or
A0=0.08542 Xc,. This equation represents the effect of the magnetic moment
on the lattice parameter due to addition of Co.

Taking all the above into consideration, the lattice parameter agc¢ for the
Fe-Ni-Cr-Co system is given by Vegard's law (and using eq(6.6)) as:

1 .Yl 72

=3514X,+3544X. +X_ | f a +1 o
%rce Ni Co Fe[ y 2] 68)

2 4
+ xC,[ C, -C, (X~ C4) +C, (X~ Cy) ] +0.08542 X,

Then using eq(6.2) to express f,; and f,;, we obtain:
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0.02747(1-Xy X Xgy)

Opog =3.514Xy; + 3.544% 5, + 3.64| (1-X:Xo X )

9
145 -exp(AE/RT)
1

2 4
# Xer| €, C, (K- €5 +C, Xy~ Cp)*] + 0.08542 X, o9

AE in eq(6.9) is given by summing the contributions of Ni,Cr, and Co:

AE = A+BX,+ CXo DXt BX o 4 CX e +B"X 5 +CX5 +D"Xa,

where the coefficients have been defined above. Eq(6.9) is the final equation to
be used for the evaluation of the lattice parameter agc¢ in the Fe-Ni-Cr-Co
system.

The value of the lattice parameter for the product phase BCC, agcgc, is
calculated using Vegard's law:

Ogoc = OFe Xpg + Oy Xyi+ O Xy (6.10)

where oc,=2.8846A for BCC Cr from Barrett and Massalski [76]. Experimental
data from Ruhl[73] on the Fe-Ni BCC lattice parameters can be used to further
develop eq(6.10). These data are presented on Fig.6.4. Ruhl has obtained data
for Ni contents up to 30 atomic percent. For higher Ni contents of interest in this
wcrk, a straight line between the data points for 22 and 30 atomic percent Ni in
Fig.6.4 will be adopted to represent the compositional dependence of the lattice
parameter for Ni content higher than 25 atomic percent. The equation for this
line is:

tgeg (Fe-Ni) = 2.8664 - 0.1 ( Xy 0.25) , for Xy > 0.25

Eq.(6.10) then becomes:
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g = [2.8664 - 0.11 (X, -0.25) ] (1 - X,) + 2.8846 X, (6.11)

Eq.(6.11) gives the lattice parameter of Fe-Ni-Cr BCC system for Xy; >0.25. The
effect of Co was not taken into account because of the lack of information on the
lattice parameter of Fe-Co BCC solid solutions.

Eq(6.1),(6.9), and(6.11) are then used to evaluate the volume change AV/V as a

function of composition.

6.5 Austenite Stabilization at Higher-Strength Levels.

The toughening effects discussed ir: Chapter 5 were associated with
AF1410 steel with strength in the range 45 to 50 Rc. An attempt will be made
now to design alloy compositions for transformation toughening in the 50-55 Rc
range corresponding to 1700-2100 MPa in tensile strength . The additional
mechanical driving force at these higher strengths must be compensated by a
corresponding chemical stabilization of the precipitated austenite to ensure
similar toughening effects as for AF1410 steel.

The increment in the mechanical driving force A(AGP) due to an

increment in stress Ao, can be calculated using the Patei-Cohen criterion as:

c

A (AG®)=(Ac) (2E,
do

For the crack-tip stress-state, dAG/dc=1.42 J/mol.MPa. So for Ac=400 MPa,

A(AGC)=568 J/mol. The free energy change for the martensitic transformation
evaluated at rocrm temperature for equilibrium austenite precipitated at a
tempering temperature of 510°C will be adopted as a measure of stability. This
quantity was calculated using the THERMOCALC software with a procedure
described in section 5.2.2.2. For AF1410 steel (14Co-10Ni matrix) the free
energy change is AGch=813J/mol. Therefore, in order to compensate for the

increment in the mechanical driving force calculated above, the free energy
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change must increase to 1380J/mol. The quantity AGch was calculated for
several alloy compositions, and the results are listed in Table 6.3. The
compositions of equilibrium austenite are also shown in Table 6.3. As was
mentioned earlier, the selection of alloy compositions is subject to the constraint
of a large volume change. Therefors, the transformational volume change was
calculated for each of the alloys listed in Table 6.3. with the aid of eq(6.1),(6.9),
and (6.11) of the previous section. Several of the alloys in Table 6.3 contain Cr.
It is important to note that this is the Cr remaining in solution after complete
precipitation of MoC carbides at 510°C. The alloy compositions in Table 6.3 are
therefore matrix compositions. The ailoy composition in Table 6.3 that satisfies
the stability requirement of 1380J/mol is Fe-14Co-15Ni-2Cr (in wt%) which
possesses a AGch=1427J/mol and AV/V=3.3%. Both, the stability and the
volume change are much higher than the corresponding values for the
reference Fe-14Co-10Ni matrix. It, therefore, represents the alloy matrix
composition with the best combination of austenite stability and transformation
volume change for enhanced transformation toughening at higher strength

levels.

Table 6.3 Dependence of austenite stability and transformation volume
change on alioy matrix compositions (wt%).

Alloy Austenite Composition (783K) AGch(300K) AV/V(%)
(Co-Ni-Cr) Ni Co Cr

14-10 0.41 0.032 0 813 J/mol 2.20
16-15 0.43 0.045 0 1300 2.24
14-15-2 0.39 0.044 0.043 1427 3.30
14-13-3 0.37 0.044 0.067 1115 4.1
13-13-3 0.37 0.04 0.066 1045 3.88
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7. SUMMARIZING DISCUSSION

7.1 General

The remarkable mechanical behavior associated with transformation
plasticity in the metastable fully-austenitic steels has been exploited in this
thesis for ultrahigh-strength martensitic steels containing dispersed metastable
austenite. The dispersed austenite is found either as retained austenite or
precipitated austenite.

Transformation toughening is a toughening mechanism that arises from
the interaction between the transformation plasticity of dispersed austenite with
fracture-controlling processes. In the ultrahigh-strength steels of improved
cleanliness, fracture is controiled by shear instability, which leads to a zig-zag
fracture path ahead of a mode | crack tip. The pressure dependence of the
shear instability strain in pure shear experiments suggests a void-softening
mechanism of shear instability [77]. Models for void nucleation [78-80] indicate
that the critical nucleation stress or strain depend on both the characteristics of
the void-nucleating particle dispersion (size, volume fraction, * article
spacing, interfécial strength) as well as the strain-hardening behavior of the
matrix. Toughness improvements can be anticipated by controlling the strain-
softening mechanisms which trigger the instability, e.g. by dissolving the void-
nucleating particles with high-temperature austenitizing[81,82]. On the other
hand, shear instabilities can be delayed by superimposing a controiled strain-
hardening contribution at the critical point of instability. For this to happen, a
redistribution of strain hardening along the stress-strain curve of the materiali
must occur. So far, the most promising mechanism for altering the constitutive

behavior of the matrix is transformation plasticity. It was discussed in chapter 2
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that when the transformation is strain-induced, transformation and slip act as '
parallel deformation mechanisms, which result in a distortion of the stress-strain
curve towards the ideal exponential hardening behavior that imparts maximum
flow stability. These curve-shaping effects of transformation plasticity delay
shear instabilities and therefore improve toughness. Furthermore, the volume
change dus to the transformation relieves the general stress triaxiality ahead of
the crack tip, and may locally interact at particle interfaces to delay the
microvoid nucleation processes driving instability, and this in turn lowers the
critical strain-hardening rate for void-induced instability.

The interaction between transformation plasticity and shear instability as
described above provides a framework under which transformation toughening
operates assuming that the dispersed austenite has optimum stability. The
austenite should transform only ahead of a crack-tip and at the latest stages of
deformation in order to inhibit the localization of plastic flow. Therefore, the
required stability for transformation toughening is quite high. Preferably, the
austenite should not transform in a tensile test or even in a plane-strain tension
test.

The stability of dispersed austenite is of central importance for
transformation toughening and as such it was emphasized in this research. The
parameters which control the stability of dispersed austenite have been
identified. The most important are the size and the chemical composition of the
austenitic particles as well as the stress state. Accordingly, heat treatments have
been developed aiming at size refinement and compositional enrichment of the
dispersed austenite in order to stabilize it for the crack-tip stress state. One of
these treatments, called the "direct-nucleation” treatment, results in the
precipitation of very fine intralath austenite, highly enriched in Ni. This treatment

significantly enhances the fracture toughness relative to the standard treatment
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and with no loss of hardness. The technological importance of dispersed-phase

transformation toughening is thus demonstrated.

7.2 On Retained Austenite.

The transformation plasticity effects associated with retained austenite
have been studied in 4340 steel. The stability of retained austenite was
characterized quantitatively as a function of stress state. For this purpose the
MgC temperature is used as a measure of stability. Table 3.2 shows how the
stability of retained austenite varies with stress state. While the retained

austenite is relatively stable for the pure shear stress state, it is quite unstable
for the crack-tip stress state. This is because Mg®(p.s) is just below room

temperature while Mg9(c) is much higher than room temperature. The thin-wall

torsion experiments demonstrate that the strain-induced transformation of
retained austenite delays shear instability. This flow-stabilizing effect of retained
austenite is consisted with its stability for the pure shear stress-state. Room
temperature K¢ fracture toughness tests do not indicate similar interactions that
could enhance toughness, since the retained austenite is unstable for the crack-
tip stress state.

For stress-assisted transformation, yielding is controlled by the
transformation, and therefore, the fiow stress decreases with decreasing
temperature as indicated in Fig.2.1. While this phenomenon is clearly evident in
TRIP steels, it is not observed for retained austenite dispersed in the martensitic
matrix. This is shown in Fig.3.1 which indicates that the 0.2% flow stress does
not undergo a reversal at the Mg® temperature. Only a plateau region is

observed around the Mg® temperature, suggesting that there could be a

reversal if larger amounts of retained austenite were present. This idea is

supported by the fact that even the plateau region disappears when the volume
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fraction of retained austenite drops from 9% to 4%. Another contribution to the
observed behavior is that, at lower temperatures, the chemical driving force
becormes increasingly important relative to the mechanical driving force in their
contributions to the critical driving force for the martensitic transformation. The
transformation nucleates at lower stresses as the temperature decreases. The
microyielding experiments indicate that the elastic limit is completely controlled
by the transformation and decreases with decreasing temperature. Therefore,
most of the retained austenite transforms in the microyielding region, before
reaching the 0.2% flow stress, as the temperature decreases.

Modelling of the stress-strain behavior in the microyielding region at
T<MgO, shows that the elastic limit depends on the degree of carbon enrichment
of the retained austenite resulting from the segregation of carbon to the
austenite during tempering. The carbon enrichment decreases the chemical
driving force for the transformation, and also increases the frictional work of
interfacial motion due to solid solution hardening of the austenite. The
combination cf these two effects requires that additional driving force has to be
supplied for the transformaticn to continue. In the microyielding experiments,
this additional driving force is supplied by the applied stress and, therefore, the

elastic limit is determined by the degree of carbon enrichment.

7.3 On Precipitated Austenite

it has been demonstrated that retained austenite may be too unstable for
transformation toughening. Furthermore, the stability of retained austenite is not
easily controlled. However, when the dispersed austenite is in the form of
precipitated austenite, then its stability can be controlled through processing.

These effects have been studied in the high Ni-Co martensitic steels. A
functional form was developed reiating the MgC temperature with stability
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parameters such as size and composition of the austenite particles, the yield
strength of the matrix, and the stress state:
M =M (c,.0,/5, Vp, W% Ni)

Then the size and compositional-enrichment requirements for optimum crack-tip
stability of the dispersed austenite were estimated. Following this, a number of
treatments were investigated to achieve the desired austenitic dispersions. It
was found that in addition to stability, the amount and distribution of the
austenite are alsc important factors controliing the transformation toughening.

Single tempering treatments in the high Ni-Co martensitic steels produce
mainly interlath austenitic films. In terms of distribution, this austenitic dispersion
is not uniform since no austenite precipitates in the interior of the martensitic
laths. With short tempering times these austenitic films are relatively stable, but
at longer times they lose stability because they link with other austenite films on
the same lath boundary and, therefore, increase in size. Stabilization in this
case can occur only after very long tempering times, so that the Ni enrichment in
the austenite can reach the equilibrium composition, which is high enough to
stabilize the austenite. However, the strength then decreases rapidly with
tempering time due to coarsening of the carbide dispersions. Single tempering
treatments for austenite stabilization are therefore not successful in achieving
good strength/toughness combinations.

Another approach to austenite stabilization considered in this work is
heterogeneous nucleation of austenite on alloy-enriched cementite so that the
austenite can inherit the stabilizing solutes. In a first tempering step (420°C/5h),
a cementite dispersion is formed so that in a second step (510°C/8h), austenite
nucleates not only on the lath boundaries but also on the cementite particles in

the interior of the martensitic laths. Therefore, both interath and intralath
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austenite are thus formed. The intralath austenite is relatively fine and enriched
in Ni (18 wt%), the Ni enrichment being due to soiute transfer from the cementite
to the austenite particles. However, the cementite particles, being stabilized by
Cr, do not dissoive during the second step of the treatment and, as a result, the
toughness of the steel is degradead relative to that of the single tempering
treatments.

Finally, the best toughening effects are obtained with the direct-
nucleation treatment, which results in an ultrafine, chemically-enriched and,
therefore, very stable intralath austenitic dispersion. The treatment consists of
two steps: a short-time high-temperature tempering (600°C/15min) followed by
the standard temper (510°C/8h). Equilibrium high-Ni austenite nucleates during
the first step of the treatment. Calculations on nucleation energetics indicate that
the most feasible mode of nucleation is semicoherent nucleation on
dislocations. Interactions of austenite embryos with carbides may also
contribute to the nucleation process. The toughening effects associated with the
precipitation of the ultrastable austenitic dispersion are noteworthy. Not only is
the Jc increased by 25% with no loss of strength but the tearing modulus
(crack-growth resistance) is increased as well. The tensile uniform ductility is
also improved compared to the single tempering treatments. However, the
improvement in uniform ductility is not as dramatic as the improvement in
fracture toughness, demonstrating that although the stability of precipitated
austenite is optimum for the crack-tip stress state, it is too high for the tensile
stress state. In terms of strength/toughness combinations, the direct-nucleation
treatment represents a marked technological advance (Fig.5.24) with a K-value
(Charpy energy/hardness combinations) of 170 compared to 140 for the

standard treatment of the AF1410 steel used today.
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The toughness improvements discussed above take place at the 48-50
Rc strength of AF1410 steel. To achieve the higher property objectives, outlined
in the introduction of this thesis, the austenitic dispersion must be made still
more stable due to the increased mechanical driving-force contribution at the
higher strength levels. Consequently, alloy design for enhanced austenite
stabilization and toughening involves two requirements: selection of alloy
composition for greater chemical stabilization to compensate for the increased
mechanical driving forces and large transformational volume change. The
volume change can be controlled through the compositicnal dependence of the
lattice parameters of the product BCC and parent FCC phases. The two-gamma
states model has been employed to describe the magnetic effects on the lattice
parameter of the FCC phase. Taking into account the effect of alloying elements
on the relative stabilities of the y,(low-volume) and y,(high-volume) states as
well as on the overall magnetic moment, the lattice parameter of austenite can
be formulated as a function of composition. This, together with thermodynamic
calculations on chemical stabilization, allow the design of an alloy with a
superior combination of austenite stability and transformation volume change

for enhanced transformation toughening.
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8. CONCLUSIONS

The results presented in this thesis lead to the following conclusions with
regard to dispersed-phase transformation toughening in uitrahigh-strength

steels:

(1) The transformation plasticity of dispersed austenite and the associated
toughening effects are controlied by the stability of the austenitic
dispersion. While the stability of retained austenite cannot be adequately
controlled, the stability of precipitated austenite can be optimized through

alloy design and heat treatment.

(2) The most important microstructural parameters which control the stability
of dispersed austenite are the size and the chemical composition of the
austenitic particles. The particle size affects the probability of finding a
nucleation site in the particla, while the composition governs the
chemical driving force for the martensitic transformation. The stability
depends also on the stress state through the interaction of the
transformational volume change with stress triaxiality. For significant
transformation toughening, the required stability of the austenitic
dispersion is quite high, and can be achieved only by size refinement

and compositional enrichment of the austenitic particles.



153

(3) The MgC temperature provides a single-parameter characterization of the
stability of dispersed austenite. It was measured as a function of stress
state for retained austenite in 4340 steel. The results indicate that while
this retained austenite is stable for the pure-shear stress state, it is quite
unstable for the crack-tip stress state and, therefore, retained austenite

had little effect on transformation toughening in this steel.

(4) Controlled experiments, designed to isolate the role of retained austenite
in 4340 steel, demonstrate a flow-stabilizing effect in pure shear
deformation. The delay in shear instability is attributed to the strain-

induced transformation of retained austenite.

(5) While the 0.2% macroscoepic flow stress in 4340 steel is found not to be
controlled by retained-austenite transformation in the stress-assisted
regime, unlike the metastable fully-austenitic steels, microyielding
experiments demonstrate that the elastic limit is completely

transformation-controlled for T<Mg and slip-controlled for T>M‘s’.

(6) The constitutive behavior in the stress-assisted microyielding regime of
4340 steel has been modelled successfully by considering the effect of
stress on the autocatalytic nucieation-site potency distribution. For
retained austenite, the distribution is truncated due to the activation of
sites during quenching. This procedure allows an estimation of the
carbon stabilization of the retained austenite during tempering. The
carbon enrichment decreases the chemical driving force and increases

the frictional work of interfacial motion. Therefore, for transformation to
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continue, the above effects have to be compensated by supplying a
mechanical driving force, which then determines the elastic limit

(transformation stress) of the steel.

Three types of tempering treatments aiming at austenite stabilization
have been studied in AF1410 steel:

(@)  Single tempering treatments (510C for 5 or 8h) result in
precipitation of interlath austenite with non-uniform distribution. This
austenite is not significantly stable for transformation toughening effects.
(b)  Austenite nucleation on alloy-enriched cementite resuits in the
formation of an intralath austenite dispersion with significant Ni
enrichment. The cementite is precipitated and alloy-enriched during the
first step (420°C/5h) of the treatment, while the dispersed austenite forms
during the second step (510°C/8h). Despite the resulting austenite
stabilization, the presence of undissolved cementite proves deleterious
to the fracture toughness.

(c) A direct-nucleation treatment consisting of short-time high-
temperature (600°C/15min) tempering, followed by the standard
tempering treatment (510°C/8h), results in the nucleation of dispersed
equilibrium austenite. This dispersion is uniformly distributed, ultrafine
(~200A), and highly-enriched in Ni (~30wt%). These characteristics

re- .. -the austenitic dispersion stable enough for the crack-tip stress

st.ie and, hence, for transformation toughening.
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The direct-nucleation treatment results in a 25% increase in fracture
toughness at no loss of hardness compared to the standard single
treatments. This finding represents a pronounced technological advance
and underiines the potential importance of transformation toughening for

this class of ultrahigh-strength martensitic steels.

Even greater dispersed-phase transformation toughening at ultrahigh
strength levels is potentially attainable by enhanced austenite
stabilization and a large transformation volume change. Thermodynamic
calculation of austenite stability and a formulation of the compositional
dependence of lattice parameters, taking into account magnetic effects in
the austenite, permit the design of alloy compositions with superior
combinations of austenite stability and transformation volume change for

enhanced transformation toughening.
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9. SUGGESTIONS FOR FUTURE RESEARCH

The temperature dependence of the strength-differential effect, based on
the 0.2% flow stresses in tension and compression, exhibit two local
minima at the tensile and compressive MgC temperatures respectively.
This behavior should be compared with the temperature dependence of
the strength-differential effect, based on the tensile and compressive

elastic limits.

Although the high fracture toughness of the direct-nucleation treatment in
AF1410 steel is attributable to the transformation toughening of the
ultrafine and chemically-enriched austenitic dispersion, a rigorous proof
requires measurement of the temperature dependence of J;c in order to
vary the stability of the precipitated austenite. A peak toughness should

be observed near Mg%(c) where the stability of the austenite is optimum

for crack-tip interaction that leads to transformation toughening.

The role of carbides on the nucleation of austenite during the first step
(600°C/15min) of the direct-nucleaticn treatment should be studied
experimentally by applying the treatment to a carbon-free Fe-14Co-10Ni
ternary alloy. This experiment will give insight to the mode of austenite

nucleation and whether carbide interactions are important.
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The cementite-nucleated austenite treatment should be explored further
in Cr-free steels where the cementite should be easier to dissolve on
tempering and , therefore, not interfere with transformation toughening
as void-nucleating particles. At the same time, the observation in this
work of multiple austenite nucleation on a singie cementite particle
implies a possible role of the transformation of austenite on void
nucleation. More detailed TEM observations in fractured specimens are
needed to assess the role of dispersed austenite and its transformation

as an inhibitor of void nucleation.

Enhanced transformation toughening at extremely high strength levels
requires higher stability of the precipitated austenite and a large
transformation volume change. The next upgrading of AF1410
suggested in this work is an Fe-14Co-15Ni-2Cr matrix composition that
appears to have the optimum combination of austenite stability and
volume change &t the 55 Rc hardness level. Further modifications could
involve substitution of Co by Al for dislocation-recovery resistance and
substitution of Ni by Mn as an austenite stabilizer. The reason for the
proposed replacement of Ni is the tendency toward intermetallic-
compound formation between Ni and Al. In addition, Mn stabilizes the
low-volume antiferromagnetic state in the austenite and therefere
reduces the austenitic lattice parameter. This resduilts in a larger volume
change and should enhance toughening. Higher carbon contents should

also be investigated as means of enhancing austenite stability.
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The highest K-value of 240 (Charpy-energy/hardness combinations) weis
achieved by a variation of the direct-nucleation treatment (570°C/15min
instead of 600°C/15min). It is interesting to note that relative to the
standard treatment in AF1410 steel (510°C/5h), the 600°C/15min
treatment increased the toughness at constant hardness while the
570°C/15min treatment increased the hardness at constant toughness.
These strengthening interactions, associated probably with the effect cf
the 570°C temper on subsequent M,C carbide precipitation, should be

explored further.



159

APPENDIX A

DECONVOLUTION OF PEAKS FOR STEM MICROANALYSIS

High-resolution STEM microanalysis was used in this work to determine
the chemical composition of the precipitated austenite. The main probiem in the
analysis of the energy-dispersive X-ray spectra was the peak overlap for Fe, Co,

and Ni. Specifically, the foliowing overlaps were observed:

peak KeV overlap

Fe 6.14-6.62 FeKy

Co 6.66-7.22  FeKg and CoKg
Ni 7.26-7.74  CoKg and NiKy

To carry out the deconvolution of these peaks, two standard samples
were prepared. A cobalt oxide sample, consisting of cobalt oxide powder
supported on a grid, and a pure Fe sampie. Energy-dispersive X-ray spectra
were then taken in the STEM under the same operating conditions as for the

regular STEM microanalysis of the precipitated austenite (100 KV cperating
voltage and windowless detector). From these spectra, the ratios of the Ky and

Kp peaks were determined:

FeKg / FeKg = 0.12
CoKg / CoKg = 0.12
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These ratios remain constant under the same operating conditions. Then, the
net number of counts, which is the number of counts after background
subtraction, served to calculate the effective number of counts after the peak

deconvolution as follows:

DCo =CcCo - RFe CFe

DNi = CNi - Rco Cco

where Cco, CNi, CFe are the net counts, and Dgo, DN;j are the effective
number of counts that were used in the Cliff-Lorimer analysis. For Fe, DFg=CFe¢
for the Ky, peak. The K-factors used in the analysis were:

Kgr=0.93

KFe=1.00

Kco=1.06

KNj=1.07

KMo=3.63
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APPENDIX B
NUCLEATION OF AUSTENITE

B.1 Driving Forces.

The driving force for austenite precipitation entering the calculations of
nucleation energetics was derived from the Thermocalc sofiware. The
calculations were performed for the composition of the AF1410 steel at 510 and
600°C. The results are shown in Table B1. The following cases were examined:

- precipitation of austenite from a paraequilibrium mixture of ferrite and

cementite

- precipitation of austenite from an equilibrium mixture of ferrite and M,C

- precipitation of austenite from a paraequilibrium mixture of ferrite and

MoC.

The driving forces for the precipitation of MoC carbides were also
calculated and are given in Table B.1 for comparison. The following cases were
examined:

- precipitation of incoherent M,C from ferrite

- precipitation of incoherent M>C from a paraequilibrium mixture of ferrite

and cementite

- precipitation of coherent MyC from ferrite

- precipitation of coherent M>C from a paraequilibrium mixture of ferrite

and cementite.

The results in Table B.1 indicate that the driving forces for the precipitation of
M,C carbides are much higher than the corresponding driving forces for the
precipitation of austenite. However, in the temperature range 500-600°C, the
driving forces for the precipitation of austenite remain nearly constant while the

driving forces for the precipitation of MyC carbides decrease rapidly from 510 to
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600°C, suggesting a trend for austenite precipitation to compete with carbide
precipitation at higher temperatures.
In the following, the driving force for austenite precipitation from ferrite

was used in the calculations of nucleation energetics.

Table B.1 Driving forces for precipitation of Austenite and M,C at
510 and 600°C in AF1410 steel

Precipitation Reaction i ivi
510°C 600°C

Ferrite = Austenite 1868 1863
(Ferrite+Pcem)=Austenite 1621 1615
Ferrite=> incoh.M,C 21765 17966
(Ferrite+Pcem)= incoh. M,C 13119 12317
Ferrite= coh. MyC 13106 11533
(Ferrite+Pcem)=coh. M,C 9120 -12585
(Ferrite+M,C)=> Austenite 2017 1694
(Ferrite+M,C)paraeq.= Austenite 1962 1613

Note: Pcem=Cementite in paraequilibrium with Ferrite
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B.2 Homogeneous nucleation.
B21 n
The total free-energy change for homogeneous nucleation of austenite is:
AG = AG¢h + AGg + AGg
where AGgh is the chemical driving force for the precipitation of austenite, AGg
is the elastic strain energy, and AGg is the surface energy associated with the
formation of the embryo. For a spherical particle in an elastic isotropic medium,

the strain energy per unit voiume is [83]:

__2u
AGg = 15(1- [ 4(%1+e§2+£§3)+5 (v+ D) (e 8+ 80tut &y, )]
(1-v) (B.1)

where p is the shear modulus, v is the Poisson's ratio, and €44,€22,€33 are the
principal strains of the Bain tensor describing the transformation from BCC to

FCC. The Bain distortion is tetragonal with strain components as follows:

Oece Cece

g, =—— -1 and g _=¢ =—fF—"-1
11 g 22 33 J; e
(B.2)

where Occ and 0gcc are the lattice parameters of the austenite and ferrite

respectively. Taking Oircc=3.57A and aigcc=2.86A we get:

0.248 0 0
e=| O -0.0885 0
0 0 -0.0885

(B.3)
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Inserting these values in eq(B1) for the strain energy, gives AGg=1.07GJ/m3.
Using Vm=6.85x10-6m3/mol for the molar volume of the austenite, the above
value corresponds to AGg=7.32 KJ/mol. This value is prohibitively large for

homogeneous nucleation of coherent austenite to occur under the available

driving forces listed in Table B.1.

The total free-energy change for the nucleation of a spherical particle is

4 3 2
AG=§1tr (AG,+AG ) +4nr v
(B.4)

where Ysem iS the interfacial energy associated with a semicoherent interface,
AGgy, is the strain energy associated with the size misfit of the austenitic nucleus
in the ferritic matrix, and r is the radius of the forming nucleus.

The interfacial energy of a semicoherent nucleus is:

Ysem = Ycoh + Ystr
where Yeoh is the interfacial energy of a coherent interface (the chemical term)

and Ygr is a structural term due to the dislocation array that makes up the

interfacial boundary. An estimate for Yy, is

2
_ 5 kb
Yor ™ Orcc 2
(B.5)
with § being:
5 = Ycc ~ %Bece
%rec (B.6)

Taking Opcc and tgcc from above gives 8=0.198 With these values and taking
Yeoh to lie in the range of 10-20 ergs/cm2 (mJ/m?2), the interfacial energy for a

semicoherent nucleus becomes Ygom=184 to 194 ergs/cm2.
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The strain energy AGg;, associated with the size misfit can be evaluated using
the treatment by Nabarro[84] and Christian[85] for a spherical inclusion. The

strain energy per unit volume is:

AV 2
AG$tr — “C (—)

B.7)
where AV=Vy-Vq, Vyand Vq, are the molar volumes of austenite and ferrite

respectively The parameter Cg is given by:
3KY

Co=———
3KY +4u*

6
(B.8)

where K is the bulk modulus and p is the shear modulus. Cg is a measure of the
extent te which the matrix is able to accomodate the volume change, and

therefore it is termed the as the accomodation factor. The molar volumes are:

NAV

V =
Y

o= 6.85x 10° m° / mol

N 6 3
V =— uthc—7.28x10 m / mol
(B.9)

For these values, eq(B7) gives AGg,=107 MJ/m3.

Taking AGy=-272 MJ/m3. we obtain the activation barrier and the critical radius

as.:
. 16y _
AG = sem 2=3.5x1o“’J
3 (AG,+AG,,)
L ] 2
r =-(AG YSZ"(‘; , =21A
+
v str (B.lO)

The activation barrier above corresponds to AG"=22 eV which is a very large

barrier to be surmounted by thermal activation.
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B.3 Heterogeneous Nucleation on Dislocations

The problem of formation of coherent embryos near an edge dislocation
has been studied by Lyubcv[86] and Dollins[87). Recently Larche[88] used the
method of Eshelby[89,90] to calculate the interaction energy between the
precipitate and the stress-field of the disiocation. Matrix and embryo are
assumed to have the same elastic coefficients.

The total free-energy change is given by the sum of the chemical driving
force AGh,the elastic strain energy AGg, the surface energy AGg, and the
interaction energy AG; as:

AG = AGh + AGE + AGg + AG,
The interaction energy is given by:
AG,= -J‘c:j) eJdV
v (B.11)
where o0 describes the stress field of a dislocation in an infinite homogeneous
isotropic medium and eijT is the stress-free transformation strain. Larche[84]
considered a pure dilatational transformation and the interaction with an edge

dislocation, and defined two parameters p and A as follows:

-B=AG_+AG
P vt e (B.12)
-Agﬂ.glﬂe‘r

3m 1-v (B.13)

In the case of austenite nucleation, AGg also posseses a large deviatoric
component. Therefore, the value of AGg from eq(B2) is used. Substituting the

values of the parameters in the equations above we get:
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B<0, A<0, and |A}-2y>0, and the free-energy change vs r curve has a minimum
at r* = (-2y-A) / B. Therefore, a stable cylinder, of radius r*, can form but
cannot grow with further reduction of the free energy of the system. The size of

the stable cylinder is r*=10A for y=10mJ/m2 and r*=8A for y=20mJ/m2.

A semicoherent nucleus will possess the strain energy of a misfiting
particle which was calculated above to be AGg=107 MJ/m3. Under these
conditions, the parameters A and P for the intaraction with an edge dislocation
according to the treatment by Larche outlined above are: -B=AG,+AGg=-165
MJ/m3 (B>0), A=355 mJ/m2. The surface energy of the semicoherent nucleus is
found to be 174 mJ/m2 and so JA|-2Y=7mJ/m2. Since >0 and |A]-2Yy>0, the

nucleation is barrierless.
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