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Abstract 

Spintronics utilizes the spin of electrons in addition to its charge to manipulate magnetism in thin 

films. Research in spintronics has the potential to usher in a new wave of technologies, particularly 

in next-generation racetrack memory storage. These technologies rely on the motion of chiral spin 

textures such as domain walls or skyrmions in order to read and write data. Rare-earth (RE) 

transition-metal (TM) ferrimagnetic heterostructures are especially promising candidates due to 

their minimal stray fields and vanishing angular momentum near compensation, and have already 

exhibited high-speed current-induced domain wall motion and ultra-small skyrmion stability at 

room temperature. 

 

The stability of the chiral spin textures necessary for racetrack and skyrmionic memory is governed 

by an antisymmetric magnetic exchange interaction known as the Dzyaloshinskii-Moriya 

Interaction (DMI). Unlike the symmetric Heisenberg interaction that favors collinear spin 

alignment and gives rise to ferromagnetism and antiferromagnetism, the DMI favors canting of 

spins perpendicular to its neighbors. While DMI has been extensively studied in ferromagnetic 

systems, little work has been done to quantify its strength in ferrimagnetic systems. In this thesis 

the compositional dependence of a number of static and dynamic magnetic properties of RE-TM 

amorphous ferrimagnets necessary for the design of chiral spin texture-based technologies is 

investigated. We develop a simple method for determining magneto-optical Kerr angles that 

informs efficient design of magneto-optical Kerr effect microscopes. Additionally, we observe a 

significant variation in both RE and TM average atomic moment as a function of composition well 

described by a local environment model as well as substantial variation in magnetization as a 

function of RE-TM film thickness. Finally, current-induced domain wall motion is used to 

characterize the spin-transport properties and DMI of RE-TM films. 
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2 Introduction 

As computational power has risen and access to the internet has become ubiquitous, the 

amount of information processed on a daily basis has risen exponentially. Many of the world’s 

most valuable companies deal in information acquisition and processing, necessitating the need 

for dense and cheap memory storage technologies. Magnetism provides a natural method for 

encoding bits of ‘0’ or ‘1’ through the direction of a magnetic moment in an ‘up’ or ‘down’ state. 

Conveniently, these states persist so long as the material is kept below its critical magnetic ordering 

temperature, making magnetic storage an inherently non-volatile memory technology that can 

preserves data for decades [1]. Some of the earliest schemes for large-scale memory storage 

employed magnetic materials at their foundation. To this day, data centers around the world store 

petabytes of cloud-based information on reels of magnetic tape. In personal computers, hard disk 

drives (HDDs) utilize magnetic thin films to store bits that mechanically rotates under a head to 

read or write data. The main limitation of HDDs is random access read time, limited by the rotation 

speed of the platter, progress in which has stalled since the 1990s [2]. This has led to the dominance 

of non-magnetic flash technologies in the market today. 

 The motivation for the work in this thesis was born out of a desire to contribute to the 

development of next-generation memory storage technologies. In 2008, Parkin proposed a scheme 

to utilize new spintronic discoveries to create a new form of magnetic storage he called racetrack 

memory [3], in which magnetic domains encoding information bits in 1D magnetic wires would 

be moved by electric current instead of by mechanical rotation, eliminating the key limitation of 

HDDs. Recent breakthroughs in ferrimagnetic materials realized domain wall speeds > 1 km/s, 

theoretically making racetrack memory technologies competitive with existing RAM technologies 
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a possibility [4–6]. At the same time, novel exotic spin textures called skyrmions were beginning 

to be observed at room temperature and manipulated with small current densities [7–12]. Both of 

these developments relied upon a curious interfacial magnetic exchange interaction known as the 

Dzyaloshinskii-Moriya interaction (DMI), an interaction extensively studied in ferromagnetic 

systems, but not in the ferrimagnetic systems exhibiting high-speed domain walls and stable 

skyrmions. 

 In this thesis we focus on the determination of DMI in RE-TM thin films. Chapter 3 

provides fundamental background knowledge on DMI and chiral spin textures. In Chapter 4, we 

discuss a few of the most important experimental methods used in thesis, including a discussion 

on how to maximize signal in wide-field magneto-optical Kerr effect microscopes. In Chapter 5, 

a novel method for magneto-optical Kerr angle determination is developed and demonstrated in 

GdCo films. In Chapter 6, we conduct a thorough investigation of the magnetic properties of RE-

TM films as a function of composition and thickness. The measurement of domain wall motion in 

magnetic racetrack devices by magneto-optical Kerr effect microscopy is discussed in Chapter 7. 

Additionally, the results of the previous Chapter are combined to determine the DMI in GdCo thin 

films. Finally, Chapter 8 summarizes the work done in this thesis and presents ongoing work for 

consideration.   
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3 Background 

3.1 Heisenberg Exchange 

Magnetic ordering results from the symmetric exchange interaction between spins of 

adjacent atoms, known as the Heisenberg exchange interaction. This interaction has an energy,  

𝐸𝐻 =∑−𝐽𝑖𝑗𝑺𝒊 ∙ 𝑺𝒋
𝑖,𝑗

(3.1) 

where 𝑺𝑖,𝑗 are adjacent spins and 𝐽𝑖𝑗 is the exchange constant between the spins. The Heisenberg 

interaction favors collinear alignment of spins that either result in ferromagnetic (𝐽𝑖𝑗 > 0 ) or 

antiferromagnetic (𝐽𝑖𝑗 < 0) order based on the sign of the exchange constant. When two different 

types of atoms with distinct atomic moments and spins are antiferromagnetically coupled, 

ferrimagnetism, a third type of magnetic order emerges. 

 

3.2 Dzyaloshinskii-Moriya Interaction 

In the late 1950s, in response to observations of weak ferromagnetism in otherwise purely 

antiferromagnetic materials with particular crystal structures such as α-Fe2O3 and CoCO3, a new 

type of antisymmetric exchange interaction was proposed, later named the Dzyaloshinskii-Moriya 

interaction (DMI) [13–15]. This interaction was found to only occur in structures lacking inversion 

symmetry and to be relatively weak compared to Heisenberg exchange [16] . 

In contrast to the Heisenberg interaction, DMI favors adjacent spins oriented perpendicular 

to each other through the relation: 
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𝐸𝐷𝑀𝐼 =∑−𝑫𝒊𝒋 ∙ (𝑺𝒊 × 𝑺𝒋)

𝑖,𝑗

(3.2) 

Here, 𝑫𝒊𝒋 is the Dzyaloshinskii vector whose direction depends on the symmetry of the system. 

The cross product in this interaction energy induces rotations of spins over space. With a strong 

Heisenberg interaction, the macroscopic effect of DMI is to favor the creation of twisting and 

swirling magnetic textures thereby introducing chirality into magnetic systems. Although initially 

DMI was thought to only occur in low symmetry crystals (lacking inversion symmetry), in the 

1990s it was predicted to occur near magnetic surfaces and interfaces due to symmetry breaking 

at interfaces locally analogous to bulk crystals lacking inversion symmetry. [17] At interfaces, the 

DMI vector is given by 𝑫𝒊𝒋 = 𝐷𝑖𝑗𝒏 × 𝒆𝒊𝒋, where n is the surface normal unit vector and eij is a unit 

vector pointing from atom i to j. Thus, the DMI vector always lies in the plane of the interface with 

a sign determined by the DMI constant. However, merely breaking inversion symmetry is not 

sufficient to induce a significant DMI. Unlike the Heisenberg interaction which occurs directly 

between adjacent spins, DMI is an indirect interaction mediated by a third atom with high spin-

orbit coupling. 

 Spin-orbit coupling refers to the interaction between the spin and orbital angular 

momentum of an atom. Its Hamiltonian is of the form:  

�̂� = 𝜉𝑳 ∙ 𝑺 (3.3) 

where L is the orbital angular momentum of an atom and 𝜉 is the coupling energy. In the electron’s 

rest-frame, the motion of the positively charged nucleus around the electron induces a magnetic 

moment that interacts with the electron’s inherent spin magnetic moment to favor parallel or anti-

parallel alignment of the moments [18,19]. The coupling energy is proportional to 𝑍4  (𝑍  the 

atomic number) using the Bohr model [20]. This interaction favors parallel or antiparallel 

alignment of the spin and orbital angular momentum depending on the orbital in question. 
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Intuitively, this is evident from the semi-classical picture of a nucleus revolving around an electron. 

The larger atomic number, and consequently larger charge induces a larger electric current. 

Classically, the current is directly proportional to the generated magnetic moment and results in 

larger spin-orbit coupling. 

In practice, the spin-orbit strength difference between transition metals is less than 𝑍4 due to 

radial nodes in the d-orbitals close to the nucleus where charge is nominally highest and spin-orbit 

effects should be greatest [19]. In addition to its effects in enabling DMI, spin-orbit coupling can 

give rise to anisotropy in magnetic materials. Orbital hybridization fixes the orbital moments of 

atoms relative to certain crystallographic planes and subsequently forces the spin in a collinear 

direction. This results in magnetic anisotropy and the creation of easy and hard magnetization axes 

corresponding to low and high energy configurations of the magnetic moment. Spin-orbit coupling 

has been used to create films displaying perpendicular magnetic anisotropy (PMA), in which the 

magnetization is normal to the surface, by layering magnetic materials (typically Co) on top of 

high spin-orbit coupled materials (heavy metals) such as Au, Pt, or Pd. [21] PMA materials are of 

primary importance in memory applications. 

 

3.3 Domain Walls 

Due to the cross product in its Hamiltonian, DMI induces spin textures in crystals lacking 

inversion symmetry or near interfaces between magnetic materials and non-magnetic heavy metals 

exhibiting high spin-orbit coupling. However, although not as complex as DMI-induced textures, 

magnetic materials can naturally have texture through the formation of magnetic domains, regions 

in of homogenous magnetization within the bulk material. Domains arise naturally in most 
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magnetic materials (with the exception of soft and small magnets) to reduce the energy associated 

with stray fields emitted from the surface of the material. Domain walls separate domains and 

facilitate the rotation of magnetic moments from one domain to another. Within their finite 

thickness, the magnetization continuously rotates from one direction (for example the +z direction) 

to the opposite direction (-z). There are two types of domain walls describing how this rotation 

occurs. Bloch domain walls rotate out of plane with respect to the plane formed by the 

magnetization in adjacent domains. Néel domain walls rotate within the plane defined by its 

adjacent domain magnetizations. In films with PMA, in which one domain is pointing up out of 

the plane of the surface (parallel to the surface normal) and the other domain is pointing down 

(antiparallel to the surface normal), the two types of domain walls can quickly be distinguished by 

the direction of the magnetic moment at the wall midpoint. In these types of samples, both domain 

wall types have moments perpendicular to the surface normal. Specifically, Bloch walls have a 

midpoint moment parallel to the domain wall normal while Néel wall midpoint moments are 

perpendicular to the domain wall normal. 

 

 

Fig. 3.1: Schematic of (a) a Bloch wall and (b) a Néel wall for sample without PMA. The shaded 

region is the domain wall [20]. (c,d) Bloch and Néel walls for a sample with PMA. 
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Domains walls have a finite thickness governed by the energetic competition between 

Heisenberg exchange, favoring collinear spin alignment of adjacent atoms, and magnetic 

anisotropy which favors spin alignment along a particular easy axis dependent on the both the 

crystal structure and geometry magnetic sample in addition to any effects arising from interfacial 

spin-orbit coupling. This results in a domain wall width Δ described by the material’s anisotropy, 

K, and exchange stiffness, A [20] 

𝛥 = √
𝐴

𝐾
(3.4) 

 Domains have historically been used to store information in both magnetic tape in cassettes 

and in hard disc drives in computers. They have garnered renewed interest recently due to their 

potential applications in next generation memory coined “racetrack” memory [3]. In racetrack 

memory, domains are moved (or equivalently domain walls are moved) along a magnetic track in 

order to read or write data (Fig. 3.2) similar to the scheme used in hard disk drives (HDDs). The 

key distinction that separates racetrack memory from HDD storage is that in racetrack memory, 

only the magnetic state is moved along track; no physical motion occurs. Attempts to realize this 

concept have resulted in current induced domain wall motion. [21–24]  This is achieved by 

interfacing a ferromagnet with a metal layer that exhibits the spin Hall effect such as Pt or Ta. The 

spin Hall effect (SHE) is the creation of a spin current transverse to an applied charge current. It 

results in a type of spin-orbit torque that acts on domain walls in response to an applied current, 

enabling domain wall motion by electric current. 
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Fig. 3.2: Racetrack memory. The vertical magnetic racetracks allow for high density memory 

storage [3]. 
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3.4 Chiral Spin Textures 

As mentioned in the previously, DMI in concert with a strong Heisenberg interaction can 

induce complex spin textures in materials. This had been observed for some time in bulk DMI 

materials (crystal structures with broken inversion symmetry) but not in thin films. Following the 

prediction of DMI caused by broken surfaces and interfaces (termed interfacial DMI), the first 

observation of this effect in thin films was made in monolayer Mn on W(110). DMI on nominally 

antiferromagnetic Mn with a well-defined easy axis and hard axis resulted in a cycloidal spin spiral 

texture along one axis [25]. A cycloidal spin spiral is a texture in which a single sub-lattice (with 

the second sub-lattice antiparallel to the first) of the antiferromagnet rotates from a positive out-

of-plane (OOP) direction to a negative OOP direction as the surface is traversed, similar to a one-

dimensional Néel wall. Since this initial discovery, DMI has been used to create many other 

complex spin textures. 

 

3.4.1 Skyrmions 

 Perhaps the most unusual of these spin textures is the magnetic skyrmion. A skyrmion is a 

type of topology characterized by a winding number equal to ±1. The winding number refers to 

the 1:1 mapping of moments in the skyrmions to a unit sphere. Skyrmions can be visualized by 

imagining a domain wall wrapped into a circle. There are two types of skyrmions analogous to the 

two types of domain walls discussed earlier. Bloch skyrmions resemble whirlpools with a single 

moment in the center pointing up (or down) with concentric circles of spins canted slightly off 

vertical in a ring. Moving radially away from the center the canting increases until eventually the 

moments are perfectly in plane at the midpoint radius of the skyrmion. At its edge, the canting 
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continues until a ring of moments pointing down (or up) is reached. The Bloch character is evident 

along radial directions of the skyrmion. Néel skyrmions resemble hedgehogs with relative out of 

plane moment components increasing radially moving outward. Again, along any radial direction 

the moments rotate about an axis normal to a surface formed by the radial direction and sample 

surface normal, consistent with a standard Néel domain wall. 

 Magnetic skyrmions had previously been observed in insulators exhibiting bulk DMI due 

to broken inversion symmetry of the B20 crystal structure [19,26,27], but with the discovery of 

interface induced DMI researchers began focusing on generating skyrmions in thin films. Due to 

the influence of the DMI, Néel skyrmions are found in thin films. Skyrmions in thin films have 

significant practical applications in information storage technologies. Skyrmions are topologically 

protected structures, meaning no continuous transformation can destroy a skyrmion. In real 

materials however, moments are not continuous but localized at atomic lattice sites, thus this strict 

topological treatment is only partially applicable. The result is that skyrmions are not immutable, 

but are stabilized against other topological states by some finite energy barrier [12]. While in a 

stable state skyrmions act as solitons, moving as a quasiparticle in response to applied 

forces [27,28]. Additionally, skyrmions can be extraordinarily small, down to a handful of 

nanometers. Finally, Néel skyrmions require relatively small currents to induce motion and are 

less influenced by surface defects in the sample than domain walls [29]. All of these characteristics 

make skyrmions a promising candidate for next-generation memory storage technology, 

particularly in racetrack memory. In this scheme, each skyrmion acts as a single bit with either 

chirality or the presence/absence of a skyrmion determining the bit value (1 or 0). 

 



 21 

 

Fig. 3.3: Examples of different types of magnetic skyrmions. (a), (b) Néel type skyrmions (right-

handed and left-handed). (c), (d) Bloch skyrmions (left-handed and right-handed chirality) [19]. 

The primary challenge in skyrmion research is to create small, stable skyrmions at room 

temperature in order to be technologically relevant. As might be expected from the complex spin 

texture, skyrmion formation requires a high DMI to occur [28,30]. Competition between the DMI 

and the Heisenberg exchange interaction often results in spin spirals at the surface of the material 

at zero external magnetic field [12]. The first demonstrations of skyrmions used monolayer Fe 

pseudomorphically grown on Ir(111) to generate high DMI and induce nanometer scale 

skyrmions [30]. While this initial experiment demonstrated small skyrmions under no applied field, 

these skyrmions proved difficult to manipulate. Subsequent work grew Fe/Pd bilayers on Ir(111) 

multilayers to create “writeable” skyrmions through the transformation of surface spin spirals 

(mentioned earlier in this section) to 2D skyrmions under application of high fields (>1 T) and 

very low temperatures (<10 K) [12]. Skyrmions have been nucleated using applied field pulses, 

spin-orbit torque current pulses, and spin current injection in some scanning tunneling microscopy 

experiments [28]. Room temperature skyrmions as small as 30nm have been observed in repeated 

Pt/Co/Ir stacks used to enhance DMI to almost 2 mJ m-2 and larger, micron-sized room temperature 
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skyrmions are seen in Ta/CoFeB [27]. Skyrmions can also be selectively nucleated at particular 

points by inducing an anisotropy change in the sample  surface. Thus, by patterning a magnetic 

track with a constriction, one can nucleate skyrmions exclusively at the constriction by applying a 

current pulse across it [31]. 

 

3.4.2 Homochiral Domain Walls 

Intermediate DMI strength can also affect domain walls, stabilizing Néel walls in thin films 

with PMA. In current-induced domain wall motion, micromagnetic calculations show that the DMI 

creates an effective magnetic field parallel to the current direction [24,32]. As a result, externally 

applied longitudinal magnetic fields can serve to further stabilize or destabilize the Néel wall 

resulting in significant changes in domain wall velocity for a given applied current. In addition, 

with sufficient DMI, the domain walls adopt a single chirality, i.e. all of the domain wall moments 

rotate in the same direction along the direction of the domain wall midpoint moment. These 

homochiral domain walls have advantageous dynamics allowing for high-speed current induced 

motion [24]. The DMI strength additionally acts as a “speed limit” for current-induced domain 

wall motion with ferromagnets [6,33]. The terminal velocity of domain walls is dependent upon 

the gyromagnetic ratio and saturation magnetization, and directly proportional to the 

Dzyaloshinskii constant:   

𝑣𝑚𝑎𝑥 =
𝛾

𝑀𝑆

𝜋

2
𝐷 (3.5) 

Thus, the DMI is a critical factor in improving the speed of ferromagnetic racetrack memory 

devices. 
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3.5 Previous Work on DMI in Thin Films 

DMI is important in controlling the spin textures of magnetic materials such as skyrmions and 

cycloids, or, in the absence of such a complex texture, for the introduction of magnetic chirality to 

domain walls. In films with PMA, strong DMI stabilizes homochiral Néel domain walls and allows 

for fast, efficient current-induced domain wall motion. In these systems, DMI acts as a speed limit 

on current-induced domain wall motion [6]. As a result, controlling the strength and sign of DMI 

(to toggle chirality) is of considerable interest. 

 

3.5.1 Ferromagnetic Systems 

DMI in thin films is an interfacial effect that relies on the interaction of two magnetic atoms 

in conjunction with a non-magnetic atom with high spin-orbit coupling. Thus, to induce DMI in 

thin films typically a ferromagnetic layer is deposited above or below a heavy metal layer. When 

the ferromagnetic layer is deposited on top of certain heavy metals, PMA can be induced as 

well [19]. Interfacial DMI has been observed for a variety of heavy metal/ferromagnetic interfaces 

through domain wall motion experiments, Brillouin light scattering (BLS), and through 

computational modeling techniques. These interfaces include Co, Ni, Fe, CoFe and CoFeB on Pt, 

Pd, Ta, Au, W, or Ir [19,28,34–36]. Pt, in addition to its high spin-orbit coupling induces PMA 

when interfaced with a ferromagnet and exhibits the spin Hall effect (SHE) [37]. Consequently, Pt 

is a staple of multilayers for such purposes. Analysis of these materials has shown the Pt/Co and 

Ir/Co DMI to be the strongest at room temperature while Au exhibits weak DMI with the other 

metals taking up intermediate values [34,38]. Of additional note, different heavy metals, such as 

Pt and Ir, have different signs of the Dzyaloshinskii vector, resulting in opposite chirality spin 
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textures, notable right versus left-handed domain walls. By combining interfaces of positive and 

negative DMI, the total DMI in the multilayer stack can be enhanced or reduced, depending on the 

layer ordering. For example, Pt/Ir/[Ni/Co]n multilayers display lower net DMI than identical 

multilayers without Ir due to Pt and Ir having opposite signs of DMI [39]. However, by swapping 

the placement of the Ir layer to the top of the stack the net DMI is enhanced as the two opposite 

DMI interfaces now act in the same direction when one interface in flipped [36].  

 

 

Fig. 3.4: Plot of DMI (here IDM) energy as a function of inverse ferromagnetic layer thickness 

demonstrating a clear inverse proportionality between ferromagnetic layer thickness and DMI 

strength in (a) Pt/Co/AlOx and (b) Pt/CoFeB/AlOx. The deviation from proportionality below 1.5 

nm of tCoFeB in expected DMI in (b) is likely due to poor interfacial coverage. Adapted from [40]. 

 

While the sign of the DMI remains consistent for heavy metals interfaced with a variety of 

different ferromagnets, the magnitude of the interaction is affected by the ferromagnet and thus, 

of the specific interface. As a result of the interfacial nature of the interaction, the total DMI in 

films is inversely proportional to the thickness of the magnetic layer of the film [40]. This inverse 

proportionality results in a severe reduction in DMI strength in films just a few nm thick. The 
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thickness of the heavy metal layer has also been shown to weakly impact DMI strength, albeit not 

nearly on the same magnitude as the ferromagnetic layer thickness. In Co40Fe40B20/Pt/Cu the DMI 

strength begins to taper off as the Pt thickness drops below 3 nm, losing about 0.5 mJ m-2 of 

strength (in comparison to a maximum value of 0.45 mJ m-2 above 3 nm Pt) and precipitously 

drops off below 1.5 nm [35]. This result suggests that the DMI does not solely involve the 

ferromagnetic and non-magnetic monolayers immediately comprising the interface but is also 

impacted by a few atomic layers on either side of the interface. Computational modeling of Pt/Co 

interfaces confirms the small influence of additional layers of Pt to increase DMI while additional 

layers of Co have opposite chirality interactions which lead to an overall decrease in DMI 

strength [28,34]. Other work has found the DMI and Heisenberg exchange to be proportional, 

suggesting that the DMI variation with thickness is due to the Heisenberg exchange strength 

variation with thickness, however, the reason for this thickness dependence is unclear [41]. 

 Although certain literature has suggested that DMI may be enhanced by proximity-induced 

moments in the heavy metal layer when interfaced with the ferromagnet [42], modelling has shown 

that the opposite occurs and that only the spin-orbit coupling the heavy metal layer affects 

DMI [34]. As might be expected, because the DMI is primarily facilitated through the two 

monolayers adjacent to the interface, the quality of the interface may dictate the DMI strength as 

well. Interfacial mixing of 25% has been predicted to reduce DMI by a factor of two [34]. Low 

interfacial quality (intermixing, poor coverage) may account for DMI strengths below their 

expected value in ultrathin ferromagnetic multilayers with ferromagnetic thicknesses below 1.5 

nm.  
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3.5.2 Ferrimagnetic Systems 

So far, we have focused on ferromagnets interfaced with heavy metals. However, 

ferromagnetic multilayers have inherent limitations due to their stray-fields and domain wall 

dynamics. The stray fields lead to limitations in the size of domains, inconvenient for memory 

applications. Domain wall dynamics are governed by the Landau-Lifshitz-Gilbert (LLG) equation 

which describes the effect of effective fields on magnetization over time: 

�̇� = −𝛾𝒎 ×𝑯𝒆𝒇𝒇 + 𝛼𝒎× �̇� (3.6) 

Here 𝒎 is the normalized magnetization, 𝛾 is the gyromagnetic ratio of the ferromagnet (𝛾 =
𝑔𝜇𝐵

ℏ
, 

with g the electron spin g-factor), and α is the Gilbert damping constant. Heff is the total 

contribution of all effective magnetic fields including externally applied fields, demagnetizing 

fields arising from stray-field energy, ferromagnetic exchange fields, and anisotropy fields. The 

first term causes the magnetization to precess around the effective field. With only this term, the 

magnetization would never align with an applied field.  The second term dampens the precession 

and causes the magnetization to spiral inward toward the direction of the effective field. This 

precession results in sub-optimal domain wall motion due to a phenomenon called Walker 

breakdown, in which domain wall velocity slows above a critical effective field. Ferrimagnetic 

multilayers offer an opportunity to overcome the limitations in ferromagnets by taking advantage 

of some of the attractive features of antiferromagnets, such as low net moments and spin densities, 

while remaining readable through each sublattice [6]. 
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Fig. 3.5: (a) Schematic of domain wall track and corresponding MOKE images of domain wall in 

motion. (b) Plot of domain wall velocity versus sample temperature detailing a peak velocity at 

the angular momentum compensation temperature, TA. Adapted from [6].  

 

Recent experiments with ferrimagnetic multilayers have demonstrated their beneficial 

properties. Just as in ferromagnetic multilayers, DMI promotes homochiral Néel domain walls in 

ferrimagnetic multilayers [43]. In ferrimagnetic multilayers, velocity is capped by the current 

density j, DMI strength D, and spin density S by [6]: 

𝑣𝐹𝑖𝑀 =
𝜋

2

𝐷𝑗

√(𝑆(𝑇)𝑗)2 + (𝑆0𝑗0)2
(3.7) 

At angular momentum compensation, the spin density is zero and precessional dynamics are 

eliminated, reducing the denominator and allowing for significantly higher domain wall velocities. 

Velocities over 5.7 km/s have been observed in GdCo ferrimagnets [44]. Small stray fields also 

have advantages in skyrmion research. Skyrmions are typically destabilized by stray fields as 

thickness is increased in ferromagnets. Near magnetic compensation in ferrimagnets, small (10 

nm) skyrmions have been observed near room temperature [6]. 
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Evidence of a bulk-like DMI has been observed in GdFeCo [26]. This DMI is observed in 

spite of GdFeCo’s lack of any symmetry and without interfacing a heavy metal with high spin 

orbit coupling with the amorphous layer. Additionally, in contrast to interfacial DMI, the DMI does 

not decrease inversely with increasing thickness. Instead, it increases directly proportionally to 

thickness, a telltale sign of a bulk effect. As a final confirmation of the bulk effect, interfacing 

GdFeCo with heavy metals (Cu, Pt) has no effect on the DMI-thickness proportionality. 

Transmission electron microscopy (TEM) analysis of the co-sputtered alloy along its growth 

direction reveals a gradient in composition. This suggests that a composition gradient in an 

amorphous ferrimagnet sufficiently satisfies the broken inversion symmetry condition of DMI. 

 

3.6 Rare-Earth Transition-Metal Ferrimagnetic Alloys 

The material class studied in this thesis is amorphous rare-earth (RE) transition-metal (TM) 

alloys. These alloys garnered considerable interest in the latter half of the 20th century for their 

immediate applicability in magneto-optical recording technology [45]. In general, RE-TM alloys 

consist of two distinct sublattices that are governed by three exchange interactions: 

𝐽𝑇𝑀−𝑇𝑀, 𝐽𝑅𝐸−𝑇𝑀, and 𝐽𝑅𝐸−𝑅𝐸. Due to the localized 4f orbitals present in RE atoms, typically 𝐽𝑅𝐸−𝑅𝐸 

is negligible and 𝐽𝑇𝑀−𝑇𝑀 dominates exchange. The sign of 𝐽𝑅𝐸−𝑇𝑀 is dependent on the particular 

RE element and determines the overall RE-TM alloy magnetic order. Elements with 𝑍 ≥ 64, that 

is, the atomic number of Gd, have 𝐽𝑅𝐸−𝐶𝑜 < 0 and accordingly exhibit ferrimagnetic behavior. In 

contrast, elements with 𝑍 < 64, such as Dy have oppositely oriented moments due to Hund’s rules 

and are governed by ferromagnetic exchange [46,47]. 
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Fig. 3.6: Schematic showing three different types of order in RE-TM amorphous alloys. (a) 

Speromagnetic ordering, observed when the RE element has 𝑍 < 64. (b) Colinear ferrimagnetic 

ordering observed in GdCo. (c) Non-colinear ferrimagnetic ordering, or sperimagnetism, found 

when the RE has 𝑍 > 64. Adapted from [46]. 

 In addition to the usual Heisenberg exchange interactions, the RE element can introduce 

site-level anisotropy due to their crystal fields. This adds an additional term to the effective 

exchange [46,48,49]: 

𝐸𝐻 =∑−𝑨𝒊𝑆𝑖,𝑧
2

𝑖

+∑−𝐽𝑖𝑗𝑺𝒊 ∙ 𝑺𝒋
𝑖,𝑗

(3.8) 

where 𝑨𝒊 is a randomly oriented vector. While this exchange is generally applicable to amorphous 

alloys, in practice the first term is only significant in RE atoms with significant orbital angular 

momentum (non S-state elements), such as Nd, Dy, and Tb. The result of this term in applicable 

RE-TM alloys is to create non-colinear ferrimagnetic ordering as shown in Fig. 3.6. Ideal 

ferrimagnetic ordering, as observed in GdCo alloys is shown in Fig. 3.6(b). TbCo and DyCo 

exhibit sperimagnetism, resulting in a distribution of Tb atomic moments described by a cone angle 

(Fig. 3.6(c)). When the TM is replaced with Fe, the situation becomes even more complex, with 

both the RE and Fe moments exhibiting a cone distribution about the AFM coupling axis. 
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The key RE-TM alloys of interest in this thesis are GdCo and TbCo. In these alloys, the rare-

earth element and transition metal are antiferromagnetically coupled, i.e. Gd spins pointing up with 

Co spins pointing down. Unlike an antiferromagnet, however, the spins in each sublattice do not 

compensate each other completely. This results in a net magnetization in ferrimagnets. In general, 

each sublattice has a unique Curie temperature and unique temperature dependence as a result. 

Because each elemental sublattice is magnetized in the same direction, bulk magnetic properties 

in the material such as saturation magnetization (𝑀𝑠) and coercivity (𝐻𝑐) can be tuned by altering 

the composition of the alloy (thereby changing the ratio of up spins to down spins) or by changing 

the temperature in order to change the ratio of moment strengths in each sub-lattice. At particular 

combinations of composition and temperature, it is possible to reduce the net magnetization to 

zero, called magnetic compensation. In addition to magnetic compensation, ferrimagnets can have 

compensated angular momentum in their lattices as well when the net spin density drops to zero 

in the material. This is possible in rare-earth transition metal ferrimagnets due to their distinct 

Landé g-factors [50]. This large array of tunable properties provides a multitude of opportunities 

to enhance existing spintronics devices, making ferrimagnets an increasingly interesting material 

to study. 
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4 Experimental Methods 

 This thesis utilizes several experimental techniques to study rare-earth (RE) transition 

metal (TM) ferrimagnetic alloys. The purpose of this chapter is to introduce the methods used for 

growth, fundamental magnetic property characterization, and spin transport characterization of 

magnetic thin films.  

4.1 Sputter Deposition 

 All samples studied in this thesis were grown via DC magnetron sputter deposition. First 

developed in the 1800s, sputter deposition is a type of physical vapor deposition (PVD) widely 

used today for thin film growth in a variety of industries such as semiconductor manufacturing and 

for optical coatings [51,52]. A schematic of a typical sputter deposition process is shown in Fig. 

4.1. Sputter deposition is a high vacuum process typically done at a background pressure below 

10-5 torr. Lower background reduces oxidation and impurities in the deposited film. The RE-TM 

alloy-based heterostructures grown for this work had a background pressure < 2 × 10−7  Torr. 

Once a sufficiently low background pressure is achieved, an inert, heavy sputtering gas (typically 

Ar) is flowed into the vacuum chamber at a pressure of ~10−3 Torr. In this regime, the sputter 

deposition rate is approximately proportional to the sputtering gas pressure. A high voltage on the 

order of a couple hundred volts is applied between the target/sputter gun (cathode) and substrate 

(anode), ionizing the sputtering gas. The Ar+ ions are then accelerated by the electric field into the 

target, initiating a cascade of collisions within the target that results in ejection of target atoms 

from the target surface onto the substrate. Modern sputter guns generally employ magnetrons to 

increase the sputtering rate (Fig. 4.2). These utilize magnetic fields produced by static pole pieces 
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to create a magnetic field around the target surface. The field traps free electrons originating from 

the ionized gas in a confined region above the target. The high density of electrons near the target 

surface results in increased ionization leading to higher incident Ar+ flux on the target and higher 

sputter deposition rates [51,53]. 

 

 

Figure 4.1: Sputter process schematic, from Greene [51]. Ar is the sputtering gas that is ionized 

and accelerated into the target material (Cu), resulting in Cu condensing on the substrate. In our 

sputtering system, the target and substrate are flipped, such that the substrate is oriented upside-

down. 

 

In contrast to other PVD techniques, such as evaporation, sputter deposition can be done 

at temperatures well below the melting point of the depositing material. Increasing the substrate 

temperature enhances adatom surface diffusion, increasing the grain size of the deposited layer. 

The grain morphology is illustrated in zone diagrams that schematically show texture as a function 

of homologous substrate temperature and Ar pressure [54–57]. All samples grown in this work 
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were grown at ambient substrate temperatures, resulting in fine, columnar, polycrystalline grain 

structures for pure layers. However, RE-TM sputtered alloys have been shown to be amorphous 

when deposited under these conditions [46]. Additionally, despite its reliance on an applied voltage 

between target and source, both conductive and non-conductive target materials can be used by 

switching from DC to RF applied voltages to prevent charge accumulation on insulating targets. 

As a result, sputter deposition provides a flexible method for growing thin films, regardless of 

composition constraints.  

 

 

Figure 4.2: Magnetron sputter gun, from Simon [52]. (A) Cross-sectional side view of gun, 

showing the magnetic pole pieces and magnetic field lines emanating from target surface. (B) Top 

view of gun, showing the drift path of electrons caught in the magnetic field. 
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The overall versatility of sputter deposition makes it particularly attractive for the studies 

presented in this thesis, where a wide composition range and a variety of thicknesses of RE-TM 

alloys are required. The sputtering system used in this work consists of four sputter guns mounted 

to the base of the vacuum chamber each with individually controlled shutters to block the ejected 

target material. The substrates are mounted upside down on up to four sample holders on a rotating 

platter. A second platter with six holes can be coupled to the sample holder platter and selectively 

covered or left open to control which samples are exposed to the sputter guns. The substrate 

rotation increases film uniformity and allows one to sputter alloys by running two or more guns 

simultaneously. The deposition rate of a target is proportional to the power through the gun. Since 

the voltage is relatively constant over a known current range, a current-limited power supply can 

be used to linearly tune the deposition rate. This is useful for deposition of ultrathin films when 

high accuracy is required, or for sputtering two materials at once (termed “co-sputtering”) as in 

the case of RE-TM alloys, where tuning the relative deposition rates results in different volume 

fractions of RE and TM in the film.  The densities and molar masses of the deposited elements can 

be used to convert these volume fractions to atomic fractions with high accuracy, limited by the 

deposition rate calibration accuracy of each target. Deposition rates were determined for each 

target/gun configuration using X-Ray reflectometry on simple bilayer calibration films with 

thicknesses ranging from 10 – 30 nm to an accuracy of ~1%. Propagating this uncertainty through 

the atomic fraction calculation and accounting for minor imprecision in the timing of the 

depositions to around one second, the typical error in the atomic fraction of the RE-TM alloys 

grown was estimated to be < 2 at. % RE. 
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4.2 Vibrating Sample Magnetometry 

The primary technique used to quantify the magnetization of films studied in this thesis was 

vibrating static magnetometry. A schematic of a vibrating static magnetometer (VSM) is shown in 

Fig. 4.3. A VSM consists of a coupled pair of electromagnet coils, ferrite poles to focus the applied 

magnetic field, and a quartz sample rod suspended vertically from a vibrating head piece above 

the electromagnet. The maximum programmable field of the VSM used in this work was ~1.3 T. 

A gaussmeter is typically inserted near one of the pole pieces to monitor the applied field and 

provide continuous feedback to the electromagnet power supply for improved accuracy. The 

magnetic film is attached to the end of the sample rod in either an out-of-plane configuration (OOP, 

film normal to the applied field) or in-plane configuration (IP, film parallel to the applied field). 

The VSM head is attached to a swivel that allows for continuous 360° rotation of the sample with 

respect to the applied field. The VSM head and attached sample rod are mechanically isolated from 

the electromagnet, meaning that when the vibration in the head is activated, the sample oscillates 

vertically (along the z-axis in Fig. 4.3) with respect to the electromagnet, and consequently, the 

applied magnetic field. The magnetized sample emits its own stray fields that pass through the 

sensing “pickup” coil with a magnitude that changes as the sample oscillates. By Faraday’s law of 

induction and Lenz’s law, the changing magnetic flux through the coil induces a voltage in the coil, 

𝑉𝑖𝑛𝑑 = −
dΦB

dt
. For a VSM sensing coil, this translates to an induced voltage proportional to the 

amplitude, 𝐴, and frequency, 𝑓, of vibration, 𝑉𝑖𝑛𝑑 = 𝑚𝐴𝑓𝑆, where 𝑚 is the magnetic moment of 

the sample and 𝑆 is the sensitivity constant of the pickup coil which is related to the number of 

windings and electrical noise of the system [58]. As a result, a large amplitude and high frequency 

is generally desirable for maximum instrument sensitivity, within practical limits. The sensitivity 
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of the primary VSM used in this work was ~3 × 10−6 emu. To convert the induced voltage in the 

coil to a magnetic moment, a standard ferromagnetic sample, such as pure Ni, is used for 

calibration. Due to the geometry of the coils, the VSM measured the magnetization projected along 

the field direction (x-axis in Fig. 4.3). The VSM used in this work had a nitrogen flow temperature 

controller as well, allowing for measurement of samples from -160 °C to over 300 °C. 

 

 

Figure 4.3: Typical VSM layout, showing electromagnet coils in blue with corresponding pole 

pieces and induced magnetic field (green lines). The sample of interest is placed on the tip of the 

vibrating sample rod and the sensing coils detect the changing magnetic field flux emitted from 

the sample. Image from [58]. 

  

The two primary disadvantages of VSM measurements are the long acquisition times and B-

field measurement scheme. The large inductance of the electromagnet inhibiting the ramp time of 

the magnetic field combined with the long averaging times required to get accurate low-moment 

signals make acquiring a single hysteresis loop take anywhere from 5 – 60 minutes, depending on 
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the field resolution required. This makes VSM impractical for certain field measurements such as 

coercivity. Additionally, because VSMs operate via induction, they are sensitive to the net 

magnetization of all vibrating matter attached to the head. Consequently, the diamagnetic signal 

from the quartz sample holder as well as any contaminating impurities stuck to the rod or sample 

are added to the total signal, so very careful handling and mounting of samples is necessary for 

accurate results. This also means that the substrates (typically diamagnetic Si in this work, see Fig. 

4.4(a)) that the magnetic films are deposited on affect the final measured moments. Practically, the 

result of this limitation is that full hysteresis loops up to fields well beyond the saturation fields of 

the films are required in order to extract a reliable saturation magnetization, 𝑀𝑠 . The linear 

diamagnetic and paramagnetic background contributions of the substrate and sample holder can 

then be removed to isolate the magnetic layer’s hysteretic behavior (see Figs. 4.4(b) and (c)). 

Additionally, it should be noted that VSMs only measure total magnetic moment, and additional 

knowledge or assumptions are required to normalize this moment by the magnetic film volume. In 

this work, the nominal thickness of the magnetic film layer was calculated based on the sputter 

deposition time and deposition rate. The area of the film was determined by photographing the 

sample on grid paper as a pixel length reference and using the software ImageJ to determine the 

boundaries of the film and subsequently count the number of pixels contained within the film.  

In addition to measuring 𝑀𝑠, VSM was used to determine the anisotropy of the grown RE-

TM film stacks. The orientation of the samples was rotated to align the applied field with the 

magnetic hard-axis. The anisotropy field was then extracted from the measured hard-axis 

hysteresis loop (Fig. 4.4(d)) by fitting the positive, negative, and transition branches of the loop 

and extrapolating the intersection points. This method was used for films with anisotropy fields 

below ~7000 Oe in order to get accurate fits at saturation given the limited range of the VSM. For 
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higher anisotropy films, longitudinal MOKE magnetometry at normal incidence was used to 

determine the saturation field.  

 

 

Figure 4.4: Collected VSM hysteresis loops. (a) Linear diamagnetic response of thermally 

oxidized Si wafer used as a substrate for RE-TM ferrimagnetic layers, normalized by mass, at 295 

K. (b) Representative raw hysteresis loop of Si/Ta/Pt/Gd0.27Co0.73(3 nm)/Ta/Pt stack measured OOP, 

showing the influence of Si substrate moment on total moment. (c) Hysteresis loop of same stack 

with Si diamagnetic contribution removed, isolating the GdCo magnetic contribution to reveal a 

saturation moment of ~70 𝜇emu. (d) A similar stack measured IP, showing a characteristic uniaxial 

hard-axis loop with 𝐻𝑘 ≈ 900 Oe. 
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4.3 Magneto-optical Kerr Effect Magnetometry 

In addition to VSM, the other main technique used to measure magnetic hysteresis loops in 

this work is magneto-optical Kerr effect (MOKE) magnetometry. There are three possible 

geometries for MOKE magnetometry depending on the relative directions of incident light and 

magnetization of the sample: polar, longitudinal, and transverse (Fig. 4.5). In the polar and 

longitudinal geometries, incident polarized light reflected off a magnetized surface undergoes a 

rotation and change in its ellipticity due to the MOKE, proportional to the surface’s magnetization 

(in the transverse geometry, only the intensity of the reflected light is affected). A similar 

phenomenon occurs in transmission (the Faraday effect). As a result, the magnetization of a sample 

is determined by measuring the polarization state of the reflected light.  

 

 

Figure 4.5: Three possible geometries of MOKE measurements. (a) Polar, with M normal to the 

film surface. (b) Longitudinal, with M parallel to the film surface and plane of incidence. (c) 

Transverse, with M parallel to the film surface and perpendicular to the plane of incidence. Only 

the polar and longitudinal geometries affect the polarization state of the reflected light. Image 

from [59]. 
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The extent of polarization rotation and induced ellipticity are quantified by the material’s Kerr 

rotation, 𝜃𝑘, and ellipticity, 𝜖𝑘, angles. Because light ellipticity originates from a phase shift in 

orthogonal components of a ray of light, the Kerr parameters are often combined into a single 

complex Kerr angle, Φ𝑘 = 𝜃𝑘 + 𝑖 𝜖𝑘. The Kerr angle can be extracted using ellipsometry or using 

a MOKE magnetometer (see Chapter 5: Measurement of Kerr Rotation and Ellipticity in Magnetic 

Thin Films by MOKE Magnetometry”, for details). For RE-TM ferrimagnetic alloys, in which the 

two sublattices are antiferromagnetically coupled, the net complex Kerr angle can be represented 

as the difference between each sublattice’s individual contribution, Φ𝑘,𝑛𝑒𝑡 = Φ𝑘,𝑅𝐸 −Φ𝑘,𝑇𝑀. The 

magneto-optical response in TM is from d → d band transitions and d → f band transitions in RE, 

making Φ𝑘,𝑇𝑀  dominant at IR and visible frequencies and Φ𝑘,𝑅𝐸  dominant at UV 

frequencies [60,61]. This allows us to use MOKE magnetometry to probe a single sublattice 

magnetization. By tracking the polarity of a MOKE hysteresis loop (i.e. whether the measured 

intensity is higher at positive or negative saturation, see Fig. 4.6) under constant measurement 

parameters (the analyzer and, optionally, quarter waveplate angle), we can then determine whether 

a given sample is RE or TM dominated, an important piece of information for determining the 

magnetic compensation point in RE-TM composition series. 
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Figure 4.6: Laser MOKE hysteresis loops of (a) Co-dominated 3nm Gd0.27Co0.73 and Gd-

dominated 6nm Gd0.35Co0.65, showing the difference in loop polarity. 

 

4.3.1 Laser MOKE Magnetometry 

A MOKE magnetometer setup for both localized laser measurements and wide-field 

measurements is shown in Fig. 4.7. The key components necessary for any MOKE magnetometer 

are a light source, input polarizer to set the incident polarization, quarter waveplate, output 

polarizer (analyzer), and a photodetector. In this section, we will focus on laser MOKE 

magnetometry. In our lab, we utilize both 532 nm and 635 nm with spot sizes of ~1 𝜇m. For a 

polar geometry, other optical components such as beamsplitters and mirrors are necessary as well 

to redirect reflected light away from the source and into the detector. The raw detected signal in 

our MOKE systems is a few nanoamps, so the photodetector is first routed through a 106 gain 

transresistance amplifier, and then through a bandpass filter to reduce mechanical and optical noise. 

The quarter waveplate is used to compensate for the induced ellipticity of the reflected light beam 

but is sometimes neglected in MOKE systems. Its function is to apply a phase shift between the 

orthogonal electric field components, depending on the waveplate angle, converting the elliptical 
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light to purely rotated linearly polarized light, enhancing the intensity difference (signal) between 

+M and -M after passing through the analyzer. Practically, however, MOKE hysteresis loops can 

be acquired without a quarter waveplate in materials with significant 𝜃𝑘 at the cost of reduced 

signal-to-noise ratio (SNR). 

 

 

Figure 4.7: Schematic of combined laser and wide-field MOKE magnetometer [62]. PD: 

photodetector, ND: neutral density filter, BS: non-polarizing beamsplitter, L: lens, BE: beam 

expander. 

 

 The key advantage of laser MOKE magnetometry over VSM is its superior data acquisition 

speed. Whereas ~15 s/point of averaging is required for an accurate moment measurement in VSM, 

the intensity at each point is captured in microseconds. Thus, laser MOKE hysteresis loop 

acquisition time is limited only by the electromagnet ramp speed. For air coils with low inductive 

loads, the ramp time can be as fast as ~20 kOe/s up to a maximum field of ~2 kOe. Higher fields 
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(up to ~17 kOe in our longitudinal MOKE magnetometer) require ferrite cores and generally have 

more significant inductance, limiting their ramp times to ~3.3 kOe/s. For high-quality hysteresis 

loops, 15 – 100 loops are often averaged, making the total acquisition time on the order of ~1 min 

compared with > 20 min for a comparable VSM loop. Due to its high efficiency, laser MOKE 

magnetometry was used extensively to characterize the shape of hysteresis loops in order to 

determine critical characteristics such as the coercive field, direction of magnetic easy axis (in-

plane or normal to the plane), and saturation field. 

4.3.2 Wide-Field MOKE Microscopy 

Wide-field MOKE microscopy follows the same operating principles as laser MOKE 

magnetometry, replacing the laser with a LED and photodetector with a CCD or CMOS camera. 

MOKE microscopy allows one to image magnetic domains. This capability was used to measure 

the position of domain walls on magnetic racetracks in order to determine their velocity under an 

applied current. Unfortunately, LEDs have low intensity relative to lasers, resulting in a lower SNR 

than laser MOKE magnetometers. While a well-tuned laser MOKE magnetometer can acquire a 

clean hysteresis loop in a single cycle taking ~200 ms (SNR > 1), that same sample analyzed in a 

MOKE microscope with an equivalent cycle time would produce an incomprehensible hysteresis 

“loop” (SNR << 1). As a result, MOKE microscopy generally requires long exposure times or 

averaging multiple frames to resolve magnetic domains. 

To acquire a MOKE microscope image detailing regions of positive, negative, and zero 

magnetization, two reference images are required with the sample positively and negatively 

saturated. The two reference images are then averaged together to create a new frame, 𝐹𝑟𝑒𝑓, that 

establishes the zero-magnetization baseline intensity for the given field of view. Once the reference 
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image is saved, newly acquired frames, 𝐹𝑛𝑒𝑤, are compared to the reference to produce the contrast 

image,  

𝐹𝑐𝑜𝑛𝑡𝑟𝑎𝑠𝑡 = 𝐺
𝐹𝑛𝑒𝑤 − 𝐹𝑟𝑒𝑓

𝐹𝑛𝑒𝑤 + 𝐹𝑟𝑒𝑓
(4.1) 

where G is a gain factor required to visually see the difference between positively and negatively 

magnetized domains. The normalization is done to minimize the effects of changes in light source 

intensity relative to the reference image. An example of a wide-field MOKE microscope image is 

shown in Fig. 4.8. 

 

  

Figure 4.8: Wide-field MOKE microscope image of 8 nm Gd0.35Co0.65 magnetic racetrack. The 

blue region is down-magnetized (into the page) whereas the surrounding gray regions are non-

magnetic. The contrast here has been multiplied by 128 (𝐺 = 128). 

 

At the start of my graduate work, I initially inherited a MOKE microscope prototype built by 

previous members of my lab for domain wall motion measurements in ferromagnets and > 6 nm 

GdCo samples. However, due to the low thickness (3 nm) and unusually high Gd concentrations 

in my composition series (the highest sample I measured was over 50 at.% Gd whereas typical 

samples measured before were ~35 at.% Gd), the observed contrast in images was unacceptably 

poor for reliable domain wall position extraction. As a result, a number of redesigns were necessary 
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to improve the SNR of the system, carried out by me and fellow group member, Siying Huang. In 

the following sections I describe the key improvements made to the system.  

Analytical Expressions for Signal and Noise in Wide-Field MOKE Microscopy 

 The first step in improving the observed contrast of the MOKE microscope was to quantify 

its signal and noise contributions to understand where improvements could be made to either boost 

signal or reduce noise. In MOKE magnetometry (polar and longitudinal), the signal is a result of 

a change of polarization state transformed into an intensity difference by means of a quarter 

waveplate and analyzer. This is normalized by the average intensity, 𝐼 ̅, to give the normalized 

MOKE signal, 

𝑆 =
Δ𝐼

𝐼 ̅
(4.2) 

where Δ𝐼 = 𝐼+ − 𝐼− , that is, the difference in intensity between a positively and negatively 

magnetized sample. The normalized MOKE signal is generally a function of the Kerr angle of the 

sample, the quality of the optical system, and the analyzer, 𝜙𝐴, and quarter waveplate, 𝜙𝑊, angles. 

In the context of MOKE microscopy, in which the SNR is usually low, we are interested in 

maximizing S. The maximum signal is then,1 

𝑆𝑚𝑎𝑥 = |
Δ𝐼

𝐼 ̅
|
𝑚𝑎𝑥

=
2|Φ𝑘|

√𝛾𝐷
(4.3) 

Here, 𝛾𝐷 is the depolarization factor, a measure of the extent of depolarization in the system equal 

to the reciprocal of the extinction ratio. From this expression we see why the 3 nm GdCo 

composition series exhibited significantly worse contrast than previously measured 6 nm GdCo. 

As established previously, the Kerr angle of Co is dominant in the visible light regime, meaning 

                                                 
1 See Chapter 5 for the derivation of this expression 
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|Φ𝑘|  decreases as the concentration of Gd increases. Additionally, the low thickness of the 

magnetic layer further reduces |Φ𝑘| due to its small interaction volume.  

 

 

Figure 4.9: Contour plots showing representative (a) intensity as a function of analyzer and 

waveplate angle with extinction at 𝜙𝐴 ≈ 278°, 𝜙𝑊 ≈ 156° and (b) normalized MOKE signal, S. 

The extrema of S straddle the extinction point. 

 

 S is maximized at particular values of 𝜙𝐴 and 𝜙𝑊 that in general are functions of 𝜃𝑘 , 𝜖𝑘, 

and 𝛾𝐷.2 Experimentally, 𝛾𝐷 can be determined by measuring the intensity of reflected light off of 

a non-magnetic sample (I generally used a pristine Si wafer) with polarizer and analyzer both 

crossed and aligned optical axes. In contrast, for a freshly grown sample, the Kerr parameters are 

not typically known, meaning the precise angles necessary to maximize S are unknown. However, 

𝑆𝑚𝑎𝑥 occurs at two sets of angles that straddle the extinction point of the instrument (Fig. 4.9). 

This means that practically, determining suitable operating angles involves finding the extinction 

                                                 
2 Chapter 5 details the particular expressions of 𝜙𝐴, 𝜙𝑊 that maximize S 
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point and then adjusting 𝜙𝐴 and 𝜙𝑊 a couple of degrees away from extinction until sufficiently 

high contrast is achieved. The critical relative waveplate and analyzer angles from extinction are 

proportional to √𝛾𝐷 , meaning that a higher quality optical system featuring a low 𝛾𝐷  (or 

equivalently high extinction ratio) will result in not only a higher 𝑆𝑚𝑎𝑥 (from eq. (4.3)), but also 

critical angles closer to extinction (Fig. 4.10). Additionally, S exhibits sharper peaks as 𝛾𝐷 → 0, 

making it more difficult to locate a peak when scanning through waveplate and analyzer angles. 

The thin films examined in this work generally have |Φ𝑘| ≈ 10 – 100 millidegrees and our MOKE 

magnetometers have 𝛾𝐷 ≈ 10
−2 to 10−4, corresponding to critical angles ranging from a couple 

of degrees to less than 1°  from extinction. With such narrow peaks, high angular resolution 

analyzer and waveplate rotation mounts are necessary to capitalize on the signal gains realized by 

minimizing depolarization.  

 

 

Figure 4.10: 3D calculated plots of S with 𝜃𝑘 = 𝜖𝑘 = 0.007°  and (a) 𝛾𝐷 = 10
−3  and (b) 𝛾𝐷 =

10−4 . The waveplate and analyzer angles are referenced with respect to the extinction point. 

Decreasing 𝛾𝐷 increasing 𝑆𝑚𝑎𝑥, narrows the peak width, and moves them closer to the origin (the 

extinction point). 
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 Characterizing the noise, N, requires consideration of the detection scheme. In laser MOKE, 

there are multiple noise contributions including laser noise, dark noise, Johnson thermal noise, and 

shot noise which all have dependencies on intensity [62]. As a result, in laser systems, SNR is not 

maximized at the same critical angles that maximizes S. Because many of the significant noise 

terms are proportional to intensity, the maximum SNR in laser MOKE magnetometers tends to 

occur closer to extinction than 𝑆𝑚𝑎𝑥. In wide-field MOKE microscopy, many of these intensity-

dependent noise contributions can be neglected. We define wide-field MOKE noise, to be the 

standard deviation of the intensity in a nominally uniform intensity region normalized by the mean 

intensity, 

𝜎 =
𝜎𝑆𝐷

𝐼 ̅
(4.4) 

At low intensities, shot noise, 𝜎𝑠ℎ𝑜𝑡 , becomes significant. Shot noise originates from discrete 

collection of incident photons (converted into electrons via a photocurrent) on the sensor, 

𝜎𝑠ℎ𝑜𝑡 =
1

√ 𝐼𝐷𝑁
2𝐵−1

𝑁𝑒

(4.5)
 

with 𝐼𝐷𝑁 the intensity digital number, i.e. the intensity readout according to the bit depth of the 

camera, B (e.g. 0 to 255 for an 8-bit camera), and 𝑁𝑒 is the full well capacity (24000 𝑒− for the 

Pixelink camera, 15000 𝑒− for the Hamamatsu camera), or the maximum number of electrons that 

can be stored in a single CMOS or CCD image sensor. From (4.5) we see that the shot noise is 

minimized by selecting a sensor with a high full well capacity and by acquiring an image at high 

average intensity, which maximizes the number of photons collected.  

 In addition to shot noise, cameras also introduce discretization noise from analog-to-digital 

conversion. This is related to the bit-depth of the camera, B, 

𝜎𝑏𝑖𝑡 = 2−𝐵 (4.6) 
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An 8-bit camera (the original camera installed on our wide-field MOKE) has 𝜎𝑏𝑖𝑡 ≈ 0.004, setting 

the floor for the minimum noise in a single acquisition. Increasing the bit depth to 16 (the bit-depth 

of the improved replacement camera on our wide-field MOKE) drastically lowers this floor to 

𝜎𝑏𝑖𝑡 ≈ 2 × 10
−5. 

 

 

Figure 4.11: Wide-field MOKE microscopy noise plotted as a function of number of averaged 

images, N. (a) Pixelink 12-bit camera with Sony ICX285 sensor. Red line indicates noise fit based 

on three contributions: 𝜎𝑠ℎ𝑜𝑡, 𝜎𝑏𝑖𝑡, 𝜎𝑃𝑅𝑁𝑈. (b) Hamamatsu Orca Fusion 16-bit camera showing shot 

noise for a single frame (red line). Note the lower noise floor (𝜎 = 0.1625%) at 𝑁 = 100. 

 

Both 𝜎𝑠ℎ𝑜𝑡  and 𝜎𝑏𝑖𝑡  represent single frame noise floors and are reduced by averaging 

multiple frames together. We can represent the total noise based on these three contributions as, 

𝜎 = √
1

𝑁
(𝜎𝑠ℎ𝑜𝑡

2 + 𝜎𝑏𝑖𝑡
2 ) + 𝜎𝑃𝑅𝑁𝑈

2 (4.7) 

This is illustrated in Fig. 4.11. Eventually, averaging produces diminishing returns in noise 

reduction. At this point, the dominant noise contribution is from spatial variation in pixel 
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responsivity in the camera sensor, characterized by the camera’s photoresponse non-uniformity 

(PRNU). The PRNU is a measure of the sensor’s homogeneity and is the absolute noise floor for 

MOKE microscopy as the number of averaged frames, N, approaches infinity. The PRNU was the 

critical specification used to select an improved camera. The original Pixelink camera contained a 

Sony ICX285 sensor with an advertised PRNU of < 2%. In contrast, the PRNU of the replacement 

Hamamatsu Orca Fusion is < 0.06%. 

  

Methods for Improving SNR in MOKE Microscopy 

Combining the signal (4.3) and noise (4.7) gives the SNR of wide-field MOKE microscopy, 

𝑆𝑁𝑅 =
𝑆

𝜎
=

Δ𝐼/𝐼 ̅

√1
𝑁
(𝜎𝑠ℎ𝑜𝑡

2 + 𝜎𝑏𝑖𝑡
2 ) + 𝜎𝑃𝑅𝑁𝑈

2

(4.8)
 

As 𝑁 → ∞, we see that 𝑆𝑁𝑅 =
S

𝜎𝑃𝑅𝑁𝑈
, so that the maximum SNR occurs at 𝑆𝑚𝑎𝑥 since 𝜎𝑃𝑅𝑁𝑈 is 

independent of intensity. Thus, in applications where many frames can be averaged (or 

equivalently long exposure times are possible), PRNU is the single most important parameter for 

reducing noise in the measurement. As stated in the previous section, we replaced our Pixelink 

camera (PRNU of < 2%) with a Hamamatsu Orca Fusion (PRNU < 0.06%) which boasts the 

lowest PRNU of any camera on the market. Often, averaging 30 – 100 frames is not always 

practical. Depending on the light source intensity, sample reflectivity, and extinction ratio, 

averaging 100 frames can take minutes. The optical setup must remain stable against mechanical 

perturbations and sample stage drift on the order of microns over that time to prevent artifacts from 

appearing in the contrast image. In cases where sample stability is an issue and shorter exposure 

times are required, the shot noise and bit noise become important. 
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Figure 4.12: Measured SNR as a function of color channel including summed color channels 

(RGB2gray) and optimally weighted color channels. Data taken using Pixelink 8-bit camera with 

Sony ICX285 sensor on 8 nm Gd0.35Co0.65 magnetic racetrack with a white light source. 

 

Expression (4.3) highlights the key engineering parameter necessary to maximize signal for a 

sample with set 𝜃𝑘 , 𝜖𝑘: the extinction ratio. The extinction ratio is affected by just about every 

component of the optical system. Below are listed some design criteria and image acquisition 

strategies to maximize SNR in order of importance: 

1. High-extinction optical components. The most important design component is selection of 

high-quality polarizers and quarter waveplate with specified extinction ratios of 104  or 
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greater at the light source wavelength combined with non-polarizing beamsplitters where 

necessary. One should note that in general, every optical component depolarizes the light 

to an extent. In our optimization of the wide-field MOKE, Huang and I noticed significant 

depolarization due to certain models of objective lenses, depending of the year of 

manufacture. 

2. Use of low PRNU, monochromatic, flat spectral response camera and optical system. As 

previously stated, in the long-exposure/high N limit, the most significant noise contribution 

is the PRNU. However, the other significant selection criterion for cameras is their spectral 

response. Materials in general have variable Φ𝑘(𝜆), meaning that it is often desirable to 

change the light source wavelength to achieve higher SNR. This means camera sensors 

with equal efficiencies across the visible light spectrum are ideal. One should also note that 

the optical components are also rated for specific wavelengths of light. Even the nominally 

broad-spectrum polarizers used in our MOKE microscope exhibit different effective 

extinction ratios within the visible spectrum. This is shown in Fig. 4.12, where the SNR of 

red > green > blue light at a given intensity, despite GdCo having a constant Kerr angle 

over the visible spectrum [63]. Measurements of the extinction ratio in our system have 

revealed a > 2 × decrease in depolarization upon switching from a blue to red LED light 

source. Figure 4.12 also illustrates the importance of using monochromatic light over white 

light. The black data points are the naively summed color channels and exhibit a lower 

SNR than just the red channel despite containing 3x as many photons as the red channel. 

Only by optimally performing a weighted sum of the color channels (cyan points, found 

here using Lagrange multipliers) is a higher SNR achievable, and even then, the SNR gains 

are marginal at best. 
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3. Maximize light source intensity. If the optical system has been well-designed such that the 

extinction ratio > 3000, maximal SNR will occur within one or two degrees of the 

extinction point. As a result, the transmitted light intensity will be quite dim. At low light 

levels, camera sensors are more susceptible to shot noise and dark noise. This is evident 

from the linear increase in SNR with increasing intensity shown in Fig. 4.12. As a result, 

to minimize these contributions, the exposure time should be lengthened until 70 – 85% of 

the full well capacity has been achieved (as high a single frame intensity as possible without 

oversaturating the image). Depending on Φ𝑘, 𝛾𝐷, and the LED intensity, this could require 

exposure times > 500 ms for a single frame acquisition, which may be impractically slow 

depending on the experiment and the mechanical stability of the microscope. In general, 

increasing the LED intensity only improves SNR and acquisition speed. If faster 

acquisition times are required, the image can be binned to sacrifice spatial resolution for 

higher contrast. Binning is the act of creating large pixels by summing multiple pixel’s 

intensities together. For example, 2x2 binning combines four pixels into one, reducing 

spatial resolution by a factor of four. This can be done in post-processing or by adjusting 

the camera settings. 

4. Ensure good light collimation. The analysis done to derive maximal signal assumes perfect 

optical components save for a depolarization factor to carry all non-idealities and assumes 

light rays traveling normal to the optical surfaces. In reality, the LED is not a point source 

but its own optical element with a corresponding numerical aperture (NA) that must be 

matched with the NA of the subsequent components in the light path. This requires the use 

of lenses to collimate diverging light and focus light onto the sample plane. Light that is 

not well-collimated will travel through optical components with at an angle. In the case of 
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a quarter waveplate the light path is particularly important as it determines the degree of 

phase delay between perpendicular components of the light, meaning an angled light ray 

could effectively transform a 𝜆/4 waveplate into some non-standard order waveplate. In 

addition to proper lens selection, we have found that reducing the total length of the optical 

path by moving components closer together and adding an iris before the final lens into the 

camera to block oblique light has demonstrably improved the SNR of our wide-field 

MOKE microscope. 

 

 

Figure 4.13: Wide-field MOKE microscope images of 8 nm Gd0.35Co0.65 magnetic racetrack 

showing the magnetic region in a down-magnetized state, (a) and (c), and an up-magnetized 

state, (b) and (d). (a) and (b) were taken prior to being upgraded and have an SNR < 1. (c) and 

(d) were taken after the upgrades and have SNR ~ 10. 

 

Figure 4.13 shows the results of the improvements made to the wide-field MOKE microscope 

on a representative sample with a large Φ𝑘, 8 nm Gd0.35Co0.65. Figs. 4.13(a) and (b) show images 

taken before improvements were made to the system and with 𝐺 = 128. The measured SNR of 

these images is ~0.8. Salt-and-pepper noise is evident in the images and Fig. 4.13(b) shows 
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particularly poor contrast compared to the background. In contrast, Figs. 4.13(c) and (d) show 

post-upgrade images of the same sample with 𝐺 = 10 and a measured SNR ~ 10, an increase of 

over an order of magnitude. Despite the significantly smaller gain factor, the post-upgrade images 

exhibit remarkably clearer contrast in both magnetic states.  
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5 Measurement of Kerr Rotation and Ellipticity in Magnetic 

Thin Films by MOKE Magnetometry 

5.1 Introduction 

The magneto-optical Kerr effect (MOKE) describes the change in polarization orientation 

and ellipticity that occurs when linearly polarized incident light is reflected off a magnetic surface, 

proportional to the sample’s magnetization, M. MOKE magnetometry takes advantage of this 

effect by casting the polarization change into a detectable intensity change via a quarter waveplate 

and analyzer. MOKE magnetometry is ubiquitous as a high-speed magnetic characterization 

technique with uses ranging from determination of coercive or exchange bias fields [64,65], 

dominant sublattice in ferrimagnets [66,67], and domain wall velocity [6,68,69].  

The strength of the MOKE-induced polarization change is characterized by the complex 

Kerr angle, Φ𝑘 = 𝜃𝑘 + 𝑖𝜖𝑘 . 𝜃𝑘  is the Kerr rotation angle, which describes the change in 

polarization orientation, and 𝜖𝑘 is the Kerr ellipticity angle. Φ𝑘 has been found to influence other 

magneto-optic measurement techniques such as in Brillouin light scattering (BLS) for detection of 

magnons [70,71]. Consequently, a simple technique for Kerr angle determination is vitally 

important for a magnetic materials experimentalist. 

Conventional techniques for measuring the Kerr angle typically rely on specialized 

ellipsometers containing photoelastic modulators [72,73] or require precise knowledge of the 

Fresnel reflection coefficients of the optical components in the setup [74]. In this paper, we 

demonstrate a simple technique for measuring the Kerr rotation and ellipticity angles using a 

standard MOKE magnetometer or MOKE microscope in polar and longitudinal geometries that 

relies solely on a single measure of the overall quality of the instrument, the depolarization 
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factor. In Section 5.2 we outline the measurement technique and investigate a few characteristic 

magnetic films in Section 5.3. 

5.2 Normalized MOKE Signal Analytical Expression 

5.2.1 Quarter Waveplate Fast Axis Parallel to Incident Polarization 

There are three possible geometries for MOKE magnetometry measurements: polar, where 

M and light path are perpendicular to the sample surface; longitudinal, where M is parallel to the 

plane of reflection; and transverse, where M is perpendicular to the plane of reflection [75]. In the 

polar and longitudinal geometries, MOKE results in a transformation of incident linearly polarized 

light to elliptical, rotated light upon reflection off a magnetized sample, proportional to the 

sample’s magnetization, M [62]. The subsequent analysis applies to these two geometries. 

 A schematic of a longitudinal MOKE magnetometer is shown in Fig. 5.1(a). The light is 

initially s-polarized by the input polarizer (P), reflects off the magnetic sample, proceeds through 

a quarter waveplate (W) and analyzer (A), and finally reaches the photodetector. This setup can be 

adapted to a polar geometry by reducing the incidence angle and adding a non-polarizing 

beamsplitter after P. 
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Figure 5.1: Longitudinal MOKE magnetometer and normalized MOKE signal model. (a) 

Schematic of longitudinal MOKE magnetometer showing the initial polarizer, P; quarter waveplate, 

W; analyzer, A; and photodetector, PD. The black double-headed arrows signify the optical axes 

of the polarizers. The red double-headed arrow is the fast axis of Q. (b) MOKE hysteresis loop of 

25 nm Gd0.33Co0.67 showing the definitions of 𝐼 ̅and Δ𝐼. (c) Predicted normalized MOKE intensity 

for a magnetic material with 𝜃𝑘 = 𝜖𝑘 = 0.1° and 𝛾𝐷 = 4 × 10
−4. 

 

 The polarization of a ray of light can be represented by a Jones vector: 𝑬 = (
𝐸𝑥
𝐸𝑦
), where 

𝐸𝑥 and 𝐸𝑦 are the complex amplitudes of the electric field components of the ray of light in the 

horizontal and vertical directions, respectively. For the longitudinal geometry shown in Fig. 5.1(a), 

the horizontal and vertical components are taken to be s and p-polarized light, respectively. If the 

incident light is set to s-polarization, the light reflected off a sample is: 
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𝑬𝒔𝒂𝒎𝒑𝒍𝒆 =
1

√1 + 𝑏2
(
1
𝑏𝑒𝑖𝛿

) (5.1) 

with 𝑏 =
𝐸𝑦

𝐸𝑥
  and 𝛿 = 𝛿𝑦 − 𝛿𝑥 , the phase difference between orthogonal components. The 

quantities 𝑏  and 𝛿  are related to the orientation angle, 𝜃 , and ellipticity angle, 𝜖 , by the 

equations [76,77]: 

tan 2𝜃 =
2𝑏 cos 𝛿

1 − 𝑏2
, sin 2𝜖 =

2𝑏 sin 𝛿

1 + 𝑏2
(5.2) 

For small 𝜃 and 𝜖, this reduces to: 

𝑏 = √𝜃2 + 𝜖2, 𝛿 = arctan
𝜖

𝜃
(5.3) 

The Jones vector of the light after passing through W and A is given by the product of the Jones 

matrices: 

𝑬𝒐𝒖𝒕 = (
𝐸𝑜𝑢𝑡,𝑥
𝐸𝑜𝑢𝑡,𝑦

) = 𝑅−1(𝜙𝐴,𝑎𝑏𝑠) 𝑃𝑦 𝑅(𝜙𝐴,𝑎𝑏𝑠) 𝑅
−1(𝜙𝑊,𝑓,𝑎𝑏𝑠) 𝑊𝑥 𝑅(𝜙𝑊,𝑓,𝑎𝑏𝑠) 𝑬𝒔𝒂𝒎𝒑𝒍𝒆 (5.4) 

𝑅(𝜙) = (
cos𝜙 sin𝜙
−sin𝜙 cos𝜙

) , 𝑃𝑦 = (
0 0
0 1

) , 𝑊𝑥 = (
1 0
0 𝑖

)  

Here, 𝑅(𝜙) is the counterclockwise (CCW) rotation matrix, 𝑃𝑦 is a vertically oriented polarizer, 

and 𝑊𝑥  is a quarter waveplate with a horizontal fast axis, parallel to the incident polarization. 

𝜙𝐴,𝑎𝑏𝑠  and 𝜙𝑊,𝑓,𝑎𝑏𝑠  are the CCW angles of the analyzer from vertical (p-axis) and the quarter 

waveplate fast axis from horizontal (s-axis) as indicated in Fig. 5.1(a). The intensity at the 

photodetector is then the dot-product of 𝑬𝒐𝒖𝒕 with its complex conjugate [76]: 

𝐼 = 𝐸𝑜𝑢𝑡,𝑥𝐸𝑜𝑢𝑡,𝑥
∗ + 𝐸𝑜𝑢𝑡,𝑦𝐸𝑜𝑢𝑡,𝑦

∗ (5.5) 
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𝐼 =
1

4
[(𝜃2 + 𝜖2 − 1) cos 2𝜙𝐴,𝑎𝑏𝑠 + (𝜃

2 + 𝜖2 − 1) cos (2(𝜙𝐴,𝑎𝑏𝑠 − 2𝜙𝑊,𝑓,𝑎𝑏𝑠))

+ 2(1 + 𝜃2 + 𝜖2) + 2𝜖 sin (2(𝜙𝐴,𝑎𝑏𝑠 − 𝜙𝑊,𝑓,𝑎𝑏𝑠))

− 2𝜃 cos (2(𝜙𝐴,𝑎𝑏𝑠 −𝜙𝑊,𝑓,𝑎𝑏𝑠)) sin 2𝜙𝑊,𝑓,𝑎𝑏𝑠] 

Appling a small-angle approximation for 𝜙𝐴 and 𝜙𝑊,𝑓 (since MOKE magnetometers operate near 

extinction) and removing terms above second order gives the approximate intensity: 

𝐼(𝜃, 𝜖) ≈ 𝜃2 + 𝜖2 + 2𝜖𝜙𝐴,𝑎𝑏𝑠 − 2(𝜃 + 𝜖 + 𝜙𝐴,𝑎𝑏𝑠) + 𝜙𝐴,𝑎𝑏𝑠
2 + 2𝜙𝑊,𝑓,𝑎𝑏𝑠

2 + 𝛾𝐷 (5.6) 

where we have added a depolarization factor, 𝛾𝐷, to account for the limitations of physical optical 

components, following [62]. The depolarization factor is a measure of the quality of the optical 

system and is equivalent to the reciprocal of the extinction ratio. 𝜃 and 𝜖 describe the total rotation 

and ellipticity imparted to light reflected off the sample and can be separated into a Kerr component, 

𝜃𝑘 or 𝜖𝑘, and non-Kerr component, 𝜃0 or 𝜖0, 

𝜃 = 𝜃𝑘 + 𝜃0, 𝜖 = 𝜖𝑘 + 𝜖0 (5.7) 

Only the Kerr components, 𝜃𝑘 and 𝜖𝑘, change sign under a reversal in M, resulting in the MOKE 

signal, Δ𝐼, 

Δ𝐼 = 𝐼𝑀+ − 𝐼𝑀− = 𝐼(𝜃𝑘 + 𝜃0, 𝜖𝑘 + 𝜖0) − 𝐼(−𝜃𝑘 + 𝜃0, −𝜖𝑘 + 𝜖0) (5.8𝑎) 

Δ𝐼 = 4(𝜃0𝜃𝑘 + 𝜖𝑘(𝜖0 + 𝜙𝐴,𝑎𝑏𝑠) − (𝜖𝑘 + 𝜃𝑘) 𝜙𝑊,𝑓,𝑎𝑏𝑠) (5.8𝑏) 

The average intensity, 𝐼,̅ is: 

𝐼 ̅ =
1

2
(𝐼𝑀+ + 𝐼𝑀−) =

1

2
[𝐼(𝜃𝑘 + 𝜃0, 𝜖𝑘 + 𝜖0) − 𝐼(−𝜃𝑘 + 𝜃0, −𝜖𝑘 + 𝜖0)] (5.9𝑎) 

𝐼 ̅ = 𝜃𝑘
2 + 𝜖𝑘

2 + 𝜃0
2 + (𝜖0 + 𝜙𝐴,𝑎𝑏𝑠)

2
− 2(𝜃0 + 𝜖0 + 𝜙𝐴,𝑎𝑏𝑠)𝜙𝑊,𝑓,𝑎𝑏𝑠 + 2𝜙𝑊,𝑓,𝑎𝑏𝑠

2 + 𝛾𝐷 (5.9𝑏) 

A MOKE hysteresis loop defining Δ𝐼 and 𝐼 ̅is shown in Fig. 5.1(b).  
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Precisely aligning optical axes of the two polarizers and waveplate requires removing those 

components from the magnetometer and is experimentally tedious as a result. In a MOKE 

magnetometer, it is generally more convenient to locate extinction while a magnetic sample of 

interest is inserted.  Using (5.9b), the analyzer and waveplate extinction angles are 𝜙𝐴,𝑒𝑥𝑡 = 𝜃0 −

𝜖0 and 𝜙𝑊,𝑓,𝑒𝑥𝑡 = 𝜃0. Thus, the non-Kerr rotation and ellipticity only add an offset to the analyzer 

and waveplate angles. Defining angles relative to extinction, 𝜙𝐴 = 𝜙𝐴,𝑎𝑏𝑠 − 𝜙𝐴,𝑒𝑥𝑡  and 𝜙𝑊,𝑓 =

𝜙𝑊,𝑓,𝑎𝑏𝑠 − 𝜙𝑊,𝑓,𝑒𝑥𝑡 and combining (5.8b) and (5.9b) gives the normalized MOKE signal, 
Δ𝐼

𝐼̅
: 

Δ𝐼

𝐼 ̅
=

4(𝜖𝑘𝜙𝐴 − (𝜖𝑘 + 𝜃𝑘) 𝜙𝑊,𝑓)

𝜃𝑘
2 + 𝜖𝑘

2 − 2𝜙𝐴𝜙𝑊,𝑓 + 𝜙𝐴
2 + 2𝜙𝑊,𝑓

2 + 𝛾𝐷
(5.10) 

Figure 5.1(c) shows the normalized MOKE intensity near extinction for 𝜃𝑘 = 𝜖𝑘 = 0.1° and 𝛾𝐷 =

4 × 10−4 . The extrema straddle extinction (𝜙𝐴 = 𝜙𝑊,𝑓 = 0 ) and flip polarity moving across 

extinction. The magnitude of the extrema and their corresponding locations are: 

(
Δ𝐼

𝐼 ̅
)
𝑐𝑟𝑖𝑡

=

{
 
 

 
 ±

2|Φ𝑘|

√𝛾𝐷
, 𝜃𝑘 > 𝜖𝑘 𝑜𝑟 𝜃𝑘 = 𝜖𝑘 < 0

∓
2|Φ𝑘|

√𝛾𝐷
, 𝜃𝑘 < 𝜖𝑘 𝑜𝑟 𝜃𝑘 = 𝜖𝑘 > 0

(5.11𝑎) 

𝜙𝐴,𝑓,𝑐𝑟𝑖𝑡 = ∓|𝜖𝑘 − 𝜃𝑘|
√𝛾𝐷
|Φ𝑘|

 , 𝜙𝑊,𝑓,𝑐𝑟𝑖𝑡 = ±
𝜖𝑘 − 𝜃𝑘
|𝜖𝑘 − 𝜃𝑘|

𝜃𝑘
√𝛾𝐷
|Φ𝑘|

(5.11𝑏) 

where Φ𝑘 = 𝜃𝑘 + 𝑖𝜖𝑘 is the complex Kerr angle.  

From (5.11a), the magnitude of the normalized MOKE signal peak is proportional to |Φ𝑘| 

and inversely proportional to the depolarization. In wide-field MOKE microscopy the dominant 

noise contribution is spatial pixel variation of the detecting camera, resulting in a normalized 

MOKE signal directly proportional to the signal-to-noise ratio. As a result, minimizing 

depolarization in a MOKE microscope is critical to imaging samples with low Kerr angles. In 
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contrast, laser MOKE magnetometry is in general not directly proportional to the normalized 

MOKE signal due to intensity dependent noise contributions such as shot noise [62,78,79]. 

Figures 5.2(a)-(c) show the normalized MOKE signal with |Φ𝑘| = 0.1°  and 𝛾𝐷 =

4 × 10−4 for various combinations of Kerr rotation and ellipticity. Without Kerr ellipticity, the 

Δ𝐼/𝐼 ̅peaks occur along a +45˚ line with the 𝜙𝐴 axis, meaning equal rotations of waveplate and 

analyzer from extinction are required for maximum signal.  However, without Kerr rotation, the 

extrema fall along the 𝜙𝐴 axis. When both Kerr rotation and ellipticity equally contribute, a 90˚ 

line is made with the 𝜙𝐴 axis. We can define the angle with the 𝜙𝐴 axis as 𝜓𝑓 (shown in Fig. 5.2(a)) 

and calculate the angles as a function of 𝜃𝑘 and 𝜖𝑘: 

tan𝜓𝑓 =
𝜙𝑊,𝑓,𝑐𝑟𝑖𝑡

𝜙𝐴,𝑓,𝑐𝑟𝑖𝑡
=

−𝜃𝑘
𝜖𝑘 − 𝜃𝑘

(5.12) 

From (5.12), the angle of the Δ𝐼/𝐼 ̅extrema determines the ratio of 𝜃𝑘 to 𝜖𝑘. Combining this 

result with the magnitude of the Δ𝐼/𝐼  ̅ peak, given in (5.11a) and (5.11b), allows for the unique 

determination of magnitude and sign of 𝜃𝑘 and 𝜖𝑘. 
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Figure 5.2: Normalized MOKE signal for different Kerr rotation and ellipticity values. (a)-(c) 

Normalized MOKE signal with waveplate fast axis parallel to incident polarization. (d)-(f) 

Normalized MOKE signal with waveplate slow axis parallel to incident polarization. 
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5.2.2 Quarter Waveplate Slow Axis Parallel to Incident Polarization 

The average intensity, 𝐼,̅ relative to extinction is identical for a quarter waveplate regardless 

of whether the fast or slow axis parallel to the incident polarization direction. As a result, the fast 

and slow axes can easily be mistaken for one another, resulting in a flipped 𝜖𝑘 sign. The fast axis 

can be verified using the same components as a MOKE magnetometer, following  [80]. Using the 

same methods as described in the previous section, the normalized MOKE intensity with a 

waveplate slow axis parallel to incident polarization is (relative to extinction): 

Δ𝐼

𝐼 ̅
=

−4(𝜖𝑘𝜙𝐴 + (𝜃𝑘 − 𝜖𝑘) 𝜙𝑊,𝑠)

𝜃𝑘
2 + 𝜖𝑘

2 − 2𝜙𝐴𝜙𝑊,𝑠 + 𝜙𝐴
2 + 2𝜙𝑊,𝑠

2 + 𝛾𝐷
(5.13) 

The extrema are: 

(
Δ𝐼

𝐼 ̅
)
𝑐𝑟𝑖𝑡

= ±
2|Φ𝑘|

√𝛾𝐷

𝜃𝑘 + 𝜖𝑘
|𝜃𝑘 + 𝜖𝑘|

 (5.14𝑎) 

𝜙𝐴,𝑠,𝑐𝑟𝑖𝑡 = ∓|𝜖𝑘 + 𝜃𝑘|
√𝛾𝐷
|Φ𝑘|

 , 𝜙𝑊,𝑠,𝑐𝑟𝑖𝑡 = ∓
𝜖𝑘 + 𝜃𝑘
|𝜖𝑘 + 𝜃𝑘|

𝜃𝑘
√𝛾𝐷
|Φ𝑘|

(5.14𝑏) 

And the angle with the 𝜙𝐴 axis is: 

tan𝜓𝑠 =
𝜙𝑊,𝑠,𝑐𝑟𝑖𝑡
𝜙𝐴,𝑠,𝑐𝑟𝑖𝑡

=
𝜃𝑘

𝜖𝑘 + 𝜃𝑘
(5.15) 

 The differences between the two waveplate orientations is shown in Fig. 5.2. With no Kerr 

ellipticity, the normalized MOKE signal is independent of waveplate orientation (Figs. 5.2(a) and 

(d)), whereas with no Kerr rotation, the two orientations result in opposite MOKE signal polarities 

(Figs. 5.2(b) and (e)). Finally, mixed contributions to the Kerr angle result in qualitatively different 

plots for each orientation (Figs. 5.2(c) and (f)). Despite these qualitative differences, however, 

mistaking the waveplate optical axes only results in a flipped Kerr ellipticity; the magnitudes 

(dependent on the peak height) and sign of the Kerr rotation are unaffected.  
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5.3 MOKE Magnetometry Measurements 

The Kerr angles of BiYIG, GdCo, and TbCo were measured using the expressions in Section 

5.2. The BiYIG sample was prepared by pulsed laser deposition. The remaining samples were 

grown on Si by D.C. magnetron sputter deposition with layer structure Ta(4)/Pt(4)/GdCo or 

TbCo/Ta(4)/Pt(2), with the values in parenthesis representing the thickness in nanometers. 

Samples of 50 nm BiYIG, 25 nm Gd0.33Co0.67, and 6 nm Tb0.12Co0.88 with in-plane anisotropy were 

analyzed using a longitudinal MOKE magnetometer with a 45˚ incidence angle and incident s-

polarized 532-nm light. The quarter waveplate was oriented with its slow axis along the s-pole, 

parallel to the incident light. Magnetic MOKE hysteresis loops were collected at various 

combinations of 𝜙𝐴, 𝜙𝑊,𝑠 and the normalized MOKE signal was recorded in accordance with Fig. 

5.1(b). The results of these measurements are shown in Fig. 5.3. The similarity between Figs. 5.3(a) 

and 5.2(e) suggest that the BiYIG is dominated by Kerr ellipticity, whereas the 25-nm Gd0.33Co0.67 

and 6-nm Tb0.12Co0.88 have Δ𝐼/𝐼  ̅ plots indicative of substantial contributions from both Kerr 

rotation and ellipticity. These data were then fitted to (5.13) to determine 𝜃𝑘 and 𝜖𝑘 quantitatively. 

The depolarization factor was measured by inserting a bare Si wafer into the magnetometer, setting 

the waveplate and analyzer angles to extinction, and measuring the resultant intensity as a function 

of analyzer angle. These data were then fitted to the function, 𝐼 = 𝐼𝑒𝑥𝑡 + 𝐼0 sin
2𝜙𝐴 . The 

depolarization factor was then calculated from 𝛾𝐷 =
𝐼𝑒𝑥𝑡

𝐼0
= (4.5 ± 0.8) × 10−4. While fitting the 

data to (5.13), 𝛾𝐷 was allowed to vary within the measured uncertainty of the value. The contour 

lines in Fig. 3 show the agreement between the fitted model with the measured MOKE signal. The 

values of the parameters extracted from the fit are shown in Table 5.1. 
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Fig 5.3: Normalized MOKE signal for (a) 50 nm BiYIG, (b) 25 nm Gd0.33Co0.67, and (c) 6 nm 

Tb0.12Co0.88 with quarter waveplate slow axis parallel to incident polarization. Contour lines 

show fitted function. 

 

A 3 nm GdxCo1-x composition series of samples with perpendicular magnetic anisotropy 

(PMA) was analyzed using a polar wide-field MOKE microscope with 650 nm light. The Kerr 

angle of thin film GdCo is of particular importance due its recent prevalence in domain wall 

motion [5,6] , voltage gating [66], and Brillouin light scattering experiments [81], all of which 

depend on the GdCo Kerr angle. In these ferrimagnetic films, the Kerr signal primarily originates 

from the Co sublattice, making MOKE magnetometry a useful tool for determining the dominant 

sublattice [45]. A representative MOKE signal plot is presented in Fig. 5.4(a) and the resulting 

Kerr angles as a function of Gd atomic fraction are plotted in Fig. 5.4(b) along with best fit lines 

for each Kerr component. We observe a linear decrease in |Φ𝑘|, |𝜃𝑘|, and |𝜖𝑘| with increasing Gd 

atomic fraction, consistent with previous reports in thicker films of rare-earth transition metal 

alloys but about 10x smaller in magnitude [82,83]. The reduced value is likely due to the difference 

in thickness (3 nm versus 100 – 300 nm) and to the capping layer’s attenuating effect in our 

samples [71]. The measured GdCo composition range was limited to its PMA range. In general, 

the polar Kerr angle is significantly larger than its longitudinal counterpart [71]. As a result, to 
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investigate whether the linear trend continued to pure Co, we measured an ultrathin 0.8 nm Co 

sample deposited on Pt exhibiting PMA and determined the polar Kerr angle: 𝜃𝑘 =

−(33.3 ± 1.1) × 10−3 °, 𝜖𝑘 = (14.9 ± 0.6) × 10
−3 °. In samples under 30 nm, the Kerr rotation 

and ellipticity increase linearly with magnetic layer thickness [84]. Scaling up these values to 3 

nm gives 𝜃𝑘,3𝑛𝑚 = −(125 ± 4) × 10−3 °  and 𝜖𝑘,3𝑛𝑚 = (56 ± 2) × 10−3 ° . When compared to 

the extrapolated linear fit at 𝑥 = 0 (𝜃𝑘,𝑓𝑖𝑡 = −(50 ± 8) × 10
−3 °, 𝜖𝑘,𝑓𝑖𝑡 = (42 ± 10) × 10−3 °), 

we find reasonable agreement between the linear fit and measured Kerr ellipticity, but a significant 

underestimate of the Kerr rotation compared to the measured value. This suggests that the initial 

addition of Gd to Co may non-linearly reduce the Kerr rotation before settling into a linear 

dependence at higher Gd concentrations. A previous report has found the Kerr rotation to be 

directly proportional to the Co sublattice magnetization, 𝑀𝐶𝑜  [82]. 𝑀𝐶𝑜  is expected to be 

approximately linear over the composition range in Fig. 5.4(b) but drop steeply at low Gd 

concentrations due to the large atomic volume of Gd relative to Co, which may explain the high 

measured Kerr values of pure Co. 

 

Table 5.1: Measured longitudinal Kerr angles of various films measured via MOKE 

magnetometry 

 𝜽𝒌° (× 𝟏𝟎
−𝟑) 𝝐𝒌° (× 𝟏𝟎

−𝟑) |𝚽𝒌|° (× 𝟏𝟎
−𝟑) 𝜸𝑫 (× 𝟏𝟎

−𝟒) 
50 nm BiYIG 11.5 ± 0.9 72 ± 1.3 73.0 ± 1.3 4.2 ± 0.2 

25 nm Gd0.33Co0.67 −18.1 ± 0.3 −6.5 ± 0.2 19.2 ± 0.3 3.7 ± 0.2 

6 nm Tb0.12Co0.88 7.1 ± 0.3 4.0 ± 0.2 8.1 ± 0.3 4.5 ± 0.6 
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5.4 Conclusion 

The Kerr rotation and ellipticity can be measured using a standard MOKE magnetometer 

without augmentation. The ratio of Kerr rotation to ellipticity is easily determined by recording 

the waveplate and analyzer angles at normalized MOKE signal maxima. Combined with the 

magnitude and sign of the normalized MOKE intensity, this allows for accurate calculation of the 

sign and value of the Kerr angle. We demonstrate this technique’s applicability to both 

longitudinal and polar configurations. Finally, we find that the complex Kerr angle of thin film 

GdCo decreases linearly with increasing Gd content. In light of previous reports connecting the 

measured Kerr angle to 𝑀𝐶𝑜 in rare-earth transition-metal alloys, Kerr angle extraction may be 

an accessible method for determining the relative sublattice magnetizations in ferrimagnetic 

materials. 
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Figure 5.4: Kerr data for 3 nm GdCo, measured by polar MOKE microscopy. (a) Normalized 

MOKE signal of 3 nm Gd0.4Co0.6 with quarter waveplate fast axis parallel to incident 

polarization. Contour lines show fitted function. (b) Polar Kerr rotation, 𝜃𝑘; ellipticity, 𝜖𝑘; and 

complex Kerr angle magnitude, |Φ𝑘|, as a function of Gd atomic fraction, 𝑥. 
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6 Thickness and composition effects on atomic moments 

and magnetic compensation point in rare-earth 

transition-metal thin films3 

The previous chapter investigated the optical properties of magnetic thin films and found 

that the magnitude of the Kerr rotation and ellipticity decreases linearly with increasing Gd 

concentration in 3-nm GdCo heterostructures. Based on previous studies of thicker GdCo films, 

this suggests a linear decrease in 𝑀𝐶𝑜 over this composition range. In this chapter, we investigate 

the magnetic properties of rare-earth transition-metal thin films as a function of rare-earth 

concentration and film thickness. Using x-ray magnetic circular dichroism, we probe the spin and 

orbital angular momenta of each sublattice in GdCo and TbCo individually and find an unexpected, 

monotonic decrease in rare-earth and transition-metal atomic moment with increasing rare-earth 

content. We additionally posit the existence of a rare-earth dead layer that results in a substantial 

shift in magnetic compensation composition as the thickness of the ferrimagnetic layer is reduced 

below 10 nm. 

 

6.1 Introduction 

Rare-earth transition-metal (RE-TM) amorphous alloys have regained prominence in 

recent years due to their utility in spintronic devices. Novel spin transport phenomena such as 

ultrafast domain wall motion [5,6,68,85], stable room temperature skyrmion generation [6,86], all-

                                                 
3 This chapter is adapted from an accepted publication in Physical Review B [122] and is presented here in a mostly 

unaltered form. 
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optical switching [87,88], and field-free spin-orbit torque switching [89,90] have all been observed 

in RE-TM heterostructures, facilitated by their unique properties. Many of these properties are due 

to the antiferromagnetic coupling between the RE and TM sublattices, resulting in net 

ferrimagnetic behavior. The ferrimagnetic nature of RE-TM alloys means that their magnetization 

and net spin can be tuned by varying the temperature (T) and the compositions of the RE and TM 

sublattices, allowing for fine control of a variety of dependent magnetic properties such as 

anisotropy and compensation temperatures, with critical consequences on static and dynamic 

behavior.  

Generally, RE-TM alloys are modelled as a pair of antiferromagnetically coupled 

sublattices such that the net saturation magnetization is given by 𝑀𝑠 = |𝑀𝑅𝐸 −𝑀𝑇𝑀|. This model 

allows one to estimate net properties such as the effective g-factor of the material or the T-

dependent saturation magnetization [91,92]. In practice, the sublattice magnetizations are not 

known individually, or their values are assumed based on the pure elemental magnetizations scaled 

by their volume fractions in the alloy.  

In this work, we investigate the variation of magnetic moment in GdCo and TbCo as a 

function of RE composition  (x) and thickness (t). We find that the compensation composition 

undergoes a systematic shift to higher RE concentrations with decreasing t as the RE-TM film 

drops below 10 nm. We use x-ray magnetic circular dichroism (XMCD) to probe the atomic 

magnetic properties of each element independently as a function of x and observe a clear decrease 

in both RE and TM moment with increasing x at room temperature. We additionally observe a 

significant variation in atomic g-factors as a function of x. Finally, we model the 𝑀𝑠 as a function 

of t and x for RE-TM alloys by inclusion of a RE dead layer that shifts the compensation 

composition of thin films.  
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Figure 6.1: VSM and MOKE data of GdCo and TbCo films. (a) Layer structure of RE-Co films 

grown by sputter deposition. (b) VSM hysteresis loops of 6 nm GdCo films used to determine 

saturation magnetization Ms. All loops were measured in an out-of-plane configuration except for 

pure Co (red). The legend refers to Gd atomic fraction. (c) MOKE loops of 6 nm GdCo with PMA. 

Right-facing loop (green) is Co-dominant and left-facing loops (cyan, blue, purple) are Gd-

dominated. (d) GdCo Ms data at room temperature. Solid curves are based on a combined 

environment plus Gd dead layer model (see text). Dotted line is the predicted Ms assuming constant 

atomic Gd, Co moments across composition. Black squares are from Ref. [93]. (e) TbCo Ms data 

at room temperature. Black squares are from Ref. [83]. 
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6.2 Experimental Methods 

Films of Ta(4)/Pt(4)/GdxCo1-x(t)/Ta(4)/Pt(2) and Ta(4)/Pt(4)//TbxCo1-

x(6)/Ta(3)//Ta(3)/Pt(2) were grown by DC magnetron sputtering (numbers in parenthesis are 

thickness in nm and x is the RE atomic fraction; see Fig. 6.1(a)) on thermally oxidized Si wafers 

with x = 0 to 0.7 and t = 3, 6 nm. The TbCo films were grown in three steps (with vacuum breaks 

indicated by double slashes) due to a sputter gun limitation. The GdCo and TbCo layers were 

grown by co-sputtering Gd or Tb with Co. An Ar pressure of 3 mTorr with a background pressure 

< 2 × 10−7  Torr was used during deposition. Layer thicknesses and nominal alloy atomic 

fractions were determined from sputtering rates calibrated using x-ray reflectometry.  The atomic 

compositions of RE-Co layers were calculated using the ratio of the RE and Co deposition rates 

normalized by their molar masses and bulk densities with ~1% uncertainty. The compositions were 

controlled by controlling the RE gun current to tune the RE deposition rate relative to the Co rate. 

The films’ bottom Pt layer was chosen to replicate the Pt/GdCo multilayers used for current-

induced domain wall motion and room-temperature magnetic skyrmion generation [5,6,24,68]. 

The top Ta/Pt layer was added to prevent sample oxidation. For each sample, the 𝑀𝑠 was measured 

by acquiring an out-of-plane hysteresis loop signal using a vibrating sample magnetometer (VSM) 

and then subtracting the linear diamagnetic Si substrate background signal (Fig. 6.1(b)). Polar 

magnetooptical Kerr Effect (MOKE) hysteresis loops were taken on samples with perpendicular 

magnetic anisotropy (PMA) using a 660 nm laser. In the visible regime, the Kerr rotation is 

dominated by the Co sublattice, allowing one to determine the magnetically dominant sublattice 

via the polarity of a MOKE loop [45]. Measured MOKE loops for 6 nm GdCo are shown in Fig. 

6.1(c). The polarity change from 𝑥 = 0.25 − 0.35  indicates the samples shifting from Co-

dominated to Gd-dominated with increasing Gd content.  
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Figures 6.1(d) and (e) show measured and previously reported 𝑀𝑠 values for GdCo and 

TbCo films as a function of RE content at room temperature. The precise thickness of the GdCo 

measured in Ref. [93] (Fig. 6.1(d), black squares) was not reported, however, based on the stated 

deposition rate (50 nm/min) and thickness of the protective capping layer (30 – 100 nm), we 

conclude the thickness to be at least 100 nm. The node position of the solid curves, indicating the 

magnetic compensation composition, was verified by confirming a polarity change in the MOKE 

hysteresis loops for the grown films (6 nm and below). In both GdCo and TbCo films, the magnetic 

compensation composition of thick films is  𝑥 ≈ 0.22 . As t decreases, the compensation 

composition shifts to higher x, shifting to 𝑥 ≈ 0.3 for 6 nm films and 𝑥 ≈ 0.52 for 3 nm films.  

Proximity-induced magnetism (PIM) can exist at Pt/Co interfaces and could in principle 

cause the apparent magnetic compensation point to shift.  An unaccounted-for magnetic Pt layer 

would lead to an over- (under-) estimation of the measured RE-Co 𝑀𝑠 (𝑀𝑠,𝑚𝑒𝑎𝑠) if it were oriented 

parallel (antiparallel) to the net magnetization.  This effect can be quantified as 

𝑀𝑠,𝑚𝑒𝑎𝑠

𝑀𝑠,𝑅𝐸−𝐶𝑜
= 1 +

𝑀𝑠,𝑃𝑡𝑡𝑃𝑡
𝑀𝑠,𝑅𝐸−𝐶𝑜𝑡

(6.1) 

where 𝑀𝑠,𝑅𝐸−𝐶𝑜  and 𝑀𝑠,𝑃𝑡  are the true 𝑀𝑠  of RE-Co and Pt, respectively, 𝑀𝑠,𝑃𝑡𝑡𝑃𝑡  is the areal 

moment density of the magnetic Pt, and the rightmost term quantifies the fractional overestimate. 

Given the previously reported effective proximity moment of ~1 µB per interfacial Pt atom [94], 

we calculate 𝑀𝑠,𝑃𝑡𝑡𝑃𝑡 = 130 µA, which would shift 𝑥𝑐𝑜𝑚𝑝 by only ~1 at.% RE for t = 3 nm.  We 

conclude that PIM cannot account for the ~30 at.% Gd shift in 𝑥𝑐𝑜𝑚𝑝 observed in Fig. 6.1(d) at 

low t.  Instead, the shift in 𝑥𝑐𝑜𝑚𝑝 implies a decrease in the ratio of the effective RE magnetic 

moment relative to the Co magnetic moment with decreasing t.  
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Figure 6.2: Representative XAS and XMCD spectra of perpendicularly saturated 6 nm GdCo and 

TbCo. Top plots (a)-(c): X-ray absorption spectra at Gd M5,4, Tb M5,4, and Co L3,2 edges using 

positive (+, blue) and negative (-, orange) circularly polarized light. Black dotted line is 

interpolated background function used for calculation of r (see text). Bottom plots (d)-(f): XMCD 

signal derived from 𝜇+ − 𝜇−. Spectra (a), (c), (d), (f) are of 6 nm Gd0.25Co0.75. Spectra (b), (e) are 

of 6 nm Tb0.28Co0.72. 

 

To quantify the sublattice magnetic moments, we conducted XMCD measurements on 6 

nm GdCo and TbCo composition series at 2 K and 300 K. Previous studies have used XMCD to 

probe the magnetic properties of each sublattice in RE-TM films [38,66,95–100], however a 

comprehensive study of sublattice magnetic moments over a wide range of compositions has yet 

to be reported. X-ray absorption spectroscopy (XAS) measurements were taken in a transmission 

geometry at the BOREAS beamline of the ALBA synchrotron using a 90% circularly polarized x-

ray beam produced by an Apple-II-type undulator. The incident beam was normalized using a gold 

mesh. A field of 15 kOe was selected to ensure sample saturation. Four spectra were collected at 
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each helicity at the Gd or Tb M5,4 and Co L3,2 edges. The XAS spectra of each element were aligned 

to have consistent pre- and post-edge intensities, and the best-fit line of the pre- and post-edge 

regions was subtracted from the raw spectra to yield the corrected XAS spectra in Figs. 6.2(a)-(c). 

The XMCD signal was then calculated from the difference of the aligned XAS spectra at each 

helicity (Figs. 6.2(d)-(f)). The remaining XAS background was removed for determination of r by 

subtracting the linear interpolation of off-peak intervals from the raw spectra for each helicity. The 

off-peak intervals for interpolation were defined as E < 1180 eV, 1196 eV < E < 1210 eV, and E > 

1230 eV for Gd; E < 1232 eV, 1250 eV < E < 1268 eV, and E > 1280 eV for Tb; and E < 775 eV, 

790 eV < E < 790.8 eV, and E > 815 eV for Co. The background functions are plotted in Figs. 

6.2(a)-(c).  

The averaged orbital (𝑚𝑜 ) and spin (𝑚𝑠 ) atomic magnetic moments of the rare earth 

elements were calculated using the relations [101,102]: 

𝑚𝑧 = 𝑚𝑜 +𝑚𝑠 

𝑚𝑜,𝑅𝐸 = −
2𝑞

𝑟
𝑁ℎ𝜇𝐵,  

𝑚𝑠,𝑅𝐸 = −2
〈𝑆𝑒𝑓𝑓〉

2 + 6
〈𝑇𝑧〉𝑓𝑟𝑒𝑒
〈𝑆𝑧〉𝑓𝑟𝑒𝑒

𝜇𝐵,                      〈𝑆𝑒𝑓𝑓〉 =
5𝑝 − 3𝑞

𝑟
𝑁ℎ (6.2)

 

with the free ion dipolar and spin operators 〈𝑇𝑧〉𝑓𝑟𝑒𝑒 = 0.010 and 〈𝑆𝑧〉𝑓𝑟𝑒𝑒 = −3.466 for Gd, and 

〈𝑇𝑧〉𝑓𝑟𝑒𝑒 = 0.243 and 〈𝑆𝑧〉𝑓𝑟𝑒𝑒 = −2.943 for Tb [103]. The number of holes, 𝑁ℎ = 7 and 𝑁ℎ = 6 

were chosen for Gd and Tb [38]. Similar relations were used for the Co sublattice [101,104]: 

𝑚𝑜,𝐶𝑜 = −
4𝑞

3𝑟
𝑁ℎ𝜇𝐵, 𝑚𝑠,𝐶𝑜 = −

6𝑝 − 4𝑞

𝑟
𝑁ℎ𝜇𝐵, (6.3) 
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with 𝑁ℎ = 2.5 for Co [38]. The integrated values of the XMCD and background-corrected XAS 

spectra were used to determine 𝑝 = ∫ (𝜇+ − 𝜇−)𝑑𝜔𝐿3/𝑀5
, 𝑞 = ∫ (𝜇+ − 𝜇−)𝑑𝜔𝐿3+𝐿2/𝑀5+𝑀4

 , and 

𝑟 = ∫ (𝜇+ + 𝜇−)𝑑𝜔𝐿3+𝐿2/𝑀5+𝑀4
. 

 

 

Figure 6.3: Average atomic moment variation of 6 nm (a) GdCo and (b) TbCo with varying RE 

composition at 300 K (a), (b) and 2 K (c), (d). (a), (b) Average atomic magnetic moments at 300 

K. The combined environment and RE dead layer model is indicated by the solid red and blue lines 

with (a) j = 7 and (b) j = 10. The dashed (dotted) red lines indicate the predicted moment variation 

due to preferential deposition of one (three) atomic layer(s) of dead RE prior to alloy formation 

(see text). The open blue triangles in (a) are from a thick film of GdCo in Ref. [105]. (c), (d) 

Average atomic magnetic moments at 2 K with (c) j = 7 and (d) j = 9 for the Co sublattice. (e) 

GdCo Ms data at 4 K in a thick film, adapted from [93]. Solid line uses environment model for the 

Co sublattice while dotted line assumes constant moments for both sublattices (see text).  
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6.3 Variation of Atomic Moments with Composition 

The extracted atomic magnetic moment magnitudes of 6 nm GdCo and TbCo as a function 

of composition are plotted in Fig. 6.3. In both GdCo and TbCo, the RE and Co moments have 

opposite signs across all compositions, indicating persistent antiferromagnetic ordering, consistent 

with previous observations of ferrimagnetic order in GdCo films as thin as 1 nm  [38]. In the GdCo 

series, the orientations of the two sublattices invert between 𝑥 = 0.25 − 0.3 , suggesting a 

magnetic compensation composition in this range, consistent with the node of the red solid line in 

Fig. 6.1(d) and considerably higher than previously reported values in thick films of around 𝑥 =

0.2 − 0.22  [45,93]. The Tb and Co sublattice orientations invert between 𝑥 = 0.31 − 0.36 , 

similarly far from the magnetization compensation composition found in 100 nm films [83].  

As seen in Figs. 6.3(a)-(d), the magnitudes of the Gd, Tb, and Co moments decrease 

monotonically with increasing x at compositions above 𝑥 ≈ 0.2 . The fact that the Co moment 

approaches the bulk moment of ~1.7 µB as x → 0 suggests the absence of a significant Co dead 

layer, as is sometimes observed at interfaces in thin Co films and alloys [106]. The decrease in the 

Co moment upon alloying with the RE is reminiscent of previous studies of magnetic transition 

metals (Fe, Co, Ni) alloyed with non-magnetic impurities, which report a similar decrease in 

transition metal moment with increasing impurity concentration [105,107]. The reduction in 

transition metal moment has been accurately described by a discontinuous “environment model” 

proposed by Jaccarino and Walker [107]. This model asserts that the magnetic moment of a given 

magnetic transition metal atom is either zero or a maximum, depending on the number of transition 

metal atoms surrounding it. The average atomic moment is then just the maximum moment 

multiplied by the probability of a given atom having at least a critical number of transition metal 
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atom nearest neighbors. Described mathematically in the context of RE-Co, the average atomic 

moment of species i (Co, Gd, or Tb) is: 

𝑚𝑧,𝑖,𝑒𝑛𝑣(𝑥) = 𝑃𝑗(𝑥)𝑚𝑧,𝑖(𝑥 = 0) (6.4) 

where 𝑥 is the RE atomic fraction and  

𝑃𝑗(𝑥) =∑ (
𝑁
𝑘
) (1 − 𝑥)𝑘𝑥𝑁−𝑘  

𝑁

𝑘=𝑗
(6.5) 

is the probability of an atom having at least 𝑗  nearest neighbor Co atoms as a function of RE 

concentration. Here 𝑁 is the coordination number, 𝑚𝑧,𝑖(𝑥 = 0) is the maximum magnetic moment 

of species i, which occurs at 𝑥 = 0, and (
𝑁
𝑘
) =

𝑁!

(𝑁−𝑘)! 𝑘!
 is the binomial coefficient. Amorphous 

GdCo and TbCo have a random dense packed structure with maximal coordination numbers of 

𝑁 = 12 [46,105].  

The solid blue lines in Fig. 6.3 show the environment model applied to the Co sublattice 

𝑚𝑧,𝐶𝑜(𝑥 = 0) = 1.71 𝜇𝐵, showing excellent agreement with the measured Co moments in both 

GdCo and TbCo (solid blue triangles) at both 300 K and 2 K. The critical number of nearest Co 

neighbors 𝑗 is found to be seven for GdCo (Fig. 6.3(a)) and 10 for TbCo (Fig. 6.3(b)) at room 

temperature. Previous investigations into atomic moment variations in magnetic alloys have 

focused on transition metal atomic moments and have found critical 𝑗 values ranging from four in 

LaCo5xCu5-5x to eight in YxCo1-x alloys [105,107]. Replacing Y with Gd reduces the necessary 

number of nearest neighbors to seven, potentially arising from the influence of the weak Gd-Co 

antiferromagnetic interaction in addition to the strong Co-Co interaction. The open triangles in Fig. 

6.3(a) correspond to data taken from Ref. [105] for Co in thick GdCo films. The consistency 

between the Co moments in thick and thin films suggests the Co magnetic moment is independent 
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of film thickness. XMCD measurements performed by Streubel et al. on 1 – 15 nm GdCo confirm 

this assertion [38]. 

The RE atomic moment in RE-TM alloys is often assumed to remain constant across all 

compositions [4,108–110]. In contrast, our XMCD results at 300 K reveal non-linear RE moment 

dependencies on composition in both GdCo (Fig. 6.3(a)) and TbCo (Fig. 6.3(b)). Both Gd and Tb 

have Curie temperatures below 300 K [111], which suggests that the Gd-Gd/Tb-Tb interactions 

are negligibly weak relative to the Gd-Co/Tb-Co interactions. As a result, the RE atoms are highly 

sensitive to the local Co environment at temperatures near and above the RE Curie temperature, 

Tc. The solid red lines in Figs. 6.3(a) and (b) show the environment model applied to the Gd (Tb) 

moments with 𝑗 = 7  ( 𝑗 = 10 ) and 𝑚𝑧,𝐺𝑑(𝑥 = 0) = 3.25 𝜇𝐵  (𝑚𝑧,𝑇𝑏(𝑥 = 0) = 4.5 𝜇𝐵 ). Above 

𝑥 = 0.2, the environment model reasonably predicts the average RE atomic moment, especially 

for Gd. At low RE concentrations, both the Gd and Tb moments are significantly lower than the 

environment model predicts. We speculate that this moment reduction may be caused by the 

preferential growth of a RE dead layer at the Pt/RE-Co interface. This is discussed further below. 

Upon reducing T to 2 K (Figs. 6.3(c) and (d)), the Co moments are virtually unchanged. 

The RE moments, however, are approximately constant above 𝑥 = 0.2 , suggesting that the 

environment model is still valid at low temperatures for transition metals, but not for rare earths 

as the RE-RE interactions become dominant relative to the RE-TM interactions. The low 

temperature RE moments allow us to determine the maximum possible fraction of Gd and Tb lost 

to oxidation during the deposition process by comparing our measured values with previous studies 

on pure Gd and Tb at low temperatures. Taking the 0 K atomic Gd moment as 7.02 µB [103] or 

7.63 µB [112] and the measured Gd moment averaged over the films with xGd spanning 0.2 – 0.45 

as ~6.3 ±  0.4 µB, we determine a maximum Gd oxidation of 11 ±  5 % or 18 ±  5 % during 
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deposition. A similar calculation on the Tb moments using 9.34 𝜇𝐵 as the 0 K Tb moment [113] 

yields a Tb moment of 4.1 ± 0.2 µB corresponding to a maximum Tb oxidation of 57 ± 2 %. We 

note that although the XAS spectra contain chemical state information, in our case, they do not 

allow us to unambiguously characterize possible oxidation of the RE in our structures.  The RE 

edges are unaffected by oxidation and the O K-edge cannot be used to discriminate between 

oxidized RE elements and Ta oxide, which is present due to partial oxidation of the capping layer.   

Nonetheless, our data suggest that the highly reduced 2 K Tb moment is likely due to a 

combination of oxidation during deposition and the sperimagnetic character of TbCo. Higher Tb 

oxidation is expected due to a vacuum break between deposition of Ta/Pt/TbCo/Ta and the 

protective Ta/Pt capping layer because of a sputter gun limitation. Without vacuum break, we 

expect the Tb to oxidize at a similarly low rate as the Gd. Additionally, in TbCo, the RE and Co 

sublattices are not collinear in contrast to GdCo, with Tb cone angles over 150º 

reported [46,95,114,115]. As a result, the average Tb moment projected along the film normal will 

be reduced relative to elemental Tb. 

Low temperature Ms data of thick GdCo films as a function of Gd content are consistent 

with our finding of constant RE and decreasing transition metal moment with increasing Gd 

concentration at low T. Figure 6.3(e) shows Ms for thick GdCo films at 4 K, taken from the report 

of Hansen, et al. [93]. The dotted line shows the predicted saturation magnetization assuming both 

the RE and Co moments do not change with composition:  

𝑀𝑠(𝑥) = |
𝑚𝑧.𝐶𝑜(1 − 𝑥) − 𝑚𝑧,𝑅𝐸𝑥

𝑣𝐶𝑜(1 − 𝑥) + 𝑣𝑅𝐸𝑥
| (6.6) 

with 𝑚𝑧,𝐶𝑜 = 1.72 𝜇𝐵 , consistent with previous low-temperature moment 

measurements [104,116], and 𝑚𝑧,𝐺𝑑 = 7 𝜇𝐵 . 𝑣𝐶𝑜 = 1.100 × 10
−29 𝑚3 , 𝑣𝐺𝑑 = 3.305 ×

10−29 𝑚3, and 𝑣𝑇𝑏 = 3.211 × 10−29 𝑚3 are the atomic volumes of Co, Gd, and Tb, derived from 
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their bulk densities. This constant moment model predicts 𝑀𝑠  well below compensation but 

underestimates the observed magnetizations at higher Gd concentrations. The solid curve in Fig. 

6.3(e) instead assumes that the Co moment decreases according to the environment model with j 

= 7 (𝑚𝑧,𝐶𝑜(𝑥) = 1.72𝜇𝐵𝑃7(𝑥)) but keeps the Gd moment constant as indicated by the XMCD 

results. The resulting curve overlaps the constant moment curve below compensation but predicts 

higher magnetizations above compensation in alignment with the data. We conclude that far below 

Tc of the RE, while the TM moment still decreases with increasing RE concentration, as it does at 

room temperature, the RE moment is no longer affected by its local environment, maintaining a 

constant moment independent of composition. 
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Figure 6.4: Dead layer effects on Ms and model schematic. (a) Ms extracted from SQUID 

hysteresis loops for a 3 nm Gd0.7Co0.3 film. All loops were measured in an out-of-plane 

configuration. Inset, 2 K hysteresis loop. (b) Ms data measured at T = 300 K for Gd0.3Co0.7 thickness 

series. Dotted line is model prediction for 𝑥𝐺𝑑 = 0.35 . Insets, MOKE loops indicating Co-

dominant (blue) sample at 3 nm and Gd-dominant (red) sample at thicknesses above 4 nm. (c) Top, 

schematic of RE-Co sample with RE dead layer and alloyed RE-Co indicated. Middle, atomic 

concentration of Gd, Co versus z-coordinate along film thickness direction. Bottom, atomic 

magnetic moment versus z-coordinate. Solid lines indicate the local concentration/moment while 

the dotted lines indicate the average concentration/moment (equivalent to the nominal 

concentration) throughout the sample. (d) Best-fit rare-earth dead layer thicknesses used by model 

versus RE atomic fraction, x. 
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6.4 Reduction in Rare-Earth Moment due to Dead Layer 

Having determined the GdCo atomic moment variations with composition, we investigated 

the apparent shift in compensation composition with decreasing ferrimagnet thickness. We first 

measured 𝑀𝑠(𝑇) for a 3 nm Gd0.7Co0.3 film, which had the highest Gd concentration in our film 

series, using superconducting quantum interference device (SQUID) magnetometry. The results 

are shown in Fig. 6.4(a). Previous work has found that Tc is reduced to below room temperature 

for Gd concentrations above 𝑥 ≈ 0.47 in thick films (Fig. 5.1(d)), where, for example, Tc ~ 200 K 

for 𝑥 = 0.7 [45,93]. We observe a significant saturation magnetization of 135 kA/m at 300 K in 

our 3 nm Gd0.7Co0.3 film, in stark contrast with that finding. The low temperature 𝑀𝑠 value of 1660 

kA/m in Ref. [93], however, agrees well with the 4 K data in Fig. 6.3(e), indicating the nominal 

composition is accurate. The concavity of the plot in Fig. 6.4(a) is also notable. The T-dependence 

of RE-TM alloys can typically be approximated by two sublattices following a power-law with 

critical exponents, resulting in concave 𝑀𝑠(𝑇)  curves except in the linear regime just around 

compensation [92,99,117]. The 3 nm Gd0.7Co0.3 film, however, has a convex 𝑀𝑠(𝑇) curve and a 

sharp drop in 𝑀𝑠 from 2 to 100 K. A previous report on TbCo films with x > 0.7 and t < 12 nm has 

shown similar 𝑀𝑠(𝑇) behavior [114]. This suggests that there is a third contribution to the total 𝑀𝑠 

in thin films that has a much stronger temperature dependence than the other two sublattices.  

To further confirm the observed 𝑀𝑠  thickness dependencies in Fig. 6.1(d), we grew a 

thickness series of Gd0.3Co0.7 films at a constant composition and measured the resulting 𝑀𝑠 (Fig. 

6.4(b)). We observe a striking 𝑀𝑠 behavior. At thicknesses above 7 nm, the 𝑀𝑠 is approximately 

constant, as expected. Below 7 nm, the 𝑀𝑠  dramatically drops to compensation at 4 nm, then 

increases again at 𝑡 = 3 nm. The MOKE hysteresis loops undergo a polarity change across the 𝑀𝑠 

node as well, indicating a switch in dominant sublattice from Gd-dominant above 4 nm to Co-
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dominant below. The thick film 𝑀𝑠  data indicate that Gd0.3Co0.7 is expected to lie on the Gd-

dominated side of compensation, making the 3 nm point anomalous. The crossover to Co-

dominance at 3 nm could be explained by the reduction in Gd concentration in the alloyed 3 nm 

GdCo which would necessarily occur if there was Gd segregation in the sample.     

The shift in compensation composition with thickness, the steep, concave reduction in 𝑀𝑠 

with temperature, and the 𝑀𝑠 nodal behavior of the constant composition GdCo thickness series 

all suggest the presence of paramagnetic, “dead” Gd at room temperature that is segregated from 

the alloyed GdCo and only becomes significant in thin films. Previous investigations have 

observed complex structures in RE-TM alloys such as gradients [26] and agglomerations [118] 

that could result in a non-magnetic fraction of RE above and beyond what is predicted by the 

environment model. Additionally, the Gd atomic moment magnitude has been found to decrease 

with decreasing film thickness while the Co moment remains unchanged [38]. For simplicity, we 

will treat the excess dead Gd as a dead layer to explain our data phenomenologically. The dead 

layer results in an effective decrease in Gd moment relative to Co moment resulting in an increase 

in Gd concentration at compensation with decreasing film thickness seen in Figs. 6.1(d) and (e). 

The Gd dead layer magnetization decreases faster with increasing T compared to alloyed Gd since 

the dead layer Gd-Gd interactions are far weaker than the alloyed Gd-Co interactions. In very thin 

films with high Gd content, the Gd dead layer contributes heavily to the overall Ms at low T, 

resulting in the convex curvature seen in Fig. 6.4(a). Finally, the presence of a dead layer 

effectively reduces the concentration of alloyed Gd, whose influence on Ms becomes increasingly 

important as the ferrimagnetic layer gets thinner. At a critical thickness, this results in a dip in 

alloyed Gd concentration below the thick film compensation composition and shifts the dominant 

sublattice from Gd-dominant to Co-dominant as seen in Fig. 6.4(b). 
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6.5 Modeling Atomic Moment Variation in RE-TM Alloys 

With knowledge of the atomic moment variations with composition and the existence of a 

RE dead layer, we can model the room temperature magnetic properties as a function of 

composition and thickness. To start, we assume a one-dimensional (1D) layer structure with an 

added dead RE layer at the bottom interface of the RE-Co (Fig. 6.4(c), top), although the physical 

location of the dead layer is not important to the model. The presence of the pure RE dead layer 

reduces the RE concentration in the alloyed region below the overall RE composition, x, to a new 

composition, �̃� (Fig. 6.4(c), middle). The atomic concentrations of RE and Co are given by 

𝑐𝑅𝐸(𝑥, 𝑧) = {
1, 0 ≤ 𝑧 ≤ 𝑡𝑅𝐸
�̃�, 𝑡𝑅𝐸 < 𝑧 ≤ 𝑡

     𝑐𝐶𝑜(𝑥, 𝑧) = {
0, 0 ≤ 𝑧 ≤ 𝑡𝑅𝐸

1 − �̃�, 𝑡𝑅𝐸 < 𝑧 ≤ 𝑡
     (6.7) 

�̃� =
(𝑡 − 𝑡𝑅𝐸)𝑥𝑣𝑅𝐸 − 𝑡𝑅𝐸(1 − 𝑥)𝑣𝐶𝑜
(𝑡 − 𝑡𝑅𝐸𝑥)𝑣𝑅𝐸 − 𝑡𝑅𝐸(1 − 𝑥)𝑣𝐶𝑜

(6.8) 

with �̃� derived using the relation (see Appendix): 

1

𝑡
∫

𝑐𝑅𝐸𝑣𝑅𝐸
𝑐𝑅𝐸𝑣𝑅𝐸 + (1 − 𝑐𝑅𝐸)𝑣𝐶𝑜

𝑑𝑧 =
𝑥𝑣𝑅𝐸

𝑥𝑣𝑅𝐸 + (1 − 𝑥)𝑣𝐶𝑜

𝑡

0

(6.9) 

given by conservation of volume. The moments are then determined as a function of position, z, 

by applying Eq. 6.4 to the concentration profiles above (Fig. 6.4(c), bottom). This results in a 

reduced average RE moment compared to a thick film due to the influence of the RE dead layer. 

As a first-order approximation, a constant fraction of RE atoms is assumed to contribute to the RE 

dead layer, up to a maximum dead layer thickness, tRE,max. The resulting dead layer (Fig. 6.4(d)) is 

given by tRE,max scaled by the total RE volume fraction, 𝑡𝑅𝐸(𝑥) =
𝑥𝑣𝑅𝐸

𝑥𝑣𝑅𝐸+(1−𝑥)𝑣𝐶𝑜
𝑡𝑅𝐸,𝑚𝑎𝑥. The 𝑀𝑠 

was calculated using Eq. 6.6 and replacing the average RE moment,  

�̅�𝑧,𝑅𝐸,𝑒𝑛𝑣 =
(1 − 𝑥)�̃�

𝑥(1 − �̃�)
𝑚𝑧,𝑅𝐸,𝑒𝑛𝑣(𝑐𝑅𝐸(𝑥, 𝑡𝑅𝐸 < 𝑧 ≤ 𝑡)) =

(1 − 𝑥)�̃�

𝑥(1 − �̃�)
𝑚𝑧,𝑅𝐸,𝑒𝑛𝑣(�̃�) (6.10) 
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for the standard RE moment 𝑚𝑧,𝑅𝐸 and using 𝑚𝑧,𝐶𝑜,𝑒𝑛𝑣(�̃�) for 𝑚𝑧,𝐶𝑜. This 𝑀𝑠 function was then 

fitted to the 𝑀𝑠(𝑥) data in Figs. 6.1(d) and (e). The critical number of nearest neighbors, 𝑗, and 

maximum dead layer thickness, 𝑡𝑅𝐸,𝑚𝑎𝑥, were chosen as fitting parameters.  

The solid curves in Figs. 6.1(d) and (e) show the combined environment and dead layer 

model fits. The dead layer determines the extent of compensation composition shift with thickness. 

A single maximum dead layer of 𝑡𝐺𝑑,𝑚𝑎𝑥 = 2.22  nm was found to describe the shift in GdCo 

compensation composition from the bulk condition in both 6 nm and 3 nm films. A nearly identical 

maximum dead layer was found in TbCo (Fig. 6.4(d)), demonstrating the generalizability of this 

dead layer model to other RE-TM alloys. The model curves also predict the downturn in 𝑀𝑠 

observed at high RE concentrations as the Tc drops below room temperature. For comparison, the 

dotted lines in Figs. 6.1(d) and (e) show the calculated 𝑀𝑠 under the assumption of constant atomic 

moments, demonstrating the superior accuracy of the environment model and highlighting the 

significant errors introduced by ignoring coordination effects. 

We return now to the anomalously low RE atomic moments at low RE concentrations seen 

in Figs. 6.3(a)-(d). As previously stated, the RE moments generally follow the environment model 

except below 𝑥 ≈ 0.25. This deviation does not significantly affect the 𝑀𝑠 model calculation since 

the RE concentration is so low that variations in its moment have a minor effect on the volume-

averaged Ms.  However, it is unusual enough to warrant some speculation. The presence of a dead 

fraction of RE, whether in the form of a dead layer or due to agglomerates, implies some form of 

preferential growth takes place during the deposition of RE and Co upon Pt(111). Both elemental 

Gd and Tb have a surface energy three times smaller than Co and twice as small as Pt(111)  [119]. 

As such, it is energetically favorable for RE to form an initial monolayer of atoms on Pt(111). This 

would cause an initially quick buildup of a RE dead monolayer, faster than the constant RE fraction 
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curve assumed in the black solid and red dash-dotted lines in Fig. 6.4(d) and would result in a 

reduction in RE moment at low concentrations due to all available RE atoms contributing to the 

dead layer initially. The dashed and dotted lines in Figs. 6.3(a) and (b) show the calculated 

moments under the assumption of a preferential Gd or Tb monolayer or trilayer at 300 K, 

highlighting the reduction in RE moment at low x. Similar reasoning can be applied to the 2 K RE 

moments. At low T (Figs. 6.3(c) and (d)), one would expect the pure RE layer to be ferromagnetic 

instead of magnetically dead. As a result, the pure RE moments can either align parallel or anti-

parallel to the alloyed RE moments, depending on the dominant sublattice in the alloyed region. 

The anomalously low 2 K RE moments are below 𝑥 ≈ 0.2, meaning that the alloyed region is Co-

dominated. In this case, under an applied field, the Co atoms will align parallel to the field, the 

alloyed RE atoms will align antiparallel to the field, and the ferromagnetic RE atoms will align 

parallel to the field, partially cancelling out the alloyed RE moments and resulting in a reduced 

average RE moment. 

In addition to the total atomic moments, XMCD allows for the extraction of orbital and 

spin moments for each element. Figures 6.5(a) and (b) show the extracted orbital (𝑚𝑜) and spin 

(𝑚𝑠) magnetic moments of 6 nm GdCo and TbCo as a function of RE content at 300 K. As expected, 

the Gd orbital moment is quite small whereas the Tb orbital moment is comparable to its spin 

moment. The atomic spectroscopic g-factors were calculated from these moments using the 

relation [116]: 𝑔 =
2𝑚𝑒

𝑒

𝑚𝑧

〈𝑆𝑧〉
=

2(𝑚𝑠+𝑚𝑜)

𝑚𝑠
  , with 𝑚𝑒  the electron mass and 〈𝑆𝑧〉  the spin angular 

momentum. As seen in Figs. 6.5(c) and (d), the atomic g-factors vary significantly as a function of 

composition, with the RE and Co g-factors even crossing over each other in both GdCo and TbCo. 

At the ends of the composition range, the atomic g-factors agree with previous measurements (gGd 

= 2.00 [120,121], gCo = 2.187 [116]) but deviate from the expected values as their elemental 
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concentration decreases. Elemental g-factors are often used to calculate geff in ferrimagnets [91]. 

These results indicate that care must be taken to ensure that the atomic g-factors do not deviate 

from their pure elemental values at the composition of interest for accurate computation of net spin 

properties in RE-TM alloys. 

 

 

Figure 6.5: Spin and orbital moment contributions of GdCo and TbCo at 300 K. (a) GdCo and (b) 

TbCo spin (ms) and orbital (mo) moment data versus RE atomic fraction derived from XMCD data. 

(c), (d) Atomic spectroscopic g-factor data for GdCo and TbCo versus RE atomic fraction, 

calculated from spin and orbital atomic moments in (a) and (b). 
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6.6 Environment Model and Local Exchange 

The discontinuous environment model describing the reduction in RE and TM atomic 

moment with increasing RE concentration that is presented in Eq. 6.4 assumes two possible values 

for the magnetic moment of a given atom depending on the discrete number of TM nearest 

neighbors: 0 or a maximum (Fig. 6.6(a)). After averaging all atomic moments of a given species 

by determining the probability of it having at least the critical number of nearest neighbors (Eq. 

6.5), a continuous range of average atomic moments are possible, giving rise to the smooth 

moment reduction observed in Fig. 6.3. As demonstrated previously in this chapter, this simple 

model allows for accurate prediction of sublattice atomic moments in a tractable and intuitive 

manner. However, the environmental model can be refined by allowing the individual atomic 

moment to take on continuous values in accordance with conventional Weiss theory. As will be 

shown below, this formulation also demonstrates the intrinsic relation between number of TM 

nearest neighbors and Curie temperature, a property directly proportional to the Heisenberg 

exchange strength. 

In a conventional ferromagnet, 𝑀𝑠 reduces with increasing temperature according to: 

𝑀𝑠 ∝ (1 −
𝑇

𝑇𝑐
)
𝛽

(6.11) 

with 𝛽  the critical index that typically ranges from 0.3 – 0.5. Equation 6.11 gives the typical 

ferromagnetic behavior shown in Fig. 6.6(b) where 𝑀𝑠  slowly decreases with increasing 𝑇  and 

then rapidly decreasing near 𝑇𝑐. If Eq. 6.11 is plotted as a function of 𝑇𝑐 at fixed 𝑇, the plot in Fig. 

6.6(c) results. At fixed 𝑇, as 𝑇𝑐 increases, 𝑀𝑠 initially rapidly increases and then slowly increases 

according to 𝛽 as 𝑇𝑐 > 𝑇. The dotted red line overlaid on Fig. 6.6(c) represents the discontinuous 

environment model approximation of the same phenomenon. The deviation between the red dotted 
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line and solid black curve is the error introduced by assuming a simple discontinuous model. This 

error is a function of the curvature of 𝑀𝑠 , governed by the value of 𝛽 . The modulation of the 

number of nearest neighbor TM atoms is akin to tuning the local 𝑇𝑐. Since the Curie temperature 

is directly proportional to the effective exchange energy, 𝑇𝑐 ∝ 𝐽𝑖𝑗 , the number of nearest neighbor 

TM atoms must also be directly proportional to the local exchange energy. Thus, the observations 

of reduced Gd, Tb, and Co with increasing RE concentrations can also be interpreted as a reduction 

in average effective exchange in RE-TM alloys due to local exchange variation due to reduced TM 

coordination. This exchange reduction is explored quantitatively in the following chapter. 

 

Figure 6.6: Environment model comparison to conventional Weiss theory. (a) Individual atomic 

moment versus number of nearest TM neighbors, j. (b) Normalized reduction in ferromagnet 

𝑀𝑠(𝑇)  from Weiss theory with 𝛽 = 0.313  (3D Ising model) and 𝑇𝑐 = 1400 𝐾 . (c) Typical 

ferromagnet 𝑀𝑠(𝑇𝑐)  at 300 K (solid black curve). Red dotted line represents discontinuous 

environment model approximation over the same 𝑇𝑐 range, directly proportional to the number of 

TM nearest neighbors. 
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6.7 Summary 

RE-TM alloys are an important class of materials for existing and future spintronic devices. 

Our results show a clear composition and thickness dependence on magnetic properties of the 

constituent elements in GdCo and TbCo alloys. We find that a nearest neighbor environment model 

describes the reduction in both RE and Co moments with increasing RE concentration at room 

temperature. The presence of a dead RE layer results in a systematic shift in magnetic 

compensation composition as the thickness of the film decreases. We demonstrate a simple, first-

order model that predicts the saturation magnetization and average atomic moments as a function 

of thickness and RE composition. Finally, we observe a significant change in atomic g-factors as 

a function of composition in both GdCo and TbCo. This understanding of fundamental atomic 

magnetic properties in ferrimagnetic alloys allows future utilization of ultra-thin RE-TM films 

optimized for a variety of spintronic applications. 

6.8 Appendix: Derivation of alloyed RE atomic fraction with RE 

dead layer 

The overall RE volume fraction in a binary alloy of RExCo1-x is given by: 

𝑓𝑅𝐸 =
𝑥𝑣𝑅𝐸

𝑥𝑣𝑅𝐸 + (1 − 𝑥)𝑣𝐶𝑜
(6. 𝐴1) 

By conservation of volume, this is equal to the RE volume fraction at z averaged over the film 

thickness, giving equation Eq. 6.9. Applying the piecewise concentration profile of the RE from 

Eq. 6.7, 𝑐𝑅𝐸(𝑥, 𝑧), Eq. 6.9 expands to: 

1

𝑡
(∫ 𝑑𝑧

𝑡𝑅𝐸

0

+∫
�̃�𝑣𝑅𝐸

�̃�𝑣𝑅𝐸 + (1 − �̃�)𝑣𝐶𝑜
𝑑𝑧

𝑡

𝑡𝑅𝐸

) =
1

𝑡
(𝑡𝑅𝐸 + (𝑡 − 𝑡𝑅𝐸)

�̃�𝑣𝑅𝐸
�̃�𝑣𝑅𝐸 + (1 − �̃�)𝑣𝐶𝑜

) = 𝑓𝑅𝐸(6. 𝐴2) 
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Applying Eq. 6.A1 to Eq. 6.A2 and solving for �̃� yields the expression for alloyed RE atomic 

fraction presented in Eq. 6.8. 
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7 Dzyaloshinskii-Moriya interaction in rare-earth 

transition-metal thin films 

7.1 Introduction 

The preceding two chapters have focused on the optical and conventional magnetic properties 

of rare-earth (RE) transition-metal (TM) amorphous ferrimagnets. We found in those chapters that 

the magnetic properties of RE-TM alloys are in general strong functions of both composition and 

ferrimagnetic film thickness. Accordingly, RE-TM alloy characteristics that have often been 

assumed to be independent of composition and thickness, such as the average atomic moment of 

each sublattice or the magnetic compensation composition, have been shown to vary with 

thickness and composition in both GdCo and TbCo films. This chapter focuses on the dynamic 

properties of RE-TM heterostructures. We start by analyzing a 3 nm GdCo composition series via 

current-induced domain wall motion experiments in patterned magnetic racetracks, allowing for 

the determination of spintronic properties in a technologically relevant heterostructure. We first 

focus on films exhibiting perpendicular magnetic anisotropy (PMA) and then expand our 

measurement to low Gd content alloys with in-plane anisotropy using Brillouin light scattering 

(BLS) to observe the magnon dispersion relation under applied in-plane fields. By analyzing the 

domain wall motion results in the context of the RE-TM magnetic property variations explored in 

the previous chapter, we are able to extract the strength of Dzyaloshinskii-Moriya interaction 

(DMI) as a function of Gd concentration in Pt/GdCo/Ta heterostructures. 
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7.2 3 nm GdCo Magnetic Properties 

Films of Ta(4 nm)/Pt(4 nm)/GdxCo1-x(3 nm)/Ta(4 nm)/Pt(2 nm) were grown by D.C. 

magnetron sputter deposition on thermally oxidized Si wafers across a wide range of Gd 

concentrations, 𝑥 = 0 → 0.7. The lower Pt layer was selected to induce high interfacial DMI in 

the adjacent GdCo layer and additionally to provide a source of SOT to enable current-driven 

domain wall motion. A thin GdCo layer was chosen to maximize the interfacial DMI while 

minimizing potential unintentional bulk contributions to the DMI due to the presence of a growth-

induced composition gradient [26]. The top Ta/Pt layers were added to prevent oxidation of the 

ferrimagnetic layer after growth and to maintain an asymmetric stack structure for maximum 

interfacial DMI. This 3 nm GdCo composition series was presented in Chapter 6 and used to 

support the existence of a RE dead layer (Fig. 6.1(d), blue triangles). The saturation magnetizations, 

𝑀𝑠, of the films were measured by vibrating sample magnetometry (VSM) and are plotted again 

for convenience in Fig. 7.1(a). As observed previously, the apparent magnetic compensation point 

is at 𝑥 ≈ 0.52 , in contrast with bulk amorphous GdCo compensation at 𝑥 ≈ 0.22  at room 

temperature [45,93]. The solid line shown in Fig. 7.1(a) is the combined environment and dead 

layer model fit used in the previous chapter. This model uses the standard expression for saturation 

magnetization, 

𝑀𝑠(𝑥) = |𝑀𝐶𝑜 −𝑀𝐺𝑑| = |
𝑚𝑧.𝐶𝑜,𝑒𝑛𝑣(1 − 𝑥) − �̅�𝑧,𝐺𝑑,𝑒𝑛𝑣𝑥

𝑣𝐶𝑜(1 − 𝑥) + 𝑣𝐺𝑑𝑥
| , (7.1) 

with 𝑥 the atomic fraction of Gd and 𝑣𝑖 the atomic volume of Gd or Co, calculated from their bulk 

densities. 𝑚𝑧.𝐶𝑜,𝑒𝑛𝑣  describes the Co atomic moment reduction due to a decrease in average 

number of Co nearest neighbors (see Eq. 6.4 and 6.5). �̅�𝑧,𝐺𝑑,𝑒𝑛𝑣 describes the Gd atomic moment 

reduction due to same effect that is further diluted due to the presence of a Gd dead layer (Eq. 
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6.10). Our extracted Co moment, 𝑚𝑧.𝐶𝑜,𝑒𝑛𝑣(𝑥 = 0) = 1.72 𝜇𝐵, agrees with room temperature bulk 

Co magnetic parameters [18], indicating that the discrepancy in compensation composition 

between bulk and thin film GdCo is due to the reduced Gd atomic moment.  

 

 
Figure 7.1: Saturation magnetization, 𝑀𝑠 , and anisotropy of 3 nm GdCo. (a) 𝑀𝑠  measured by 

vibrating static magnetometry. The solid black line is the combined environment model and dead 

layer model fit (see Chapter 6, [122]). The dotted red and blue lines show the expected sublattice 

magnetizations, 𝑀𝐺𝑑 and 𝑀𝐶𝑜, respectively. (b) Total effective, 𝐾𝑢,𝑒𝑓𝑓, and uniaxial anisotropy, 𝐾𝑢, 

of 3 nm GdCo deposited on Pt. 

 

The effective magnetic anisotropy energy density (Fig. 7.1(b)), 𝐾𝑢,𝑒𝑓𝑓, was determined by 

measuring the anisotropy field, 𝐻𝑘, and using the equation: 𝐾𝑢,𝑒𝑓𝑓 = ±
1

2
𝜇0𝐻𝑘𝑀𝑠, with positive 

(negative) sign indicating perpendicular (in-plane) magnetic anisotropy. 𝐻𝑘 was determined via 

one of two methods (Fig. 7.2). Samples with in-plane anisotropy had easy-axis and hard-axis loops 

taken using a VSM. 𝐻𝑘 was then determined by fitting the transition region and each saturation 
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branch of the hard axis loop and calculating the field intercepts (Fig. 7.2(a)). For PMA samples 

with 𝐻𝑘 > 7  kOe, where saturated branches are difficult to spot on the VSM, longitudinal 

magneto-optical Kerr effect (MOKE) hysteresis loops were taken at normal incidence. For PMA 

samples in this geometry, the applied field is along the hard-axis, and the film normal component 

of the sample 𝑀 is probed. The Stoner-Wohlfarth model for a sample with uniaxial anisotropy has 

energy: 

𝑓 =
1

2
sin2(𝜃 − 𝜙) − ℎ cos 𝜃 ,        ℎ =

𝑀𝑠

2𝐾𝑢,𝑒𝑓𝑓
𝐻, (7.2) 

with 𝜃 the angle of 𝑀 with respect to the applied field 𝐻 and 𝜙 the angle of the easy axis relative 

to 𝐻. When the applied field is along the hard axis, then 𝜙 = 𝜋/2 and the film normal component 

is given by [123]: 

𝑚⊥ = {±
√1 − ℎ2, −1 ≤ ℎ ≤ 1

0, |ℎ| > 1
(7.3) 

In an ideal case, this yields a circular longitudinal MOKE hysteresis loop. Due to a combination 

of slight misalignment between 𝐻  and the hard-axis and small longitudinal Kerr angle being 

probed, the observed loops show switching (Fig. 7.2(b)). However, despite this non-ideality, the 

saturation field is readily apparent and can be accurately extracted by fitting Eq. 7.3 to the loop 

data. 
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Figure 7.2: Methods of 𝐻𝑘 extraction for anisotropy determination. (a) Hard-axis VSM loop of 3 

nm Gd0.24Co0.76, displaying in-plane anisotropy with 𝐻𝑘 ≈ −740 Oe. Red lines show best fit lines 

of each branch of the loop. (b) Longitudinal MOKE hysteresis loop taken at normal incidence of 

PMA 3 nm Gd0.27Co0.73. 𝐻𝑘 ≈ 10 kOe. 

 

The uniaxial anisotropy, 𝐾𝑢 , was extracted by subtracting the in-plane magnetostatic 

contribution from the effective anisotropy, 𝐾𝑢 = 𝐾𝑢,𝑒𝑓𝑓 − 𝐾𝑚𝑠 = 𝐾𝑢,𝑒𝑓𝑓 +
1

2
𝜇0𝑀𝑠

2 . The 𝐾𝑢 

extracted for pure Pt/Co (𝐾𝑢 = (7.6 ± 1.5) × 10
5 J/m3) was found to be slightly higher than the 

magnetocrystalline anisotropy reported in single-crystal bulk Co samples, 𝐾 ≈ 5 × 105 

J/m3 [124]. This minor enhancement may be due to the spin-orbit coupling (SOC) induced by the 

Pt underlay, which is well-known to promote PMA in ultrathin Pt/Co structures [125,126]. The 

positive 𝐾𝑢,𝑒𝑓𝑓 (black squares) in Fig. 7.1(b) show the region of perpendicular magnetic anisotropy 

(PMA). The measurements of 𝐾𝑢,𝑒𝑓𝑓 near magnetic compensation (𝑥 = 0.40 − 0.55) agree with 

previously reported values of sputtered GdCo films at the same relative compositions (𝑥 = 0.15 −

0.30) [127–129]. At lower Gd concentrations 𝐾𝑢,𝑒𝑓𝑓 peaks at 𝑥 ≈ 0.3 before dropping below zero 

for 𝑥 < 0.27  and 𝑥 > 0.6 . The uniaxial anisotropy 𝐾𝑢  (red data points) decreases by over two 
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orders of magnitude over the composition series, 𝑥 = 0 − 0.7, however, two distinct trends are 

evident in the 𝐾𝑢 data. Overall, an exponential decrease is observed with increasing x, but starting 

at 𝑥 ≈ 0.22, 𝐾𝑢 begins to increase with x until plateauing and finally decreasing < 1 × 105 J/m3 

as 𝑥 → 0.5 . This suggests that two factors contribute to the observed 𝐾𝑢 . The overarching 

exponential decrease in 𝐾𝑢 as x increases can be attributed to the induced interfacial PMA from 

the Pt underlayer and appears to proportionally decrease with the expected Co sublattice 

magnetization, 𝑀𝐶𝑜 (Fig. 7.1(a)). In addition to the Pt induced interfacial PMA, anisotropic pair-

pair correlations have been found to introduce bulk PMA in RE-TM ferrimagnets [128,130–133]. 

This bulk PMA term is increases with the number of RE-TM pairs, with pair models indicating a 

maximum in the pair-ordering induced anisotropy from 𝑥 = 0.3 − 0.5 , consistent with the 

observed 𝐾𝑢 trend in Fig. 7.1(b).  

These results suggest that the uniaxial magnetic anisotropy in Pt/GdCo multilayers is 

governed by the combination of an interfacial Pt/Co interaction and bulk Gd-Co pair ordering. In 

3 nm GdCo films, the Pt/Co PMA contribution dominates, and is diluted by the presence of Gd. 

As 𝑥 → 0.24, the large number of Gd-Co pairs results in a significant bulk PMA contribution that 

increases 𝐾𝑢, despite the reduced Pt/Co interaction, until the number of Gd-Co pairs is reduced at 

𝑥 > 0.5 and 𝐾𝑢 rapidly decays. In the 3 nm GdCo series, this region exhibits net PMA behavior 

due to the small magnetostatic contribution from being near magnetic compensation. Despite the 

large uniaxial anisotropy at low x, the films exhibit in-plane anisotropy due to the large 

magnetostatic contribution overwhelming 𝐾𝑢. At 𝑥 > 0.5, the uniaxial anisotropy is significantly 

weakened, and a small increase in magnetization is enough to yield in-plane anisotropy. As a result, 

only a finite window of compositions exhibits PMA, and an even smaller sliver of those are Gd-

dominant. Based on these findings, we expect the PMA composition range to decrease with 
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increasing GdCo film thickness due to a weakening of interfacial Pt/Co with increased thickness 

and the significantly larger expected 𝑀𝑠 at 𝑥 ≈ 0.4 due to its lower compensation composition, 

which would lead to an increase in 𝐾𝑚𝑠 , overwhelming the bulk PMA even at maximum pair 

population. Empirical evidence finds this to be true in 6 nm GdCo, where we observe a PMA range 

from 𝑥 = 0.25 − 0.47 (Fig. 6.1(c)). It should also be noted that the compensation composition is 

not generally centered in the PMA composition range. In the 3 nm GdCo series, compensation 

occurs around 𝑥 ≈ 0.52, meaning only samples 0.52 < 𝑥 ≤ 0.6 have PMA and are Gd-dominated, 

that is it is difficult to fabricate 3 nm GdCo Gd-dominated PMA samples. In contrast, in the 6 nm 

GdCo series, compensation occurs at 𝑥 ≈ 0.3, so samples 0.3 < 𝑥 ≤ 0.47 are Gd-dominated and 

it is instead relatively difficult to fabricate 6 nm GdCo Co-dominated samples. Thus, 

understanding of the multiple contributions to 𝐾𝑢,𝑒𝑓𝑓  is of critical importance for the efficient 

design of PMA heterostructures.   

 

  

Figure 7.3: Coercivity of 3 nm GdxCo1-x PMA films, measured by MOKE magnetometry. 
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The extracted coercive fields, 𝐻𝑐 , of the PMA 3 nm GdCo films are plotted in Fig. 7.3. 

Typically, 𝐻𝑐 ∝
𝐾𝑢,𝑒𝑓𝑓

𝑀𝑠
 [117,134] , meaning that the coercivity is expected to diverge as x 

approaches the compensation composition in ferrimagnets. This trend is observed in previously 

grown 6 nm GdCo (Fig. 6.1(c)) and TbCo composition series. However, in the 3 nm GdCo 

composition series, 𝐻𝑐 appears to monotonically decrease with increasing x. We note that 𝐾𝑢,𝑒𝑓𝑓 

(Fig. 7.1(b)) is not constant over the entire composition range displayed in Fig. 7.3 (𝑥 = 0.27 −

0.6), however for 𝑥 = 0.27 − 0.47, 𝐾𝑢,𝑒𝑓𝑓 ≈ 1.8 × 10
5 J/m3 and precipitously drops at higher Gd 

content. Even over this reduced composition range, 𝐻𝑐 falls by over 2x. Previous reports have 

observed a relationship between coercivity and surface roughness, with 𝐻𝑐  decreasing with 

increasing roughness at moderate surface roughness with magnetization reversal due to a 

combination of coherent rotation and domain wall nucleation and growth [135,136]. As previously 

discussed in Chapter 6, interfacial effects such as a RE dead layer are increasingly prominent as 

the thickness of RE-TM films is reduced below ~10 nm. The coercivity trend observed in Fig. 7.3 

suggests that in 3 nm GdCo, there may an increase in interfacial roughness, potentially due to the 

increased Gd dead layer thickness that works to reduce coercivity by lowering the energy barrier 

for domain wall nucleation and growth.  
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7.3 Domain Wall Motion Experiments 

With the magnetic properties of the 3 nm GdCo composition series established, a series of 

current-induced domain wall motion experiments was conducted. A two-step photolithography 

process was employed to pattern magnetic racetracks onto the subset of samples exhibiting PMA. 

First, samples were coated with a negative resist and a UV laser writer was used to expose the 

racetrack regions, leaving resist covering the racetrack regions after development. Ar ion milling 

was then used to etch the resist-free regions down to the Si substrate and the remaining resist was 

removed using acetone. After acetone cleaning, the sample was again patterned and Ta(5 

nm)/Au(150 nm) was deposited on the exposed regions to serve as contact pads. The contact pads 

were electrically connected to a waveguide by wedge wire-bonding. A wide-field MOKE 

difference image showing a magnetic racetrack with three wire-bonds attached to the Au contacts 

is shown in Fig. 7.4. 

After the signal-to-noise (SNR) improvements to the wide-field MOKE microscope discussed 

in Chapter 4 were implemented, the remaining initial challenge for domain wall motion 

experiments was domain wall nucleation. Domain walls were nucleated via two methods. The first 

method utilized a 3 𝜇m wide Au wire transverse to the magnetic racetrack to induce an Oersted 

field in the adjacent region of the racetrack, thereby nucleating a domain wall. The optimization 

of the pulse amplitude and length of the nucleation current density, 𝑗𝑛𝑢𝑐, necessary for nucleation 

made this method generally cumbersome and difficult to execute. The second method nucleated 

domain walls through spin-orbit torque (SOT) switching [137–139]. A large current density 

(|𝑗𝑑𝑟𝑖𝑣𝑒| > 1012 A/m2) was applied along the length of the racetrack under an applied ±1 kOe 

longitudinal magnetic field, 𝐻𝑥. This resulted in a switch in track magnetization direction with 
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domain wall nucleation at the Au wire on the left side of the track and at the track shoulder on the 

right side. The second method proved to more reliably nucleate domain walls.  

 

 

Figure 7.4: Wide-field MOKE microscope image of 100 x 40 𝜇m magnetic racetrack showing a 

single “down-up” domain wall. Lighter region signifies +z magnetization. Current pulses were 

injected from the left side with positive conventional current flowing along +x. Domain wall name 

(up-down/down-up) was defined with respect to the current flow direction. 

 

7.3.1 Domain Wall Velocity Measurements 

Once a domain wall was nucleated two sets of experiments were conducted. First, current-

induced domain wall velocity was measured as a function of current density at zero applied 

longitudinal in-plane field 𝐻𝑥. Current pulses of 2 – 5 ns were injected into the Pt underlayer to 

induce spin current injection into the adjacent ferrimagnetic layer, resulting in translation of the 

domain wall in the direction of conventional current flow. After each pulse train of 1 – 5 pulses, 
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an image was acquired to determine extent of domain wall displacement. Once a net displacement 

of ~70 𝜇 m had occurred and 10 – 20 images were acquired, the slope of the domain wall 

displacement versus total current pulse time was used to determine the domain wall velocity.  

 

 

Figure 7.5: Current-induced domain wall velocity measurements in Pt/GdCo heterostructures at 3 

representative compositions. (a) – (c) Domain wall velocity vs. applied current density at 𝐻𝑥 = 0. 

Dotted line indicates 𝑗 used for corresponding 𝑣 vs. 𝐻𝑥 measurement below. (d) – (f) Domain wall 

velocity vs. 𝐻𝑥. Solid lines are fits to the 1D model (see text). The error bars are the standard error 

of 5 – 20 measurements. 

 

Figures 7.5(a) – (c) show the measured domain wall velocity as a function of applied 

current density, 𝑗, under 𝐻𝑥 = 0 in 𝑥 = 0.27, 0.40, and 0.49, spanning the PMA composition range. 

At all compositions the domain wall velocity initially increases linearly with j before eventually 

saturating at some critical current density. An applied charge current through the heavy metal Pt 
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layer induces a transverse spin current due to the spin Hall effect (SHE), creating an effective out-

of-plane field proportional to the applied current density, 𝐻𝑆𝐻 = 𝜒𝑗. The proportionality constant 

is related to the spin Hall angle of the heavy metal, 𝜃𝑆𝐻
𝑒𝑓𝑓

, by [140]: 

𝜒 =
𝜋ℏ𝜃𝑆𝐻

𝑒𝑓𝑓

4𝑒𝜇0𝑀𝑠𝑡
, (7.4) 

with 𝑒 elementary charge, 𝜇0 the permeability of free space, and 𝑡 the thickness of the magnetic 

layer. In samples with homochiral Néel domain walls due to DMI, the resulting domain wall 

velocity is described by the 1D model [33]:  

𝑣 =

𝜋
2 𝛾𝑒𝑓𝑓𝛥 𝜇0𝐻𝑆𝐻

√𝛼𝑒𝑓𝑓
2 + (

𝐻𝑆𝐻
𝐻𝐷 + 𝐻𝑥

)
2

(7.5)
 

where Δ is the domain wall width, 𝐻𝐷 is the DMI effective field, and 𝐻𝑥 is the externally applied 

in-plane longitudinal field, parallel to the current direction. The terms 𝛾𝑒𝑓𝑓  and 𝛼𝑒𝑓𝑓  are the 

effective gyromagnetic ratio and Gilbert damping, defined for ferrimagnetic materials by [6,91]:  

𝛾𝑒𝑓𝑓 =
𝑀𝑠

𝑆
, 𝛼𝑒𝑓𝑓 =

𝑆0
𝑆
, 𝑆 = |

𝑀𝐶𝑜

𝛾𝐶𝑜
−
𝑀𝐺𝑑

𝛾𝐺𝑑
| , 𝑆0 = 𝛼0 (

𝑀𝐶𝑜

𝛾𝐶𝑜
+
𝑀𝐺𝑑

𝛾𝐺𝑑
) (7.6) 

with 𝑀𝑖 the ferrimagnetic sublattice magnetization and S the net spin density. 𝐻𝐷 is normal to the 

domain wall and acts to stabilize it in a Néel state, allowing for current-induced motion to occur. 

It is related to the DMI strength, D by, 

𝐷 = 𝜇0𝑀𝑠𝐻𝐷𝛥 (7.7) 

 Under large, applied j, and equivalently large 𝐻𝑆𝐻, Eq. 7.5 simplifies to: 

𝑣 ≈
𝜋

2
𝛾𝑒𝑓𝑓𝛥 𝜇0(𝐻𝐷 + 𝐻𝑥), (7.8) 

signifying that the domain wall velocity saturates at a value proportional to the DMI effective field. 

Substituting Eqs. 7.6 and 7.7 into 7.8 reveals that the maximum velocity, 𝑣𝑚𝑎𝑥, is solely dependent 
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on the DMI strength and net spin density in the absence of an applied field, 𝑣𝑚𝑎𝑥 ∝
𝐷

𝑆
. At small 𝑗, 

𝛼𝑒𝑓𝑓 becomes important and 𝑣 increases approximately linearly with 𝑗. Returning to Figs. 7.5(a) 

– (c), we see the characteristic linear behavior of 𝑣 at small 𝑗 and a clear saturation velocity in Figs. 

7.5(a) and (c). In Fig. 7.5(b), we do not observe complete saturation over the applied current 

density range. To determine 𝑣𝑚𝑎𝑥, the data in Figs. 7.5(a) – (c) was fit to a variant of Eq. 7.5 of the 

form: 

𝑣 =
𝑣𝑚𝑎𝑥(𝑗 − 𝑗0)

√𝜉2 + (𝑗 − 𝑗0)2
, 𝜉 =

𝛼𝑒𝑓𝑓𝐻𝐷

𝜒
, (7.9) 

with 𝑗0 the depinning current density, or the minimum current necessary to induce domain 

wall motion and 𝑗0, 𝑣𝑚𝑎𝑥, and 𝜉 chosen as fitting parameters.  

 

 

Figure 7.6: Extracted fitting parameters from 𝑣 vs. 𝑗 domain wall measurements. 

 

The values of the fitting parameters are shown in Fig. 7.6. The terminal velocity is similar 

at 𝑥 = 0.27 and 𝑥 = 0.49 and shows a peak around 𝑥 = 0.43. This behavior is reminiscent of 

𝑣(𝑇)  data observed near angular momentum compensation previously reported in 6 nm 
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GdCo in which the domain wall velocity was found to diverge [4–6], suggesting that angular 

momentum compensation occurs at 𝑥 = 0.43 in this series.  

 To determine the DMI effective field, 𝐻𝐷 , domain wall velocities were measured at 

constant 𝑗 as a function of 𝐻𝑥. A large 𝑗 was chosen in the velocity saturation regime based 

on the zero-field domain wall velocity data in an effort to achieve a linear response between 

𝑣 and 𝐻𝑥, as predicted by Eq. 7.8, in which the zero-velocity field (horizontal-axis intercept) 

is 𝐻𝐷 . The results are shown in Figs. 7.5(d) – (f). For all compositions, the up-down (down-

up) domain wall velocity decreases (increases) with increasing 𝐻𝑥 , indicating no domain 

wall chirality flip occurs over this composition range and consistent with left-handed domain 

walls and 𝐷 > 0. However, while the data in Figs. 7.5(d) and (f) show linear trends in 𝑣(𝐻𝑥), 

the data in Fig. 7.5(e) exhibits highly non-linear behavior due to application of 𝑗 below the 

saturation regime. As a result, the simple linear model of Eq. 7.8 is insufficient and the full 

1D model of Eq. 7.5 is required to fit the data. Generally, 𝛼𝑒𝑓𝑓 , Δ, and 𝛾𝑒𝑓𝑓 are not known, nor 

is 𝜒, meaning that the scaling factor between 𝑗 and 𝐻𝑆𝐻  is not known, so it is not possible to 

use Eq. 7.8 in isolation to fit the measured data. To work around this, we define a reduced 

field and rewrite Eq. 7.5, 

𝑣 =
𝛽ℎ 𝐻𝐷

√𝛼𝑒𝑓𝑓
2 + (

ℎ 𝐻𝐷
𝐻𝐷 + 𝐻𝑥

)
2

(7.10𝑎)
 

with, 

ℎ =
𝐻𝑆𝐻
𝐻𝐷

, 𝛽 =
𝜋

2
𝛾𝑒𝑓𝑓𝛥𝜇0 (7.10𝑏) 

The reduced field, ℎ, is determined from the 𝑣(𝑗) data using a reduced velocity, 
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𝑣𝑟 =
𝑣

𝑣𝑚𝑎𝑥
=

ℎ

√𝛼𝑒𝑓𝑓
2 + ℎ2

(7.11)
 

𝑣𝑟 is a measure of the degree of saturation. At true saturation, 𝑣𝑟 = 1 and the 1D model is 

fully linear. 𝛼𝑒𝑓𝑓 is determined independently from depinning experiments described below. 

Equation 7.10 in combination with Eq. 7.11 allows for the accurate fitting of 𝑣(𝐻𝑥) at any 𝑗, 

as demonstrated by the solid lines in Figs. 7.5(d) – (f). The extracted values of 𝛽, representing 

the curvature observed in the 𝑣(𝐻𝑥) data, are plotted in Fig. 7.7(b). Figure 7.7(a) shows the 

variation in 𝐻𝐷 with Gd concentration. The DMI effective field shows a minimum near the 

presumed angular momentum compensation point. With knowledge of the domain wall 

width, both 𝐻𝐷 and 𝛽 can be converted to key spintronic properties, the DMI strength and 

effective g factor, respectively. In Section 7.4, a method for estimating Δ  in RE-TM films is 

discussed. 

 

Figure 7.7: Extracted fitting parameters (a) 𝐻𝐷  and (b)   𝛽 =
𝜋

2
𝛾𝑒𝑓𝑓𝛥𝜇0  from 𝑣  vs. 𝐻𝑥  domain 

wall measurements. 
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7.3.2 Domain Wall Depinning Measurements 

 To fully characterize the spin transport properties of GdCo, domain wall depinning 

experiments were carried out on the devices. To start, a domain wall was consistently nucleated at 

the same location on a magnetic racetrack. A low DC drive current was then applied, and an 

assisting out-of-plane field was slowly increased until the domain wall moved ~50 𝜇m. The field 

at which motion occurred for a given 𝑗 is the depinning field, Δ𝐻𝑑𝑝. The experiment was repeated 

for both up-down and down-up domain walls. A representative plot showing data measured on 

Gd0.4Co0.6 is displayed in Fig. 7.8(a). As expected, the required depinning field linearly decreases 

with increasing 𝑗, and is unaffected by the domain wall polarity (up-down/down-up). By extracting 

the slope of Δ𝐻𝑑𝑝(𝑗), the SOT efficiency, 𝜒, or the effective out-of-plane induced per unit current 

density is determined (Fig. 7.8(b)). 𝜒 is found to exponentially increase with decreasing 𝑀𝑠 (From 

Fig. 7.1(a) magnetic compensation is 𝑥 ≈ 0.52), consistent with Eq. 7.4 and previous reports near 

magnetic compensation [141–143]. However, when 𝜒 is plotted against inverse magnetization, it 

is found to increase quadratically with 𝑀𝑠
−1 instead of linearly as expected (Fig. 7.8(c)). Solving 

for the effective spin Hall angle, 𝜃𝑆𝐻
𝑒𝑓𝑓

 , using Eq. 7.4 explains this behavior. 𝜃𝑆𝐻
𝑒𝑓𝑓

  is found to 

increase with Gd concentration. A report TbCo alloys reported a similar increase in 𝜃𝑆𝐻
𝑒𝑓𝑓

  with 

increasing Tb content [144] and theoretical work has shown significant SOT generated by RE 

atoms, dependent on the RE atoms’ Fermi level and 4f electron energy [145]. Determination of 

𝜃𝑆𝐻
𝑒𝑓𝑓

 rely on domain wall depinning measurements that observe net SOT phenomena. As a result, 

the extracted 𝜃𝑆𝐻
𝑒𝑓𝑓

 does not distinguish between individual sublattices (that is, Pt/Co versus Pt/Gd 

interactions); only the combined effect is measured. The increase in 𝜃𝑆𝐻
𝑒𝑓𝑓

 with RE content suggests 

that the RE sublattice contributes non-trivially to the total SOT in RE-TM alloys.  
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Figure 7.8: Domain wall depinning experimental results. (a) Representative Δ𝐻𝑑𝑝(𝑗), taken on 

Gd0.4Co0.6. (b) SOT efficiency extracted from the slopes of the data measured in (a). (c) SOT 

efficiency versus 𝑀𝑠
−1. (d) Damping values in GdCo, showing angular momentum compensation 

at 𝑥 ≈ 0.4. (e) Domain wall field mobility versus composition. (f) Effective spin Hall angle versus 

composition. 

 

 From Eq. 7.9, knowledge of 𝜒 and 𝐻𝐷 allows for the calculation of the damping constant, 

𝛼𝑒𝑓𝑓, shown in Fig. 7.8(d). Based on Eq. 7.6, we expect 𝛼𝑒𝑓𝑓 is increase as the net spin density 

decreases, suggesting that in Fig. 7.8(d), spin is minimized at 𝑥 ≈ 0.4, consistent with observation 

of enhanced terminal domain wall velocity near that same composition in Fig. 7.6(a). We observe 

> 10 × higher 𝛼𝑒𝑓𝑓 on the Gd-dominated side of angular momentum compensation compared the 
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Co-dominated side. We attribute this significant increase in 𝛼𝑒𝑓𝑓 to the presence of the Gd dead 

layer potentially increasing surface roughness, which has been shown to enhance damping [146].  

Finally, we plot the field domain wall mobility, 𝜇𝐻, determined from, 

𝜇𝐷𝑊,𝐻 =

𝜋
2 𝛾𝑒𝑓𝑓Δ

𝛼𝑒𝑓𝑓
=

𝑣𝑚𝑎𝑥
𝛼𝑒𝑓𝑓𝜇0𝐻𝐷

(7.12) 

We see 𝜇𝐻 exponentially decrease with increasing 𝑥, complementing the SOT observed. In the 

measured composition series, these two effects balance each other out, resulting in steady 𝑣𝑚𝑎𝑥, 

except in the vicinity of angular momentum compensation. 

 

7.4 Exchange Stiffness in RE-TM Ferrimagnets 

Using only the domain wall motion experiments described in the previous section, a number 

of dynamic magnetic properties can be extracted such as 𝛼𝑒𝑓𝑓, 𝜒, and 𝜃𝑆𝐻
𝑒𝑓𝑓

. However, both the 

DMI strength, 𝐷, and 𝛾𝑒𝑓𝑓 are dependent upon the domain wall width, Δ. In general, due to its 

small scale Δ is difficult to determine experimentally. However, its value can be estimated from 

magnetostatic theory from 𝐾𝑢,𝑒𝑓𝑓 and the exchange stiffness, 𝐴. In this section, we discuss how to 

estimate 𝐴 based on previous reports and our findings from Chapter 6. 

 

7.4.1 Exchange in thick films 

In ferrimagnetic materials, two or more sublattices are antiferromagnetically coupled to 

produce a net magnetic moment (and net spin density) smaller than the sum of the sublattice 

magnetizations (spin densities). For rare-earth (RE) transition-metal (TM) amorphous 
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ferrimagnets this results in three distinct exchange interactions: ferromagnetic RE-RE and TM-

TM interactions and an antiferromagnetic RE-TM interaction. Exchange interactions are 

quantified by an exchange constant, Jij, which dictates the strength of the Heisenberg interaction 

between spins Si and Sj, and typically derived from mean field analysis [45,99,147–149]. Changes 

in the relative strength of these three exchange interactions may result in radically different 

magnon dispersion relations ranging from purely FM to AFM in character.  

 Previous reports on amorphous GdCo thin films have reported a linearly decrease in 𝐽𝐶𝑜−𝐶𝑜 

with increasing atomic fraction of Gd while observing no change in 𝐽𝐺𝑑−𝐶𝑜  with 

composition [93,148]. Additionally, a study on GdCoMoAr alloys observed constant 𝐽𝐶𝑜−𝐶𝑜 and a 

significant decrease in JGd-Co with increasing Ar  [147,148]. A recent study in our group found that 

both FM and AFM exchange could be reduced upon introduction of hydrogen [66]. These reports 

suggest that composition is an important parameter in tuning the exchange interaction in 

ferrimagnets, and that distinct exchange interactions can independently be tuned by alloying non-

magnetic elements. 
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Figure 7.9: (a) Previously reported exchange energies in thick GdCo films. Black dotted line 

shows 𝐽𝐺𝑑−𝐺𝑑 exchange level from  [148]. Red and blue squares are from  [93,148]. (b) Average 

atomic spin in thick GdxCo1-x films showing decay due to environment model. 

 

Studies on YxCo1-x and LaCo5xCu5-5x systems have found the average Co atomic moment 

(and by extension, its spin) to decrease with decreasing Co content according to a discontinuous 

environment model based on each Co atom’s number of Co nearest neighbors [105,107]. Our 

recent work on GdCo and TbCo alloys has demonstrated that this effect extends to RE elements 

above their Curie temperature 𝑇𝑐,𝑅𝐸, i.e., both the TM and RE element atomic moments decrease 

with increasing RE concentration (see Chapter 6, [122]). This results in average atomic spins in 

GdxCo1-x that follow the form: 

𝑆𝑧,𝑖,𝑒𝑛𝑣(𝑥) = 𝑃𝑗(𝑥)𝑆𝑧,𝑖(𝑥 = 0) , 

  𝑃𝑗(𝑥) = ∑ (
𝑁
𝑘
) (1 − 𝑥)𝑘𝑥𝑁−𝑘  𝑁

𝑘=𝑗 (7.13) 

Pj describes the probability of atom i having at least j nearest neighbor Co atoms. 𝑆𝑧,𝑖(𝑥 = 0) is 

the maximum spin at a given temperature in a pure material composed of 𝑖. The variation in Gd 

and Co spin is plotted for a thick GdCo film as a function of Gd composition in Fig. 7.9. The 
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environment model predicts the downturn observed in Ms (Fig. 7.10(a)) at high Gd concentrations 

at room temperature owing to the low 𝑇𝑐 of pure Gd. 

 

 

Figure 7.10: Sublattice magnetizations (a) and spin densities (b) as a function of 𝑥 in thick 

GdCo. 

 

In practice, exchange is often characterized by a volumetrically normalized exchange 

energy termed exchange stiffness. For a cubic system ferromagnet the exchange stiffness is given 

by 𝐴 =
𝑛𝐽𝑆2

𝑎
 , with n the number of atoms/unit cell, a the lattice constant, and S the spin 

magnitude [117]. However, for a two-sublattice ferrimagnet, the exchange stiffness is the sum of 

each interaction [147], 

 

𝐴𝑡𝑜𝑡 = 𝐴11 + 𝐴22 + 𝐴12 (7.14) 

with 

𝐴11(22) =
1

6
𝑁𝑎𝑆1(2)

2  𝐽11(22)𝑁𝑐𝑟11(22)
2 𝑥1(2)

2 , 𝐴12 =
1

3
𝑁𝑎𝑆1𝑆2𝐽12𝑁𝑐𝑟12

2 𝑥1𝑥2 (7.15) 
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Here, 𝑁𝑎  is the number of atoms per unit volume, 𝑁𝑐  is the coordination, 𝑟𝑖𝑗  is the distance 

between 𝑖  and 𝑗  atoms, and 𝑥𝑖  is the mole fraction of species 𝑖 . Combining our model for spin 

decay with empirical exchange energy data allows us to compute the expected exchange stiffness 

as a function of composition (Fig. 7.11(a)). From the plot we can see that GdCo is initially 

dominated by Co-Co FM interactions until 𝑥 ≈ 0.3 where AFM interactions begin to dominate. 

The ratio of FM exchange to AFM exchange can be tuned at a constant x by adding a non-magnetic 

alloying element, such as Y (Fig. 7.11(c)). As demonstrated in Fig. 7.11(c), the addition of Y tunes 

the dominant exchange from AFM to FM while keeping x constant. This strategy allows one to 

maintain the ferrimagnet’s degree of angular momentum and magnetic compensation while 

independently adjusting the ratio of exchange, potentially enabling AFM-like magnon 

characteristics while maintaining FM-like static properties. 

 

 

Figure 7.11: Exchange Stiffness as a function of (a) Gd atomic fraction and (c) Y atomic 

fraction, y, of Gd0.32Co0.68. (b) Ratio of AFM to FM exchange. 
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7.4.2 Exchange in thin films 

The methodology used to calculate 𝐴 above can be applied to the 3 nm GdCo thickness series 

by taking the RE dead layer into account. The RE dead has two relevant effects for the calculation 

of 𝐴: (1) it decreases the average RE atomic moment and spin across all compositions relative to 

thick films, and (2) it shifts the true alloyed composition to RE poor compared to the nominally 

deposited composition. The extent of RE atomic moment reduction is easily determined from the 

extracted RE dead layer in Chapter 6. However, the exchange energies, 𝐽𝑖𝑗, used for calculation of 

𝐴 were determined using mean field analysis on thick GdCo films where the Gd dead layer is 

insignificant. As a result, assuming that the net 𝐽𝑖𝑗 only depends on the ratio of alloyed Gd and Co, 

the true alloyed Gd composition must be calculated for each 3 nm GdCo sample to assign its 

corresponding 𝐽𝑖𝑗. This was done using the previously derived expression for �̃� in Eq. 6.8. The 

transformation is plotted in Fig. 7.12(a), showing the deviation between nominal composition and 

alloyed composition for all grown 3 nm GdCo samples. In general, this can be thought of as a 

composition scale factor to compare the magnetic properties of RE-TM films of various 

thicknesses. Once the appropriate 𝐽𝑖𝑗(𝑥) is determined, the reduced 𝑆𝐺𝑑(𝑥) are calculated to yield 

𝐴𝑖𝑗 (Fig. 7.12(b)). Note that the composition transformation effectively elongates the horizontal 

axis when compared to thick films, akin to the shifts observed in compensation composition in 

Chapter 6. 
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Figure 7.12: (a) Relation between nominal Gd composition and alloyed composition from 

Chapter 6, used to correct the 3 nm GdCo compositions. (b) Adjusted exchange stiffness as a 

function of nominal Gd concentration in 3 nm GdCo. 
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7.5 Extraction of DMI in 3 nm GdCo 

After determining the exchange stiffness in 3 nm GdxCo1-x, the domain wall width can be 

estimated using the relation, 

Δ = √
𝐴

𝐾𝑢,𝑒𝑓𝑓
(7.15) 

where 𝐴  is the sum of the various exchange interactions in GdCo. The resulting domain wall 

widths are plotted in Fig. 7.13(a). The domain wall width shows a minimum in the middle of the 

PMA range near 𝑥 ≈ 0.47, stemming from the peak observed in 𝐾𝑢 over the same range due to 

increased Gd-Co pair density. The exchange stiffness decreases by a factor of 7 over this range. 

The values of Δ are slightly lower than previously reported domain wall widths in 6 nm GdCo 

films, likely due to the increased 𝐾𝑢,𝑒𝑓𝑓 observed as a consequence of interfacial Pt/Co anisotropy 

discussed previously. 

 Figures 7.13(c) and (d) show the measured spin properties of the composition series. We 

find that the spin density is minimized and 𝑔𝑒𝑓𝑓 diverges around 𝑥 ≈ 0.4, confirming the location 

of angular momentum compensation suggested by the terminal velocity and damping data 

discussed earlier. 𝑆 remains depressed on the Gd-dominated side of compensation, likely due to 

the highly reduced Co moment from low Co coordination. Away from angular momentum 

compensation, 𝑔𝑒𝑓𝑓  drops to 𝑔𝑒𝑓𝑓 = 4.1 ± 0.2  on the Co-dominated side and 𝑔𝑒𝑓𝑓 = 2.7 ± 0.2 

on the Gd-dominated side. Pure Co and Gd have g factors of 𝑔𝐶𝑜 ≈ 2.2 and 𝑔𝐺𝑑 = 2, respectively, 

significantly lower than the 𝑔𝑒𝑓𝑓  observed at the edges of the measured composition range, 

indicating that the inclusion of Gd, even at 𝑥 = 0.27 , drastically alters the overall dynamic 

properties of GdCo. 
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Figure 7.13: Dynamic magnetic properties of PMA 3 nm GdCo films showing (a) Domain wall 

width, calculated using Eq. 7.15, (b) DMI strength, (c) effective g factor, and (d) net spin density. 

 

 Finally, the DMI strength is shown in Fig. 7.13(b). After multiplying by 𝑀𝑠 and Δ, a clear 

trend in 𝐷 is evident. We observe a monotonic decrease with increasing Gd content across the 

entire PMA composition range, suggesting that the Pt/Co interaction is primarily responsible for 

the occurrence of DMI in GdCo films, and that the addition of Gd only dilutes the strength of the 

DMI. The value of 𝐷 at 𝑥 = 0.44 is smaller than the reported DMI in a 6 nm film at the same 

composition [6]. In heavy metal/ferromagnetic systems, 𝐷 ∝
1

𝑡
 when induced at an interface [40], 

making the reduced 𝐷 value observed in 3 nm GdCo surprising. We note that measured SOT (Fig. 

7.8(b)) is also lower than the reported SOT in 6 nm GdCo, which, combined with a reduced 𝐷, 

results in lower domain wall velocities than previously observed. Because DMI is sensitive to 
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interfacial quality [28,35,39,150], we ascribe both of these effects to increased surface roughness 

in thin GdCo films. 

7.6 Conclusion 

A number of RE-TM magnetic properties critical to spintronic devices and stabilization of 

chiral spin textures are found to strongly depend on RE concentration. The total effective 

anisotropy is found to strongly decrease with increased Gd concentration, consistent with a Pt/Co 

interfacial origin. The value 𝐾𝑢,𝑒𝑓𝑓 is also higher than in thicker GdCo films and in single crystal 

Co, further supporting an interfacial anisotropy origin. We also observe a sub-dominant increase 

in uniaxial anisotropy that is maximized at 𝑥 ≈ 0.4, consistent with a pair-ordering bulk anisotropy 

origin that is often used to explain bulk PMA in RE-TM alloys. The combination of domain wall 

velocity and depinning measurements under longitudinal and polar applied fields allows for 

determination of a variety of dynamic magnetic properties in Pt/GdCo heterostructures including 

DMI field, damping, spin density, SOT, and effective spin Hall angle. These fundamental 

measurements are combined with knowledge of the ferromagnetic and antiferromagnetic exchange 

interactions in GdCo to determine the magnitude of antisymmetric exchange constant 𝐷 . 𝐷  is 

found to monotonically decrease with increasing Gd content, suggesting that the Pt/Co interface 

is the primary source of DMI in Pt/GdCo films. 
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8 Summary and Outlook 

8.1 Summary 

In summary, we have thoroughly characterized the magnetic properties of Pt/RE-TM 

heterostructure through magneto-optical Kerr effect magnetometry (MOKE), x-ray magnetic 

circular dichroism (XMCD), and current-induced domain wall motion experiments. Our results 

have shown complex behavior in RE-TM alloys as a function of composition and film thickness, 

including changes in fundamental properties previously assumed to be independent of these factors. 

These insights should aid in the design of thin film amorphous ferrimagnets, paving the way for 

engineered RE-TM heterostructures with potential applications in racetrack memory, skyrmionics, 

and magnon devices. 

Using Jones matrix analysis, we have developed a simple method for measurement of complex 

Kerr angles using conventional MOKE magnetometers to probe the normalized MOKE intensity 

as a function of waveplate and analyzer angle. The magnitude of the complex Kerr angle was found 

to decrease linearly in GdCo PMA films with increasing Gd concentration, consistent with a 

dominant Co Kerr angle contribution. This analysis was also combined with a study of noise 

contributions in wide-field MOKE microscopy to develop optical system design criteria to 

maximize SNR and, consequently, increase system sensitivity, enabling high-quality imaging of 

thin, low TM content films.  

The average atomic moments of both TM and RE were found to decrease with increasing RE 

content at room temperature in GdCo and TbCo films. By contrast, near 0 K, the RE moment is 

independent of composition and, in the case of Gd, has an atomic moment close to its free ion 

expected value of 7 𝜇B. The low temperature Tb moment is shown to have a moment far below its 
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elemental state, likely due to TbCo sperimagnetic ordering. We develop a model to describe the 

RE moment reduction at room temperature and TM moment reduction at all temperatures based 

on the average local exchange of a given atom. We additionally observe evidence of a RE dead 

layer that drastically alters the magnetization at low thicknesses in GdCo and TbCo films.  

Finally, we probed the dynamic and spin transport properties of thin PMA GdCo films by 

measuring current-induced domain wall motion in microscale patterned magnetic racetracks. By 

observing the changes in domain wall velocity with current density under in-plane longitudinal 

fields, we determined the DMI strength monotonically decreases with increases Gd content, 

suggesting the presence of Gd interferes with the dominant interfacial Pt/Co interaction to reduce 

the DMI. We also observe reduced SOT and domain wall velocities compared to thicker films, 

potentially due to additional surface roughness at high Gd concentrations. 

8.2 Outlook 

In this final section, we discuss a couple of the potential developments in RE-TM research 

moving forward, including ferrimagnetic magnon dispersion and RKKY-coupled heterostructures 

for temperature-stable, compensated racetrack devices. 

 

8.2.1 Brillouin Light Scattering for DMI Measurement 

While the domain wall motion experiments discussed in Chapter 7 provide an effective 

method to determine several dynamic properties, they have inherent limitations. Due to the 

geometry of the wide-field MOKE microscope and layer structure, current-induced domain wall 

motion experiments only work on samples with PMA, meaning that only a limited subset of the 

grown 3 nm GdCo composition series was measurable using this scheme. Additionally, estimation 
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of the domain wall width is required for DMI extraction. Finally, domain wall motion experiments 

require lithographic patterning of samples, slowing throughput. 

In contrast, Brillouin light scattering (BLS) can directly measure DMI by observing dispersion 

asymmetries in surface spin wave modes. It is a technique used to measure the difference in spin 

wave propagation in opposite directions caused by DMI. The application of an in-plane field 

causes spin waves to propagate in opposite directions at the top and bottom surfaces of the 

magnetic layer. The incident light reacts with the quantized spin waves, known as magnons, either 

gaining energy in magnon absorption (Anti-Stokes) or losing energy in the production of one 

(Stokes). These processes induce a frequency difference in the outgoing light that causes a 

frequency shift between Stokes and anti-Stokes peaks defined for ferromagnets as [41,151]: 

𝛥𝑓𝐷𝑀𝐼 =
2𝛾

𝜋𝑀𝑠
𝐷𝑘 (8.1) 

allowing for the determination of DMI strength through analysis of BLS spin wave spectra as a 

function of wavevector, 𝑘. The observation of magnon peaks by BLS requires in-plane saturated 

samples, which makes samples with high PMA practically difficult to measure. In the case of the 

3 nm GdCo composition series, fields > 20 kOe are required for the highest PMA samples.   

 Figure 8.1 shows the results of the BLS experiments on 3 nm GdCo. Figure 8.1(a) displays 

representative spectra for each composition measured. The relevant magnon peak is indicated by 

the red arrows in Fig. 8.1(a). Figure 8.1(b) shows the frequency difference between Stokes and 

anti-Stokes peaks in pure Pt/Co(3 nm) used to determine the DMI (Eq. 8.1). Starting at 27 at.% 

Gd, the magnon peaks qualitatively change, becoming much broader than at lower Gd 

compositions. In ferromagnets, the peak width is proportional to the Gilbert damping, 𝛼. From our 

domain wall motion experiments, we expect 𝛼𝑒𝑓𝑓, and consequently the peak width, to diverge at 
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𝑥 ≈ 0.4. Instead, we see the peak width continuously increase with Gd content, suggesting that 

the conventional ferromagnetic description may not be sufficient for 𝑥 > 0.22.   

  

 

Figure 8.1: (a) BLS spectra of 3 nm GdCo showing broad magnon peaks for Gd concentrations 

>22 at.% Gd at 𝑘 = 0 . Arrows indicate location of magnon peaks. (b) Frequency versus 

wavevector of Pt/Co(3 nm). The difference in frequencies is used to compute 𝐷. (c) Extracted DMI 

assuming ferromagnetic dispersion relation. Black points use net 𝑀𝑠, red points use 𝑀𝐶𝑜, and blue 

points are derived from domain wall motion experiments. 

 

 The extracted DMI values tell a similar story. The black data points in Fig. 8.1(c) use the 

ferromagnetic dispersion relation to determine 𝐷  (Eq. 8.1). The extracted 𝐷  undergoes a large 

jump at 𝑥 = 0.27 , analogous to the peak width. Broad magnon peaks are characteristic of 

antiferromagnets, suggesting that the RE-TM antiferromagnetic exchange interactions may begin 

dominating when 𝑥 > 0.22. Ongoing theoretical work in our group has found that ferrimagnetic 

magnon dispersion is governed by the ratio of antiferromagnetic to ferromagnetic exchange rather 

than more traditional measures of degree of compensation such as net spin density. Our calculated 

exchange stiffness (Fig. 7.11) show that this ratio approaches 1 at 𝑥 = 0.27, indicating significant 
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antiferromagnetic character in samples with 𝑥 ≥ 0.27. In these cases, the effect of an applied field 

on each sublattice must be considered to derive an accurate dispersion relation. Currently, work is 

ongoing in our group to fully develop accurate ferrimagnetic dispersion relations, however a first 

approximation to DMI extraction is given by the red points in Fig. 8.1(c). Here, only Co sublattice 

is assumed to contribute to the DMI and 𝑀𝑠 in Eq. 8.1 is replaced with our previously calculated 

𝑀𝐶𝑜 . This navve correction removes the discontinuity in 𝐷  at 𝑥 = 0.27  but still significantly 

overestimates the DMI strength measured by domain wall motion (Fig. 8.1(c), blue points). Further 

analysis is required to correctly extract 𝐷 at 𝑥 ≥ 0.27.  

This method is also currently being used to investigate DMI in TbCo films. Because DMI 

requires mediation through a high SOC material (generally the heavy metal Pt in our systems), it 

is conceivable that a RE element with significant orbital angular momentum such as Tb would 

enhance the DMI, either by increasing its value with increasing RE concentration or by preventing 

its reduction with increasing thickness as s normally observed in ferromagnetic systems. Early 

measurements suggest remarkably different dispersion behavior in TbCo compared to GdCo, 

perhaps stemming from its sperimagnetic ordering. 

 

8.2.2 RKKY-Coupled RE-TM Heterostructures 

Pt/RE-TM heterostructures have been shown to exhibit domain wall velocities over 1 km/s 

near angular momentum compensation, making them a promising candidate for domain wall 

memory technologies [4–6,152]. However, RE-TM alloys are highly sensitive to changes in 

temperature (Fig. 8.2(b)), which limits the viability of them in commercial devices. One possible 

solution to this problem is to antiferromagnetically (AFM) couple two RE-TM layers to each other. 

If the two layers are on opposite sides of angular momentum compensation, then the gyrotropic 
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forces in each layer will cancel each other out and changes in temperature will increase the spin 

density of one layer while decreasing the spin density in the other layer. The extent of temperature 

stability would be controlled by the distance in angular momentum compensation temperature 

from room temperature in each layer (Fig. 8.2(b)). 

 

 Figure 8.2: (a) RKKY-coupled GdCo stack. (b) Spin density in thick GdCo as a function of 

temperature at three compositions. (c) MOKE hysteresis loop of AFM RKKY-coupled GdCo. 

 

 The AFM coupling is achieved by insertion of a thin Ru interlayer between the RE-TM 

layers. The Ru couples the Co sublattice in each GdCo layer to each other FM or AFM through the 

RKKY interaction, depending on the Ru thickness. Figure 8.2(c) shows an AFM coupled 

Pt/GdCo/Ru/GdCo heterostructure, achieved with a Ru thickness of 1.8 nm. The main challenges 

in fabricating appropriate structures are achieving PMA in the top GdCo layer and optimizing the 

Ru thickness for maximum AFM coupling. Future work looks to test domain wall motion in said 

structures under a wide range of temperatures to ensure persistent high-speed domain wall motion. 
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