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ABSTRACT

Dispersion-Strengthened-Cast aluminum (DSC-Al) containing 25 vol.% 0.28 p.m alumina
dispersoids fabricated by pressure infiltration of commercially pure aluminum was
investigated. Mechanical properties at room and elevated temperature are presented for
both as-cast, coarse-grained materials (grain size - 1 mm), and extruded, fine-grained
materials (grain size - 1 gm). The room temperature ductility of DSC-Al is improved
from -3% in the as-cast condition to -11% by extrusion. The 0.2% proof stress and
ultimate tensile stress (about 200 MPa and 330 MPa, respectively) are much higher than
the yield strength (about 60 MPa), due to a high rate of strain-hardening. The initially
high strain-hardening rate, however, decreases with strain. This behavior is explained
by extending a model by Ashby for dilute dispersion-strengthened metals to the case of
a matrix containing a large volume fraction of large particles, whereby the interaction of
primary glide dislocations with secondary loops punched by dispersoids is considered.
The creep properties of DSC-Al in both tension and compression are presented. For a
given stress and temperature, the minimum creep rates in tension are much higher (up to
four orders of magnitude) than in compression. Pre- and post test density
measurements indicate that cavitation occurs in tension during the minimum creep rate
regime. Thus, the measured strain in tension is the sum of the strain from cavitational
processes and the strain from creep mechanisms. In compression, cavitation does not
occur and the deformation of coarse-grained DSC-Al is controlled by dislocation creep,
whereas the deformation of fine-grained DSC-Al is controlled by diffusional creep (at
lower stresses and higher temperatures) and dislocation creep (at higher stresses). The
apparent stress exponents for both diffusional creep (n=9) and dislocation creep (n=23)
are much higher than for unreinforced aluminum (n=1 and n=4.4, respectively),
indicating a threshold stress for both creep mechanisms. The experimentally determined
threshold stress for dislocation creep is much higher than predicted by existing models
which consider the interaction of a single particle with a single dislocation. Based on
transmission electron microscope observations of the interaction of multiple dislocations
with a single particle, a new threshold stress model for the case of high volume fractions
of large dispersoids is presented. The model takes into account the stress of dislocation
pile-ups upon the threshold-controlling dislocation and is in good agreement with
experimental data.
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1. INTRODUCTION

The continual drive to develop higher-performance lightweight
aluminum-based materials for application in the automotive and aerospace
industries imposes tremendous strength demands on these materials. High
strength can be achieved by incorporating a stiffer and stronger second phase
into the aluminum matrix. At elevated temperature, the reinforcement
must be chemically stable and show as little coarsening as possible. Thus,
ceramic reinforcements such as oxides and carbides are often used to

strengthen aluminum. Depending on the size and volume fraction of the
reinforcement, different strengthening mechanisms are dominant. In
dispersion-strengthened aluminum, such as sintered aluminum powder
(SAP) and mechanically alloyed (MA) aluminum, low volume fractions of
fine dispersoids provide dispersion strengthening. In aluminum metal
matrix composites (MMCs), produced by melt injection or powder metallurgy,
higher volume fractions of larger particles (greater than a few microns)
provide strengthening through load transfer, and at low temperature, forest
hardening (Fig. 1.1). Two recently developed processes are capable of
fabricating aluminum composites containing a high volume fraction of stable
submicron dispersoids: the XDTM process [1] (based on in situ formation of
stable dispersoids) and the dispersion-strengthened-cast (DSCTM) process [2]
(based on liquid metal infiltration of ceramic preforms). These materials
have the potential to attain high room temperature strength with high
ductility (due to the fine size of the particles) while also providing high-
temperature strength (due to the high volume fraction of particles).
Furthermore, this class of materials is interesting from a scientific point of
view because it exhibits an unexplored combination of high volume fraction
of reinforcement (typical of composites) and submicron particles (typical of
dispersion-strengthened materials) as shown in Fig. 1.1.

The literature survey (Chapter 2) reviews room temperature yield and
strain-hardening models, elevated temperature creep models and nucleation
and growth of cavities. Experimental methods and results are given in the
following two chapters. In Chapter 5, the results are discussed and a new
model for the threshold stress for dislocation creep is presented. Finally, the



findings are summarized in Chapter 6 and suggestions for future work are
given in Chapter 7.

Particle
Diamet(

(Prm)

Composite
trengthening

Dispersion
trengthening

0 20 40 60
Particle Volume Fraction (%)

Figure 1.1 Schematic plot showing the ranges of particle sizes and volume
fractions for discontinuously-reinforced aluminum materials with stable
particles.



2. BACKGROUND

2.1 Room Temperature Yield Strength and Strain-Hardening Behavior

The yield stress is defined by the first deviation from linearity on a stress-
strain curve while the proof stress is defined as the stress for which 0.2%
plastic strain is accumulated. For an elastic-perfectly plastic material, these
stresses yield the same value "A" (curve 1, Fig. 2.1). However, with
increasing strain hardening, the proof stress "B" diverges from the yield stress
"A" (curve 2, Fig. 2.1). High rates of strain-hardening have been observed in
MMCs containing particulates larger than 1 gpm, [3-6] and for dispersion-
strengthened metals with dispersoids less than 0.1 gim. Therefore, it is likely
that DSC-Al with intermediate particle size and high volume fractions will
also exhibit high strain-hardening rates. Existing models for the yield
strength and strain hardening in two-phase materials are reviewed below.

B

Stress

0.002

Curve 1

Strain

Figure 2.1 The relationship between the first deviation from linearity and
the 0.2% offset in terms of strain-hardening.



2.1.1 Yield Strength

The yield strength of a dispersion-strengthened material can be modeled
using a dislocation-particle interaction approach (which is sensitive to particle
size, distribution and volume fraction) or a continuum approach (which
ignores particle size effects). Both types of models are described below.

2.1.1.1 Dislocation micromechanics models
The yield strength of a pure metal containing a second phase is

determined by the interaction of primary glide dislocations with (i) the second
phase (Orowan strengthening) (ii) grain- and subgrain boundaries (Hall-Petch
strengthening) and (iii) other dislocations (forest hardening). The relative
contribution from each mechanism depends on the size of the reinforcing
phase. For example, in materials which contain large (> 1 gm) equiaxed
particles, such as MMCs, the main strengthening contribution is forest
hardening. Here, the strengthening stems from the tangling of primary
dislocations with prismatic dislocation loops which are generated during
cooling from the processing temperature by the difference in thermal
expansion mismatch between the two phases. The strengthening contribution
from forest hardening a, is given by [7-10]:

o,= A G b .p1 2, (2.1)

where A is a constant, G the shear modulus, b the Burger's vector, and pm is
the density of dislocation loops of radius d/k2 punched by spherical particles
of diameter d (assuming full relaxation of the mismatch due to the difference
in thermal expansion coefficients Aa [11]). This density is given by:

12. V- TAa AT. V
Pth b.d.( -V1) . (2.2)b -d -(1- V,)

where Aa is the difference in thermal expansion coefficients between the
matrix and the reinforcement, AT is the temperature range for which
thermal expansion mismatch dislocation loop punching is active and V, is

the volume fraction of particles.



As the particle size decreases, the thermal mismatch stresses also decrease
and fewer dislocations loops are generated to accommodate the mismatch.
Consequently, the primary dislocations encounter fewer obstacles and, thus,
the strengthening contribution from forest hardening decreases. Finally,
below a critical particle size d*, elastic mismatch stresses are too low to
produce prismatic dislocation loops and forest hardening no longer
contributes to strengthening.

Using a simple one-dimensional model which was found to match
experimental data in the model system AgCl/glass [12], the critical particle size
d* is estimated as:

d* b (2.3)
Aa -AT

The temperature at which dislocation punching is assumed to begin is Tmax,
corresponding to an homologous temperature of 0.59. Above Tmax, all
mismatch is assumed to be relaxed by diffusion, as also observed for quenched
AgC1 containing glass spheres at homologous temperatures of 0.55±0.04 [11].
Using the values in Table 2.1 for DSC-A1, Equation 2.3 predicts a critical
particle diameter d*=0.08 gm, much smaller than the particle diameter d=0.28
gm in DSC-Al. Consequently, forest hardening is expected to contribute to an
increase in yield strength for DSC-Al.

On the other hand, when the reinforcing particles are smaller than about
0.1 gm, Orowan strengthening and, if the material is fine-grained, Hall-Petch
strengthening are dominant [13]. The increase in yield strength o, due to

dislocation bypass of spherical dispersoids separated by a distance X is given
by the Orowan equation [14]:

0.4.G.b ln(d/b)
nor = " (2.4)

where v is the Poisson's ratio for pure aluminum, and d = 2/3d is the mean

diameter of a circular section in a random plane for a sphere of diameter d
and M is the mean orientation factor. The factor M=3.06 [15] transforms the
basic equation [14], derived for the stress to move a dislocation through a
single crystal, into an equation representing the stress to move a dislocation



through a randomly distributed fcc polycrystal. When the grains are not
randomly oriented, the sample is said to be textured and the value of M
changes according to the preferred orientation. For grains oriented along the
[111] direction, M=3.66 in fcc crystals [16]. For a cubic arrangement of spherical
dispersoids of volume fraction V,, the mean center-to-center dispersoid

spacing X is [14]

d- 1. (2.5)

Finally, boundary strengthening is given by the Hall-Petch relationship:

Gh = Kdg-1/ 2  (2.6)

where dg is the grain size and K is the Hall-Petch constant.

2.1.1.2 Continuum mechanics models

The modified shear-lag theory [17] (for load transfer from the matrix to
equiaxed particles (modeled as cylindrical particles of aspect ratio unity))
predicts a strengthening contribution Aca of:

AGc = -ay • V,, (2.7)

where 0=1/2 and •, is the yield stress of the matrix. More precise finite-

element calculations of p by Bao et al. [18] for the constrained flow of an
elastic, perfectly-plastic matrix containing spherical particles yield 0=0.375 for
low volume fractions, increasing to P=0.50 for V,=0.25. These values are in

reasonable agreement with Eq. 2.7 for volume fractions below V,=0.25.

2.1.2 Strain-Hardening
The difference between the yield point and the proof stress in particulate-

reinforced materials is due to the strain-hardening of the material (Fig. 2.1).
Furthermore, the strain-hardening is often related to the size of the
reinforcement. Therefore, the observed strain-hardening behavior in MMCs



(d>1 Am) and dispersion-strengthened materials (d< 1 Am), as well as possible
explanations for the observed behavior are presented below.

2.1.2.1 Metal matrix composites

High initial rates of strain-hardening followed by a rapid decrease in
strain-hardening have been observed in MMCs containing particulates larger
than 1 jm, [3-6]. For example, in a Al-7Si-0.5Mg reinforced with 21 vol.% SiC
particulates 8 jm in diameter [3], the strain hardening of the reinforced
matrix was higher than the unreinforced matrix up to a plastic strain C, of
0.2%. Beyond p, - 0.2%, the matrix and the composite exhibited similar

strain-hardening. Corbin and Wilkinson proposed a qualitative explanation
for the strain-hardening behavior. They suggested that particle-free regions
(up to 50 jm broad in their composites) yield at a low stress, harden rapidly
and transfer load to the particle-rich regions, which remain elastic up to high
stresses. Since the particle-poor regions in DSC-Al (~1 Am in diameter) are
much smaller than the 50 Am particle-free regions in the above MMC, the
above model is, however, not applicable for DSC-Al.

2.1.2.2 Dispersion-strengthened metals
Unlike the above MMCs, a mechanically alloyed aluminum material with

submicron grains and a large volume fraction of fine oxide and carbide
dispersoids exhibited very little work-hardening up to about 1% deformation,
above which work-softening took place [19]. The low strain-hardening rate
was attributed to the reorganization of dislocations with increasing strain, a
process similar to dynamic recovery.

Ashby [20, 21] developed a model for metals containing dilute dispersions
of submicron particles, whereby the strain-hardening results from the
interaction between primary, glide dislocations responsible for the overall
deformation of the crystal, and secondary, prismatic loops intersecting the
glide plane of the primary dislocations. The prismatic loops are punched into
the matrix as a result of the mismatch existing between the rigid inclusions
and the plastically-deformed matrix (similar to the thermal mismatch
discussed in 2.1.1), and are thus geometrically-necessary to prevent cavitation
at the particle-matrix interface. Detailed nucleation mechanisms for these
prismatic loops, involving double cross-slip of primary dislocations at the



particle, have been reviewed by many authors [4, 20, 22-25]. The density p of
these geometrically-necessary prismatic loops is:

3V V , E,P = bd (2.8)icbd

where e, is the plastic strain in the matrix.

Introducing Eq. 2.8 into a forest hardening equation of the type given by
Eq. 2.1, a parabolic strain-hardening behavior is predicted:

o, = a' .G . d V (2.9)

where a' is a constant on the order of 0.4 and G is the shear modulus of the
matrix. Brown and Stobbs [24] further considered the back stress ob due to
these dislocations and derived another contribution of the form ab = V 1/2 .a
Adding both contributions gives:

S= a'- (+VG 1, ) + V1/2). p (2.10)

2.2 Creep Models

Under the influence of an applied stress and elevated temperature, time-
dependent plastic flow or creep can occur. The relationship between stress,
temperature, grain size and creep strain rate is illustrated for aluminum with
a deformation-mechanism map (Fig. 2.2) [26]. Lines of constant strain rate
pass through each region with a different slope indicating a change in the
stress and temperature dependence due to a change in deformation
mechanism. Although one mechanism usually dominates in a given stress-
temperature-grain size regime, more than one mechanism can be active at a
given time. For this study, the relevant mechanisms are diffusional creep
and power-law creep. Assuming that they are independent from each other,
the total creep strain E, is the sum of the individual mechanisms:



Ecr = difi + FpI

where Ediff is the strain due to diffusional creep and ep- is the strain due to

power-law creep.
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Figure 2.2 Deformation-mechanism map for aluminum [26].

2.2.1 Diffusional Creep
At low stresses and elevated temperatures, stress-directed flow of matter

can occur. This phenomenon, diffusional creep, usually has a linear stress
dependence on the strain rate. Although atom motion through grain
boundaries (Coble creep) [27] is faster than atom motion through the lattice
(Nabarro-Herring creep) [28, 29], the relative strain contribution from each

mechanism depends on the grain size and the temperature: Coble creep tends

to prevail over Nabarro-Herrinc creep at low temperatures and small grain

sizes. The strain rate for diffusional creep is given by the equation [30]:

COD,
3k-Tdc,

(2.12)

(2.11)



where C is a constant equal to about 40, Q is the atomic volume, kB is
Boltzmann's constant, T the absolute temperature, dg is the grain size, a is

the applied stress and the effective diffusion coefficient Deff is:

Deff = Dr(1+ n •Db (2.13)

where the lattice diffusion coefficient Dv is given by:

DV = Dov exp(QT1 (2.14)

where Dov is the pre-exponential factor for volume diffusion, Q, is the

activation energy for volume diffusion, R is the gas constant. The product of

the grain boundary thickness 8 and the grain boundary diffusion coefficient
Db is given by:

Db = Dob exp(T- b (2.15)

where Dob is the pre-exponential factor for boundary diffusion and Qb is the

activation energy for boundary diffusion.

During diffusional creep, grains elongate in the direction of the applied

tensile stress and contract in the direction normal to the stress. In order for

neighboring grains to maintain coherency and for the flow of atoms to
continue, grains must slide along the grain boundaries. Both grain boundary

sliding and diffusion contribute to the overall strain, but since the two

processes act in a cooperative manner, they do not independently contribute

to the overall strain. Two physically identical approaches, which account for

the total strain, attribute all of the strain to either (i) diffusional creep, with

grain boundary sliding accommodating the mismatch at grain boundaries or
(ii) grain boundary sliding, with diffusional deformation relaxing
incompatibilities at grain boundaries. In either case, the slowest step in the
entire process determines the overall behavior.



2.2.2 Dislocation Creep

At higher stress levels, dislocation motion contributes to the overall

strain. Dislocation creep is governed by dislocation glide at low temperatures

and by both dislocation glide and dislocation climb at high temperatures. The

power-law type equation is given by:

Gb (on'
A=yA Deffj•' (2.16)

kBT G

where n' is the bulk stress exponent, A a constant, and the effective diffusion

coefficient De is the sum of volume diffusion and dislocation core diffusion:

De = D1+0a(/G)2Dc (2.17)

where ac is the cross-sectional area of the dislocation core in which core

diffusion is taking place, r is the shear stress and the core diffusion coefficient

DC is given by:

D= Doc exp(- -) (2.18)

where Doc is the pre-exponential factor for core diffusion and Qc is the

activation energy for core diffusion. Dislocation core diffusion tends to

prevail over volume diffusion at low temperatures.

2.3 The Influence of Particles on Diffusional Creep

Both grain boundary sliding and diffusional flow are controlled by the

motion of grain boundary dislocations. Glide of grain boundary dislocations

accommodates the sliding of grains and climb of grain boundary dislocations

absorbs and emits atoms necessary to maintain the flow of matter during

diffusional creep. Obstacles in the grain boundary, such as grain boundary

particles, can limit the motion of grain boundary dislocations and thus

impede the flow of matter necessary for grain boundary sliding and



diffusional flow. The ability of these particles to impede the motion of grain
boundary dislocations depends on their size and density in the boundary [22,
30, 31]. Several investigations have shown that diffusional creep is
suppressed when particles are present [32] [33, 34]. For example, MgO particles
at the grain boundaries of a Mg matrix reduced the diffusional creep rate at
low stress levels by several orders of magnitude, as compared to pure Mg [35].

To incorporate the impeding influence of particles on the motion of grain
boundary dislocations into the equation describing diffusional creep (Eq. 2.12),
two approaches have been taken (see e.g. [31]). In one case, due to the
inefficiency of the grain boundary dislocations to absorb and emit vacancies,
the pre-stress constant in Eq. 2.12 is reduced:

C'ODef'd= a (2.19)
3kBTdg2

where C'<C. In the other case, a threshold stress a o, representing a stress

below which the particles prevent the motion of grain boundary dislocations,
is introduced into Eq 2.12:

= C•D (_a - o) (2.20)
3kBTdg2

where t = 0 for a < ao.

R6sler, Joos and Arzt [16] presented another method to account for the
presence of the particles on the diffusional creep rate by assuming that the by-
pass of grain boundary particles by grain boundary dislocations is controlled
by the thermally activated dislocation detachment process. The diffusional
creep rate is then given by [16]:

2XpD Gb2r[(1- k)(1- a/ad)13/2
6 = 'bD exp (2.21)

dgbb kBT

where p' is the density of grain boundary edge dislocations, bb = b the grain
3

boundary Burgers vector, r is the particle radius, k is the relaxation parameter
which ranges from 0 to 1 (with 1 indicating no attractive interaction and 0



indicating a maximum interaction) and ad is the athermal detachment stress

given by [16]:

ad = or(1- k2)1/ 2 .  (2.22)

It should be noted that the approximation for the interparticle spacing (as the
center-to-center particle spacing) used by R6sler et al [16] to calculate the

Orowan stress is appropriate only for low volume fractions. Using the
relaxation parameter k=0.80 for Al/A1203 [16], the athermal detachment stress

(Eq. 2.22) for DSC-Al is:

Gd = 0.6Gor. (2.23)

Below, models which involve the interaction of a climbing dislocation

with a particle (giving rise to the threshold stress in Eq. 2.20) are presented.

2.3.1 Dislocation-Particle Interaction Models

i) Extending the Orowan model for bowing of matrix dislocations around

particles in the matrix to grain boundary processes, Ashby [31] predicted a

tensile threshold stress of:

2FSo (2.24)

where F is the line energy of the grain boundary dislocation and Xb is the

grain boundary particle spacing. Assuming that the dislocation stress field is

not relaxed by neighboring dislocations, the line energy is:

F = 1Gb2. (2.25)2

Introducing (Eq. 2.25) into (Eq. 2.24) yields:

Gb(o =  b (2.26)
o b



This equation has the same form but a different constant than the generally

accepted grain boundary Orowan equation (which is equal to (Eq. 2.4) with X
and b replaced with Xb and bb, respectively):

b =M 0.4Gb b n(d/bb) (2.27)or= M - b (2.27)

ii) Arzt, Ashby and Verrall [30], following the work of Shewfelt and

Brown [36] on the glide-plus-climb motion of matrix dislocations through a

dispersion of particles in the matrix, considered the same process for grain

boundary dislocations interacting with grain boundary particles, and predicted
a threshold stress •' [30]:

= 8 or,. (2.28)

However, if dislocation mobility in the particle/matrix interface is completely

restricted and climb is not allowed, the threshold stress is dictated by the

spacing of grain boundary particles and is equal to the Orowan stress [30] (Eq.

2.27).

iii) Clegg and Martin [37] conducted experiments on springs, to investigate

whether a small, but measurable, creep rate could be detected below the

threshold stress predicted by extrapolating higher stress data to lower stress

levels. They found that a measurable creep rate could be determined and they

concluded that it was incorrect to use a threshold stress type relationship to

predict the creep behavior of a two-phase material. Instead, they proposed

that the creep behavior is more accurately described by considering two

coupled processes, one being Coble creep, and the other associated with the

rate at which some defect in the particle/matrix interface can move. Ashby

[31] suggested that matrix and particle atoms must move in a cooperative

manner during deformation. Since many grain boundary particles have high

melting points, diffusion of atoms in the particle may control the overall

deformation. Clegg and Martin [37] used the mechanism described by Ashby



[31] with the equation describing Coble creep to arrive at the following
relationship for the two coupled processes:

I = Aj + BjY (2.29)

where r and j are the shear stress and shear strain rate, respectively, and A
and B are functions of material constants.

2.3.2 Accommodation Models

While all of the above modifications to Eq 2.12 assume that the interaction
of grain boundary dislocations with grain boundary particles controls the
overall creep behavior, some investigators [38, 39] suggested that the
accommodation process controls the deformation.

i) Harris [38] considered a different possibility for the origin of the
threshold stress. In this case, diffusion is rapid in the particle-free portions of

the grain boundaries but slow in the particle/matrix interface. As diffusion
proceeds, atoms from the grain boundaries parallel to the applied stress axis

are plated on the grain boundaries perpendicular to the applied stress.

However, because the particle/matrix interface cannot absorb vacancies as

efficiently as a matrix/matrix interface (grain boundary), mismatch stresses

build up near the particles. These stresses are relaxed by the punching of
interstitial dislocation loops into the matrix. For large volume fractions V,,

the resulting threshold stress is given as [38]:

6VF3GaV,P1n(r)
2o 2 a(2.30)
2r

where a is the interatomic spacing.

ii) The above models attribute all of the deformation strain to diffusional

creep, with grain boundary sliding accommodating the mismatch at grain
boundaries. As stated in section 2.2, another physically identical approach,
attributes all of the strain to grain boundary sliding with diffusional
deformation relaxing incompatibilities at grain boundaries. Given the

presence of particles in the grain boundary, it is possible that grain boundary



sliding is slower than diffusional creep and is the controlling mechanism.
When grain boundary sliding is accommodated by vacancy diffusion around
grain boundary particles, the creep rate predicted by Raj and Ashby [40] is:

3.2 Va928( 8DbS=2 D, 1+ 2.5 (2.31)
3 dg (2r)3 kBT r D,)

which does not predict a threshold stress, but leads to a reduced prestress
constant (see also Eq. 2.19)

2.4 The Influence of Particles on Dislocation Creep

As for the case of grain boundary sliding described in section 2.3, particles

within grains are expected to introduce a threshold stress by blocking the glide

of dislocations. A modification to the power-law creep equation (Eq. 2.16) can
be made by introducing a threshold stress, a o [41-43]:

= A' Gb Dexp( ) o . (2.32)
kT RT( G

where Deff = Dv is assumed (Eq. 2.17). Applying Eq. 2.32 to the definition of

the apparent stress exponent:

[ d(Inh )] (2.33)
n d(ln0) T'

the relationship between the apparent stress exponent n and bulk stress

exponent n' is determined as:

n__a F Oo1
=n 1- . (2.34)

-Similarly, applying dthe definition of the apparent activation energy:

Similarly, applying the definition of the apparent activation energy:



Qa =-Rd(ln (2.35)
appLd (1 / T)

to Eq. 2.32 gives a relationship between the apparent activation energy Qapp

and the activation energy for volume diffusion Qv [44]:

RT2 dG n'RT2 (doo ` (2.36)
Qpp = Qv - RT R G )(n - 1) _ - .-d o (2.36)app v G dT a-CO dT G

when the threshold stress is a function of temperature. From Equations 2.34
and 2.36, it can be seen that both n and Qpp approach infinity when the stress

a approaches the threshold stress a o .

The discussion in the literature concerning the threshold stress is

extensive, and addresses both the mechanisms responsible for the threshold

stress and its magnitude [14, 36, 41-54], as summarized below.

2.4.1 Dislocation Climb Models
At low temperatures, dislocations cannot climb and must overcome an

obstacle by bowing around it. The resulting threshold for dislocation motion

at low temperatures then is the Orowan stress (Eq. 2.4). As described below, at

elevated temperatures, dislocations can overcome an obstacle at stresses lower

than the Orowan stress by climb through diffusional mass transport, but

above a critical stress, the threshold stress. The threshold stress climb models

(local, [14, 36, 45], general [46] and cooperative [511) consider the configuration
of a single dislocation climbing over an obstacle.

During local climb, the non-climbing portion of the dislocation remains in

the slip plane while the climbing portion assumes the geometry of the

particle, producing a discontinuity at the particle/slip plane interface. A
computer simulation of particle bypass by local climb [45] led to an equation

for local climb over spherical particles:

Gooc =0.4or (2.37)
o or



where o•ac is the threshold stress for local climb and aor is the Orowan stress

(Eq. 2.4).
Since the discontinuity at the intersection of the glide plane and the

particle is energetically unfavorable, the general climb model [46] allows for
part of the dislocation line to climb out of the slip plane. Because the length
of dislocation out of the slip plane is larger than for local climb, the required
diffusional mass transport to the dislocation line is increased. Consequently,
general climb will occur more slowly than local climb. On the other hand, the
threshold stress for general climb is less than that predicted for local climb,
since the total line length is decreased. McLean [51] showed that the ratio of
line length increase between local climb and general climb decreases with
increasing volume fraction of particles. For cubical particles with Vf= 0.25 ,
the ratio is - 2.0; thus, the threshold stress for general climb a *en in DSC-Al is

approximately:

agen = 0.20or (2.38)

For high volume fractions of particles, based on the total dislocation line
length increase, it is energetically favorable for a single dislocation to

overcome groups of particles rather than threading between individual
particles. Evans and Knowles [55] showed that the back stress aB associated

with cooperative climb (neglecting a weak dependence on applied stress) is
given by:

2 
-1

[rB-- (j2 ] (2.39)

This back stress is a strong function of the ratio of particle radius to the
surface-to-surface particle separation r/X. Replacing bb with b in Eq. 2.24 to

obtain the matrix dislocation line energy, Eq. 2.39 can be defined in terms of
Gb/X. Inserting the material constants for DSC-Al with randomly distributed
grains (M=3.06) into Eq. 2.4 yields Gor=3.22 Gb/2. Combining this result with

Eq. 2.39, the back stress for cooperative climb in DSC-Al is:

G0 = 0.35oor (2.40)



Although the numerical value derived (Eq. 2.40) is equivalent to the value
presented by Evans and Knowles, the pre-Orowan stress factor 0.35 is half the
value given by Evans and Knowles since they represent the Orowan stress as
1.6 Gb/X, which is one half the value found using Eq. 2.4.

McLean [51] presented a different model for the back stress due to
cooperative climb which is a function of the applied stress a.

SL =[1+ sin20 + sin0cos04 dy1+X (2.41)
ady) r2

where a is a dimensionless constant, 6 is the inclination of the applied stress
to the glide plane normal and dx/dy describes the shape of the particle.
Assuming that (i) 0=450, (ii) a=l, and (iii) dx/dy=l, the back stress a s for

cooperative climb is given by:

GB = a{1+ 1[+ (V,-1 - 1)2]1/2 } (2.42)

and is independent of the particle size and interparticle spacing, in contrast to
the model of Evans and Knowles [55]. For DSC-A1, with applied stresses

ranging between 0.5cor and cor, the resulting back stress ranges between:

0. 23or < aB < 0.46 0or (2.43)

Since the configuration of the dislocation as it bypasses the particle is

different for each of the three climb model, the change in dislocation line

length and the amount of material that must be transported to produce such a
configuration varies as well (Table 2.1).

While an increase in dislocation line length gives rise to a threshold

stress, an increase in mass transport slows down the creep rate. As noted by
McLean [51], the differences in kinetics between the above models decrease
with increasing volume fraction, and for V,>0.2, the dislocation climb

velocities will be generally equivalent.



Table 2.1 The relative differences in change of dislocation line length
and mass transport required for dislocation bypass of a particle for the
three climb models.

Climb Model Change in dislocation Mass transport
line length

local High Low
general Medium Medium

cooperative Low High

2.4.2 Constant Structure Model

Lund and Nix [56] described the high strength of thoria-dispersed
Nichrome as the sum of (i) the stress for plastic flow in the matrix and (ii) the

stress for dislocation bowing around particles:

S+ -_ (2.44)E T-DNichrome E Nichrome E reshold

Lin and Sherby [54] suggested that the particles not only impart a threshold

stress to creep, but also refine the subgrain structure thereby increasing the

creep strength, as described by the constant structure creep equation:

= K(s3 Deff a- o(2.45)
b b2= E

where K is a material constant equal to about 109 for high stacking fault
energy materials, ,,g is the subgrain size or barrier distance and co/E is the

elastic modulus compensated threshold stress, and n=8 is the bulk stress

exponent for creep under constant structure conditions.

2.4.3 Dislocation Detachment Model

A dislocation which can relax part of its strain field in the particle-matrix
interface [57] experiences an attractive force at the particle-matrix interface as
it climbs over the particle. Arzt and Wilkinson [49] modeled this attraction by
reducing the line energy of the climbing portion of the dislocation relative to



the non-climbing portion by a relaxation factor k. After a dislocation has
climbed over the obstacle, it must overcome this detachment barrier before it
can continue to move through the matrix. The detachment threshold stress
ad is given by Eq. 2.22, and is independent of particle shape, climb geometry
or height of slip plane with respect to the particle.

(a)

L.- ~ -,.- ..

(C)

(d)

Figure 2.3 Mechanisms by which
Orowan stress. (a) local climb [58],
[51]; and (d) detachment [491].

dislocations bypass particles below the
(b) general climb [58], (c) cooperative climb

(b)

b

_ !



2.4.4 Thermally Activated Dislocation Detachment Model

Below the athermal threshold stress given above, creep may still be
possible with the aid of thermal activation. R6sler and Arzt [59] describe
thermally activated dislocation detachment by:

= eo exp -Ed (2.48)

where the pre-exponential term cois:

S3kpD,o = ' (2.49)

p is the density of dislocations and the energy Ed is:

Ed = Gb2r[(1- k)(1- /ad)]3/2. (2.50)

Combing equations 2.48-2.50 yields the final form of the rate equation:

3-pD,-e Gb2r[(1 - k)(1- a/ad )]13/2E = expB . (2.51)
b kT

For k<0.9, the slope of the strain rate as a function of stress is very steep and
for measurable strain rates ( > 10-9 s-'), the exponential representation
resembles a threshold-type response.

R6sler and Arzt also presented an equation for determining the relaxation
parameter k from two experimentally determined values, Qapp and n:

2/3

3Gb2r (1- a/d)1'2 a/O d

where a/ad is a function of the apparent activation energy Qapp and is

determined by differentiating Eq. 2.48 with respect to temperature:



Gd
1 - (2.53)

2.4.5 Pile-up Models

If the number of dislocations per particle N is larger than unity,

dislocation pile-ups may form at particles. The stress field of individual edge

dislocation at the origin of an orthogonal (x,y) coordinate system is described

by:

Gb y(3x2 +y 2)
xx 2ir(1- v) (x2 + y 2)2  (2.54)

Gb y(X2 -y 2)
y 2x(1- v) (x2 + y2) 2

Gb x(x 2 - 2)(2.56)0 = (2.56)
270(1- v) (X2 +y2) 2

S(= V(a +_aVX) =aGbv y (2.57)zz +(1- v) X2 + y 2

(X = =Cyz = 0 (2.58)

The equilibrium position of each dislocation in a pile-up is determined by

balancing all of the forces acting upon it (i.e. other dislocations in the pile-up,

an applied external force, interaction force from a particle). The equilibrium
positions are determined by solving a system of non-linear equations, where

each equation represents the force balance on a given dislocation. Chou and
Li [60] summarized the theory of discrete dislocation pile-ups developed in

the 1950s and 1960s and presented the available mathematical approximations
for a few specific dislocation configurations. Hirth and Lothe [61] utilized the



continuous dislocation distribution technique (where each dislocation has an
infinitesimal Burgers vector, as summarized by Ref. [60]) to describe the
number and position of dislocations in single-ended and double-ended pile-
ups (Fig. 2.4).
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Figure 2.4 Dislocation pile-up schematics. (a) single-ended with an applied

stress, (b) one pile-up with positive edge dislocation and another with

negative edge dislocations both under the influence of an applied stress (c)

double-ended pile-up with no applied stress.

The positions of dislocations in a single-ended pile-up (Fig. 2.4 a) is related

to the applied external stress and the number of dislocations in the pile-up.
The length of the pile-up is, then, also a function of the number of

dislocations. While the single-ended pile-up of edge dislocations closely
resembles the dislocation configuration that might be expected for a pile-up

between two particles, it has one major limitation: the length of the pile-up,

which is directly related to the number of dislocations in the pile-up can

exceed the interparticle spacing. Thus, the equilibrium positions do not have

I



any significance when there is a second obstacle within the length of the pile-
up.

t7
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Figure 2.5 Schematic of double-ended dislocation pile-up with end
dislocations pinned at obstacles.

The double ended pile-up is bounded by obstacles at both ends of the pile-
up (Fig. 2.4 b and c), and thus may be more appropriate. However, both the
cases presented are slightly different than the case of a pile-up of same-sign
edge dislocation under the influence of an applied stress with the first and last
dislocation pinned (Fig. 2.5). The solution for a stressed double-ended pile-up
(Fig. 2.4 b) considers one positive edge dislocation pile-up and one negative
edge dislocation pile-up. The solution for a pile-up of same sign dislocations
is only given for the unstressed case. Thus, there seems to be no solution in
the literature for a stressed pile-up of same-sign edge dislocations bounded by
two obstacles (Fig. 2.5).

Dislocation Walls

The force per unit length F/1 that one edge dislocation at the origin exerts

on another dislocation at point (x, y) is given by the Peach-Kohler equation
[61]:

F= (a b)x4 (2.59)

where 4 is the line sense of the dislocation and a is the stress tensor defined

by.



Oaxx xy xz

a= oxy 7 yy yz (2.60)
Gxz yz zz,

where the magnitude of the components are given in equations 2.54-2.58.
The glide force is given by [61]:

Fg_ = [(b a)x ].[x (b x )](2.61)
L lbx l

and the climb force is given by:

F =[(b )x ].(b) x (2.62)
L lb x (1

Thus, for two edge dislocations of the same sign gliding in parallel slip planes,
the most stable configuration is vertically above one another. When
multiple edge dislocations arrange in this low energy configuration, the array
is referred to as a dislocation wall. The shear stress at point (x,y) due to the
stress field of an infinite wall of dislocations (with one of its dislocations at
the origin) is [62]:

Scosh 2x cos 21tyGb v)X h ha = (2.63)2nr(1 - v) h2 2xsinh2 (L1J+ si( yy
h h

where h is the spacing of dislocations in the wall. For y=0, Eq. 2.63 simplifies
to:

Gb 1 sinh-2 (2.64)
xy 2n(l - v) x h h--

The shear stress of the wall (Eq. 2.64) thus corresponds to the shear stress of a
single dislocation (Eq. 2.56) multiplied by a factor K:



K = I2 i h (2.65)

The factor K tends to 1 for small values of x and it decays exponentially to
zero for nx/h > 1. The stress field of a wall is therefore always weaker than

that of a single dislocation, as a result of the shielding effect of the dislocations
in the wall. For large distances tx/h, the stress field of a wall is negligible.

2.5 Cavity Nucleation and Growth During Creep

When a cavity forms in a creeping material, it displaces a volume of
material equal to its volume. Under the presence of an applied tensile stress,
the displaced material is redistributed within the bulk, ultimately producing
an elongation in the direction of the applied stress. This cavitational strain is
in addition to the strain due to creep mechanisms. Consequently, the
observed strain Eobs is the sum of the cavitational strain Ecav and the creep
strain Ecr:

obs = Ecr + Eav  (2.66)

To distinguish the strain due to the volumetric increase of pores from the
strain due to creep mechanisms, it is necessary to determine when cavities
form and at what rate they grow.

2.5.1 Nucleation Models

Cavity nucleation can occur at any material heterogeneity that
concentrates stress, i.e. grain boundary triple points, localized slip bands or
particles at grain boundaries or within grains. If the stress concentration
cannot be relieved by elastic or plastic deformation of the grains, then
cavitation occurs either by vacancy condensation or particle debonding [63,
64]. During creep of high-purity aluminum, the few material
inhomogeneities are easily accommodated by rapid diffusion and cavitation is
completely suppressed [65]. As the impurity and thus particle content rises, so
does the tendency for aluminum to fail intergranularly by the nucleation,



growth and coalescence of cavities. Most engineering materials, including
commercially pure aluminum (used to produce DSC-Al), normally contain
very low volume fractions of fine grain boundary inclusions which serve as
cavity nucleation sites.

2.5.2 Growth Models

The growth rate of a pore depends on the ease with which grain boundary
sliding and local deformation can accommodate the growing cavity. Growth
is considered "unconstrained" when grain boundary sliding is unobstructed

or is easily accommodated by either elastic or plastic deformation. If grain
boundary sliding is obstructed and cannot be accommodated by creep in the
matrix, then growth is considered "constrained" [66]. These two cases are
described in more detail below.

2.5.2.1 Unconstrained cavity growth
When there are no obstacles to grain boundary sliding and the

accommodation of any barriers is not limited by the deformation in the
surrounding matrix, the cavity growth rate icav is given as [67] :

Cxi8DbQn
cav =  (2.67)cavkTkTcavrca(267)

where 2kcav is the cavity spacing and r,,a is the cavity radius. C and n are
equal to unity when diffusional mechanisms supply vacancies to a growing
pore. When the supply of vacancies to the pore is enhanced by the flow of
matrix dislocations, n is greater than unity. The incremental change in cavity
volume is related to the change in strain by [68]:

irr2dr = &2cavdg (2.68)

where dg is the incremental change in grain length due to the plating of

atoms along the grain boundary perpendicular to the applied stress.
Integrating and combing Eqs. 2.67 and 2.68 yields the strain rate due to
unconstrained cavity growth ~,v:



C cir (ir8Db•2Ž• 13/2
ýca =

- 2X2 3/2 tV2 (2.69)
cav 2,ad j avkT

where the superscript u denotes unconstrained growth.

2.5.2.2 Constrained cavity growth

Dyson [66] examined unconstrained cavity growth models and questioned

the assumption that all grain boundaries contain cavities. Instead, he

proposed that only certain grain boundaries, those perpendicular to the

applied stress (AB, and CD Fig. 2.6), contain cavities. Furthermore, these
grain boundaries may not cavitate at the same rate. Consequently, there is a
non-uniform distribution of cavities on the grain boundaries. The grains (I
and II) which meet at the cavitated grain boundary CD, move apart in

proportion to the cavitated volume. If, for example, the grain boundary AB

does not cavitate at the same rate as CD, then the grain boundary sliding

which is required to accommodate the deformation in grains I and II will

cause a stress to develop at BC and CE. If the stress is larger than can be

accommodated by elastic deformation, then plastic deformation in the

surrounding grain must relieve the stress. Either diffusional creep or

dislocation creep can provide such a stress relief mechanism. If the creep

deformation is slower than necessary to relieve the stress, cavity growth is

said to be constrained.
cr

a

Figure 2.6 Schematic showing how inhomogenous cavity formation can

constrain grain boundaries sliding [66].



Rice [69] developed Dyson's concept of constrained cavity growth into an
equation predicting the growth rate ca, of a constrained spherical cap cavity of
radius r. In the limit that the growth of cavities is controlled entirely by
matrix creep, the cavity growth rate is given by:

r cav=1 cav 2df. (2.70)
2.5 rC- V

where df the diameter of the grain facet and the matrix creep rate & is given

by the power-law equation (Eq. 2.16). Thus, the creep rate from pores is given
by-

4 nd,L_
cav = (2.71)

2.5dg

where the superscript c denotes constrained growth.

The theoretical creep rate th is the sum of the matrix creep rate i. and the
strain rate due to cavity growth cav:

t = cr + cav (2.72)

Assuming the diameter of the grain facet is one half of the grain size, and
substituting Eq. 2.71 into Eq. 2.72, the predicted strain rate is approximately 3.5
times the strain rate ý. of the matrix alone.

2.5.3 The Effect of Particles on the Nucleation and Growth of Cavities

While the decrease in strain rate and increase in time-to-rupture by
several orders of magnitude can be directly correlated with the addition of a
second phase to a "particle-free" matrix, there is still no universal agreement
on the exact manner in which the cavitation mechanism is altered [70], [32].

2.5.3.1 Nucleation
According to Yoo and Trinkhaus, grain boundary particles concentrate

stress by a factor of [71]:



(8AD ) (2.73)

where 6SD is the interface width times the interface diffusion coefficient.

Argon [64, 72] calculated stress concentrations due to the presence of grain
boundary particles in a polycrystal undergoing power-law creep and found
values ranging from 10-22 times the applied stress depending on the stress
exponent and the particle spacing. However, these stress concentrations and,
therefore, the ease with which cavities nucleate, could be greatly reduced by
power-law creep and diffusional processes [64]. Furthermore, in materials
with high densities of grain boundary particles, such as DSC-Al, grain
boundary particles may inhibit grain boundary sliding and thus prevent
another common nucleation mechanism [73]. In this case, Dyson argued [73]
that the stress concentration near particles is not relieved by vacancy

condensation, but by decohesion of the grain boundary particle. If the pore is
below a critical value, the unstable cavity will shrink due to capillary forces.

A stable nuclei is formed when decohesion produces a cavity with a radius
r.av greater than:

rcav > (2.74)
IY
n

where y, is the surface energy and anis the local steady state tensile stress. In
a uniaxial tension test, ao will be greatest in the direction of the applied stress

a. Consequently, there will be a higher portion of the cavities that reach the

critical size on the grain boundaries perpendicular to the applied stress, as is
normally observed. Dyson developed this idea further predicting a cavity
nucleation rate as a function of strain that increases as the density of particles
increases.

2.5.3.2 Constrained Growth
As for the "particle-free" case, cavity growth in particle-containing

materials is controlled by the rate at which the system can redistribute the
cavitated volume. Whether the rate is constrained or unconstrained
ultimately depends on the ease of grain boundary sliding and local



deformation. In many cases, growth is constrained due to the nature of the
interaction of the particle with matrix atoms and grain boundary dislocations
as well as the increased resistance of the matrix to deformation. The
following describes the mechanistic processes that slow down pore growth in
particle-containing materials.

Ashby considered the case when growth is constrained by an insufficient
supply of vacancies [74]. He claimed that atoms from both the matrix and the
particle must rearrange in order for a grain boundary dislocation to move
around a particle. If the particle has a high melting point, the motion of grain
boundary dislocations will be limited by the low diffusivity of the particle.
Since climbing grain boundary dislocations emit and absorb vacancies, the
supply of vacancies to the growing pore will be diminished [70] and the
growth rate will decrease.

Growth can also be constrained if the particle-matrix interface is unable to
absorb atoms. Since the nature of the particle-matrix interface is inherently
different from the matrix-matrix (grain boundary) interface, atoms removed
from one region of the grain boundary during cavity growth may
preferentially plate out on particle-free regions of the boundary rather than
along the particle-matrix interface. When this occurs, a non-uniform strain
develops between the particle-free regions of the grain boundary and the
particle-containing portions of the grain boundary. In order to maintain
coherency, the grain surrounding the particle must deform. The grain can
accommodate the non-uniform plating of atoms either elastically or
plastically by creep [75] or by punching of dislocation loops [70].

It should be noted that not all investigators believe that particles slow
down the growth of grain boundary cavities. Nieh and Nix [32] found the
same growth rate for Ag+0.1%MgO as for unreinforced Ag. They asserted that
since the creep rate is reduced by several orders of magnitude relative to the
unreinforced matrix, void growth rate should also be affected if the growth
rate is controlled by the deformation in the surrounding grain. Therefore,

they concluded that the growth mechanism is the same for both conditions.



2.6 The Effect of Loading Condition on the Creep Behavior of Aluminum
Containing a Second Phase

Higher creep rates in tension than in compression have been observed in
an aluminum composite containing 10 vol. % of 1.5 pm SiC particles [76].
However, in two dispersion-strengthened aluminum materials with smaller
volume fractions of finer particles, only one exhibited this asymmetric creep
behavior [77], while the other exhibited the same creep response irrespective
of the loading condition [16].

To investigate the role of cavitation in the tensile deformation of an
aluminum composite, Pandey et al [76] measured the density before and after
creep testing and calculated the change in density normalized by the strain-to-
failure Ap/ef as a function of stress. They found a larger decrease in strain-

normalized density below a "transition stress" than above the transition
stress, and concluded that cavitation dominates the failure process at lower
stresses and necking prevails above the transition stress. Fractography
confirmed this result: a specimen crept with a low applied stress exhibited
little necking, while another subjected to a higher stress demonstrated
pronounced necking.

The density of mechanically alloyed aluminum containing aluminum
oxide and aluminum carbide dispersoids was measured before and after creep
testing at different strain rates by Orlova et al [77]. A small decrease in
density, close to the limit of resolution, was reported for both tensile and
compressive loading conditions for samples tested at a strain rate of 7x10-9 s-1.

A slightly larger decrease in density was reported for both loading conditions
for samples tested at a rate of 7x10 -5 s-1. The decrease in density for the higher
strain rate compressive sample, was most likely due to the very large
deformation (15%) which resulted in barreling. Barreling leads to a complex
state of stress which can contain local tensile components, enabling cracks and

cavities to form and resulting in a density reduction. Micrographs confirm
that non-uniaxial material flow due to barreling occurred in this compression
specimen and that voids and cracks were also present. Consequently, the
decrease in density in the compression samples after creep testing is most
likely an artifact of the multiaxial deformation, not an indication of normal
cavity nucleation and growth due to uniaxial deformation. No attempt was
made in either of the aforementioned density studies to correlate the change



in density to the difference in strain rate observed in tension or compression.

If cavitation can be related to the difference between the tensile and
compressive creep rate, then it may be possible to understand why some
materials behaved differently in tension and compression while others
(mechanically alloyed aluminum containing 2-10 v/o of approximately 30-40
nm A14C3 and A1203 particles) showed no asymmetry [16].

2.7 Fracture

2.7.1 Room Temperature Fracture

During tensile testing, the load P is increased up to the ultimate tensile
strength, at which point, the sample necks and the stress in the necked region
increases without an increase in applied load. The slope of the load-
elongation curve at this point is zero (dP/de =0). Using the following

relationships:

E= In( A (2.75)

where A is the final cross sectional area and Ao is the initial cross sectional

area and

P = cA, (2.76)

the Considere law, which represents the point at which the sample becomes
geometrically unstable, can be written as:

do = , (2.77)
dFracture before this poit is the due to material ihomogeeities ad flaws.

Fracture before this point is then due to material inhomogeneities and flaws.



2.7.2 Elevated Temperature Fracture

While the time to fracture is a critical factor in the design lifetime of a

component, obtaining time to fracture data by duplicating service conditions
is not always feasible. Consequently, several techniques have been used to
predict the service lifetime of a component from data obtained from shorter
laboratory tests. Generally, extrapolation parameters based on either the time-

temperature relationship (for a review see Refs. [78, 79]) or the minimum

creep rate and the time to fracture relationship [80, 81] are used. The time-
temperature parameters follow from an Arrhenius equation [78] while the
minimum creep rate parameters are derived from a critical strain criterion

which assumes that the strain accumulated during secondary creep is

constant [80]. Models predicting the time to fracture based on cavity growth

and coalescence models are reviewed in Ref. [82].

Minimum creep rate parameters

The Monkman-Grant relationship relates the time to fracture tf to the

minimum (secondary) creep rate emcr through:

tf(Smcr) m =C (2.78)

where m and C are constants. For most materials evaluated by Monkman

and Grant [80], the constant m had values between 0.8 and 0.95 while the

constant C varied between 3 and 20 depending on the material system. The

Monkman-Grant parameter has several advantages over the time-

temperature parameters [78]: (i) it has been shown to represent the data better

than several time-temperature parameters (ii) it requires only five or six data

points to establish a "master curve" which can be easily used for different test

conditions of stress and temperature and (iii) once the minimum creep rate

has been established, the time to rupture can be estimated rather than

determined by running a controlled test to fracture.
Monkman and Grant noted that the description of the fracture data given

by Eq. 2.73 was related to the strain to fracture e, [80]. Dobes and Milicka [81]
found a better linear fit of the data by introducing the strain to fracture Ef into



the Monkman-Grant relationship. The modified Monkman-Grant
relationship then takes the form:

tf(mc) C' (2.79)
ef

where m' is close to unity and C' is temperature independent. Although this
relationship yields a better fit, its application without extensive ,f data is
more subjective than the original Monkman-Grant relationship since ,f is
dependent on both stress and temperature and is also sensitive to surface
flaws.

Time-temperature parameters

Both the Larson-Miller parameter [83] and the Sherby-Dorn parameter [84]
can be derived from the Monkman-Grant relationship with m=1 (Eq. 2.78)
and the power-law representation of the minimum creep rate (Eq. 2.16) which
is inversely proportional to the time to failure:

tf,= Aexp(B. (2.80)

To obtain the Larson-Miller parameter P, A is assumed to be constant and B a
function of stress:

P=T(K + logt). (2.81)

where T is the absolute temperature and t can be defined as either the time to
a specific strain or the time to fracture. Thus, the Larson-Miller parameter is a
function only of stress and K- 20 when tf is expressed in hours [85]).

Similarly, the Sherby-Dorn parameter 0 [84] can be derived from Eq. 2.78
by assuming that A in Eq. 2.80 is a function of stress and B is constant:

0 = logtf -2 (2.82)2.303RT



where Q is the activation energy for self-diffusion. The Sherby-Dorn
parameter is usually in reasonable agreement with pure metals and dilute
alloys at T/Tm>0.5, but not with other systems [85].



3. EXPERIMENTAL PROCEDURES

3.1 Material Preparation

Binder-free preforms of 99.8% pure ~ - Al20 3 particles (mean particle
diameter of 0.28 ± 0.03 gLm) were pressure infiltrated with 99.9% pure
aluminum by Chesapeake Composites Corporation (New Castle, DE). The
resulting ingot (diameter-40 mm, length-90 mm), containing approximately
25 vol.% of alumina, was directionally solidified under pressure.

To improve the particle distribution within the matrix and to close up
possible casting porosity, some of the as-cast billets underwent further
thermo-mechanical processing. Parallelpiped samples sectioned from an as-
cast ingot were convection heated in air to approximately 550 'C and then

passed through two heated rollers. The spacing of the rollers was
incrementally (0.635 mm (25 mils) per pass) decreased until the thickness was
reduced by approximately 14%. At this point, the material began to develop
large shear cracks and fractured within the next few passes. To prevent this
type of macroscopic material failure during thermo-mechanical processing,
entire ingots of the as-cast material were extruded at Minalex Corporation
(Whitehouse Station, NJ). Since the ingot diameter was smaller than the
extrusion press shaft, the billet was encased in a cylinder of an aluminum
alloy and the two were then coextruded at 550 'C (extrusion ratio of 12). To
investigate the stability of the fine grains in the extruded material, samples of
the extruded material were held at 650 'C in air for 139 hours.

3.2 Microscopy

Metallographic samples were polished using standard techniques, and
examine without etching by optical microscopy. The as-cast, polished samples
were anodized in Barker's etch (4-5 mL HBF4 (48 %) + 200 mL H20) for

approximately 30 s at a DC voltage of 20 V. Samples for transmission
electron microscopy (TEM) were prepared by a combination of mechanical
grinding, dimpling and ion milling. Bulk material was first sectioned with a
low-speed diamond saw and ground to a thickness of approximately 400 jim.
Disks, 3 mm in diameter, were then punched and dimpled with a 3 gm



diamond slurry to a thickness of less than 50 gm. Finally, thinning to
perforation was conducted using a Gatan Dual Ion Mill operating at 6 kV on a
cooled sample stage. The thinned samples were observed in a JEOL 200 CX
transmission electron microscope operating at 200 kV. Fracture surfaces were
examined with a Cambridge Scanning Electron Microscope operating at 20
kV.

X-ray measurements were performed on a Rigaku RU200 using Cu Ka

radiation with an operating at 50 kV and 150 mA. The sample was scanned
through 20= 35-100' at a rate of 10 °/min with a sampling interval of 0.02".

3.3 Room Temperature Tensile Tests

Round bar tensile specimens with a nominal diameter of 6.35 mm (0.25")
and gage length of 25.4 mm (1.00") were prepared according to ASTM #E8.
Tensile testing was conducted by ManLabs (Cambridge, MA) on a MTS 810
servohydraulic load frame with digital Series 8500 electronics under
computer control. The load was measured by a 20,000 pound load cell and the
strain was measured in the gage section with an Instron 2620-825, 0.9844 inch
20% extensometer. The actuator displacement rate was 0.15 mm/min (0.06
in/min).

3.4 Creep Testing

Both tensile (Fig. 3.1, Table 3.1) and compression (Fig. 3.2) test specimens
were fabricated from the as-cast and the extruded material. Following ASTM
#E139 and ASTM #E8, tensile test specimens were machined with a gage
diameter of approximately 4.06 mm (0.160') and a gage diameter to gage
length ratio of 4. To provide attachment points for the extensometer, notches
were placed below the threaded section of the sample, but outside the gage

section. All tensile samples were given a final surface polish using 6 jm
diamond paste (while turning on a lathe). Cylindrical compression samples
were machined with a length to diameter ratio of 2:1 and a nominal diameter
of 6.35 mm (0.25 in.).

Constant-load creep tests were performed in air according to ASTM #E139
on a creep frame with a lever arm ratio of approximately 1:10 (Fig. 3.3). The
lever arm ratio was determined by placing standard weights on the weight



hanger and measuring the load in the load train with a load cell. This type of
creep frame is capable of applying tensile or compressive loads. The tensile
load into a compressive load by allowing the base of the cage to move freely
upward, while keeping the top of the cage fixed. Friction between the
compression fixture and the compression sample ends was minimized by
applying boron nitride to the alumina platens which were inset in the
compression fixture. Attached to the compression fixture are rods which
translate the motion between the upper and lower plates outside of the
furnace where the displacement can be measured by an LVDT (Fig. 3.4). The
strain was measured with a linear voltage displacement transducer attached
to an extensometer (tensile: ATS Series 4112, 12.7-101.6 mm (0.5-4") range);
compressive: ATS Series 4057) (Fig. 3.4 and Fig. 3.5). The resolution of the
LVDT used for tensile tests was ± 2.5 tim, and for compressive tests: ±+1 jm.
The sample temperature was monitored with at least 2 thermocouples and
maintained to within ± 1 oC by a three-zone furnace. The position of the
LVDT, time and temperature were recorded on a computer (Fig. 3.5).

Samples with both a larger gage volume and a larger gage volume to total
volume ratio Vg/Vto, (where Vg is the volume of the gage section and Vt,, is

the total sample volume) were also tested in tension for cavitation
measurements. The sample geometry is shown in Fig. 3.1 and the
dimensions of samples used for minimum creep rate (MCR) measurements
and for cavitation (CAV) measurements are given in Table 3.1.

One test specimen was used for each stress level in tension and for several
stress levels in compression to determine the MCR. In tension, the MCR was
determined by plotting the creep rate versus time. In compression, the MCR
associated with the first stress level was obtained after approximately 2%
strain by linear regression on the last 0.5% strain data. The MCR for each
subsequent stress level was obtained by linear regression on approximately
0.5% strain.



Table 3.1 Dimensions of axi-symmetric smooth round tensile creep testing

specimen.

Sample D1 D2 L1 L2 L3 N1 N2 V9
ID Vtot

MCR
(mm) 4.06 7.94 15.49 5.59 16.26 0.91 0.91 0.11
(in) 0.160 0.3125 0.61 0.22 0.64 0.036 0.036 0.11

CAV
(mm) 4.70 7.94 10.16 0.22 63.50 0.036 0.036 0.45
(in) 0.185 0.3125 0.40 0.22 2.50 0.036 0.036 0.45

Threads: 5/16"-24.
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Figure 3.2 Dimensions of compression creep specimens (a) top view, (b) side
view. d-6.35 mm (0.250").
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Schematic of constant-load creep testing apparatus.Figure 3.3
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Figure 3.5 Schematic of data acquisition system.



3.5 Density Measurements

Each sample was ultrasonically cleaned in acetone for approximately 30

seconds and thoroughly dried before determining its mass in air using a

Mettler Balance with a resolution of ±0.05 mg. Archimede's Principle, which

states that a body immersed in a fluid experiences a buoyancy force equal to

the weight of the volume of fluid displaced, was used to determine the

sample volume. The sample was suspended by a thin copper wire in a bath of

deionized water. The water-bath temperature was measured using a

thermometer accurate to ±0.2 'C. Although the theoretical mass sensitivity is

+0.05 mg, the measurement reproducibility is closer to ±0.5mg, due to

variation in the configuration of the wire and sample in the water and the

amount of air bubbles on the sample surface.
At a constant temperature, the density of the sample ps is given as:

mpo (T)
p•,= m m m°(T) (3.1)

m. + m1 - mw

where m, is the mass of the sample in air, m'~, is the mass of the sample and

wire measured when the sample is completely submerged and the wire is
partially submerged in water and m' is the mass of the wire used to suspend

the body measured when the wire is partially submerged in water, and

HzO (T) is the density of water as a function of temperature. To estimate the

density of water as a continuous function of temperature, a fourth order

polynomial was fitted to the data given in the Ref. [86] in 10 'C increments

between 0 'C and 100 'C. The best fit equation (R=1) for the density as a

function of temperature (in 'C) is given by:

PH20(T) = 0.99985 + 5.3785- 10-'T - 7.5963 -10-6T 2 (3.2)
+4.2552 10-8 T3 - 1.3431- 10-10 T4

To assess the reproducibility of the density measurements, one sample

was measured several times on different days. To determine the scatter of a
given sample type with others of the same type, the density of several

samples of the same type was determined. To assess the effect of oxidation

and/or other effects due to exposure to elevated temperatures, a sample



standard, with the same geometry as the test specimen, was hung next to the
test specimen during the cavitation experiment. Consequently, it experienced
the same thermal treatment without being subjected to the externally applied
load.

To determine the change in density as a function of strain, some creep
tests were unloaded and fan-cooled at the end of the primary creep stage and

at two points during the minimum creep regime and the density was

measured as described above. Before each reloading, the sample was allowed

to come to thermal equilibrium (a process which took approximately 2
hours).

Estimation of the gage density in tensile samples
The density of a few samples tested in tension and compression were

measured before and after creep testing. Due to the uniform geometry of the

compression creep samples (Fig. 3.2), the entire sample can be assumed to

have been subjected to the same stress and therefore, the entire sample is
expected to contribute uniformly to any change in density. The tensile

samples, on the other hand, have a larger cross sectional area in the threaded

region and a smaller cross-sectional area in the gage section (Fig. 3.1).

Consequently, the constant applied load results in a higher stress in the gage

section and a lower stress in the threaded section. Since the growth of pores is

sensitive to the stress level, it was assumed that any change in the average

density in the entire sample is solely the results of a density change in the
gage section. To estimate the density in the gage section after creep testing,
the following simplifying assumptions were made:

1) The density of sample changes only in the gage section.

2) The density of all non-gage sections is the same as the density of the

entire sample measured before creep testing.

3) The ratio - is constant throughout the creep test.
Vtot

The following equation was used to estimate the density of the gage section
after creep testing:



post - 1- pre
Psample i Vtot Psample

Pg= V(

Vtot

where pPe is the average density of the entire sample after creep testing,

ppL is the average density of the entire sample before creep testing and pg is
the estimated gage density.



4. EXPERIMENTAL RESULTS

4.1 Processing and Microstructure
Pressure-infiltration results in complete penetration of the preform by the

liquid metal, with no macroscopic preform disruption or compression.
Directional solidification under pressure leads to the elimination of
solidification shrinkage and macroporosity in the as-cast samples (Fig. 4.1).
The sample consists of alumina-rich regions about 1 gim wide, separated by
aluminum-rich channels of the same scale. A few aluminum-rich regions up
to 10 gim in diameter are also visible in Fig. 4.1. The anodized, as-cast
material exhibits very large grains, 2 to 10 mm in size, while the 550 "C
extruded material has a much finer grain size: an average of 10 grain areas
from TEM observations gives 2.0 im2, corresponding to a grain size of about
1.3 gim. The grain aspect ratio was approximately equal to one. Alumina

particles are located with higher frequency at grain boundaries than in the
grain interior. The grain size after annealing at 650 °C for 139 hours is

approximately 1.8 gim.
Figures 4.2-4.4 illustrate the microstructure of the samples observed by

TEM. Figures 4.2 and 4.3 show the particle distribution after infiltration and
extrusion at 550 "C, respectively. The as-cast sample (Fig. 4.2) exhibits clusters
of alumina particles, separated by aluminum channels, the size of which

corresponds to those of the alumina- and aluminum-rich regions observed by
optical microscopy (Fig. 4.1). While the extruded sample shows an improved
particle distribution, particle clusters are still visible (Fig. 4.3). For both

samples, the alumina-rich regions are pore-free and the equiaxed particles are
in the size range of the alumina powders before infiltration (0.28+0.03 gim),
indicating that neither sintering nor coarsening of the alumina particles took
place during processing. Figure 4.4 shows dislocation tangles at the border
between an alumina cluster and an aluminum-rich region in the as-cast
material. The dislocation density was found to increase, near the alumina-
rich regions. In the extruded sample, the dislocation density is generally
lower than in the as-cast sample.

The relative X-ray diffraction intensities from the extruded aluminum
sample (extrusion axis oriented parallel to the x-ray beam) from the (1,1,1),
(2,0,0,) and the (2,2,0,) orientations were 1, 0.154 and 0.019, respectively (Fig.

4.5). The JCPDS file for aluminum states that the relative intensities should



be 1, 0.47 and 0.22, respectively. Thus, the intensities from the (2,0,0,) and
the (2,2,0,) orientations were only 32.6% and 8.6%, respectively of their
expected values. Therefore, the extruded sample exhibits a strong (1,1,1)

texture.

Figure 4.1 Optical micrograph of as-cast DSC-Al showing complete
infiltration and regions with varying alumina content.

Figure 4.2 TEM micrograph of as-cast DSC-Al showing particle distribution
and complete infiltration.



TEM micrograph of extruded DSC-Al showing improved particle

distribution.

Figure 4.4 TEM micrograph of as-cast DSC-Al dislocation structure at the

border between an aluminum-rich region and an alumina-rich region.

Figure 4.3



Figure 4.5 X-ray spectra for extruded DSC-A1. X-ray beam oriented parallel to

the extrusion direction.

O

Lr-0C

L4

I

CU

U

Ci n

cLL
C-

rO

CU

I-

CU

!

co
pr

E

c

r-.

0

03

A



4.2 Room Temperature Tensile Tests

4.2.1 Mechanical Properties

The room temperature tensile stress-strain response of as-cast and extruded

DSC-Al is shown in Fig. 4.6, and the average engineering tensile properties

for each material condition are listed in Table 4.1. Compared to the

unreinforced matrix, also listed in Table 4.1, the DSC materials exhibit
significantly higher proof- and ultimate tensile stress values, but lower

ductilities. Extrusion of the as-cast DSC-Al material increases the proof stress

by 21-32% and the ultimate tensile strength by about 3% and it more than

doubles the ductility.
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Figure 4.6 Stress-strain response of DSC-A1 at room temperature.
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Table 4.1 Engineering tensile properties of
samples (average of two samples).

as-cast and extruded DSC-Al

Material Yield Stress* Proof UTS Ductility
(MPa) Stress** (MPa) (%)

(MPa)

As-Cast DSC-Al 60 170 330 3.4

Extruded DSC-Al 30-60 225 340 9.4

Al-99.8% (1080) [87] 20 20 60 45
* taken as the first detectable deN

strain curve
* measured at 0.2% plastic strain

viation from the linear portion of the stress-

The yield stress for DSC-Al is only slightly higher than the yield stress for
99.8% pure aluminum and much lower than the 0.2% proof stress (170 MPa
and 225 MPa for as-cast and extruded DSC-A1, respectively). Figure 4.7 shows
that the strain-hardening is very high initially and decreases with strain for
both the as-cast and the extruded materials. Also plotted in Figure 4.7 is the
true stress as a function of true strain. While the as-cast material fails before

reaching the Considere instability point (Eq. 2.77) (Fig. 4.7a and 4.7b), the
extruded material fails after the instability point (Figs. 4.7c and 4.7d).



m''.

,uuL

4000

3000

a 2000

1000

0

0 0.01 0.02 0.03

True Plastic Strain

(a)

5000

4000 ' do/de

3000 A

2000 -

1000
a

0 I IIIlI I l llI 1 I I I n II I n n I

0 0.01 0.02 0.03

True Plastic Strain

(b)

AAA da/dE

-~ a

I; III I IIIIIIIIIII 11 11 1 1 I II I 1 1 11 1 1

..............



0.02 0.04 0.06 0.08

True Plastic Strain

0.02 0.04 0.06 0.08

True Plastic Strain

(d)

Figure 4.7 Stress and strain hardening response of as-cast and extruded DSC-

Al. (a) as-cast sample #1, (b) as-cast sample #2, (c) extruded sample #1 and (d)

extruded sample #2.
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4.2.2 Microstructure

Figures 4.8 and 4.9 show the dislocation structure of the samples deformed

to fracture at room-temperature. The as-cast sample shows subgrains in the

aluminum-rich regions (Fig. 4.8), while the fine-grained, extruded samples

exhibit very few subgrains: Figure 4.9 shows a pile-up of dislocations
interacting with particles. Finally, both Figures 4.8 and 4.9 show dislocations
punched by an alumina particle.

Figures 4.10 and 4.11 show the fracture surfaces of as-cast and extruded
DSC-Al deformed in tension at room temperature. The fracture surface of as-

cast DSC-Al exhibits microdimples, 0.2-1 gm in size (Fig. 4.10a), with larger
dimples around agglomerates. The dispersoids in these dimples range in size
from about 0.1 gm to about 0.4 gm, although a few agglomerates as large as 1
gm are also observed. A large casting defect (Fig. 4.10b) initiated fracture of

one of the as-cast specimens, whereas a surface flaw initiated fracture of the

other as-cast sample. Fracture of extruded DSC-Al initiated at the outer edge
of the specimen and propagated perpendicularly to the tensile axis in a 45 °

zig-zag fashion (Fig. 4.11a). The peak-to-peak spacing of the zig-zagging front
is 50-100 gm near the initiation point (Fig. 4.11b). Closer to the center of the
sample, the front fans out and becomes more diffuse; a macroscopic cup-cone

fracture is found around 75 % of the circumference (Fig. 4.11c). Both the sides
of the zig-zags and the face of the shear lip exhibit microdimples similar to
those in Fig. 4.10a.



Figure 4.8 Dark-field TEM micrograph of as-cast DSC-Al deformed at room-

temperature (large deviation from the Bragg condition), showing an alumina

particle interacting with dislocations and a portion of a sub-grain boundary.

Figure 4.9 Dark-field TEM micrograph of extruded DSC-Al and deformed at

room-temperature (large deviation from the Bragg condition), showing

dislocations bowing from an alumina particle as well as a dislocation pile-up.



(b)
Figure 4.10 Fracture surface of as-cast DSC-AI deformed at room

temperature showing (a) microdimples and (b) a large casting defect.
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(c)

(d)

Figure 4.11 Fracture surface of extruded DSC-Al deformed at room
temperature. (a) zig-zag structure (micrograph taken parallel to the direction
of crack propagation), (b) peak-to-peak zig-zag length (c) entire fracture
surface (d) dimple structure.



4.3 Creep Testing

The creep response in tension and compression for as-cast, coarse-grained
and extruded, fine-grained DSC-Al was determined. The results are presented
below.

4.3.1 Tensile Creep Behavior

Figure 4.12 shows typical tensile creep curves exhibiting primary,
secondary and tertiary creep stages for the as-cast and extruded DSC-Al. The
strain to failure ranged from 0.4% to 6.6% for the as-cast specimens (Appendix
3) and from 1.5% to 7.3% for the extruded samples (Appendix 4). For each
tensile test, the time and strain at the end of primary, secondary and tertiary
creep were determined for each curve (see Fig. 4.13) and tabulated for the as-
cast material in Appendix 3 and for the extruded material in Appendix 4. In
addition, Appendix 3 and 4 provide the sample ID, stress, temperature and
minimum creep rate for each tensile creep test.
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0.00
0 10000 20000
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Figure 4.12 Creep curves for as-cast creep test AA8 and extruded creep test
EE13, tested at 400 'C with an applied tensile stress of 69 MPa.
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Figure 4.13 Schematic of a tensile creep curve labeling the characteristic
points A, B and C which represent the end of primary, secondary and tertiary
creep, respectively. The coordinates of these points are listed in Appendix 3

and 4 for the as-cast and extruded material, respectively.

4.3.1.1 Strain for individual creep stages

The fraction of the total strain accumulated in each creep stage for as-cast
and extruded DSC-Al is shown as a function of stress in Fig. 4.14 and as a
function of temperature in Fig. 4.15. The following trends are observed:

* With increasing stress, the fraction of the total strain accumulated for as-
cast DSC-Al during i) the primary creep stage decreases from 60% to 20%,
ii) the secondary creep stage decreases slightly from 30% to 20 % and iii)
the tertiary creep stage increases from 10% to 60% (Fig. 4.14a).

* With increasing stress, the fraction of the total strain accumulated for

extruded DSC-Al during i) the primary creep stage decreases from 35% to
10%, ii) the secondary creep stage decreases slightly from 20% to 15% and
iii) the tertiary creep stage increases from 45% to 75% (Fig. 4.14b).

* For the as-cast material, with increasing temperature the fraction of the
total strain accumulated during i) the primary creep stage increases from



about 25% to about 50% ii) the secondary creep stage remains relatively

constant at approximately 25% and iii) the tertiary creep stage decreases

from about 50% to about 25% (Fig. 4.15a).

For the extruded material, with increasing temperature the relative

portions of strain accumulated during each creep stage remain relatively

constant (Fig. 4.15b). About 20% of the total strain is accumulated in each

of the primary and secondary stages and about 60% is accumulated in the
tertiary creep regime.

4.3.1.2 Apparent stress exponent

Using the power-law equation (Eq. 2.16) to describe the stress dependence

of the minimum creep rate, the apparent stress exponent ranged from n=9 to

n=12 for the as-cast material (Fig. 4.16a) and from n=10 to n=16 for the

extruded material (Fig. 4.16b). These values are much higher than the bulk

stress exponent for power-law creep of pure unreinforced aluminum
(n'=4.4[26]). The minimum creep rate for the as-cast material at a given stress

was higher than the minimum creep rate for the extruded material at the

same stress for all temperatures. The difference between the as-cast and

extruded material's minimum creep rate decreased as the temperature

increased (Fig. 4.17).

4.3.1.3 Apparent activation energy
For the as-cast material, the apparent activation energy ranges from Q= 263

kJ/mol for a tensile stress of 42 MPa to 151 kJ/mol for a tensile stress of 100
MPa (Fig. 4.18a). The apparent activation energy for the extruded material
ranges from 402 kJ/mol at 42 MPa to 193 kJ/mol at 100 MPa (Fig. 4.18b).
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Figure 4.14 Relative strain per creep stage Ei/Etot as a function of stress for
DSC-Al (a) as-cast and (b) extruded.
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Figure 4.15 Relative strain per creep stage i/Etot as a function of

temperature for DSC-Al (a) as-cast and (b) extruded.

1.00

0.80

0.60

0.40

oý
0

As-Cast

A -

tertiary A A
Fl - A vrimarv -

secondary

C
SI I I

0.20

n nnV.v3
30 350 500 550

0.80

0

CA

0.40

Extruded

U C
P

O 0 tertiary
C

secondary
A

*- A primary

I I I I I , I , , I , 1 , 1 1 I I I I , ... . , ,0.00
300 350 500 550

)0

-



40 60 80 100
Stress (MPa)

(a)

10-4

10-

10-6

10 -7

10 -

10 -9
40 50 60 70 80 90 100

Stress (MPa)

(b)

Figure 4.16 Apparent stress exponent at different temperatures for tensile

creep data (a) as-cast and (b) extruded.
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Figure 4.17 Comparison of the as-cast and extruded apparent stress exponent
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Figure 4.18 Apparent activation energy at different stress levels for tensile

creep data (a) as-cast and (b) extruded.
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4.3.2 Compressive Creep Behavior

Figure 4.19 shows a schematic compressive creep curve for DSC-Al where
the compressive stress is increased in steps. The data from all of the
compression tests is compiled, by taking characteristic values from each of the
curves, as listed in Appendix 5 and 6 for the as-cast and extruded material,
respectively. Appendix 5 and 6 also provide the sample ID, stress, and
temperature for each compression test.

The initial application of the load occurred at tl, with the subsequent loads
applied at points B, D and F (Fig. 4.19). The end of the first primary stage is
designated by point A in Fig. 4.19. The corresponding point for each of the
next two stress levels are denoted by points C and E, respectively (Fig. 4.19).
The total strain accumulated on the sample at the end of the primary stage is
represented by Ea in Appendix 5 and 6. The total strain accumulated on the
sample at the end of each stress level is represented by the ordinate of points
B, D and F and represented by Si in Appendix 5 and 6 (where i represents the
number of stress increases (Fig. 4.19)). The time from the application of each
load to the end of each primary stage is represented by Ata (Fig. 4.19, Appendix
5 and 6). The total time during a given stress level is represented by Ati (Fig.
4.19, Appendix 5 and 6). The minimum creep rate (si in Appendix 5 and 6)

was determined after the primary stage (denoted by A, C and E in Fig. 4.19).

The following general trends were observed:

* The largest amount of primary creep strain (about 2%) was observed after
the initial loading. Little primary strain (<0.2%) was observed for
subsequent stress levels.

* The strain accumulated for each stress level varied between 0.1% and 3.0%
for the as-cast material and 0.4% and 2.6% for the extruded material.

* The strain accumulated during the secondary creep regime ranged from
about 0.04% to 1.9% for the as-cast material and from 0.2% to 2% for the
extruded material.



Time

Figure 4.19 Schematic showing characteristic points on a typical
compression creep curve.

4.3.2.1 Apparent stress exponent
Fig. 4.20 shows the minimum creep rate for all stress and temperatures

tested for both the as-cast and the extruded material. The apparent stress
exponent n=22 at 400 oC for as-cast DSC-Al (Fig. 4.20a) is similar to the
apparent stress exponent n=23 for the extruded material above approximately
70 MPa (Fig. 4.20b). Below about 70 MPa, the apparent stress exponent
decreases significantly for extruded DSC-Al (Fig. 4.20b) to n=9. At 450 'C, both
the as-cast and the extruded material have approximately the same stress
sensitivity in the higher stress regime, but in the lower stress regime, the two
diverge: with decreasing stress, n decreases for the extruded material (Fig.
4.20b). The minimum creep rate for as-cast DSC-Al is higher than for
extruded DSC-Al for all tested stress levels at 400 OC (Fig. 4.21a); however, at
450 'C, it is lower for extruded DSC-Al in the low stress regime (Fig. 4.21b).

4.3.2.2 Activation energy
Using two or three data points, the apparent activation energies Qapp for

the as-cast and extruded material were determined (Fig. 4.22a and 4.22b,

f

E



respectively). The apparent activation energies are on the order of 400-500
kJ/mol for both the as-cast and the extruded material.

4.3.3 Tensile versus Compressive Creep Behavior

The tensile and compressive creep behavior of as-cast and extruded DSC-
Al are shown for 400 'C in Fig. 4.23 and for 450 'C in Fig. 4.24. The tensile
creep rate is about three orders of magnitude higher than the compressive
creep rate for the as-cast material at 400 'C, 50 MPa (Fig. 4.23a) and almost four
orders of magnitude higher at 450 'C, 50 MPa (Fig. 4.24a). The difference
between the tensile and compressive creep rates decreases with increasing
stress for the as-cast material (Fig. 4.23a and 4.24a). The apparent stress
exponent for the extruded material decreases with decreasing stress; thus, the
difference between the tensile and compressive creep rates for the extruded
material is not as pronounced as for the as-cast material at low stresses (Fig.
4.23b, 4.24b). For all stresses tested for both the as-cast and extruded material,
the creep rate was higher in tension than in compression.
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Figure 4.20 Apparent stress exponent for compressive creep data (a) as-cast

and (b) extruded.
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4.4 Cavitation

The reproducibility of the density measurement technique was
investigated by repeatedly measuring the density of two different cavitation
samples before creep testing. The results listed in Table 4.2 show that the
density of a given sample can be determined with a relative error of

approximately 0.05%. In addition, the sample-to sample variation in density

among a given sample type (as-cast or extruded) was determined to be
approximately 0.24% for as-cast and 0.06% for extruded (Table 4.3).

Table 4.2 Reproducibility of density (g/cm3 ) measurements for two untested
as-cast samples machined from the same billet.

Trial

1
2

3
4

Average/Std Dev

CAV AC
2.9989

2.9989
3.0008
3.0016

3.0001±0.0014

CAV Control

3.0014
2.9983
3.0000

2.9999±0.0016

Table 4.3 Sample to sample density (g/cm3) scatter of untested samples. The
as-cast samples are all taken from the same ingot and the extruded samples

are all taken from the same extruded ingot.

Sample
AC2

AC3
AC4
AC5

Average/Std Dev

As-Cast
2.9975
2.9857
2.9996
3.0019

2.9962±0.0072

Sample
EGG
EGH
EGD

Average/Std Dev

Extruded

3.0326
3.0333
3.0358

3.0339±0.0017

The density of compression and tension samples in the as-cast and
extruded condition were measured (Table 4.4). The sample densities were
close to the theoretical density of 3.018 g/cm3 for aluminum (p=2.70 g/cm3



[88]) containing 25 vol.% a-alumina (p=3.9 7 g/cm 3 [88]). All of the extruded
samples, had a significantly higher initial density than the as-cast samples:
the average difference between the as-cast and the extruded samples was
1.27%, greater than the maximum measurement error of 0.24%+0.06%=0.30%.

Since the tensile samples do not have a uniform cross section, the applied
stress is higher (by a factor of 3.8 and 2.9 for the minimum creep rate samples
and cavitation samples, respectively (Table 3.1)) in the gage section than in
the threaded section; thus, pores are expected to form preferentially in the
gage section. The density in the gage section could be obtained by sectioning
the tensile sample after testing, however it is impossible to be certain that the
measured change in density does not stem from material heterogeneity. To
eliminate this issue, the density of the entire sample was measured before
and after creep testing. A change in density was assumed to take place in the
gage section only. To check this assumption, samples AB4 and EF5 (Table 4.4)
were sectioned after tensile testing and the densities of the threaded section
and the gage section were determined separately. In both cases, the gage
density was significantly less than the threaded section density, indicating that
porosity formed preferentially in the gage section. This result was important
since the compression samples were machined out of the heads of the
threaded sections of the tensile samples. Thus, the compression samples
were assumed to be unaffected by the prior tensile testing.

Figure 4.25 shows the creep curves for the tests conducted with the
specially designed (longer gage length and smaller volume of threaded
sections (Fig. 1, Table 3.1)) cavitation samples (CAV AC, Control AC, CAV EX,
Table 4.4). The as-cast and extruded samples reached a creep strain of 1.9%
and 1.1% respectively before they were fan-cooled under load. The test on the
extruded material (CAV EX) was interrupted earlier than the test on the as-
cast material (CAV AC) because tertiary creep initiated at a lower strain
(reflected in the increase in strain rate at the end of the test). Following the
procedure outlined in section 3.5, the gage densities for these specimens were
calculated (Table 4.4). Both the as-cast and the extruded samples had a
significantly lower density after creep testing in tension at 400 'C than before
creep testing. No significant increase in density was detected for the as-cast
control sample after it was exposed to elevated temperature for the same
amount of time as the crept sample.



The density as a function of compressive strain was measured for the as-

cast and extruded material by interrupting the creep test at various points. In
Fig. 4.26, points A, B and C represent the points at which the creep test was
interrupted. After measuring the density, the same sample was reheated (a
process which took approx. 2 hours) and the load was reapplied. The curves
indicate that primary creep took place again, most likely because the sample
was annealed (unloaded) for about two hours while the temperature in the
furnace was restabilized.

Density and strain are listed in Table 4.5 and shown in Fig. 4.28. The
density of the as-cast specimen increased significantly from the pre-test
density to the post-primary creep regime (point A in Fig. 4.26), but remained
constant thereafter. The density as a function of strain of the extruded sample
remained constant within experimental error.



Table 4.4 The pre- and post-creep test density values as well as the post-test
gage density.

pre-test post-test post-test
Sample State sample sample gage E ~p

ID Temp Stress density density density p
(MC) (MPa) (g/cm 3) (g/cm 3) (g/cm 3) (%)

CAV AC AC, T 400 64 3.000 2.987 2.970* 1.9 -0.0100
Control AC AC, T 400 0 3.000 3.001 3.001** 0.0 -

CAV EX EX, T 400 75 3.028 3.020 3.009* 1.1 -0.0062

C5 AC, C 450 50-75 3.006 3.017 3.017 5.6 0.0036
C6 AC, C 450 60-85 3.003 3.018 3.018 5.9 0.0051

AB4 AC, T 450 34 2.991 1.2
C4 AC, C 400 64 3.007 3.020 3.020 2.4 0.0045
(from AB4)

EF5 EX, T 425 69 2.977 4.4
CE4 EX, C 450 42-100 3.025 3.030 3.030 5.4 0.0013
(from EF5)
#AC: as-cast, EX: extruded, T: tension, C: compression, *estimated using Eq.
3.3, ** change in density assumed to be uniform on entire sample.

Table 4.5 Density as a function of creep strain.
pre-test post-test

Sample sample sample g Ap
ID Temp Stress density density (%)

(0C) (MPa) (g/cm 3) (g/cm3)

C7.a AC, C 400 82 3.003 3.011 1.2 0.0026
C7.b AC, C 400 82 3.011 3.011 2.1 0.0027
C7.c AC, C 400 82 3.011 3.014 3.0 0.0038

CE6.a EX, C 400 82 3.033 3.030 1.7 -0.0011
CE6.b EX, C 400 82 3.030 3.027 2.4 -0.0021
CE6.c EX, C 400 82 3.027 3.029 2.7 -0.0014
#AC: as-cast, EX: extruded, T: tension, C: compression
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Figure 4.25 Creep curves for tensile cavitation experiments (a) CAV AC, test

conditions: 400 oC, 64 MPa. Sample cooled under load after reaching 1.9%

strain (b) CAV EX, test conditions: 400 'C, 75 MPa. Sample cooled under load

after reaching a strain of 1.1%.
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Figure 4.26 Creep curve for density as a function of creep strain test. As-cast

compression creep test C7: 82 MPa, 400 °C.
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4.5 High Temperature Fracture

4.5.1 Monkman-Grant
The minimum creep rate as a function of time to fracture (the Monkman-

Grant relationship (Eq. 2.78) is plotted in Figure 4.28. Omitting the few as-cast
data samples that failed prematurely, D1A and D3A (which were tested in the
"as-machined" condition and did not receive a final surface polish) the as-cast

data is described by:

t, (me) = 0.154 (4.1)

and the extruded data by:

tf(,mcr). 91 = 0.060

10
7

106

105

tf (s) 10 4

103

10 2

101
10 9-
10 -9 10-8 10-7  10-6  10-5  10-4  10-3

Minimum Creep Rate (l/s)

(4.2)

10-2

Figure 4.28 Creep fracture data plotted according to the Monkman-Grant
relationship.

Data is also plotted in Fig. 4.29 according to the Modified Monkman-Grant

relationship which gives:
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4.5.2 Larson-Miller

A plot of stress versus Larson-Miller Parameter (Eq. 2.81) is given in Figure

4.30.
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Figure 4.30 Larson-Miller parameter as a function of stress at different

temperatures for (a) as-cast and (b) extruded DSC-Al.
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Figure 4.30c: Larson-Miller parameter as a function of stress for as-cast (filled
symbols) and extruded (open symbols) DSC-AI.

4.6 Microstructure of Crept Samples

4.6.1 Fracture Surfaces
The fracture surfaces of as-cast and extruded DSC-Al crept at 400 oC and 69

MPa are shown in Fig. 4.31 and 4.32, respectively. The as-cast fracture surface
(Fig. 4.31) shows well-defined, equiaxed dimples approximately 3 pm in
diameter each containing approximately five particles. The extruded fracture
surface (Fig. 4.32) shows outlines of grains and individual particles over the
entire fracture surface.

4.6.2 Dislocation Structure
Figures 4.33 and 4.34 show the dislocation structure of crept as-cast and

extruded DSC-A1, respectively. The as-cast dislocation structure shows a
dislocation pile-up between alumina particles (Fig. 4.33). Figures 4.34a-c
show dislocation pile-ups interacting with a particle. Figure 4.34d shows the
partial formation of a subgrain wall and Fig. 4.34e shows (i) a high density of
dislocations, (ii) dislocations pinned between particles and (iii) dislocations
with kinks or jogs, indicating that dislocations are interacting with each other.



(a)

(b)

Figure 4.31 Fracture surface of as-cast DSC-Al crept in tension at 400 oC (a)
low magnification (b) high magnification.



Figure 4.32 Fracture surface of extruded DSC-Al crept in tension at 400 oC.

Figure 4.33 Bright field TEM micrograph of as-cast DSC-Al crept at 370 oC

under a stress of 42 MPa and cooled under load showing a dislocation pile-up

between alumina particles.



(a)

(b)

(c)

~



(d)

(e)

Figure 4.34 Dark-field TEM micrographs of extruded DSC-Al crept at 450 °C
under a stress of 33 MPa and cooled under load showing (a-c) dislocation pile-
ups and dislocations interacting with particles (b) partial formation of a

subgrain wall, (c) a high density of dislocations, dislocations pinned between
particles and dislocations with kinks or jogs.
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5. DISCUSSION

5.1 Room Temperature Behavior

The experimentally determined yield stress and strain hardening behavior

are compared to their respective models and discussed below.

5.1.1 Yield Strength
The experimentally determined yield stress can be compared to models

described in section 2.1 by using the experimental parameters Vf=0.25 and
d=0.28 gm. The strengthening contributions from each mechanism are given

in Table 5.1. A mean orientation factor of M=3.06 (fcc randomly distributed
polycrystal) and M=3.6 (which takes into account the strong (1,1,1)

orientation) was used for the as-cast and extruded material, respectively. The
parameter K=0.0725 MPa"lm used in the calculation of ThiS an average of K=

0.06 MPadm [89] and K= 0.085 MPalm [90] measured for pure aluminum with
grain sizes between 0.3 gm and 2 gm. Smaller values of K have been
measured for larger grain sizes [91, 92].

Table 5.1 Observed strengthening and model predictions (MPa) for
different types of strengthening mechanisms for as-cast and extruded DSC-
Al at 25 oC.

(or Gh af ac Aobserved

(Eq. 2.4) (Eq. 2.6) (Eq. 2.1) (Eq. 2.7)

as-cast 133 1 148 2.5 40
(dg=l cm)

extruded 156 61 148 2.5 25

(d,=1. 4 gm)

The shear-lag model predicts a much lower strengthening contribution
than experimentally observed (Table 5.1), indicating that dislocation-particle
interactions are contributing to the increase in yield strength. Figures 4.8 and
4.9 indeed show that dislocations interact with particles. The model
predictions for dislocation-particle interactions (ao, and af, Table 5.1),
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however, are much higher than experimentally observed for both the as-cast
and extruded material (Table 5.1).

Figure 5.1 illustrates a mechanism to explain the low yield stress in DSC-
Al, which can be generalized for the class of materials with a high volume
fraction of particles over a critical particle size (Eq. 2.3). Figure 5.1a illustrates
a material with a matrix containing an elastic second phase, with an elastic

modulus higher than that of the matrix. When the material is deformed (Fig.
5.1b), secondary dislocations are generated to accommodate the elastic

mismatch between the two phases (Fig. 5.1c). Since the interparticle distance

is smaller than the particle diameter (i.e. due to the high particle content),

these plastic zones link at low strains, resulting in early macroscopic yield.

Since the particle distribution in the extruded material is more uniform than

in the as-cast material, the plastic zones may overlap earlier, explaining the

lower yield for the extruded material (Table 5.1), despite the expected Hall-
Petch contribution Gh= 6

1 MPa.

5.1.2 Modeling of Strain-Hardening in DSC-Al

Figure 5.2 shows the stress as a function of the square-root of the plastic

strain for as-cast and extruded DSC-Al tested in tension at room temperature.
The experimental curves exhibit a much higher slope c, / EPV2 than predicted

by Eq. 2.10, decreasing rapidly with strain, to values comparable to Eq. 2.10 at

strains of about 0.04. The initial slope in Fig. 4.7 is greater than predicted by

Ashby's model by a factor of about 10, indicating a significant discrepancy with

Ashby's model (Eq. 2.10).
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Fiure 51 Schematic of the deformation of a matrix containing a high
volume fraction of non-deformable particles (a) undeformed material with
two phases, each with a different elastic constant (b) elastic incompatibility
between rigid particles and the homogeneously strained plastic matrix (c)
trains of punched interstitial (I) and vacancy (V) prismatic loops, which are
geometrically necessary to prevent cavitation at the particle interface. The
envelope around the dislocations represents the plastic zone. (d) and (e) as
the strain increases, the size of the geometrically-necessary plastic zone
increases. Prismatic loops of opposite sign overlap in the shaded volume
where they annihilate, decreasing the dislocation density and the rate of
strain-hardening.
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Figure 5.2 Experimental values and model predictions for strain hardening.
The straight line is the predicted behavior according to Eq. 2.10, with a yield

stress of 20 MPa.

The strain-hardening behavior in DSC-Al can be explained by extending a

model by Ashby [20, 22] for dilute dispersion-strengthened metals to the case

of a matrix containing a large volume fraction of large particles, where the

interaction of primary glide dislocations with secondary loops punched by

dispersoids is considered. Since both types of dislocations are observed in the

deformed samples (Figs. 4.8 and 4.9), the high initial strain-hardening rate is

assumed to stem from a much higher density of secondary punched

dislocation loops than predicted by Ashby's model. Furthermore, the rapid

decrease of strain-hardening with increasing strain is explained by the mutual

annihilation of these secondary dislocations. These concepts are described in

more detail below.

5.1.2.1 Initial rate of strain-hardening.
The high initial rate of strain hardening is assumed to be due to a

secondary dislocation density that is higher than predicted by Eq. 2.8, which
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leads to increased interaction with the primary glide dislocations. Two

possible mechanisms can be proposed for an increased density of secondary
dislocations, both of which rely on the larger size of the particles as compared
to the small dispersoids considered in Ashby's model. First, the matrix
already contains dislocations before deformation, as a result of the punching
of prismatic loops resulting from the thermal mismatch upon cooling (Fig.
4.4), the density of which is given by Eq. 2.2. These dislocations are only
expected to be punched by particles with a diameter above the critical value d*
(Eq. 2.3), and were therefore correctly not considered in Ashby's model, which
describes particles with diameters below this threshold. Entanglement is
expected upon interaction between these prismatic loops punched by thermal
mismatch (which are of interstitial character and are expected to be punched
along all glide directions) and the prismatic loops punched by deformation
mismatch (which are both interstitial and vacancy in character, and are

punched preferentially along the directions of maximum strain mismatch).

As a result of entanglement between these loops, dislocation multiplication

can take place and the total density of secondary dislocation is above that
given in Eq. 2.8, with the result that the initial strain-hardening is higher (Eq.

2.10). Entanglement has also been observed around large particles punching

prismatic loops upon-mismatch [11, 93] or bulk modulus mismatch [94]. The

above hypothesis is also indirectly supported by the observation of

Humphreys [95], who reported that unalloyed aluminum containing 17 vol.%

SiC particles 3 gm in diameter exhibits greater rates of strain-hardening after

quenching than after furnace-cooling; upon quenching, the rate of dislocation

punching is much higher, and thus the probability of entanglement leading

to dislocation multiplication is increased.
Another possible explanation for an increased secondary prismatic loop

density also takes into account the large size of particles. In Ashby's model
[20, 22], the diameter of the prismatic loops is assumed to be comparable to

that of the particles, since the prismatic loops form by cross-slip of the screw

components of a shear loop along the cylinder of maximum shear stress [25,

96]. This assumption is justified by numerous TEM observations of deformed
metals containing small dispersoids, e.g., Refs. [20, 94, 96]. However, as the
particle diameter increases, the probability increases that the screw
components will encounter an obstacle before completing a loop of
maximum radius r, interrupting the process and leading to a smaller loop.
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The net result is that a single large loop of radius r is replaced by numerous
prismatic loops with a smaller radius r', but a larger total length than the
single prismatic loop of radius r. Assuming that the total area of loops is
constant, the secondary prismatic loop density is then:

r
p'=p- (5.1)

Furthermore, an increased dislocation density is expected if the particle

exhibits stress concentrators such as sharp corners, which also punch loops of

smaller diameters [11]. Figure 4.9 indeed shows that the dislocations found

around the particles are significantly smaller than the particle diameter.
While the observed increase of the slope u, / eV2 by a factor of about 10 for

DSC-Al is high (Fig. 5.2), it is plausible: it corresponds to an increase of the

punched dislocation length by a factor of about 100, (i.e., decrease of the

average loop diameter from 280 nm to 3 nm, Eq. 5.2), or to an increase of the

dislocation density by entanglement by a factor 100. Given these limits, it is

likely that a more realistic description is a combination of these mechanisms.

5.1.2.2 Strain-dependence of strain-hardening

Following Ashby's model [20, 22], the steep decrease of strain hardening

with increasing strain is assigned to recovery of secondary dislocation loops.

One mechanism for dislocation recovery discussed by Ashby is cavitation.

Cavitation is expected to increase at decreasing strains, as the size of the

particle increases, and may thus be responsible for the observed drop of strain-

hardening in DSC-Al. Ashby also considered the recovery of pairs of

prismatic loops of interstitial and vacancy nature, punched on opposite sides

of a particle: diffusion of atoms or vacancies leads to the annihilation of the
pair. The rate of this recovery mechanism decreases with increasing diffusion

distance and thus with increasing particle diameter. The shear strain rate j at

which annihilation by diffusion and generation by punching are equal is [20]:

2Db GO22Db= G (5.2)
kBT dg3 "
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Using material values for aluminum given by Frost and Ashby [26], Eq. 5.2

predicts a critical strain rate of about 2.10-17 s-1, i.e. much smaller than the

experimental strain rate of 8-10 -4. Therefore, the recovery by diffusion around

particles with a diameter of 0.28 gm is negligible in aluminum at room
temperature.

Instead, a different recovery mechanism is proposed, also based on the

annihilation of prismatic loops of opposite sign. While Ashby [20, 22]

considered the interaction of loops of opposite signs on opposite sides of the

same particle, annihilating each other by diffusional mass transport, we

consider the annihilation of prismatic loops of opposite sign from

neighboring particles, gliding towards each other. The ratio of loop diameter

to interparticle distance is assumed to be small in Ashby's model [20, 22],

which is applicable for dilute dispersions of small particles (diameter below

100 nm). Since the total length of a prismatic loop train decreases with

decreasing loop diameter [97], annihilation by glide is only expected at very

high strains in such systems, and is thus not discussed by Ashby [20, 22].

However, in the case of DSC-Al containing large volume fractions of large

particles, the dispersoid separation (X=0.18 pm, (Eq. 2.5)) is smaller than the

particle diameter (d=0.28 gm), and interaction between loop trains from

neighboring particles is expected to take place at lower strains, especially since,

for a given matrix strain, the number of loops in each pile-up (and thus the

length of the pile-up) increases with the diameter of the inclusion. Thus

annihilation between loop trains of neighboring particles is expected at low

strain, explaining the early departure from the constant slope in Fig. 5.2.

Furthermore, the annihilation rate is expected to increase gradually with

increasing strain, until it matches the generation rate of prismatic loops at the

mismatching particles, as described in what follows.

We assume that the shear strain around a particle is uniform (Fig. 5.1b):

typical slip-line spacing in dispersion-strengthened alloys is on the order of

several tens of nanometers [4], much smaller than the particle size of 280 nm

in DSC-Al. The volume mismatch between the rigid particle and the plastic

matrix is not uniform for a uniform shear (Fig. 5.1b). The train of loops

necessary to cancel this mismatch is formed of prismatic loops with

decreasing diameter, if we take Ashby's assumption of a single pile-up [20, 22].

Alternatively, if we assume that the volume mismatch is accommodated by

multiple pile-ups of smaller prismatic loops, these pile-ups have varying
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numbers of loops, and thus varying total length, as shown in Fig. 5.1c. In

both cases, which are essentially equivalent, the projected diameter of the

envelope containing the secondary prismatic loops (i.e., the plastic zone)
decreases with increasing distance from the particle. Considering the
interactions of such plastic zones between adjacent particles, it is apparent
from Fig. 5.1 that the interaction volume increases gradually with strain.

Since annihilation takes place within the interaction volume, because the
signs of the dislocations is opposite in overlapping plastic zones, the

annihilation rate increases with strain, until it matches the nucleation rate at

the particles. The strain-hardening thus decreases gradually with increasing

strain, as also observed experimentally (Fig 5.2).

5.1.2.3 Comparison with data

The above mechanisms qualitatively explain both the observed high

initial rate of strain-hardening and its monotonous decrease with increasing

strain observed in DSC-Al (Fig. 5.2). There is no attempt to quantify the above

model, since it would require many assumptions concerning the effective

friction stress of trains of loops through the tangles, the entanglement rate,

the geometry of the trains punched by the particles, the particle size

distribution, the geometric distribution of particles, etc. While the above

parameters influence the quantitative predictions of the models, they do not

invalidate the qualitative features listed above. Furthermore, it is apparent

from Figs. 4.8 and 4.9 that the actual dislocation structure in DSC-Al is much

more complex than the idealized structure shown in Fig. 5.1c. Again, the two

qualitative predictions made above should not be influenced by the actual

dislocation arrangement, as long as initial entanglement and progressive

annihilation between dislocations of opposite sign take place.

As seen in Fig. 5.2, the strain-hardening behavior of extruded, fine-grained
DSC-Al is not significantly different from that of as-cast, coarse-grained DSC-

Al. Grain-boundaries are obstacles for the motion of primary glide

dislocations and thus may affect the yield strength (Eq. 2.4). The

strengthening contribution of grain boundaries is however constant with
strain, and is thus not expected to influence the strain-hardening. A possible
indirect contribution, which may vary with strain, consists of dislocations
produced as a result of strain incompatibilities between adjacent grains. This
contribution seems, however, to be negligible in the case of DSC-Al. Finally,
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the dislocation structure of as-cast DSC-Al is quite different from that of
extruded DSC-Al: unlike the latter samples, a well-developed subgrain
structure is observed in the former samples. The lack of sub-grains in the
extruded material may be due to the fact that the grain size of the extruded
samples is on the order of the subgrain size found in deformed aluminum
[98].

5.2 Elevated Temperature Behavior

Table 5.2 lists the possible deformation mechanisms for fine-grained and
coarse-grained DSC-Al in tension and compression. When cavitation is not
active, (i.e. in compression), the transition between dislocation creep at high
stresses to diffusional creep at low stresses is observed if the creep rates are
experimentally measurable (Fig. 5.3). Thus, to investigate the dislocation-
particle interaction that controls the dislocation creep threshold stress, only
the as-cast, coarse-grained material and the extruded, fine-grained material at

high stresses are considered (Table 5.2). The mechanisms listed in Table 5.2

are discussed separately in the following sections in terms of existing models

and the influence of particles on the mechanism.

Table 5.2 Possible deformation mechanisms for coarse-grained and fine-

grained materials loaded in tension or compression. The dominant
mechanism is in bold.

Tension Compression

fine-grained dislocation dislocation 1

diffusion diffusion 2

cavitation

coarse-grained dislocation dislocation
cavitation

1: at high stresses 2: at low stresses
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Figure 5.3 Schematic of strain rate as a function of stress for fine-grained and
coarse-grained dispersion-strengthened materials.

5.2.1 Cavitation

The density of as-cast and extruded tensile samples (CAV AC and CAV
EX, respectively (Table 4.4)) measured after creep testing is lower than the
density measured before testing, confirming that cavitation occurs in tension.
On the other hand, the density of as-cast compressive creep samples (C4, C5,
and C6 (Table 4.4); C7 (Table 4.5)) is higher after creep testing. The average
density of extruded DSC-A1 is p=3.030 g/cm 3 (Tables 4.2 and 4.4),
corresponding to a particle content of 26 vol.% (determined with the rule of
mixtures with PA1= 2 .70 g/cm3 Band pa-alumina= 3.9 7 g/cm3 [88]). The density
of as-cast DSC-Al is p=3.000 g/cm 3 (Tables 4.2 and 4.4), indicating that 1.0%
porosity exists in the as-cast material. Thus, the densification observed
during compressive deformation of the as-cast specimens (Tables 4.4 and 4.5)
is most likely due to the removal of a small amount of residual casting
porosity by the application of the compressive load at elevated temperature
(i.e. hot pressing). By measuring the density of compression sample C7 after
1.2, 2.1 and 3.0% strain, it was shown (Table 4.5) that densification took place

110



during primary creep only, and the density remained constant thereafter.

Consequently, compressive densification did not change the measured creep
rate during the secondary creep regime. While the density of extruded
compressive sample CE4 (Table 4.4) was higher after creep testing,
compressive sample CE6 (Table 4.5) was less dense after testing. However,
both of these changes are near the limits of resolution and thus can be
attributed to experimental scatter.

The following discussion presents the "upper bound" unconstrained
cavity growth model predictions and compares the predictions with the
difference between the strain rates measured in tension and in compression.

Cavity Growth Model Predictions
The strain due to unconstrained cavity growth is determined by

integrating Eq. 2.69:

S Ca (8Dbf& n
cav = T t Y2 (5.3)

c3agavdg ( cavkBT

Both the strain (Eq. 5.3) and the strain rate from unconstrained cavity growth
(Eq. 2.69) are plotted as a function of time in Fig. 5.4. The two curves shown
in Fig 5.4a represent the experimental bounds of 30 and 100 MPa. To obtain
the curves, a grain size of 1 pm and a cavity spacing of 3kcav = X (estimated

from the dimple size on fracture surfaces (Fig. 4.10)) were used along with the
material constants for Al given in Appendix 2). For the lowest stress level 30
MPa, the unconstrained growth model predicts a large cavitational strain
within seconds for 30 MPa. Furthermore, even for a grain size of 1 mm (Fig.
5.4b) the unconstrained growth model predicts strain rates several orders of
magnitude higher than experimentally measured. Thus, it is unlikely that
cavity growth is unconstrained in DSC-A1.

The constrained growth model (Eq. 2.71) predicts cavitational strain rates
2.5 times the power-law creep rate. Thus, the strain rate in tension is the sum
of 2.5 times the compressive creep rate (for which cavitation is inactive) and
the compressive creep rate, i.e. 3.5 times the compressive creep rate. Figs. 4.23
and 4.24 show that the tensile creep rate is faster than the tensile rate by one to
three orders of magnitude. Therefore, the experimental tensile data are
within the bounds defined by the unconstrained and constrained cavitation
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models. We conclude that cavitation dominates the measured tensile creep
rate (Table 5.2).
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Figure 5.4 Unconstrained growth model predictions calculated with C=1,
n=1, Xcav=3X (Eq. 2.69), T=400 'C and (a) a=30 MPa (b) dg=1Lm. The other Al

material constants are listed in Appendix 2.
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5.2.2 Diffusional Creep

With increasing temperature, decreasing stress and decreasing grain size,
the tendency for diffusional creep increases. In compression, a transition
from high apparent stress exponents (n>20) to low apparent stress exponents
(n-9) is observed at stresses in the vicinity of 70 MPa in the fine-grained
material (Fig. 4.20b). This transition is not observed for the coarse-grained
material in the experimental range tested (Fig. 4.20a, Fig. 5.3). Since cavitation

is not active in compression, we conclude that diffusional creep is the
dominant mechanism at low stresses for the fine-grained material.

5.2.2.1 Comparison of creep behavior with model predictions

The minimum creep rate at 400 oC as a function of stress for fine-grained

and coarse-grained DSC-Al are shown in Fig. 5.5, along with the model

predictions for diffusional creep in aluminum containing a second phase (Eq.

2.20). The grain size used in the model calculations are 1 Rim for the fine-

grained material (Fig. 5.5a) and 1 mm for the coarse-grained material (Fig.

5.5b). While the diffusional creep model predicts lower creep rates than are

observed for the coarse-grained material, it predicts creep rates several orders

of magnitude higher than are observed for the fine-grained material. It is

possible to account for a higher experimental strain rate in the coarse-grained

material by adding the contribution from another mechanism, such as

dislocation creep, but it is difficult to account for a lower experimental creep

rate (as observed for the fine-grained material) without questioning the
validity of the model itself. Thus, the diffusional creep equation Eq. 2.20 must

be modified for the fine-grained material by decreasing the pre-stress constant

Cffde2, or increasing the threshold stress over those given by Eqs. 2.26 and
3kTd2

2.28, or a combination of the two. A lower pre-stress constant indicates that

grain boundary dislocation climb is impeded by the particles and a higher

threshold stress indicates that grain boundary dislocation cannot glide is

impeded by the particles.

113



10

10-6

10-10
0 20 40 60 80 100 120 140

Stress (MPa)

(a)

10
-1

10-3

10-5

10-7

10-9
0 20 40 60 80 100 120 140

Stress (MPa)

(b)
Figure 5.5 Comparison of diffusional creep model predictions with

experimental data. (a) as-cast and (b) extruded DSC-A1.
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5.2.2.2 Threshold stress for diffusional creep
The experimentally determined threshold stress a~ for diffusional creep is

listed in Table 5.3 along with the Orowan stress aobr (Eq. 2.27) and o, (Eq. 2.28),
and the detachment threshold stress Odet (Eq. 5.6) (to be discussed in detail is

section 5.2.3). The experimentally determined threshold stress is a strong

function of temperature, decreasing from 50 MPa at 400 oC to 20 MPa at 500 'C.
The experimentally determined threshold stress is significantly greater than

the detachment model prediction (-12 MPa) and Eq. 2.28 (-15 MPa) , especially

at lower temperatures (Table 5.3). This discrepancy is discussed in the
following section.

Table 5.3 The threshold stress (MPa) for diffusional creep, listing the
experimentally determined threshold stress oa (taken as the stress at which

10 - 9 s-1 ), the Orowan stress abr (Eq. 2.27 where bb=b/3), ao (Eq. 2.28) and

the detachment threshold stress Gdet (Eq. 5.6 where aor= Gbr) for temperatures

between 400 and 500 'C.

Temperature Gor bo adet ath

(oC) (2.27) (2.28) (5.6)

400 42 16 12 50
450 40 15 12 35
500 39 15 11 20

5.2.2.3 Re-examination of the existing models

The original derivations of the diffusional creep equation assumed that
grain boundaries are perfect sinks and sources for vacancies. This is true if
there is a sufficient density of mobile grain boundary dislocations. Obstacles
such as grain boundary particles, could impede the motion of grain boundary
dislocations. To account for the presence of the particles, Eq. 2.12 is modified

to include a threshold stress term (Eq. 2.20), with no change to the pre-stress
constant. The threshold stress models (Eq. 2.26, 2.28) were developed for
materials containing small volume fractions of fine particles (typically less
than 5 vol. % and less than 0.1 pm, respectively), not for large volume
fractions of large particles, like in DSC-Al (25 vol. % and 0.3 CRm, respectively).
Because the particle radius and the interparticle spacing are on the same order
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for DSC-Al, whereas in the other materials, the interparticle spacing is much
larger than the particle radius, the motion of grain boundary dislocations by
climb and glide can be quite different. The following mechanism illustrates
how grain boundary particles (which are larger than the width of the grain
boundary) can reduce the rate of both glide and climb, thereby increasing the
threshold stress and decreasing the pre-stress constant in Eq. 2.20.

The motion of grain boundary dislocations requires a combination of glide
and climb (except for special cases [31]). Gliding grain boundary dislocations
can bypass grain boundary particles by dislocation looping according to the
Orowan mechanism (Fig. 5.6a). As deformation proceeds, grain boundary
shear loops accumulate around the particles on different atomic layers within
the grain boundary. The loops exert climb forces on each other [99], causing
the loops to climb out of their glide plane. If the grain boundary particle is
smaller than the width of the grain boundary, a climbing loop can reach a
height in the boundary where the particle is no longer an obstacle (Fig. 5.6b).

Then, the loop shrinks and annihilates. However, if the grain boundary
particle is larger than the grain boundary thickness (Fig. 5.6c), a dislocation
loop climbs to the edge of the grain boundary under the influence of a force by
the other grain boundary dislocations. Climb outside the grain boundary is
then required for annihilation.

Climb at the Al-A120 3 interface is a non-conservative process requiring a
flux of atoms on both sides of the interface. Since the flux of atoms is much

lower in the high-melting point A120 3 phase than in the low-melting point
aluminum phase, the motion of the grain boundary dislocation will be

severely limited at the Al/A120 3 interface due to the low flux of atoms in the
A120 3 phase. Thus, annihilation of grain boundary loops shear by climb over
the particle in the Al/A120 3 interface is expected to be inhibited. An elastic
stress gradient can then build up near the grain boundary particle, which can
be relaxed by lattice diffusion (Fig. 5.6c), occurring at a much lower rate than

boundary diffusion. This mechanism is equivalent to climb in the matrix of
grain boundary dislocations accumulated at the particle. However, because
this mechanism is slow, dislocation loop accumulation at the particle can
occur, thus leading to a pile-up. These pile-ups will then exert a back stress on
the remaining mobile dislocations resulting in an increased threshold stress
for diffusional creep.
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Thus, the above model qualitatively explains the reduced diffusional creep
contribution (as compared to existing models with fine dispersoids) observed
in our fine-grained specimens. This mechanism is only possible if the grain
boundary particles are significantly larger than the grain boundary thickness
and if the particle-matrix interface does not allow for climb of the shear loop
[100], thus requiring recovery by lattice diffusion of grain boundary shear
loops accumulated during grain boundary sliding. The discussion indicates
that the proportionality constant should be lowered and the threshold stress
increased in order to describe the behavior of this class of materials.

4

(b)

.4 h-.I- Al -

f
6 _ __- - L

Al/Alumina
interface

TTT

Figure 5.6 Grain boundary dislocation motion. (a) grain boundary
dislocations bypassing particles by the Orowan mechanism, (b) 6 is larger than
the grain boundary particle size; grain boundary loops can climb and
annihilate, (c) 8 is smaller than the grain boundary particle size; thus, if the
high melting point alumina restricts climb in the Al/alumina interface, climb
must occur by lattice diffusion.
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5.2.3 Dislocation Creep

5.2.3.1 Tension

Since cavitation is the dominant deformation mechanism in tension
(Table 5.2), it is not physically correct to compare the experimentally

determined threshold stress values with dislocation creep threshold model
predictions based on dislocation-particle interactions. However, the
threshold stress in tension is of engineering interest. Therefore, the
experimentally determined tensile threshold stress is presented below, but no

correlation of this value to a particular dislocation-particle threshold stress
model is attempted.

1. Experimental determination of the effective threshold stress

The threshold stress can be determined from experimental data by plotting

~lin' as a function of a on a double-linear scale, where n' is the bulk stress
exponent. According to Eq. 2.32, the threshold value is determined by
extrapolating the data to zero strain rate [101]. Since the dominant
mechanism is not dislocation creep, using n'=4.4 (the experimentally

determined stress exponent for dislocation creep in aluminum), should be
considered only a method to obtain effective threshold stress values. By
plotting &V4.4 for all temperatures (Fig. 5.7a), it is apparent that the highest

stress data points do not conform well to this fit, resulting in effective
threshold stress values higher than the lower stress data indicate.

Consequently, we consider only the data below 90 MPa, resulting in a
threshold stress between 27 and 35 MPa for as-cast DSC-Al and 27 and 52 MPa

for extruded DSC-Al (Fig. 5.7 and 5.8). While the experimentally determined

values of the threshold stress for as-cast DSC-Al decreased slightly with

temperature, the threshold stress for extruded DSC-Al decreased significantly

with increasing temperature (Figure 5.7c and 5.8b).
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Table 5.4 Experimentally determined tensile threshold stress for stresses
below 90 MPa (Eq. 2.32, n'=4.4).

As-Cast Extruded

Temperature ot Temperature Ot

(oC) (MPa) (oC) (MPa)
335 35
370 30 350 52
400 26 400 38
450 27 450 27

0.20
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0.10

0.05

0.00
20 40 60 80

Stress (MPa)

(a)

100 120
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Figure 5.7 Determination of the as-cast DSC-Al tensile threshold stress

between 335 oC and 450 °C (a) by extrapolation to zero strain rate using n'=4.4

(Eq. 2.32) (b) for stress levels below 90 MPa, (c) temperature dependence of

the threshold stress determined in (b).
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Figure 5.8 Tensile threshold stress for extruded DSC-Al between 350 'C and

450 oC (a) determined by extrapolation to zero strain rate using n'=4.4 (Eq.

2.32) for stress levels below 90 MPa, (b) temperature dependence of the

threshold stress determined in (a).
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2. Apparent activation energy

The temperature dependence of the minimum creep rate in tension is

shown in Figure 4.18. The apparent activation energies for both the as-cast
and extruded material are much higher than the activation energy for

volume diffusion in aluminum (Qv = 142 kJ/mol (Appendix 2)) at low

stresses, but decrease with increasing stress to values approaching Qv for Al.

The apparent activation energy is related to the threshold stress and the

temperature dependence of the threshold stress (Eq. 2.36). Using the

threshold stress data in the previous section and the bulk stress exponent
n'=4.4 for pure aluminum, the corrected activation energy Qc can be

calculated (Eq. 2.36). Since the threshold stress is a function of temperature

(Fig. 5.7c, 5.8b), an intermediate value for the temperature was used to

determine the threshold stress used in the calculation of Qc. The temperature

dependence of the threshold stress for stresses (i) below 100 MPa was

determined using the data below 100 MPa and (ii) at 100 MPa was determined

using all of the tensile data. The threshold stress, temperature dependence of

the threshold stress and the temperature are listed in Table 5.5. The corrected

activation energy Qc for the as-cast and extruded material for different applied

stresses are shown in Table 5.5 and range between 62-217 kJ/mol. The

variance of the corrected activation energy values can be attributed to the
sensitivity of the calculation to dao/dT.

Table 5.5 Corrected activation energy for tensile creep data.
State Stress T co do Qpp Q

(MPa) (oC) (MPa) dT (kJ/mol) (kJ/mol)
(Pa/°C)

As-cast 42 400 28 -70000 263 177
56 400 28 -70000 261 217
69 400 28 -70000 244 213
80 370 33 -70000 147 122

100 370 40 -125000 151 117

Extruded 42 450 27 -250000 402 79
56 425 39 -250000 325 62

69 400 39 -250000 254 113

80 375 45 -250000 298 186

100 375 55 -230000 193 112
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5.2.3.2 Compression

1. Experimental determination of the threshold stress

In contrast to the tensile case, cavitation is inactive in compression.
Therefore, it is possible to extract both the threshold stress and mechanistic
information from the experimental data. The threshold stress is determined
using the extrapolation technique described above with different values of n'.
Creep controlled by viscous glide [102] is described by n'=3, high-temperature
dislocation climb controlled by lattice diffusion [103-106] by n'=5, and lattice
diffusion dominated by a constant structure [54, 107] by n'=8. The bulk stress
exponent which produces the best linear fit to the data is taken as the
controlling mechanism. Often, the data can be described equally well with

several bulk stress exponents. Then, the most appropriate bulk stress

exponent is selected based on the microstructure.
When the equilibrium subgrain size %sg given by [108]:

sg = 23 (5.4)
b G

is smaller than the grain size, it varies as a function of stress. For this case,
the bulk stress exponents n'=3 or n'=5 which account for this change in

structure are most appropriate. When the equilibrium subgrain size (Eq. 5.4)
is larger than the grain size, the matrix deforms with a constant substructure
(defined by the grain size) with a bulk stress exponent n'=8 [54, 107]. In
dispersion-strengthened materials, particles pin grain boundaries and refine
the grain size upon recrystallization. For ratios of interparticle spacing to
grain size ,cav/dgnear unity, deformation is controlled by a constant

substructure with n'=8 [109]. Since the subgrain size (Eq. 5.4) is smaller than
the grain size dg=2=10 mm for the as-cast material and larger than the grain

size dg=1.3 gm for the extruded material (except at the highest stresses at 400

°C), the as-cast material is expected to deform with a varying substructure (n'=
3 or 5) and the extruded material is expected to deform with a constant
structure (n'=8).

Figures 5.9-5.10 show e1/n' as a function of a for n'= 3, 4.4, 5, and 8 for as-
cast and extruded DSC-Al, respectively. Unlike the as-cast tensile data, the as-
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cast compressive data conform well with the ý1/4.4 fit at all stresses, indicating
that cavitational processes indeed may be responsible for the discrepancy with
the ý1/4.4 fit in tension.

The curvature in the extruded compression data indicates that diffusional
creep is operational at low stresses. Consequently, when determining the
dislocation creep threshold stress, only the high stress data should be

considered. Considering only the stress levels above 65 MPa for the fine-
grained extruded material yields a reasonable linear fit, but diffusional creep
appears to be contributing to the curvature even in this higher stress set of

data. Since both n'=4.4 and n'=8 yield linear fits of similar quality for

extruded DSC-Al (Fig. 5.10), the appropriate stress exponent cannot be
distinguished solely from the data. Table 5.4 lists the threshold stresses
determined using the high-stress data points (a>70 MPa). The threshold

stress corresponding to the most likely controlling deformation mechanism

(given the microstructure) is underlined. The experimental threshold stress

values are similar for as-cast and extruded materials if n'=8 is chosen for the

extruded material. On the other hand, the use of n'=4.4 leads to a

significantly larger discrepancy between the two materials, thus suggesting

that the constant substructure model is more appropriate for the fine-grained
material.

As in tension (Table 5.4), the compressive threshold stress and the

temperature sensitivity are higher for the extruded material than for the as-

cast material (Fig. 5.9-5.10, Table 5.6). The compressive threshold stress is

much higher than reported in other creep investigations on aluminum

materials with a discontinuous second phase [101], indicating that the

intermediate particle size and large volume fraction in DSC-Al are very

effective at blocking dislocation motion.
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Table 5.6 Experimentally determined compressive threshold stress (in MPa)
for different stress exponents n' ( for stresses above 70 MPa for the extruded
material).

As-Cast Extruded

Temp n'=3 n'=4.4 n'=5 n'=8 Temp n'=3 n'=4.4 n'=5 n'=8
(oC) (oC)

400 64 59 57 47 400 79 74 72 61
450 52 50 48 42 450 70 65 63 52

2. Aptarent activation ener~v

The temperature dependence of the minimum creep rate in compression

is shown in Figure 4.22. The apparent activation energy (- 400 kJ/mol) in

compression for both the as-cast and extruded material is much higher than

the apparent activation energy in tension (Fig. 4.18, Table 5.7) and the

activation energy for volume diffusion in aluminum (Qv = 142 kJ/mol

(Appendix 2)). The corrected activation energy Qc (Eq. 2.36), the threshold

stress, temperature dependence of the threshold stress and the temperature
are listed in Table 5.7 for the as-cast and extruded material and fall in the

range Qc=91-355 kJ/mol. The large discrepancy between the corrected

activation energy and the activation energy for volume diffusion in

aluminum can be attributed to the limited compressive threshold stress data

which places a great deal of uncertainty on the temperature dependence of the

threshold stress.

Table 5.7 Corrected activation energy for compressive creep data.

State Stress T co doo Q0 pp Q
(MPa) (oC) (MPa) dT (kJ/mol) (kJ/mol)

(Pa/oC)
As-cast 64 425 55 -180000 451 91

69 425 55 -180000 479 246
75 425 55 -180000 409 245

Extruded 85 425 57 -180000 473 355
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Figure 5.9 Determination of the as-cast compressive threshold stress by

extrapolation to zero strain rate for different stress exponents n' (Eq. 2.32). (a)

400 oC, (b) 450 oC.
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Figure 5.10 Determination of the extruded compressive threshold stress by
extrapolation to zero strain rate for different stress exponents n' (Eq. 2.32). (a)
400 OC (a > 70 MPa), (b) 450 0C (a > 65 MPa).
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3. Comparison of the theoretically and experimentally determined
threshold stress

A dislocation overcomes a particle by a two-step process of climb followed
by detachment. The threshold stress for the overall process is dictated by the
largest barrier the dislocation must overcome in either the climb or
detachment stage. Unlike the climb threshold models, where the controlling
microstructural feature is the surface-to-surface particle spacing X (Fig. 5.11),
the controlling feature for the detachment stress model is the center-to-center
particle spacing X+d=L (Fig. 5.11) given by:

L = jj d. (5.5)

for spherical particles on a cubic lattice. Because the volume fraction is high
and the particle size is large, X and L (Fig. 5.11) are significantly different.
Consequently, the Orowan stress calculated with Eq. 2.4, which uses the mean
particle spacing X (Eq. 2.5), is much higher than the Orowan stress used in Eq.
2.22 which assumes L= X. Thus, the correction factor k/L=0.5 for DSC-Al is

introduced into Eq. 2.22:

det k 2
o -= -or(1- 2 (5.6)

Table 5.8 shows the predictions of Equations 2.4, 2.37, 2.38, 2.40 and 5.6 for as-
cast and extruded DSC-Al using materials constants given in Appendix 2.

d d

Figure 5.11 Controlling microstructural features for climb and detachment

threshold stress models.



Table 5.8 Predicted (underlined) and experimentally determined (oth)
compressive threshold stress values (in MPa). A bulk stress exponent n=4.4 is

used for as-cast DSC-Al and n=8 for extruded DSC-Al (values for n=4.4 are in
parentheses).

Temp. or Gioc Ogen acoop clim b  det Oth

(oC) (2.4) (2.37) (2.38) (2.40) (5.6)

as-cast 400 106 42 21 37 21 31 59
as-cast 450 102 41 20 36 20 30 50

extruded 400 125 50 25 44 25 37 61 (74)

extruded 450 120 48 24 42 24 36 52 (65)

The threshold stress models are all functions of the Orowan stress. The

Orowan stress (Eq. 2.4) is calculated using materials constants from [15, 26] and

M=3.06 [15] for the as-cast material with randomly-oriented grains, and M=3.6
[16] for the extruded material with a strong (111) fiber texture in the extrusion

direction. Since all climb mechanisms are assumed to act in parallel, the
climb threshold stress climb is the smallest of the three climb mechanisms,

corresponding to general climb for both temperatures. As noted by McLean
[51], the differences in kinetics between the various climb models decrease
with increasing volume fraction, and for Vp>0.2, the dislocation climb
velocities are generally equivalent. Since the climb and detachment processes

act in series, the predicted threshold stress (underlined in Table 5.8) is the
greater of the two values, corresponding to the detachment stress at both 400
'C and 450 "C .

It is apparent from Table 5.8 that the experimental threshold stress values
are significantly higher than the predicted ones. A new model based on TEM
observations of dislocation pile-ups (Fig. 4.33 and 4.34) is proposed in the

following section to explain this discrepancy.
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5.2.4 Model for the Dislocation Creep Threshold Stress

All threshold stress models described in the previous section assume that,
under the influence of an applied shear stress, only one dislocation at a time
is bypassing a given obstacle. The influence of the stress field of nearby
dislocations on the dislocation overcoming the obstacle is ignored. This

assumption is adequate if all dislocations are randomly distributed in the

crystal, i.e., if the number of dislocations is lower than the number of
particles. However, when the number of dislocations per particle N is larger

than unity, dislocation pile-ups can form at particles. The resulting

dislocation spatial distribution is no longer random and the stress field from

these pile-ups cannot be neglected since it may affect the process (climb or

detachment) by which the controlling dislocation overcomes its obstacle.

The number of mobile dislocations per particle N, assuming spherical
particles of radius r arranged on a cubic lattice, is:

2/ 3

N=p 3 4 r 2 (5.7)

where p is the density of mobile dislocations given by Eq. 2.2. Expressed as a

function of the Orowan stress, the applied stress is:

a=C'-Cor (5.8)

where C is a constant less than unity. For example, if local climb is the

controlling mechanism, 0.4<C<1. Insertion of Eqs. 2.2, 2.4. and 5.8 into Eq. 5.7

gives:

4.. 'r) 2
N=C'.-ln 3-Vp (5.9)

where C' is a constant containing matrix parameters. The introduction of Eq.
2.5 into Eq. 5.9 leads to an expression for N which is a function of V, but is

independent of r (except for a weak function ln(d/b)and 1.
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Most dispersion-strengthened aluminum materials studied in creep to

date contain low volume fractions of fine dispersoids, corresponding to N

values less than unity (Eq. 5.9). In these materials, dislocations are randomly

distributed throughout the matrix and their influence on the dislocation

overcoming the obstacle can be neglected. However, for DSC-Al with 25
vol.% of 0.28 pm dispersoids, N=10 (Eq. 5.9) for an applied stress a=0.60or at

400 'C (Fig. 5.12). Thus, dislocations may form pile-ups at particles and

change the local stress to which the controlling dislocation is subjected: its
effective shear stress is the sum of the applied shear stress Ta and the pile-up
shear stress up (defined as the glide component from the sum of the stress

fields of neighboring pile-ups). In what follows, a simple model is presented
which quantifies the pile-up stress rp. We first calculate the positions of

dislocations and then calculate the pile-up stress.

0'

0.00 0.10 0.20 0.30

Figure 5.12 Number of dislocation per particle N predicted by Eq. 5.9 as a

function of volume fraction of particles Vp for an applied tensile stress
a=0.6aor at 400 oC in aluminum.
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5.2.4.1 Positions
To determine the equilibrium dislocation positions, we consider N+1

parallel, coplanar dislocations arranged in a pile-up consisting of N-1 mobile
dislocations (at positions x,... XN,_) and two dislocations pinned at xo=0 and
xN=L (Fig. 5.13). We assume that the dislocations in the pile-up are straight

and parallel, (i.e. curved segments of dislocations segments are treated as
straight dislocations) and that the particle does not affect the elastic stress field

of the dislocations. All dislocations are assumed to be of the same sign. In
reality, this may be the case is some localized regions; the overall number of

positive and negative dislocations must however be the same ina
macroscopic specimen, so that its total curvature is zero.

As shown in Fig. 5.13, the stress fields of pile-ups in other glide planes (i.e.
y0O) are expected to influence the equilibrium positions. The ensemble of

dislocations with coordinates (xi, ±j-L), where j is an integer, form a
dislocation wall with spacing L (Fig. 5.13). Since the stress field of a wall is

always weaker than that of a single dislocation by a factor K (Eq. 2.65) and

decays rapidly with distance, it is reasonable to neglect the effect of all other

walls translated by Ax=+j-L (where j is a non-zero integer) along the x-axis,
and to solve for the equilibrium positions xi of a simplified dislocation
configuration with y=0 (Fig. 5.13b), given by the following N-1 non-linear
equations (for i=1 to N-1):

N-1

t(xi) +t (x i - L)+ Xr(xi - Xj) - ItaI 0 (5.10)
i=1

where t(x,y) is given in Eq. 2.63 and L is given by Eq. 5.5 (Fig. 5.11), xj is the

position of the jth dislocation and Ta is the applied shear stress. The first term
in Eq. 5.10 represents the stress on the ith dislocation wall from the
dislocation wall at the origin in Fig. 5.13 and the second term represents the
stress on the ith dislocation wall from the dislocation wall at x=L (Fig. 5.13).

The summation term represents the interaction stresses from the N-1 mobile

dislocation walls in the unit cell. The last term represents the applied shear
stress. Fig. 5.14 shows the individual dislocation positions under the
influence of an applied stress for N = 2 through 10 for different temperatures.
The dislocation positions shift more towards the pinned dislocation for a 10
MPa increase in stress than for a 50 'C decrease in temperature (Fig. 5.14)
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Figure 5.13 Two-dimensional view of the pile-up configuration The
dislocation wall at the origin (xo) is the reference dislocation wall for which

the forward stress of walls x1 to XN_ 1 and the backstress from walls x_z to

x-_(N-) is calculated. (a) arranged with particles (b) simplified positions, y=O.
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Figure 5.14 Equilibrium positions of N-i dislocation walls. (a) 400 'C, 64

MPa, M=3.06 (b) 450 'C, 64 MPa, M=3.06 (c) 400 'C, 74 MPa, M=3.06.
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5.2.4.2 Pile-up stress

Once the dislocation positions are known, the pile-up stress is calculated.
A simplified geometrical model (Fig. 5.15) is used to approximate the position
and shape of the dislocations, from which the pile-up stress and thus the
modified threshold stress can be calculated.

y

,b

Y

toz
P-L

x

tI.Xb

Figure 5.15 Simplified dislocation geometry for cooperative climb at groups
of P particles and detachment control.
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The following assumptions are made:
* Dislocation detachment from the particle (as opposed to dislocation climb

around the particle or particle deformation) is the controlling mechanism
for the motion of dislocations within the material. This is expected to be
the case for relaxation factors k<0.9 [59] and is thus applicable to the Al-
A120 3 system for which k=0.80 was experimentally determined [16]. As
noted by Arzt and R6sler [110] the athermal detachment stress (Eq. 2.22) is
independent of the particle size or shape, the height of the intersection
between the particle and the glide plane, and the climb process (local,

general, cooperative) before the detachment point is reached.
* Dislocations climb cooperatively over groups of P particles in the

threading shape shown in Fig. 5.15 (i.e. both positive and negative climb

occurs). This assumption is valid for high volume fractions of particles,

since it minimizes the dislocation line length.

* The friction stress [49] during climb of the dislocation is neglected, except at

the detachment point itself. Friction is expected to be minimal for the case

of cooperative climb.
* The dislocations do not dissociate into partials at the interface.

* The particles and the pile-up dislocations are arranged on a cubic lattice

and the glide planes are parallel and equidistant. The material can be

modeled as a unit cell containing a single spherical particle and a pile-up

of edge dislocations on a single glide plane which repeats along three

orthogonal axes (Fig. 5.15).
* The particle does not affect the elastic stress field of the dislocations. This

assumption is correct only if (i) no thermal or elastic mismatch exist

between particle and matrix, and (ii) if the elastic constants of the particle

and matrix are equal. Assumption (i) is expected to be fulfilled at high

temperature where mismatch strains can be relaxed rapidly. Assumption

(ii) is not fulfilled in the Al-A120 3 system, where a long-range attractive

interaction between the dislocation in the compliant matrix and the stiffer

inclusion is expected [111]. This attraction is different from the short-range

interaction at the interface resulting from the relaxation of the dislocation

at the interface [57], which is attractive (k < 1) even for an inclusion less

stiff than the matrix.

* The dislocations are straight and parallel both outside and within the glide

plane. While the latter assumption is expected to hold during cooperative
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climb, the segments of dislocations that remain in the glide plane (y=O)
bow between the particle with a radius inversely proportional to the
effective stress. We assume that the elastic interaction between bowed
dislocations is equivalent to that between straight dislocations.
The stress field of the curved dislocation arms connecting the straight
sections within and outside the plane is neglected. This assumption
becomes better, the larger the number P of particles which are bypassed in
a cooperative manner.

To determine the stress from each dislocation wall on the detaching
dislocation at the origin, the y-coordinate must also be known. We assume a
y-coordinate dictated by the geometry of the particles:

i = r2 -(Xi r) 2  for 0 < xi < 2r (5.11a)

yi = 0 for 2r<xi< L. (5.11b)

for the portion of the dislocation line along the z-axis which is overcoming
the particle (particle region) and

Yi = 0 for all xi (5.11c)

for the portion of the dislocation line along the z-axis which threads between
groups of particles (interparticle region) (see Fig. 5.15). We thus assume that
the x-axis position of the dislocation segments which has climbed outside the
glide plane is unchanged from that calculated in the previous section within
the glide plane.

The backstress tb on the pinned dislocation at the origin is the sum of the
stress contributions of the dislocation walls from x-1 to X_(N_1 ). By symmetry
this backstress is the stress on the dislocation x, due to dislocations x1 to
XN_ 1 :

N-1

Tb = Yt(xi - L; yi) (5.12)
i=1
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Similarly, the forward stress zf on the pinned dislocation at the origin results
from dislocations x1 to XNl:

N-1
zf = It(xi;yi) (5.13)

i=1

Due to the symmetry of the particle and dislocation locations in all three

directions, the dislocation line can be separated into two regions along the z-

axis: the interparticle region and the particle region (see Fig. 5.15). Assuming

that all of the dislocation length in the interparticle region is in the glide

plane (i.e. y=O (Eq. 5.11c)), the fraction of the total line length in this region is
given by (L - d)/P -L (Fig. 5.15). The net interparticle pile-up stress ri is given

by:

S= + Ti (5.14)

where ~, and tr are given by Eqs. 5.12 and 5.13 with y=O. Since r' is always

larger than rzt when y=O, there is a net stress in the direction of the applied
shear stress. The net pile-up stress in the particle region rP is given by:

4 = ' + t' (5.15)

where cP and zP are given by Eqs. 5.12 and 5.13, respectively, with y given by
Eqs. 5.11a and b. Since the dislocations between xo=O and x=2r have non-zero

y-coordinates (Eq. 5.11b) the net pile-up stress in the particle region "'r is

sensitive to the exact positions of the dislocations. Consequently, rP may be

in the direction of the applied shear stress or in the opposite direction. To

obtain an effective pile-up stress, a ratio of the dislocation line in each region
to the total line length is multiplied by the net shear stress from that region:

-• (L-d) P-L-(L-d)} (5.16)= i= P-L P" P-L

Finally, the effective shear threshold stress Tth is the difference between the

detachment shear stress trdet (Eq. 2.22) and the pile-up stress zp (Eq. 5.16):
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th = Tdet --p (5.17)

5.2.4.3 Pile-up model predictions

The total stress due to pile-ups ap (Eq. 5.16) (converted from a shear to a

tensile value by multiplying by the appropriate mean orientation factor) is

shown as a function of N in Figure 5.16 for as-cast DSC-Al and in Figure 5.17
for extruded DSC-Al for different numbers of particles being cooperatively

bypassed P and temperatures T. Some general trends are apparent from these

plots.
First, the pile-up stress ap decreases with increasing values of P, i.e., as the

particle climb process becomes more cooperative. For P=1, corresponding to

local climb where the dislocation threads between each particle, op has a

positive value (except for N=2): the detaching dislocation is subjected to a net

pile-up stress in the direction of the applied stress (i.e. the magnitude of the

forward stress (Eq. 5.13) is larger than that of the backstress (Eq. 5.12)). The

effective threshold stress (Eq. 5.17) is then lower than predicted based solely

on the detachment value (Eq. 2.22). If the effective threshold stress drops

below the controlling climb threshold stress (which must also be corrected by
considering pile-up stresses), then climb becomes controlling. For P>1, ap is

negative, so that the effective threshold stress is larger than expected from the

detachment value, because the detaching dislocation is subjected to a net pile-

up stress in the opposite direction from the applied stress (i.e. the magnitude

of the backstress (Eq. 5.12) is larger than that of the forward stress (Eq. 5.13)).
Second, the pile-up stress is relatively constant for 2<N <5 when climb is

cooperative (P>1). Any increase in forward stress is compensated by an

increase in backstress. The value of the pile-up stress is zero for N=1, as

expected from the symmetry of the model. For values of N below unity (i.e.

small volume fractions of particles), the stresses from the individual

dislocations are also expected to cancel each other in average. For N>5, the

pile-up stress increases significantly.
Third, as temperature increases from 400 "C to 450 'C, the pile-up stress

remains roughly constant, because a change in the backstress is compensated

by a change of similar magnitude in the forward stress. These changes are
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due to variations of both the applied stress and the temperature (through the

shear modulus (Eq. 2.63)), which affect the positions of the individual walls.
As listed in Table 5.8, the experimentally-determined threshold stress

values for DSC-Al are higher than the detachment stress by 16-28 MPa. This

discrepancy is too large to be explained by errors on the materials constants

determining the Orowan stress and the detachment stress. However, Figs.

5.16 and 5.17 show that pile-up stresses of the correct sign and magnitude are

predicted by Eq. 5.16 at both 400 "C and 450 "C for values of N and P in the

range of 3 to 6. The values of these parameters are reasonable: Eq. 5.9 predicts

N=10 for DSC-Al. With the assumptions made to obtain the number of

dislocations per particle (i.e. straight vs. curved dislocation, dislocations

arranged on a square lattice, and the density of dislocations obtained from the

applied stress), it is reasonable to expect a factor of two error on N. If the

dislocations are curved, N will decrease. Therefore, it is reasonable to use

N-6 to predict the effect of a pile-up of dislocations on the detaching

dislocation. The number P is an adjustable parameter, but for P>3, the

predictions for the pile-up stress do not vary significantly with P. It seems

reasonable to assume that, in DSC-Al with 25 vol.% particles, some

cooperative climb (P>3) is taking place.

We conclude that the new threshold stress model presented above, which

takes into account the pile-up stress for dispersion-strengthened metals with

high volume fractions of dispersoids, predicts a range of threshold stresses in

agreement with experimental data for DSC-A1 at 400 "C and 450 "C.

5.2.4.4 General model predictions

The Figure 5.18 shows the pile-up stress normalized by the Orowan stress

(Eq. 2.4) as a function of volume fraction for particle diameters of 0.28 pm

(typical of DSC materials) and 50 nm (typical of SAP and MA materials) at 400
oC for an applied stress a = 0.6 c ar. When climb is local (P=1, Fig. 5.18a), the

pile-up stress is in the direction of the applied stress, except for low volume

fraction of the fine particles and high volume fractions of the coarse particles.

However, when climb occurs cooperatively over groups of particles (P=5, Fig.

5.18b) the pile-up stress opposes the applied stress and thus increases the

threshold stress (Eq. 5.17). The larger particles exert a larger normalized pile-

up stress than the smaller particles (Fig. 5.18b).
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The effects shown in Fig. 5.18 can be explained by considering the factors
that influence the number of dislocations and their positions in relation to
the detaching dislocation.

Number of dislocations
The applied stress a = 0.6 .- or is not a constant absolute value in Fig. 5.18

since the Orowan stress (Eq. 2.4) increases with decreasing mean interparticle
distance X (Eq. 2.5). The mean interparticle distance X decreases with (i)
increasing volume fraction for a fixed particle size or (ii) decreasing particle
size for a fixed volume fraction. Thus, for an applied stress a = 0.6 - or, the
dislocation density p (Eq. 2.2) and the number of dislocations per particle N
increases with increasing Vp (Fig. 5.12). Furthermore, Eq. 5.9 shows that N

increases with increasing particle diameter d. Therefore, as the volume
fraction increases, the normalized pile-up stress increases more for larger
particles than it does for smaller particles (for an applied stress a = 0.6 aor).

Positions
The pile-up stress is influenced by the diameter of the particle in two ways.

First, for a given equilibrium x-position (determined for a pile-up of walls in
the same glide plane), the y-coordinate for fine particles will be smaller than
the y-coordinate for larger particles (Eq. 5.11a). Thus, for dislocations with
equilibrium positions on the interval 0<x<r, the attractive force will be larger
for fine particles than for coarse particles. Second, the diameter of the particle
affects the number of dislocations with non-zero y coordinates (Eq. 5.11 a and
b). Since the sign and magnitude of the stress field is sensitive to the y
coordinate, the final pile-up stress can be strongly influenced by the particle
size.

The pile-up stress is also affected by the fraction of the dislocation line
along the z-axis with non-zero y-coordinates 1-(L-d)/(P.L) (i.e.
cooperatively climbing) (Eq. 5.16). Figure 5.18 shows that when climb occurs
cooperatively over P=5 particles the normalized pile-up stress is larger for the
larger particles than for the smaller particles.

When the sum of the pile-up stress (Eq. 5.16) and the detachment stress
(Eq. 2.22) exceed the Orowan stress (Eq. 2.4), the controlling mechanism shifts
from dislocation detachment to dislocation bowing. Furthermore, it is also
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possible that dislocation climb becomes the controlling mechanism, which is
also affected by the pile-up stress.
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Figure 5.16 The tensile pile-up stress op as a function of N for as-cast DSC-

Al at (a) 400 'C, o=64 MPa and (b) 450 °C, a=50 MPa.
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Figure 5.17 The tensile pile-up stress up as a function of N for extruded

DSC-Al at (a) 400 'C, rY=74 MPa and (b) 450 'C, a=69 MPa.
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Figure 5.18 The pile-up stress normalized by the Orowan stress as a function
of Vp for 0.28 gm and 50 nm diameter particles and an applied stress

a = 0.6 . aor and (a) climb over P=1 particle and (b) cooperative climb over P=5

particles.
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5.2.5 Comparison with Other Aluminum Materials

The apparent stress exponent for both the as-cast and extruded material
(n=9-23) are significantly higher than that of pure aluminum n'=4.4 [112]).
Other aluminum-based materials containing a high volume percent (10% or
greater) of particles 0.3 gim to 4.0 mm in diameter, also exhibit stress
exponents much higher than the unreinforced matrix (Fig. 5.19, Table 5.9).
Figure 5.19 shows the minimum strain rate as a function of applied stress at
400 'C for DSC-A1, as well as for pure aluminum, SAP and MMC materials.
Table 5.9 provides more detailed information about the volume fraction,
particle composition, testing condition and processing conditions for each of
the studies shown in Figure 5.19.

Unlike the DSC-Al fabricated by liquid metal infiltration, all powder-
metallurgy materials in Table 5.9 contain A1203 particles of unknown

volume fraction and size, originating from the oxidized surface of the
aluminum powder and dispersed within the matrix by rolling or extrusion.
Mohamed et al [101] proposed that for their Al-SiC MMC both the high creep
strength and high apparent stress exponent are due to these fine alumina
particles, rather than to the coarser reinforcing particles added during
processing. The SAP material [113] has creep behavior similar to DSC-Al
even though it has a smaller volume fraction of particles. While the
diameter of the alumina flakes in the SAP material is similar to the A1203
particles in the DSC materials, the thickness of the flakes is significantly
smaller [114]: the diameter of the equivalent sphere is thus smaller than for
DSC-Al. The Al/20%SiC material tested in compression by Pandey et al [115]
with an apparent stress exponent n=22 exhibits similar stress sensitivity to
DSC-Al tested in compression; however, DSC-Al can withstand twice the
stress level as Al/20%SiC at 10-7 s-1 (Fig. 5.19). The powder metallurgy (PM)
processed 6061A1/30%SiC composite with 4.0 gim particles [101] shows a lower
creep resistance than the PM processed Al/20%SiC composite with 1.7 jim
particles [116], demonstrating the advantages of finer particulate size.
Moreover, the 6061A1/30%SiC composite [101] with 3.6 Rm particles, has very
similar creep behavior.
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Figure 5.19 Comparison of creep data of discontinuously reinforced
aluminum-based materials with DSC-Al at 400 oC (a) tension, SAP [113] (b)
compression, symbols: filled diamond - extruded DSC-Al, this study; filled
circle - as-cast DSC-Al, this study; unfilled triangle Al/SiC [116]; filled triangle
- 6061/SiC [101].
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Table 5.9 Processing conditions and creep characteristics for discontinuously-
reinforced aluminum-based materials.

Material Vf Particle n Qapp* Test type Processing*** Ref.
System Size (kJ/mol)

(gIm)

Pure Al 0.00 4.4 142 LM [26]

Al/A1203
DSC

A1/A1203
DSC

A1/A1203
DSC

A1/A1203
DSC

A1/A1203
SAP

Al/SiC
MMC

6061/SiC
MMC

0.25

0.25

0.25

0.25

0.10 C

0.28

0.28

9 242
(42 MPa)

265
(69 MPa)

11 367
(42 MPa)

261
(69 MPa)

0.28 22 451
(64 MPa)

479
(69 MPa)

409
(75 MPa)

0.28 9-23 387
(56 MPa)

473
(85 MPa)

1.2-0.5 13 400
# (49 MPa)

0.20 1.7 18-22 249
(40 MPa)

0.30 3.6 7.4-23 494
(12 MPa)

270
(30 MPa)

C

DS

LM
as-cast

LM
extruded

LM
as-cast

LM
extruded

PM
rolled

PM
hot-rolled

PM
extruded

*measured at the stress given in parentheses
** T: tension, C: compression, DS: double shear
*** LM: liquid metallurgy, PM: powder metallurgy
# diameter of plates
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5.2.6 Creep Fracture

5.2.6.1 Creep parameters

The Monkman-Grant exponents m=0.83 and m=0.91 for the as-cast and
extruded material, respectively are very similar to the exponent m=0.85
reported for pure and alloyed aluminum [80]. However, the constants
C=0.154 and C=0.060 for the as-cast and extruded material, respectively are
much lower than C=20 observed for aluminum [80] (Fig. 5.20). Fig. 5.20 thus
shows that the introduction of 25% alumina dispersed s reduced the time to
fracture by about two orders of magnitude at a given creep rate. Also shown
in Fig. 5.20 are data for mechanically alloyed aluminum containing 2 vol.%
alumina. While the time to failures are similar at high strain rate (e>10-4),
they are significantly smaller for that material at lower strain rates. The
Modified Monkman-Grant equation (2.63) predicts an exponent m'=l. The
data for both the as-cast (m'= 0.98 (Eq. 4.3)) and the extruded (m=1.01 (Eq. 4.4))
follow this relationship very well.

While the data is in reasonable agreement with the Larson-Miller
parameter, the as-cast data is offset from the extruded data at 400 oC (Fig. 4.30c)
(varying the constant K from the suggested value of 20, does not reduce the
scatter). In other words, at 400 'C and a given stress, the time to failure is
smaller for the as-cast material than the extruded material. Since the as-cast
material has few grain boundaries and the extruded material has many grain
boundaries, it is likely that the early failure in the as-cast material is due to
pre-existing cavities from processing, not from grain boundaries. The offset
between the as-cast and the extruded material disappears at 450 "C, indicating
that cavity formation is rapid enough in both the as-cast and extruded
material that the failure is not significantly influenced by the pre-existing
cavities in the as-cast material. This again indicates that a common
nucleation site for cavities is the particle/matrix interface, not exclusively
grain boundaries.

Since the activation energy Q is a function of stress (Eq. 2.82), the Sherby-
Dorn parameter which assumes that the activation energy is independent of
stress does not provide a satisfactory correlation.

Figure 5.21 compares the strain to failure of DSC-Al to a mechanically
alloyed aluminum material dispersion-strengthened with containing 1.75
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vol.% A1203 and 0.11 vol.% A14C3 [16]. Fig. 5.21 shows that while DSC-Al
contains much higher volume fraction of dispersoids than the mechanically
alloyed material, it has a higher strain to failure (except the highest strain
rates of the fine-grained material AlCO) for a given creep rate.
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Figure 5.20 Monkman-Grant relationship for coarse and fine-grained DSC-
Al and mechanically alloyed aluminum [16] Legend: open symbols=fine-
grained, filled symbols=coarse-grained, diamonds=DSC-Al, triangles=MA
(A1CO and A1COR).
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Figure 5.21 Strain to failure vs. strain rate for coarse and fine-grained
mechanically alloyed Al and DSC-Al. Legend: AlCO (fine-grained) = open
triangles and ALCOR (coarse-grained) = filled triangles [16] and as-cast and
extruded DSC-Al (filled and open diamonds, respectively).

5.2.6.2 Fracture surfaces
The contrast between the well-defined dimples observed on the as-cast

material fracture surface and the contorted fracture surface of the extruded
material is most likely due to the difference in grain size. The as-cast
material, with mm-sized grains, has a much higher ratio of particles to grains
than the extruded material which has micron-sized grains. Thus, it is likely
that the fracture of the as-cast material arises from the nucleation and growth
of cavities at particles which are located within the grains resulting in a
transgranular fracture. Fracture of the extruded material, on the other hand,
is more likely to initiate at grain boundary particles resulting in an overall
intergranular fracture.
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6. SUMMARY

This study examines the structure and mechanical properties of
dispersion-strengthened-cast aluminum (DSC-Al), a material which
represents a new class of discontinuously-reinforced aluminum
materials characterized by a combination of high volume fraction and
submicron particles. This class of materials exhibits a particle size and a
volume fraction larger than existing dispersion-strengthened aluminum
materials, but a particle size smaller than metal matrix composites.

A. STRUCTURE

1. DSC-Al is fabricated by liquid metal infiltration of unalloyed aluminum
into binder-free preforms of o-alumina particles. The resulting material
exhibits 25 vol.% of 0.3 gm alumina particles which are neither sintered
nor coarsened. The matrix grain size varies from millimeters in the as-
cast condition, to micrometers in the extruded, recrystallized condition
and is stable at temperatures as high as 650 'C.

B. ROOM TEMPERATURE MECHANICAL PROPERTIES
2. The yield stress is low (on the order of 60 MPa) because of the small

interparticle distance (i.e. high particle content) which enables the elastic-
mismatch plastic zones around particles to interact at low strains.

3. The initial strain-hardening is much higher than predicted by Ashby's
model [20, 22], developed for small volume fractions of small
dispersoids, whereby primary glide dislocations interact with secondary
prismatic loops punched by the particles as a result of strain mismatch.
To explain this observation, two additional mechanisms are proposed
within the frame of Ashby's model, taking into account the large particle
size representative of DSC-Al: entanglement of the primary dislocations
with (i) prismatic loops produced by thermal-mismatch, or (ii) prismatic
loops produced by strain mismatch, with a diameter smaller, and thus a
density larger, than those considered by Ashby. For both mechanisms,
the interaction with primary dislocations is enhanced, thus explaining
the high initial strain-hardening observed. These effects lead to the high
value of the 0.2% proof stress (170 MPa and 215 MPa), and ultimate
tensile strength (330 and 340 MPa), for as-cast and extruded DSC-Al
respectively.
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4. The strain-hardening decreases rapidly with increasing strain. The

interaction of prismatic loops punched from adjacent particles is

proposed as a relaxation mechanism. Since the loops are of opposite sign
in adjacent plastic zones, they annihilate with increasing frequency as

the overlap between plastic zone increases with strain. This mechanism

may occur in DSC-Al because the interparticle distance is small as

compared to the particle diameter (i.e. high particle content).

C. ELEVATED TEMPERATURE MECHANICAL PROPERTIES

6. The tensile and compressive creep properties were studied between 335

"C and 500 "C for coarse and fine-grained materials. The creep strength

and stress- and temperature sensitivity are significantly higher than

those of pure aluminum, indicating that the particles impede dislocation

or diffusional creep and that a threshold stress is operative.

6. Density measurements show that cavitation occurs in tension for both

coarse and fine-grained materials. The tensile creep strength and the

apparent stress exponent are lower than in compression, for which

cavitation does not occur, indicating that cavitation contributes

significantly to the measured tensile strain rate.

7. In compression, the dominant deformation mechanism for the fine-

grained materials at low stresses is diffusional creep. However, both the

high apparent stress exponent of about 9 and the low strain rates indicate

that diffusional creep is strongly inhibited by the particles.

8. In compression, the dominant deformation mechanism is dislocation

creep at all stresses for the coarse-grained material and at high stresses for

the fine-grained material. Apparent stress exponents larger than 20 are

found, corresponding to threshold stress values of 50-61 MPa. These

threshold values are significantly higher than predictions from existing

climb or detachment dislocation models.

9. When the dispersoid content is above about 10 vol.%, dislocation pile-

ups are expected to form at particles, thus affecting the dislocations

pinned at the dispersoids, which control the threshold behavior. A new

model is developed for high volume fraction dispersion-strengthening

which considers the stress of dislocation pile-ups acting upon the

detaching dislocations and predicts a range of threshold stresses which is

in good agreement with our experimental data.
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7. SUGGESTIONS FOR FUTURE WORK

1. The properties of this new class of materials could be investigated
further by systematically changing the particle size or volume fraction.

2. The effect of the particle distribution could be studied by varying the
extrusion ratio.

3. The effect of solute atoms on dislocation motion could be investigated by
alloying the matrix.

4. Intermediate grain sizes could possibly be produced by zone-annealing
the fine-grained samples.

5. Additional investigation of the room temperature would be appropriate,
since only four experiments were performed.

6. The effect of the relaxation parameter k on the controlling threshold
stress mechanism could be investigated by changing the type of
reinforcement and/or the matrix.

7. Further investigation of the diffusional creep regime is needed, since the
data from this study is limited.

8. The pile-up stress model could be extended to include the effect of pile-
ups on climb threshold stress mechanisms.
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Appendix 1: Nomenclature

A constant in Eq. 2.1
a interatomic spacing
ac  cross-sectional area of dislocation core
a thermal expansion coefficient

b Burger's vector
bb grain boundary Burger's vector

Deff effective diffusion coefficient
D,  volume diffusion coefficient
Db boundary diffusion coefficient
DC core diffusion coefficient
Do  pre-exponential factor for volume diffusion
8Do pre-exponential factor for boundary diffusion
acD o  pre-exponential factor for core diffusion
SiDi pre-exponential factor for interface diffusion

d particle diameter
d* critical particle diameter
d mean particle diameter
d, grain size
d, diameter of grain facet

E elastic modulus
C strain
E, plastic strain
Ccr total creep strain

aobs observed strain
ecav cavitational strain
Eff diffusional creep strain
EPI power-law creep strain
Sstrain rate
•mcr minimum creep rate

theoretical strain rate
C8 matrix creep rate
"u unconstrained cavity growth rate

G shear Modulus
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F dislocation line energy

Ys surface energy
Sshear strain rate

K Hall-Petch constant
k relaxation parameter
kB Boltzmann's constant

L center-to-center particle spacing
k minimum surface-to-surface interparticle spacing
% mean interparticle spacing

kb grain boundary interparticle spacing
ksg subgrain size
2?,cav  cavity spacing

M mean orientation factor
m Monkman-Grant exponent
m' modified Monkman-Grant exponent

N number of dislocations per particle
n apparent stress exponent
n' bulk stress exponent
v Poisson's ratio

Q atomic volume

P number of particles in the group of particles
being overcome during cooperative climb, also load
and Larson-Miller parameter

Q, volume activation energy

Qb boundary activation energy
Qc core activation energy, also corrected activation

energy
Qapp apparent activation energy

R gas constant
r particle radius
rcav  cavity radius
icav cavity growth rate

p density of geometrically necessary dislocations

Pb density of grain boundary dislocations

Pth density of dislocations punched by thermal mismatch
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sample density

a applied tensile stress

Cor Orowan stress

ab Orowan stress for grain boundaries
af strengthening contribution from forest hardening,
Up pile-up tensile stress

Ch strengthening contribution from Hall-Petch
ay yield stress

CO  yield stress of the annealed matrix

c c  modified shear-lag strengthening contribution

c o, a', ao / grain boundary threshold stress

Cd athermal detachment stress

Cooc local climb threshold stress

agen general climb threshold stress

Ocoop cooperative climb threshold stress

o c lim b  climb threshold stress
Ca, experimentally determined threshold stress
OB backstress

tf time to fracture
T absolute temperature
Tm melting point
I shear stress
ta applied shear stress
trb  backstress in the glide plane (shear)
tf forward stress in the glide plane (shear)
0 Sherby-Dorn parameter

V, particle volume fraction
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Appendix 2: Material Constants for Aluminum

All values from Ref. [26], except where noted.

Burger's vector (nm) b 0.286
Poisson's ratio v 0.345 [15]
Melting point (K) Tm 933

Atomic volume (m3/s) 9 1.66 x 10-29
Shear Modulus (GPa) * G
Shear modulus at 300 K (GPa) G300  25.4

Temperature dependence Tm dG 0.5
G300 dT

of shear modulus

Yield stress of the annealed matrix ao 20 [87]
(99.8% pure aluminum) (MPa)

Mean orientation factor M
* randomly oriented fcc metals 3.06 [15]
* [1,1,1] orientation in Al 3.66

Thermal expansion coefficient AaOI/ 20 3  1.5-10 -5 [117]
mismatch for Al-A1203(K -1)

Strengthening Models
Constant A 1.25 [92]
Maximum temperature (K) Tmax 550 [12]
Temperature excursion AT 250 [12]

for mismatch (K)

Creep Equations

Diffusional Creep
Pre-exponential factor for Dov 1.7-10 -4

volume diffusion (m2/s)
Volume activation energy (kJ/mol) Q, 142
Pre-exponential factor 8D o  5.0 x 10-14

for boundary diffusion (m3/s)
Boundary activation energy (kJ/mol) Qb 84
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Dislocation Creep

Pre-exponential factor (m2/s)
Stress Exponent
Activation energy (kJ/mol)

Pre-exponential factor (m4/s)
Core activation energy (kJ/mol)

Threshold Stress modeling
Relaxation parameter

for Al-A1203

* G= G30(1

Do

Q,
acDo
Qc

3.4 x 106

4.4
142

7.0 x 10-25

82

0.80 [16]

(T- 300) Tm dG
Tm G300 dT
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Appendix 3: Creep Characteristics of As-cast Tensile Tests
Test# Temp

(oC)

AB1

AB3
AB4

AB8
AB5

D3A
AA13
AB6
AB7

D1A

AA4
AA12
AA1

AA5

AA7
AA10
AA8
AB2
AA9

AA3
AA6
AA2
AA 11
AC1

450

450
450

Stress
(MPa)

30.0
34.3
34.3

400 36.5
451 36.5

335

370
400

450
500

335
370
400

450

335
370
400
425
450

335
368
400
335
400

41.8
41.8
41.8

41.8
41.8

56.2
56.2
56.2
56.2

69.0
69.0
69.0
69.0
69.0

80.0

80.0
80.0

100.0
100.0

Ep
(%)

0.7
1.7
0.7

1.0
0.4

0.3 (b)
0.7
0.8
0.9

1.8 (b)

1.1

1.1
0.9

1.4

1.0
1.3
1.3
1.9

1.8

1.1
1.1
1.4
1.5
1.2

tl

(s)

50000
50 (a)
26000

50000

6000

30000
200000

40000

2000
20

100000
10000

1500
50

25000
2000

500
50
30

1500
700
150
40

6

Es MCR
(%) (l/s)

1.0
2.2
1.2

3.0e-8
9.0e-8
1.0e-7

1.4 4.3e-8
0.9 2.0e-7

0.4 (b)
1.3

1.3
1.6

2.2 (b)

2.1

1.8
1.7

3.0

1.7
2.1
2.1
3.4
3.0

2.2
2.1
2.3
3.4
2.6

2.0e-9
8.0e-9

6.4e-8
1.2e-6

8.0e-5

1.6e-8
2.2e-7
2.5e-6

5.5e-5

1.0e-7
1.5e-6
1.0e-5
1.3e-4
2.3e-4

1.7e-6
4.0e-6
3.0e-5
4.6e-5
8.2e-4

(a) stress dip test, (b) no extensometer (c) test interrupted

160

t2
(s)

180000
54000
72000

130000
31000

270000

850000

130000
9000

70

600000

40000
4250

320

80000
7000
1600

160
70

7500
3300

400
400

22

Ef

(%)

1.1

2.5
1.3

1.5
1.1

0.4

(c)
1.8
2.5
2.2

3.5
3.4
4.4
6.4

2.8
3.5
3.2
5.8
5.8

4.8
3.9
5.9
8.3
6.6

t3
(s)

183000
55000
73000

135000
37000

270000

(c)
150000

13500
70

920000

72000
9300

580

145000
11500

2470
250
145

14100
5100

825
760
40



Appendix 4: Creep Characteristics of Extruded Tensile Tests

Test# Temp

(0C)
Stress

(MPa)

Es MCR

(%) (l/s)(%)

EF12 450 32.9 0.8 100000

500
475
450
425
400

450
450
450

41.8

41.8
41.8
41.8
41.8

50.0

50.0
50.0

450 56.2
400 56.2

0.5
0.6
0.8
1.3
0.4

1.3
0.8
0.7

0.6
0.9

75

1000
10000

130000
1000000

1200
150
400

300
15000

1.6
1.8
2.5
2.4
1.3

1.8 (a)
2.1
2.1

3.0e-8

4.5e-5

2.6e-6
2.8e-7
4.5e-8
3.0e-9

3.0e-6
1.7e-5

5.0e-6

1.5 6.7e-6
2.3 1.2e-7

(a) (a) (a)

350
6000

70000
380000

3800000

2300 (a)

900
3400

1600
1400000

5.4
4.6
5.9
3.8
(a)

(a)
3.3
3.3

850
11600
12700

620000

(a)

(a)

1380
4950

3.8 3250
2.6 155000

EG5 349 62.5 0.8 150000 1.3 1.3e-8 550000 2.2 880000

EF2
EF5
EE1
EF6
EF8

EF11
EE6
EF10

EG4
EE4
EF7

450
425

400
371
350

450
400
350

349
400
350

69.0
69.0

69.0
69.0
69.0

80.0
80.0
80.0

90.0
100.0
100.0

1.0
0.8
0.5
0.7
0.6

0.4
0.7
0.6

0.8
0.7
0.8

50
200

2000
6000

20000

3
200

7000

800
10

150
(a) test interrupted

161

Ef

(%)

EE7
EF3
EF1
EF9
EE3

EG1
EG2
EG3

EF4

EE5

2.0

1.8
1.2
1.3
1.1

2.0
1.2
0.9

1.4
1.6
1.6

7.0e-5
7.8e-6
7.0e-4
2.5e-7
6.5e-8

1.3e-3
1.3e-5
1.8e-7

2.8e-6
2.7e-4
1.7e-5

180
1400

14000
30000

100000

14
600

26000

3000
40

600

4.9

4.4

3.5
2.5
2.4

7.2
5.1
3.5

3.7
7.3
4.9

350
2500

25000
58000
206000

27
1740

66000

6200
91

1360



Appendix 5: Creep Characteristics of As-Cast Compression Tests
Test # Temp

(0C)

C1

C2

C3

400

400

400

C4 400

C5 450

C6 450

64 1.72

50
56.2

64
69
75

60
80
82
85

1.62
1.93
2.45

3.12

2.32
2.74
3.70

120000 2.35

740000

13000
30
35

4000
4
6

1.66
2.33
3.00

3.93
4.00

2.50
3.58
4.8

5.90

500000 1.7e-8

350000

81000
1270

385
155

7600
42
40
22

1.4e-9
6.7e-8
4.5e-6
2.6e-5
1.0e-4

4.0e-7
2.le-4
3.2e-4
5.le-4
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AtiStress

(MPa)

69
80

75
85

69
75
85
90

Ea

2.0
5.1

1.80
3.65

0.90
1.25
1.64

2.06

At a

30000
4300

1000
20

20000
200

80
50

3.0
5.9

3.24
5.50

1.20
1.54
1.92

2.48

130000

7000

3500
600

72000
4700

410
265

9.9e-8
3.2e-6

5.6e-6
3.le-5

5.4e-8
6.4e-7

8.4e-6
1.9e-5



Appendix 6: Creep Characteristics of Extruded Compression Tests
Test # Temp Stress , a Ata i Ati

(0C) (MPa)

CE1 400 56.2 0.76 200000 0.94 1000000 2.4e-9
64 1.02 - 1.36 600000 5.5e-9
75 1.42 - 1.73 95000 3.4e-8
90 1.78 - 2.38 6700 9.0e-7

100 2.42 - 3.45 850 1.2e-5
105 - - 4.45 235 4.6e-5
110 - - 6.60 100 1.5e-4

CE2 400 80 1.32 24000 1.86 64000 1.3e-7
85 - - 2.55 21700 3.2e-7
95 - - 3.12 1640 3.3e-6

107 - - 4.35 120 1.0e-4
112 - - 5.50 40 2.7e-4

CE3 500 35 2.10 21000 2.60 40000 2.5e-7
41.8 2.75 1000 3.35 8000 8.le-7

69 - - 5.35 115 1.6e-4

CE4 450 41.8 1.65 1200000 2.00 2200000 4.0e-9
56.2 2.37 45000 2.80 1500000 5.0e-8
69 2.92 - 3.54 9700 6.0e-7
80 3.6 - 4.08 590 8.0e-6

100 - - 5.50 7 1.9e-3

CE5 450 50 2.05 65000 2.60 145000 6.5e-8
75 2.76 50 3.12 410 1.0e-5
85 3.20 7 3.76 58 1.1e-4
87 - - 4.70 60 1.8e-4
90 - - 5.85 30 3.5e-4
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Appendix 7: Calculation of Equilibrium Dislocation Positions and Pile-up
Stress

CALCULATION OF THE EQUILIBRIUM POSITIONS OF DISLOCATIONS WALLS GIVEN A
"PINNED" DISLOCATION AT THE DETACHING SIDE OF A PARTICLE

MATERIAL PARAMETERS

T := 723

d := .28- 106

Vp := .25

M := 3.06

Tm := 933

v :=.345

be := 2.86 10 10

dbar := d

L := .3 2/

. :=L- d

kbar := dbar. -
\J 0.5

- I]

b := 286 10-

Temperature (K)

Particle diameter (m)

Particle volume fraction

Mean orientation factor

Melting point of pure aluminum (K)

Poisson's ratio

Burgers vector of an edge dislocation in Al (m)
(approx.)

Mean diameter of a circular
section in a random plane for a
sphere of diameter d

Center-to-center spacing of
particles on a square lattice.

Surface-to-surface particle
spacing

Mean interparticle spacing of
sphencal particles arranged on a
cunic lattice

Burgers vector for aluminum

SHEAR MODULUS

uLO .= , 5;1 '11'

Tem_Dep = -, 5

w T := i + T-Tn Temp Dect

rSear moou us at 300K

-emDerature ceDenaence of the moaulus

zSear mocuius at temo T (K)

Li T = - I,''
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EXPRESSIONS USED IN EQUATIONS FINDING
EQUILIBRIUM POSITIONS OF WALLS/DISLOCATIONS

Constant, where L="h", the
separation of dislocations in a wall.C

Ae= ( T ')be
Ae :=

23.x( 1 -- v )
Where the 'e' in be and Ae represents
edge dislocations

MODEL VARIABLES

Applied shear stress (Pa)

d
Height :-

Offset := d - 2 Height

NumParticles .= 5

()04 u T )-b
OrowanStress := M-

r /ýbar

AppTenStress .=0.6- OrowanStress

AppTenStress := 64000000

_ AppTenStress.

A :=125

S(AppTenStresi

NStar := )

The max distance perpendicular to
the glide plane that the wall/disl.
must climb to overcome the particle.

The perpendicular distance from the
glide plane to the diameter of the
particle (assuming the glide plane
intersects parallel to the particle
diameter.

NumParticles is the number of
particles that are being
overcome at the same
time dunng cooperative climb

(dbar
I- V)
1-v 0

Orowan Stress (Pa)

Applied tensile stress (Pa)

Shear stress in glide plane (Pa)

Constant

Mobile dislocation density

3-earcted Numoer of aislocation per
car-tcle

NStar = I;• "

\oonTenStre- - -" '" )rolw an2tres =
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CALCULATING THE POSITIONS OF DISLOCATION WALLS

For N=1 free dislocation walls

Initial guess
x01 :- .10 10 8

The equation

Given

x01 ( x01 - L) 0+ --- 0
2)

sinh( C xl) sinh( C( xOl- L)) A- C2

Solving

xxOl1 := Find( x01 )

x01 = 5.807 10-8
xx01 = 5.807" 10

xx01
= 0.162

L

Solving fot eh back stress in the matrix from pile-up of walls

x := ,x01

N := 1 := 0.. N--

MatrixBackStress I C' (x-L)

sinh(C-( x- L))2

MatnxBackStress = -6.586* 10-

Solving for the forward stress in the matrix from pile-up of walls

CMat tres x- L)
MatrixForwStressI := Ae" MatrixForwStressl = -6.586* 10

sinh( C- x - L )-

The total stress in the matrix from two pile-ups of walls

I1atnrxToStrc,,,, 1 := MatnxBackStress 1 + M.atnrxForwStress i

MNatnxFotStrssI = -I 317 10

Calculating the stress on the detacning wall from the oile-uoD of walls. DeDenaing on the
eauiiibnum oositions caiculatea aocve. the wails will either De climbing over the oanmc:e or in
-:!e -iiae oiane. T•e stress ,ield 'or •e c:Irmcinag waiis on the oetacning wall aeoencs cn
both the x ana v coorainates or tMe .vails.
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Fi := floor() Height = 1.4' 10- 7

The function F is either 1 or 0 depending on if
the position of the wall is between x--O and

F = 0 x=dbar(d). If the position is beween x=O and
x=dbar(d), the stress from a climbing wall is
calculated, otherwise the stress from a wall in the

2 2 same glide plane is calculated.
Yi = ( ( Heigh t ) - (x- Height)-) (1 - F i )

Ae-C' ( x- L)-(cosh(2-C-( x- L))-cos( 2-Cy ) - I)
ParticleBS I :=

2-[e sinh(C( x- L) )2 +sin( Cyi)2]2

ParticleBS1 = 2.704' 10-

Ae-C x ( cosh( 2- C-x) cos( 2 Cyi )- )
ParticleFS1 1:

2 sinh( Cx• + sml C )

PartlcleFS1 = -5 131' 106

ParticleTotStressl := ParucleBS1 + ParacleFS1

ParticleTotStress = -4 861 I106

TotStressi . MatrxTotStressl + ParticleTotStressI ( NumPartlcles - I X. C + NumPaLcles-d
NuotStrePass = les-L NumPart76cles L

TotStressi = -4 706' 10b
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For N=2 free dislocation walls

Initial guess x01 := .10 10 8 x02 := .3 108

The equations

Given

x01 (x01 - L) ( x01 - x02) =+ + =0
sinh( C- x0l)2 sinh( C ( xOl - L) ) sinh(C-( x0O - x02) )2 Ae C2

x02 ( x02 - L) ( x02 - xOl )

sinh( C x02)2 sinh( C ( x02- L) )2 sinh( C- ( x02 - x01 ) ) Ae-C 2

Solving

Sxx = =Find( x01. x02)
xx02

Results

xx01 = 3.696' 10-

xx02 = 1.18' 10

xx01
- = 0.103

L

= 0.329
L

Solving for the back stress in the matnx from pile-up of walls

xx021

N :=2 i := 0.. N - I

MatrixBackStress2 [= z C'.( xi - L)
Ae !

sinhi C-( x - L -

MatnxBackSuress2 = -2 023' 10

Solving for the forward stress in the matrix from pile-up of walls

.MatrixForv Strcss2 := LiZ _Ae
C- xI

-inht C'( x, ) )
MatrixForwStress2 = - 385' 10'
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The total stress in the matnx from two pile-ups of walls

MatnxTotStress2 := MatnxBackStress2 + MatnxForwStress2

MatrixTotStress2 = 4.183' 107

Calculating the stress on the detaching wall from the pile-up of walls. Depending on the
equilibrium positions calculated above, the walls will either be climbing over the particle or in
the glide plane. The stress field for the climbing walls on the detaching wall depends on
both the x and y coordinates of the walls.

F1 =floor Xi( a· Height = 1.4' 10

F =
(0)0

y, [(Height )-- x - Height

ParticleBS2 :=

I F1>"- (I1-- F ) >

The function F is either 1 or 0 depending on if
the position of the wall is between x=0 and
x=dbar(d). If the position is beween x=O and
x=dbar(d), the stress from a climbing wall is
calculated, otherwise the stress from a wall in the
same glide plane is calculated.

- L )( cosh( 2-C'( xi - L ) )'cos( 2-Cv~( I - F i ) )- 1)7Ae-C'

2 sinh( C ( xi L- L +sIt C-y I-F)

PartcleBS2 = 67'" 10 0

Ae. C' .i , cosh( 2- C- )-cos( 2-C-yvt 1-- F, - I
ParticleFS2 := -

2 sinh( C- i )' + sin( C yi-( I - Fi )I

ParticleFS2 = -- -11 0()

ParticleTotStrc-_ = ParucieBS2 + ParucteFS2

PartliclTotStr.- = -' '43 ' ()

.otStres .= \1a tr'.\ tStrc,,:

TotStresC,, = -"5' !()

( NumPacite, L-) + ParticieTotStress2( NumrneleatiI L
, NumParncles - 1 )-t. + NumParticle:

NumParucies- L
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The total stress in the matrix from two pile-ups of walls

MatnxTotStress2 := MatnxBackStress2 + MatnxForwStress2

MatrixTotStress2 = 4.183' 10'

Calculating the stress on the detaching wall from the pile-up of walls. Depending on the
equilibrium positions calculated above, the walls will either be climbing over the particle or in
the glide plane. The stress field for the climbing walls on the detaching wall depends on
both the x and y coordinates of the walls.

Fi :=floor (.x)

ParticleBS2 :=

Height = 1.4' 10

The function F is either 1 or 0 depending on if
the position of the wall is between x=O and
x=dbar(d). If the position is beween x=O and
x=dbar(d), the stress from a climbing wall is
calculated, otherwise the stress from a wall in the
same glide plane is calculated.

e.-e C x, - L)-( cosh(7.
2- [sinh C-( xi - L) ) + sine C yi ( 1 - F,

ParticleBS2 = 1.167' 10O

SAe C' x,- cosh( 2 C-xi )-cos( 2-C v,'( 1 - F, - 1 I
ParticleFS2 2= _ _

" sinh( C x, + sin( C yi - 1 --F,

ParticleFS2 = -9 41 106

ParticleTotStress2 := ParicleBS2 + ParticleFS2

ParticleTotStress2 = -S 243' 100

TotStress,2 := atrlVTFotStre-!_,

TotSre,,.,2 = -ar \,, t('

\HN2 . \

NumParticles L)

[C) lflS'\

Uj

+ P T otStre s NumPartcles - I )-;X + NumParticle,
+ ParleumP cesTotStresses L

I NumParticles- L

,.HN (7
"..e•i, n a
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F =

-1 Height -( i - Heiht -Fi)

2"C'( x - L))-cos( 2- C- vi' 1 - F i)- 1)

z...,a



U := 10=6  TS :=-
106

NumPartcles = 5

T = 723

AppTenStress- U = 64

M = 3.06

NStar = 10.661

MTO =
OrowanStress

Vp = 0.25

"7
d= 2.8 10

L = 3.582- 107

Height= 1.4' 107

Offset = 0

TS-TotStressl = -14.401

TS- TotStress2 = -18.531

TS-TotStress3 = -21.191

TS-TotStress4 = -21.881

TS TotStress5 = -23 018

TS TotStress6 = -30.365

TS-TotStress7 = -74 879

TS- TotStress8 = -92.236

TS- TotStress9 = -116.094

TS- TotStress 10 = -159.188

TS-TotStressi = -14 401

TSParticleTotStressl = -14 875

TS- MatnxTotStress 1 = -' 031

TS- TotStress2 = -18 531

TS- ParticleTotStress2 = -25 224

TS- MatnxTotStress2 = 128

TS-TotStress3 = -21 191

TS- PartlcleTotStres,, = -3) 928

TS Matn\TotStres- = :92

TS TotStrcvA = - ' I

TS ParticleTotStre-.- = -S 574

TS \latrxTotStress- = _5ý,

Unit Conversions

p = 8.307 1013

OrowanStress- U = 102.354

AppTenStress
= 0.625

OrowanStress

t- U = 20.915

TO. TotStressl = -0.141

TO- TotStress2 = -0.181

TO TotStress3 = -0.207

TO- TotStress4 = -0.214

TO- TotStress5 = -0.225

TO- TotStress6 = -0.297

TO- TotStress7 = -0.732

TO- TotStress8 = -0.901

TO- TotStress9 = -1.134

TO-TotStressl0 = -1.555

TotStressl = -0.141

ParticleTotStress = -0.145

MatnxTotStressl = -0.039

TotStress2 = -0.181

ParticleTotStress2 = -0.246

MatnxTotStress2 = 1.251

TotStress3 = -,).207

ParticleTotStress3 = -0.302

MatnxTotStress3 = 1.876

TotStress4 = -') 214

ParticleTotStress4 = -0 338

\IatrrixTtStres,, = :.501
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TS-TotStress5 = -23.018

TS. ParucleTotStress5 = -38.686

TS MatnxTotStress5 = 320

TS-TotStress6 = -30.365

TS- ParticleTotStress6 = -49.291

TS MatnxTotStress6 = 384

TS TotStress7 = -74 879

TS- ParticleTotStress7 = -98.763

TS-MatnxTotStress7 = 448

TS-TotStress8 = -92 236

TS- ParicleTotStress8 = -119.836

TS- MatnxTotStress8 = 512

TS- TotStress9 = -1 16 094

TS- PartcleTotStress9 = -147.706

TS MatnxTotStress9 = 576

TS-TotStressl0 = -159 188

TS ParticleTotStress 10 = -195.692

TS-MatnxTotStressl0 = 640

NumParticles = 5

\p 'ent7,, :

TO-TotStress5 = -0.225

TO- PartcleTotStress5 = -0.378

TO- MatnxTotStress5 = 3.126

TO- TotStress6 = -0.297

TO- ParticleTotStress6 = -0.482

TO- MatnxTotStress6 = 3.752

TO- TotStress7 = -0.732

TO- ParticleTotStress7 = -0.965

TO- MatrixTotStress7 = 4 377

TO- TotStress8 = -0 901

TO- ParticleTotStress8 = -1.171

TO- MatnxTotStress8 = 5.002

TO TotStress9 = -1.134

TO ParticleTotStress9 = -1.443

TO. MatnxTotStress9 = 5.628

TotStressl0 = -!.555

ParticleTotStressl0 = -1.912

MatrixTotStressl0 = 6.253

Vpr = I) 23
Height = .* 10
Ottset= =

Or\manStres U = 102 3.54

\ýStar= ()O i
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xlN1
S= 0.162

L

xHN2 (0.103)

L 0.329

10.076
= 0.235

L0.467
0.467/

S = 0.811
Height

yHN2 = (0.677)

Height 0.988

0.591
= 0.917

Height 0
0.981

NumPartcles = 5

T = 723

AppTenStress" U = 64

M = 3.06

NStar = 10.661

Vp = 0.25

d= 2.8* 10-

L = 3.582 107

-'7
Height = 1.4' 10

Offset = 0

OrowanStress- U = 102.354

xHN4

L

xHN5

L

,HN6

L

LHN

L

0.059

0.184

0.355

0.578

0.048

0.15

0.289

0.458

0 667

0.04

0.126

0.243

0.382

0.544

0.739

() 034

0 10S8

0) ()C3

{3 46-i

vHN4

Height

vHN5

Height

vHN6
Height

HHN-

He i nt

0.53

0.848

0.996

0.878

0.482

0.788

0.965

0.985

0.706

0.443

0.736

0.926

1

0.919

0 456

)411

).691

)885

)98-

(i

(I
0
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NumParticles = 5

T = 723

AppTenStress- U = 64

M = 3.06

NStar = 10.661

Vp = 0.25

S "-7

L =3.582' 10-

Height = 1.4'10

Offset = 0

OrowanStress- U = 102.354

xHN8

L

xHN9

L

xHNIO

L

0.03

0.094

0.182

0.287

0.404

0.534

0.677

0.839

0 026

0 082

0 161

0 254

0.358

0.471

0.593

0 727

0.873

0.023

0.073

0 143

0.227

0.32

0.421

0.529

0 644

HI ~cH4

I , )H ,

yHN8

Height

vHN9

Height

vHNIO

Height

0.383

0.65

0.846

0.964

0.999

0.931

0.68

0
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