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Abstract

Grain refinement in materials has been one of the most common strategies for improving the
strength of materials. However this comes at the price of reduced ductility, fracture toughness
and stable fatigue crack propagation life. It has been shown that controlled introduction of nano
scale growth twins in ultra fined grained (UFG) Cu through pulsed electro deposition leads to an
increase in strength while maintaining a significant amount of ductility. Besides, introduction of
deformation twins by the process of dynamic plastic deformation (DPD) involving repeated
compaction of coarse-grained (CG) copper at high strain rates and cryogenic temperatures have
also shown similar trends in terms of improved strength and considerable strain before failure.
Unlike grain boundaries, twin boundaries do not adversely affect the electrical conductivity and
resistance towards electro migration of copper. However there have been no studies done to
elucidate the role of nano-scale twins in affecting the fracture toughness, stable crack
propagation and response under contact fatigue. The aim of the current work was to gain an
understanding of the role of microstructural length scale and design in terms of the introduction
of twin boundaries vs. grain refinement in influencing the above-mentioned properties.

With this aim stable crack propagation and fracture toughness studies were done on UFG copper
specimens produced by pulsed electro deposition with an average grain size of 400-500nm but
different twin densities to elucidate the effect of twin density on the damage tolerance of Cu. It
was found that unlike grain refinement, twin lamellae refinement leads to an improvement in
fracture toughness and stable fatigue crack growth life. In order to characterize the contact
fatigue response of nano twinned copper, frictional sliding experiments were performed with a
conical diamond indenter. The effects of twin density and number of repetitions of sliding cycles
on the evolution of frictional coefficient and material pile up around the diamond indenter were
studied quantitatively using depth-sensing instrumented sliding indentation. Cross-sectional
focused ion beam (FIB) and scanning electron microscopy (SEM) observations were used to
systematically monitor deformation-induced structural changes as a function of the number of
frictional sliding passes. Nano indentation tests on the sliding tracks coupled with large-
deformation finite element modeling (FEM) simulations were used to assess local gradients in
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mechanical properties and deformation around the indenter track. The results indicate that
friction evolution as well as local mechanical response is more strongly influenced by local
structure evolution during repeated sliding than by the initial microstructure. The frictional
sliding experiments also lead to the striking result that Cu specimens with both high and low
density of nano twins eventually converge to a similar microstructure underneath the indenter
after repeated tribological deformation. Similar trend of convergence of microstructure and
hardness in the vicinity of the scratch was also observed for DPD and CG Cu. This trend
strongly mirrors the well-known steady-state response of microcrystalline copper to cyclic
loading. General perspectives on contact fatigue response of nano-twinned copper are developed
on the basis of these new findings.
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Professor Subra Suresh

Title: Director of the National Science Foundation (NSF).
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Chapter 1

Introduction

Reducing the grain size of a material to enhance its strength has long been a strategy used in
microstructure design [1-6]. Marked improvement in properties like hardness, wear and
corrosion resistance and diffusivity can be achieved by resorting to grain refinement in metals [1,
2,4, 5, 7-9]. Some of the most common methods of producing nano grained metals include gas
phase condensation of metals [10] or production of nano sized powders in bulk form and
subsequent consolidation using hot isostatic pressing, shock consolidation or field activated
sintering [11]. Others techniques that have been successfully used to produce nano grained (NG)
materials include electro deposition [12] and crystallization of amorphous solids [13] . A number
of Severe Plastic Deformation techniques (SPD) techniques [14] like equal channel angular
pressing ECAP [15], high pressure torsion HPT [16] and cold rolling [17, 18] are frequently used
to refine grain size of coarse grained (CG) metals and produce samples in bulk form without
incorporating porosity but they have been successful in attaining grain sizes only in the ultra
fine (UFG) regime. Dislocation manipulation, rearrangement and formation of various
dislocation configurations are the primary mechanisms leading to grain refinement [19] in severe

plastic deformation processes.

The strength of nano-grained materials has been found to increase with grain refinement down to
at least 15 nm in most metals. The mechanisms leading to this strength enhancement at such

small grain sizes is unclear as it is not expected that dislocation sources inside grains would be
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operative at such grain sizes. There has been no experimental evidence of dislocation pile-ups in
deformed specimens although computer simulations show dislocation partial dislocation
emission from grain boundaries in nanograined metals [20, 21]. A lot of prior experimental
studies [5, 7, 22-25] report that strength decreases with grain refinement below ~10nm (inverse
Hall-Petch effect). Grain boundary sliding and Coble Creep are the expected deformation
mechanisms taking place at such small grain sizes [23-25] although there is no direct

experimental evidence of such processes reported.

In conventional microcrystalline metals and alloys (average grain dimensions typically
bigger than 1 um), grain refinement generally results in an increase in the resistance to fatigue
crack initiation. In high cycle fatigue, this trend is reflected as higher fatigue endurance limit
(which is elevated with higher strength); the endurance limit is typically measured through
cyclic-stress-controlled experiments on initially-smooth laboratory specimens [26]. When the
average grain size is refined to values typically below 100 nm, the resulting nanostructured
metals exhibit significantly elevated strength and strain rate sensitivity and much lower
activation volume, as well as improved resistance to corrosion, fatigue crack initiation for long-
life as seen in the fatigue endurance limit, and monotonic and cyclic wear [7-9, 27-29] in
comparison to microcrystalline metals and alloys [3, 5, 6]. However, such beneficial effects of
grain size reduction are also commonly accompanied by reductions in ductility (Fig 1-1). The
drop in ductility is ascribed to significant constraints encountered in accommodating plastic
strain through the generation and accumulation of dislocations in the nano-grained (NG) metals
[3, 5, 6, 30]. Furthermore, grain refinement into the nanocrystalline regime is known to degrade
different metrics of damage tolerance including fracture toughness and the resistance to stable

sub-critical crack growth under monotonic and cyclic loading, especially at lower values of stress
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intensity factor range (the so-called near-threshold regime with crack growth rates typically
smaller than 10 mm/cycle) where most of the fatigue fracture life is expended [26-28, 31]. The
application of NG materials in high strength applications at elevated temperatures is also
severely limited because of the unstable nature of the high grain boundaries for instance grain

growth in NG Cu has been observed even at room temperature [32].

Moreover, the nanocrystalline microstructure has been shown to be unstable under high stresses
for instance under indentation creep, the hardness has been reported to continue to decline due to
grain growth because of the large excess energy of the grain boundaries [33, 34]. Stress assisted
grain growth incurred by indentation has also been observed in NG Al [35]. Grain growth has
also been shown to be promoted by tensile deformation [36], compression [37] and HPT [38]. In
addition to these effects on mechanical properties, grain refinement, especially in the
nanocrystalline regime, is also known to have a deleterious effect on electrical conductivity [39-

42] and resistance to electromigration [43].
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Fig 1-1 Tensile ductility of nanocrystalline metals and alloys as a function of grain size.
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Significant strengthening due to grain refinement arises from the obstruction of dislocation
motion at nano-scale grain boundaries. Similar strengthening can also be achieved through the
introduction of initially coherent twin boundaries within UFG metals (Fig 1-2). Recent studies
[44-46] have shown that when a polycrystalline ensemble of UFG copper (with average grain
size in the range of 100 nm to 1000 nm) is populated with initially coherent, mechanically and
thermally stable, nano-scale twins (where the twin width or spacing is on the order of tens of
nanometers), the ensuing structure exhibits deformation characteristics that mirror those of nano-
grained copper whose average grain size is comparable to the twin spacing in the nano-twinned
(NT) copper. In other words, when nano-twins are introduced in the UFG metal during pulsed
electrodeposition, the material exhibits strengthening characteristics and strain rate sensitivity
comparable to those of a nano-grained metal without twins [44, 47, 48] (Fig 1-3(b)). The
coherent NT boundaries act as barriers to dislocation motion just as grain boundaries do [46, 49,
50]. The pile up of dislocations at an incoherent GB leads to a stress concentration that can
result in the nucleation of new dislocations on the other side of the boundary without altering the
character and energy of the GB. Since the structure of the GB is not altered, dislocations usually
do not glide along the boundary. This limited capability of GBs to accommodate dislocations
during deformation manifests in reduced ductility despite promoting increased strength. On the
other hand, the twin boundaries are not only capable of accommodating dislocations, but they
also facilitate glide of dislocations along the boundary given their significant local plastic
anisotropy [6, 45]. Molecular dynamics simulations [51, 52] have indicated that when a perfect

glide dislocation in FCC metals with b = % [101] crosses a symmetric (111) TB, a Shockley

partial (with b= 1/6 [ﬂ2 ]) is left behind at the TB, which is indeed observed in Fig. 1-4(b). This
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implies that the higher the TB density, the larger the capacity of dislocation accumulation at the

TBs, which consequently results in an enhanced ductility due to plastic deformation.

Nanoscale TB strengthening 1B

C
Matrix

Fig. 1-2 Schematic illustration of a twin boundary [46] : Nanoscale TB strengthening is
based on dislocation-TB interactions from which mobile and/or sessile dislocations could be
generated, either in neighboring domains (twin or matrix) or at TBs. Gliding of
dislocations along TBs is feasible because of its coherent structure [the right panel denotes
a Y 3 TB]. Higher strength and higher ductility are achieved with a smaller twin thickness

A in the nanometer scale.

Post deformation studies of nano-twinned (NT) specimens have shown high dislocation
density in the vicinity of the twin boundaries [47, 53] as can be seen in Fig 1-4(a). These
attributes of NT copper appear to facilitate not only a potent mechanism of strengthening through
the control of twin density at the nano-scale without any change in grain size, but they also help
retain a significant fraction of ductility when strengthening is achieved through NT refinement.
As a result, nano-twinned metals offer the potential for engineering mechanical properties with

optimized combinations of strength and ductility for a variety of structural applications by
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circumventing issues related to the severe loss of ductility which are serious drawbacks of grain
refinement strategies involving nano-grained materials [5, 6]. The fact that the electrical
resistivity of coherent twin boundaries is one order of magnitude lower than high angle grain
boundaries also enhances its range of applications [54, 55]. Moreover twin boundaries have been
shown to have much higher thermal stability than grain boundaries for instance the nano twinned
microstructure of sputter deposited sputtered Cu films showed considerable stability even at

annealing temperatures close to 800 °C [56].

Twin boundaries (TBs) within grains can be introduced either during processing (so called
growth twins), plastic deformation (deformation twins), or recrystallization of deformed

structures upon annealing (annealing twins).

The most commons way of introducing growth twins inside metals is by pulsed electro
deposition (Fig 1-3(a)). There does not exist complete scientific understanding of the mechanism
of twin formation by pulsed electro deposition but it is the high current density that is possible in
pulsed electro deposition and not in direct current deposition that is conducive to formation of
twins. . Thermodynamically, twin formation decreases the total interfacial energy as the excess
energy of coherent twin boundaries (TBs) is less than those of high-angle GBs. In addition, TBs
tend to nucleate at GBs and triple junctions to accommodate mismatch at these locations. The
sum of interfacial energies of the GB and TB even after formation of a new TB is less than just
the GB alone. The nucleation and growth of twins is highly dependent on the deposition
conditions. Experimental observations by Lu [44, 54] show that a high current density , a large
pH of the solution and low deposition temperature are conducive to high deposition rates of

twins. Besides, formation of twins is favored for low stacking fault energy metals.
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Fig 1-3 (a) [53]Cross-sectional view SEM micrograph of an as-deposited copper sample
using pulsed electro deposition (b) A plot of tensile yield strength as a function of the 1"
(where 1 is the average lamellar thickness determined from statistic TEM observations) for
the as-deposited Cu samples (solid circles). For comparison, H-P plots for the CG Cu
(dashed lines and the opencircles and the nc Cu samples with various grain size were

included.
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Fig 1-4 A TEM image of the microstructure close to the failure surface of high density nano

twinned sample after tensile tests (a), containing lots of Shockley (partials) dislocations

(1/6[112]) (b).

Controlled introduction of nanoscale twins has been achieved in UFG Cu with a grain size of
400-500nm. Twin boundaries can accommodate high densities of dislocations and thus facilitate
plastic deformation leading to significant ductility [57] . The multimodal distribution of length
scales in nano-twinned copper in these specimens further benefits ductility [4]. The ultra fine
grain is divided into nano meter sized twin/matrix lamellar structures, however the length scale
parallel to the TBs (plastically soft direction) is close to 500 nm and the length scale transverse
to the TBs ( plastically hard direction) is of the order of nanometers. Dislocation glide is easier
along the former direction than the latter direction [45]. However, currently it is possible to make

nano-twinned specimens of a few micron thicknesses using pulsed electro deposition.
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Dynamic Plastic Deformation offers a way of manufacturing materials in bulk form with an
abundance of deformation twins. The relative high stacking fault energy (SFE) of Cu makes it
deform primarily by dislocation movement. However the high strain rate and cryogenic
temperatures involved in this process prompt deformation and strain induced micro structural
evolution by twinning because dislocation processes are suppressed at such high strain rates and
low temperatures [58, 59] . As the amount of strain imposed on the specimen increases, the area
occupied by deformation twin boundaries expands. This is manifested by the visibility of the
grey region in the SEM micrographs as can be seen in Fig 1-5(b) which was originally white
(Figl-5(a)) . A higher magnification image shows the presence of deformation twin boundaries
in the grey region (Fig 1-6) [59]. Micro structural refinement as a result of the DPD treatment
occurs by three main mechanisms [59], (1) fragmentation of nanoscale T/M lamellae leading to
grain sizes of about 47nm (2) nano grains formed in shear bands having an average transverse
grain size of 75 nm, (3) nano grains formation originating from dislocation cells with an average
grain size of 121nm. The specimen that will be used in the current study has been subjected to a
strain of £=2.1 during the DPD treatment and shows a mixed microstructure with nano scale
T/M lamella making upto 33 % of the volume and nano sized grains making up about 67%. It
has shown to have high tensile yield strength of about 600 MPa and an ultimate tensile strength
of 633MPa mainly because of the presence of a combination of high number of deformation twin
bundles and nano grains. The tensile elongation to failure is about 11% that is much better than
that of NG materials [58, 59] produced by other methods. The DPD process of strengthening Cu
also does not adversely affect the electrical conductivity mainly because of the low resistivity of
twin boundaries [60]. Deformation twinning in DPD Cu was found to be dependent on texture

[61]. Increase in the percentage of deformation twin bundles was shown to improve fracture
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toughness [62]. Cold rolling of the DPD sample was shown to increase ductility but with a

concomitant reduction in strength [56].

Frequency (%)

D /Dy

Fig 1-5 (a—d) Cross-sectional metallographic observations of the DPD Cu samples with
different strains [S9] : (a) €= 0 (as-annealed), (b) £= 04, (¢) £¢= 1.1 and (d) £= 2.1. The
letters <““W”’ ¢‘G”’ and ‘‘D’’ denote the white region (hard-to-etch), the gray region (easy-
to-etch) and the dark-gray region (very-easy-to etch), respectively. (e) Distribution of

aspect ratios of grain sizes (D./Dry) in the three samples with different strains.
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Fig 1-6 High-magnification metallographic images of the W region (a) and the G region (b)
as indicated in Fig. 1-5 (b) (¢ =0.4) [59].

In addition to gaining knowledge of the tensile properties, it is critical to develop a deep
understanding of the damage resistance and tolerance of nanostructured metals as their
usefulness in structural applications is dependent on these properties. Stress controlled fatigue
life test is a good measure of the damage resistance of a material as during these tests uniaxial
stress less than the yield stress of the material is applied to initially smooth specimens and the
number of cycles to failure is recorded. This is repeated at different stress values and the Stress-
Number of cycles to fail (S-N) curve gives an idea of the damage resistance since at stress values
lower than the yield stress, the greater portion of the life of a material is spent in crack nucleation
at the surface than crack propagation. This is in contrast to low cycle fatigue in which high
stresses are applied and the specimen life is dependent on the number of cycles required to
propagate the fast-nucleated crack at such high stresses. Plastic instability is responsible for
nucleation of cracks during fatigue loading. The irreversibility of cyclic slip along the slip bands
results in ““ roughening” of the surface of the material that is manifested in the form of “hills”

(extrusions) and “ valleys” (intrusions) where the persistent slip bands (PSBs) emerge at the
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surface [26]. The intrusions serve as micro-notches and lead to stress concentration that results

in additional slip and fatigue crack nucleation.

The uniaxial deformation of metals can also be characterized in terms of the cyclic stress-strain
curve (CSS) that is obtained typically by applying constant strain amplitude cyclically and
monitoring the stress required to achieve the applied strain. The stress required reaches a stable
saturation value after an initial shakedown period. There is a gradual change in dislocation
substructure in the shakedown period until a stable configuration of dislocations that represents
the stable saturation stress state is attained. It has been seen that word-hardened or cold worked
metals undergo cyclic softening under fixed amplitude strain-controlled cyclic loading due to
rearrangement of prestrain-induced dislocation networks into energetically optimal
configurations and well-annealed metals undergo cyclic hardening due to dislocation
multiplication [63, 64]. However, prior loading history, slip planarity, plastic strain amplitude
and temperature play a strong role in determining the eventual microstructure attained by the
metal during cyclic loading [65, 66]. High stacking fault energy FCC metals with a high
propensity to cross-slip harden or soften to a similar steady-state saturation stress after the initial
shakedown. The eventual microstructure comprises of a cell structure that is independent of the
dislocation structure that existed before the application of cyclic loading. The cell size decreases
with increased strain amplitude and increasing temperature but is independent of the loading
history of the metal. However if the stacking fault energy is increase by alloying, then the CSS is
sensitive to the prior deformation history as cross slip is hindered and this prevents the
attainment of a common state of dislocation structure for initially annealed and cold- worked
metals, Instead they harden and soften respectively to different steady saturation stress and

microstructure. In both these cases, the steady state is approached when the numbers of
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dislocations reach saturation and equilibrium between work hardening (dislocation generation)

and dynamic recovery (dislocation annihilation) is reached.

Sub-critical fatigue crack growth experiments are also a good measure of damage tolerance and
involve applying uniaxial stress cyclically to specimens with a pre-introduced crack and
monitoring the length of the crack with the number of cycles applied. The rate of crack growth is
expressed in terms of the incremental increase in crack length per loading cycle (da/dN). This
crack growth rate is plotted with respect to the driving force for crack growth that is the stress
intensity factor range (AK = K — Kmin), where Ky and Ky refer to the maximum and
minimum values of the stress intensity factor during a fatigue cycle. In that plot three stages of
crack growth can be identified. During Stage I of growth, the crack and its associated plastic
zone are confined within a few grains and crack growth occurs primarily by single slip along the
primary slip system [26]. For Mode I loading, a zig-zag crack path is observed although for
Mode 1 loading the crack propagates (on average) in a direction perpendicular to the tensile axis.
At higher levels of AK, the crack tip plastic zone size becomes large, relative to the characteristic
grain dimension, and crack growth occurs via duplex slip (Stage II and the crack advances in a
planar fashion between slip bands, normal to the tensile axis [67]. During Stage III, there is a
sharp rise in crack growth rates due to the crack length exceeding the sub-critical crack length for
fracture and the specimen fails catastrophically. Experimental studies done on mc metals and
alloys and in light of the above analysis, we can conclude that grain refinement will lead to an
improvement in stress-controlled fatigue life and endurance limit [68]. However, a coarse
grained metal would exhibit an increase in the fatigue crack growth threshold stress intensity

factor range and a decrease in the rate of crack growth especially in the near-threshold regime of
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fatigue crack growth owing to periodic deflections (Fig 1-12) in the path of the fatigue crack at

grain boundaries during crystallographic fracture and bigger crack surface asperities[69].

Kmax
|'<I1'Ial( —_—
B 5\4‘\/ M
Kop -
Kmin
(a) (b) (c) (d)

Fig 1-7 Different mechanisms of crack closure: (a) No crack closure (b) Plasticity induced
crack closure, (¢) Crack closure induced by particles likes corrosion products and (d)

Roughness-induced crack closure [26].

This is because the actual manner of crack propagation is quiet complex and very sensitive to
extrinsic mechanisms that can influence the apparent crack propagation rates to be markedly
different from that expected just from the intrinsic resistance of the material to fracture and the
applied stress intensity factor range. It is imminent to understand and study these crack
retardation mechanisms in order to develop accurate life prediction models and come up with
better microstructural design in order to prolong the stable fatigue crack growth life of the

material. The differences between the actual “driving force” and the apparent one can spring
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(1)

from a variety of factor including (a) premature closing of the crack faces in spite of nominal
cyclic tensile loads applied, (b) periodic deflections of the crack path owing to microstructural
obstacles like grain boundaries, precipitates etc. or local changes in mode mixity and local stress
states, (c) bridging of the crack faces by corrosion products, fibers, grains or particles, (d)
residual stresses imposed on the crack tip by stress-induced phase transformation or the cyclic
plastic zone. These processes can be triggered and can make a seminal contribution by even a
minor variation in the path of the crack, environmental conditions, loading environments and test

methods. Some of the main cracks retarding mechanisms (Fig 1-7) are discussed below:

Plasticity induced crack closure: A fatigue crack in reality is not an atomically sharp notch or a

saw-cut. It has in its wake envelopes of plastic zones formed during crack propagation. Fig 1-8
shows the wake of material with a fatigue crack under constant amplitude of cyclic tensile
stresses. Residual tensile strains are present in the material behind the advancing crack during
one cycle of crack growth as only elastic recovery happens after the creation of the crack’s new
surfaces. The nearby material exerts compressive stresses on the plastically deformed region
(with tensile strains) enveloping the crack that leads to crack closure even under positive values

of far field tensile loading.
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Fig 1-8 Envelopes of plastic zones in the wake of an advancing fatigue crack.[26]

Oxide induced crack closure: The presence of a moist atmosphere can lead to the oxidation of

freshly formed crack faces. In many steels the thickness of the oxidation layer has been found to
be comparable to the size of the crack tip opening displacement (CTOD) near the threshold [26].
At near threshold fatigue crack growth regime, due to low values of CTOD, the possibility of
repeated crack face contact during tensile fatigue is significant due to serrated nature of crack
growth in Stage 1 causing mode mixity. Besides microscopic roughness of the crack faces and
plasticity induced crack closure also contribute in enhancing chances of crack closure at non-

zero values of nominal stress fields. Besides, at low values of AK, there also occurs a continual
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breaking and reformation of the oxide layer behind the crack tip [26]. This fretting mechanism
can be conducive to building up thicker oxide layers than those formed on a freshly prepared
surface that is exposed to same moist environment. These corrosion products formed induce
crack closure and lead to an increase in the value of the threshold as can be seen in Fig 1-9.
However, this type of crack closure is not very probable at high R-values, when the possibility of
crack face contact is bleak because of the larger CTOD values, or at high AK values when the

crack propagation rate is too fast to promote sufficient oxidation at any value of R (Fig 1-10).
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Fig 1-9 Effect of load ratios and dry and moist environment on the stable fatigue crack

growth propagation of AISI A542 Steel [26].
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Fig 1-10 Threshold values increase with an increase in humidity, however with an increase

in R ratio the effect of environment conditions is not significant [26].
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(iii)

Roughness induced crack closure: The explanation of the traditionally unexpected poor fatigue

crack growth with grain refinement is possible because of the phenomenon of roughness induced
crack closure. Crack propagation in Stage I occurs by the mechanism of single slip. Plasticity
induced crack closure and the possibility of slip irreversibility due to various factors including
corrosion cause mis-match between the fracture surfaces asperities. In situ observations in SEM
of the opening and closing of fatigue cracks have recorded a significant Mode II component
associated with fatigue crack and the occurrence of premature contact between crack faces
asperities [26]. Roughness induced crack closure is enhanced by the following factors (a) low
stress intensity levels when the plastic zone size is smaller than the grain dimensions, (b) small
values of CTOD such that they are smaller than the crack surface asperity dimensions, (c)
microstructure comprising of large grains and least non-shearable obstacles in the path of the
crack such that serrated crack path is promoted, (d) periodic deflections in the crack path
promoted by grain boundaries, second phase particles and (e) slip irreversibility especially

enhanced by slip step oxidation in moist environments.

To date, there is limited information available on the fracture and fatigue properties of ultra-fine-
grained (UFG) and nano grained (NG) materials. This can be ascribed to the limitations in
manufacturing bulk fully dense nano-structured materials as techniques like electro deposition, e-
beam deposition or magnetron sputtering that are capable of producing fully dense specimens of
uniform purity and grain size can produce them to thickness of at most a few hundred microns.
These processing limitations belie the possibility of conducting a valid plane strain fracture

toughness test in accordance with ASTM E399 [70] and the fracture and fatigue studies done up
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till now report specimens in plane stress since twenty-five times the plastic zone ahead of the
crack is larger than the thickness of the specimen. In addition, to prevent artificial artifacts like
out of plane bending and buckling, special care must be taken in gripping the thin test specimens
and imposing loads. This imposes additional constraints on the environment, range of loads,
stress intensity factors, mean stress levels and cyclic frequencies that can be imposed during the
tests. Since compressive loading introduces the risk of buckling of the thin specimens, only
tensile loading can be applied to the specimens. Severe Plastic Deformation (SPD) techniques
and mechanical alloying/consolidation can prepare bulk specimens that satisfy the requirements
of a plain strain fracture toughness tests mentioned in ASTM E399 and thus the results obtained
can be compared with the literature values of coarse grained materials. However, it is difficult to
gain a fundamental understanding of the mechanisms of crack initiation and propagation and
extend the results obtained in these materials to other NG systems since the specimens produced
through these methods comprise of highly inhomogeneous microstructures with a considerable
variations in grain size, grain structure and defect density. In addition, many grains in such
systems have sizes in the ultra fine grain regime (several hundred nanometers) and the specimens
have pronounced initial defect densities that further make it difficult to get meaningful

connections between structure and damage resistance and tolerance.
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Fig 1-11 (a) The effects of grain size [27, 28] from the micro to the nano-regime on the
cyclic stress vs. total number of cycles to failure plot in pure Ni. (b) Variation of fatigue
crack growth rate, da/dN, as a function of the stress intensity factor range, AK, for mc
pure Ni and for electrodeposited ufc and nc pure Ni at R = 0.3 at a fatigue frequency of 10

Hz at room temperature.
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Fig 1-12 Scanning electron micrographs [27, 28] of mc, ufc, and nc Ni subjected to
sinusoidal fatigue loading at initial AK values of 10, 6.2, and 8.5 MPa m'?, respectively. A
cyclic frequency of 10 Hz and load ratio, R=0.3 were used in all cases. Crack path
tortuosity clearly decreases with grain refinement. Images (d) through (f) are higher
magnification images of (a) through (c), respectively, and the magnification of (f) is 10

times that of (d) and (e).

Earlier studies included high cycle fatigue experiments performed on nanocrystalline Cu
produced by inert gas condensation [71] in order to ascertain the stability of microstructure under
cyclic loading. These experiments documented 30% increase in grain size due to repeated,
cyclic loading along with the surface being populated with parallel “extrusions” seemingly
similar to persistent slip bands (PSBs) observed in coarse grained (CG) Cu and single
crystals[26]. Strain-controlled fatigue tests [64] comparing UFG Cu prepared by severe plastic
deformation (SPD) and CG Cu showed that the latter has a longer total fatigue life than the

former, and that the surface of the fatigued UFG specimen showed extrusions similar to those
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found in NG Cu [71]. In addition, cyclic softening was observed in Cu prepared by severe plastic
deformation (SPD) [63]. However, it has been found [72] that annealing treatment improves the
low cycle fatigue life in strain controlled cyclic tests on UFG materials produced by equal
channel angular pressing (ECAP). Cyclic softening in UFG Cu produced by ECAP was also
ascribed to dynamic recrystallization and subsequent grain growth which was observed after
strain controlled cyclic loading on Cu specimens produced by ECAP [73]. Unlike UFG metals
prepared from SPD techniques, electrodeposited NG Ni with an average grain size of 40 nm
displayed cyclic strain hardening under tension-tension cyclic loading. The deformation was also
found to be dependent on the frequency of applied loading [74]. Stress controlled cyclic loading
applied on bulk Ni-18wt%Fe alloy with an average grain size of 23 nm and produced by pulsed
electrodeposition exhibited an endurance limit of just 13% of the yield stress which was
surprisingly low compared to the trend shown by other metals [75]. Fracture and fatigue studies
[76] done on the same bulk Ni-18wt%Fe alloy with an average grain size of 23 nm demonstrated
limited values of fracture toughness owing to nano-void coalescence at the grain boundaries. In
the near threshold regime of stable fatigue crack growth, the crack path was found to be non-
tortuous as seen through scanning electron microscopy (SEM). Focused lon Beam (FIB)
confirmed the results obtained earlier from atomistic simulations [77] that the micro cracks are
initiated close to the primary crack by the process of nano-void coalescence. Xie et al. [78]
performed experiments on electrodeposited Ni sheets (average grain size 26 nm) and CG Ni in
order to determine the difference in the modes of fatigue crack nucleation. It was found [78] that
for CG Ni crack nucleation occurred in a diffused manner in that a population of cracks was
observed whereas for NG Ni there was one principal crack and dislocation cell structures with an

average size of 108 nm were observed along the main crack.

46



Mirshams et al. [31] found that the fracture toughness of pure NG Ni produced by pulsed
electrodeposition decreased with an increase in annealing temperature. Their results were
rationalized using the “cluster model” [79]. Here the claim is that a large number of
nonequilibrium vacancies formed during the process of recrystallization of nanocrystalline
materials would segregate and condense into clusters preferentially residing at the grain
boundaries. These clustered vacancies would weaken the material, and the number and size of

these clusters would increase with an increase in annealing temperature.

Opposite trends, however, were observed for carbon doped NG Ni in that the fracture toughness
increased with an increase in annealing temperature. Charpy impact energy tests on
electrodeposited Co showed that the toughness decreases as the grain size is refined close to 18
nm [80]. This trend has also been corroborated by fracture studies on a-Fe and Al [81] which
have shown that fracture toughness decreases with grain refinement. Stress controlled cyclic
loading experiments conducted on electrodeposited Ni showed an improvement in fatigue life
and endurance limit with grain refinement in the < 100 nm regime (Fig 1-11(a)). However, stable
crack propagation experiments on CG, UFG and NG Ni revealed diminishing fatigue crack

growth threshold values with grain refinement (Figl-11 (b)) [27, 28].

Only a few cyclic loading studies have been done so far on NT materials and have demonstrated
enhanced mechanical stability of twin boundaries. For example, multilayer copper/copper
specimens with nanoscale twins produced by magnetron sputtering have been shown to exhibit
considerable microstructural stability and hardness retention even under fatigue loading and
indentation [82]. The twin lamellae thickness dependence of fatigue endurance limit of the nano-

twinned Cu (NT Cu) was also studied by conducting cyclic tension-tension tests under constant
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stress amplitude at room temperature [83]. Initial results suggest that both the high cycle fatigue
life and fatigue endurance limit increase with a decrease of the twin lamellae thickness [83].
Cyclic studies done on NG Ni-Fe alloy with growth twins have shown considerable grain growth
and de-twinning in the path of the fatigue cracks with little microstructure change observed in
grains removed from the crack [84]. In addition, large scale atomistic simulations to model the
damage tolerance behavior of NG materials (average grain size ~ 20 nm) with nanoscale twins
have suggested the possibility of an improvement in fracture toughness with an increase in twin
density [85, 86]. Copper produced by dynamic plastic deformation (DPD) under conditions of
high strain rate and cryogenic temperatures has a microstructure with a mixture of deformation
twins and nano grains. Qin ef al. [62] have shown that increasing the strain while preparing the
specimen leads to an increase in fracture toughness on account of increase in the concentration of
deformation twins in the structure. However, the highly heterogeneous microstructure of DPD
Cu comprises both deformation twins and nano grains and the percentage of both of them
increases with the imposed strain, so it is difficult to elucidate the isolated role of twin
boundaries in influencing the fracture toughness. To our knowledge, no experimental studies of
the key damage tolerance characteristics involving systematic fracture toughness measurements

and fatigue crack growth behavior of nano-twinned metals and alloys have been reported to date.

In addition to high strength, ductility, damage resistance and tolerance, good tribological
properties are indispensable for many engineering applications. Design against wear damage is
crucial as it is the most common way of material loss in most engineering applications [87]. This
is as much true for designing materials that have to cope with frictional sliding against abrasive
particles, as it is to MEMS devices with resistance against tribological damage that might result

from repeated contact between small scale structures. The effect that the controlled introduction
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of nano-twins in UFG Cu will have on the tribological response has not been systematically
studied. The wear properties depend in a complex manner on such material properties as elastic
modulus, yield strength, ductility, strain hardening exponent, friction coefficient, fracture
resistance, and sustained damage tolerance, as well as on the environment in which wear damage
occurs. Thus it is not possible to predict the trends in tribological properties by a mere
knowledge of basic mechanical properties. Besides, under conditions of repeated sliding, the
microstructure and the properties evolve in response to high stresses and strain gradients below
the indenter. Consequently, information about the initial structure is often insufficient to predict

the wear response under repeated sliding contact fatigue.

Instrumented repeated frictional sliding tests offer a means to assess, in a quantitative and
controlled manner, the wear properties of UFG Cu with nanoscale twins. The use of scratch
testing dates back to adhesion testing of thin hard coatings several decades ago [88] and its
popularity in testing tribological response has since grown. Its direct utility lies in the fact that
the indenter tip serves as a model of the abrasive particle that rubs against the surface. One of the
parameters recorded was the total friction coefficient for the motion of the diamond indenter over
the surface of the specimens. Some of the possible measures of damage in scratch tests are the
depth of scratches, the width of scratches, and the volume of material that is removed by the
scratching process or the pile up of material on the sides of the scratch. The most appropriate
measure is often dictated by the application. Aesthetics may dictate that the most important
measure is the width of the scratch; whereas the pile up, depth or volume of material removed

may be more important if wear resistance is the main concern.
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In addition to monotonic sliding, it is also very necessary to investigate the response of
the material to repeated contact sliding using scratch testing. This is important from a practical
point of view as it mimics the real life situation in many materials that are subjected to repeated
frictional sliding contact. Secondly, there has been no study done previously which
systematically investigates the effect of twin density on the wear response of materials under
repeated frictional sliding although there have been numerous studies done to investigate the
wear response of coarse grained (CG) metals and alloys. There have also been limited
investigations done to elucidate the tribological behavior of NG metals and alloys. Most wear
studies on coarse-grained materials have shown that as a result of large plastic stresses and
strains the microstructure of the region close to the surface is severely affected. The material
close to the surface is drastically affected by the wear process and is instrumental in affecting the
subsequent wear response of metals under repeated sliding. This tribolayer formed can have
structurally and chemical characteristics completely different from the original material. The
structure has been classified into cells, sub grains and recrystallized grains [89]. The substructure
has often been compared to that observed in metals and alloys after severe deformation processes
(SPD) with the size dependence related to the stacking fault energy, applied stress and
temperature [90, 91]. Rigney has found out the substructure to consist of equiaxed cells bounded
by relatively wide cell walls [92]. These dislocation substructures formed under wear were
optimal with respect to energy minimization and were similar to those for sliding and erosion
except near the surface where the number of active deformation systems can make a difference
in the structure observed [93]. Many wear studies have shown this tribolayer to have boundary
spacing in the nanocrystalline regime [94-96] and to differ considerably from the bulk material

[92, 97]. Smoothness of sliding and damage incurred in terms of material loss have been found
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to be dependent on the nature of the tribolayer [97]. The tribolayer microstructure in Cu-
15wt%Ni-8Wt%Sn bronze after sliding resembled that of a heavily rolled FCC alloy with fine
grains and nanotwins are observed within the nano grains which is indicative of large stresses
and strains incurred by the sliding process [98, 99]. Bellon found a sharp transition between the
tribolayer from the bulk material and the presence of the tribolayer to alleviate the wear rate [99].
Boundary spacing of 25nm was observed in the tribolayer for CG Cu after sliding in addition to
the presence of newly formed deformation twins, recrystallized grains and largely recovered
large subgrains [100]. Formation of twins in the tribolayer has also been reported by Rigney
[92] during the dry sliding of CG copper during which the growth of the tribolayer becomes
larger and more non uniform with sliding time. Under repeated sliding, a submicron layer has
been observed below the nano layer in pure copper [92]. The nano-grained tribolayer has been
shown to be conducive to reduce the wear rate and friction coefficient [101, 102]. Dynamically
Plastic Deformed (DPD) Cu with an initial microstructure comprising of nano grains and
nanotwin bundles exhibited grain coarsening in the tribolayer as a consequence of repeated
sliding [103]. Grain coarsening has been observed for Ni-W alloys with an initial grain size
ranging from 3nm-10nm to a final grain size close to 20 nm under contact sliding whereas
negligible change in grain size was observed for initial grain sizes greater than 10 nm [104].
Although the formation a deformation-affected tribolayer is widely reported, the mechanisms of

its formation are still not very clear.

Wear studies on NG Ni have shown that friction coefficient is a stronger function of strength
than the grain size for Ni. However, the microstructure did not remain stable with sliding and
significant grain coarsening was reported in the sliding track [9]. Grain refinement played a

significant role in improving the wear rates of NG Al under frictional sliding [105]. Schuh [7]
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has shown that wear damage in Ni decreases with a decrease in grain size but beyond the Hall-
Petch breakdown point increased material loss was observed with grain refinement. However,
degraded wear response with strengthening has been observed for NG Ni-B alloy film produced
by electro deposition [106] and NG iron produced by rolling [107] . Dry sliding wear studies
done on NG Cu processed by SMAT and CG copper showed a lower friction coefficient for NG
Cu than CG Cu however the distinction diminished at high load values imposed on the indenter

[108].

The foregoing discussion of prior work clearly illustrates that there is very little systematic work
on the fracture and fatigue crack growth characteristics of nano-grained metals and alloys.
Nevertheless the limited experimental information available to date generally appears to indicate
a significant reduction in damage tolerance with grain refinement into the nano-crystalline
regime, and the loss of resistance to fatigue crack growth with grain refinement in NG metals,
especially in the near-threshold regime, mirrors the trend observed in their CG counterparts [27,
28]. However, there is an improvement in damage resistance with grain refinement as can be
inferred by the improved high cycle fatigue life and enhanced endurance limit values for NG Ni.
The compromise between either damage tolerance or damage resistance is the dilemma faced by
material scientists when gran boundary engineering is used to alter the strength of materials.
Therefore, in the current study we have tried to gain knowledge of the damage resistance and
tolerance characteristics of another class ie. nano-twinned copper. The aim of the current work is
to further the understanding of the role of microstructural length scale TB spacing vs. grain size
in affecting the fracture and fatigue of metals. Another important objective of the current study is

to investigate the tribological response of NT copper and DPD copper and contrast it against
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UFG and CG Cu respectively. The present thesis will address the following hitherto unanswered

questions related to nanostructured metals:

1. How are TBs in nanotwinned copper produced by pulsed electro deposition different
from GBs in NG metals in affecting the sub-critical fatigue crack growth characteristics?

2. How is the fracture toughness affected by twin-lamellae refinement?

3. What is the effect of twin density in NT copper on the wear response and damage
evolution under monotonic and repeated frictional sliding?

4. What is the role of twin density in influencing the microstructural stability under the high
stresses beneath a sharp indenter during monotonic and repeated contact sliding? How
does the hardness of the tribolayer evolve with repeated sliding?

5. Is there an improved wear response in DPD Cu with a microstructure comprising of an
abundance of deformation twin boundaries and nano grains in comparison to CG Cu in
terms of lower frictional coefficient and less wear damage?

6. What is the hardness evolution of the tribolayer in DPD and CG Cu as a consequence of
repeated frictional sliding? (Tao [103] has studied the micro structural evolution entailed

by the nano scratch process for DPD and CG Cu. )

The thesis is organized in the following sequence.

Chapter 2 describes in detail the material systems investigated, as well as the
experimental methods employed. The strengths and limitations of the processing and testing
techniques are discussed. Although there exists analytical expressions to relate the P-h (Load vs.
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depth) response obtained after indenting on a flat surface to the elasto-plastic properties of the
material, no such expressions are known for indenting on a grooved surface. Since inorder to
determine the hardness evolution with repeated frictional sliding, the indentations were made on
the grooved surface of the sliding track. Large deformation FEM computations were performed
modeling indentation on a grooved surface with a conical indenter and analytical expression was
obtained relating the indentation response to the elasto-plastic properties in the vicinity of the

scratch.

Chapter 3 reports the outcome of systematic experiments on the effects of controlled
variations in nano-twin density in a UFG copper with a fixed grain size of approximately 450
nm. The use of pulsed electric deposition (PED) to produce nano-twinned copper, while enabling
the manipulation of the grain size and twin density by controlling such parameters as current
density and time, has thus far resulted in producing fully dense NT specimens in the form of thin
foils only. As a result, it is presently not feasible to perform ‘“valid”, plane strain fracture
toughness or subcritical plane strain crack growth studies of fully-dense, pure nano-twinned
copper produced by pulsed electrodeposition. Despite this limitation, careful experiments could
be designed to critically assess the structural effects of introducing nano-twins in UFG Cu on the
relative intrinsic resistance to fracture toughness, fatigue crack growth, and damage tolerance by

performing linear elastic fracture experiments under plane stress conditions.

The present investigation therefore allows the effects of varying yield strength through
the control of nano twin density on fracture resistance and fatigue crack growth response to be
isolated from any effects of grain size. Tensile tests were conducted on three specimens with

different twin densities but with the same grain size, and their strength and ductility were
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determined. Damage tolerance was studied by introducing a crack of known length and applying
displacement controlled loading to the specimen until the onset of stable fracture. Subsequently,
the stable crack propagation response was studied in pre-cracked specimens by optically
monitoring the length of the crack until catastrophic failure. Possible mechanistic origins of the
observations are postulated and comparisons are made between the relative roles of grain and
twin boundaries in influencing subcritical fatigue crack growth characteristics and fracture

toughness under plane stress conditions [109].

Chapter 4 reports the effect of twin density on the friction coefficient as a function of
number of repetitions of contact sliding has been studied. Pile up material around the indenter
was also investigated for all the specimens with different twin densities. Prior work on NG Ni
has shown that high stresses underneath the indenter cause microstructure changes during
repeated tribological contact [9]. Here we quantify such microstructure evolution during repeated
frictional sliding not only through microscopy observations, but also by recourse to quantitative
indentation tests along the wear tracks performed at periodic intervals. These measurements are
accompanied by large deformation finite element method (FEM) computations. Through such
experiments and computations, we demonstrate the effects of the introduction of a population of
coherent nano twins in ultra-fine-grained Cu on the sliding contact fatigue characteristics. Earlier
work on constant amplitude strain controlled fatigue has shown that pure FCC metals under
repeated uniaxial loading transform to a characteristic steady state saturation flow stress and
microstructure that is dependent on the strain, strain rate and temperature [65, 66] . We have
tried to elucidate the similarities and differences between strain-controlled fatigue and repeated
sliding in terms of attaining a final saturation stress, microstructure, damage accumulation and

the mechanisms leading to it.
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Chapter 5 presents the results of the investigation of the tribological response of DPD Cu
and CG by scratch testing under monotonic and repeated sliding conditions. Friction coefficient
and pile up height are reported as a function of pass number. We have probed into the
deformation induced hardness evolution by indenting on the scratches and have made
connections of the tribological properties and damage accumulation under repeated sliding to the
hardness and microstructure evolution. Cyclic indentation experiments have also been done on
DPD and CG Cu and the ratcheting of the indenter is monitored with the number of cycles.
Repeated contact loading was found to be similar to strain controlled uniaxial fatigue loading in
that both of them lead to a transformation of microstructure and properties with the increase in
load cycles which is dependent on the specific state of stresses, temperature and strain rate

applied but is independent of the load history for high stacking fault energy metals [65, 66].

Chapter 6 provides a brief summary and principal achievements of this thesis and introduces the

future pertinent directions of investigation related to nano-twinned copper.
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Chapter 2

Materials, Experimental Methods and Modeling

2.1 Introduction

The materials studied in this thesis, and all associated experimental techniques are described in
full detail below. All of the specimens in the current study were procured from Institute of
Metal Research (IMR), Chinese Academy of Science, Shenyang, China. NT Cu specimens
produced by PED were taken in order to gain a fundamental understanding of the effect of TBs
on the sub-critical fatigue crack growth, fracture toughness and wear properties and with the
eventual aim of extending the understanding to other FCC systems. DPD copper specimens
were studied for their tribological response firstly because they contain a different kind of TBs:
deformation TBs and secondly they are closer to be used in actual structural applications

because they can be produced in bulk form.

2.2 Materials Investigated

2.2.1 Electrodeposited nano-twinned (NT) copper

Pulsed electro-deposition was used to synthesize high purity copper specimens with nanoscale
growth twin lamellae from an electrolyte of CuSO4. The grains were equi-axed and the average
grain size for all the specimens was 400-500 nm, but the twin density was varied by modifying

the electrodeposition parameters. Three specimens, one with the highest concentration of twin

57



boundaries with an average twin lamellar spacing of 15+7nm (hereafter referred to as HDNT Cu,
1.e. high density nano twinned Cu), the second with a medium density of twins with an average
twin lamellar spacing of 32+7nm (MDNT Cu: Medium density nano-twinned Cu) and the third
with a relatively low density of twins with an average twin lamellar spacing of 85 + 15 nm
(LDNT Cu: Low density nano-twinned Cu), were produced. The fourth control specimen, UFG
Cu with essentially the same grain size but with no significant concentration of twins, was
prepared by direct-current pulsed electrodeposition. The density of the as-deposited specimens
was measured to be 8.93+0.03 g/cm’. The purity of the as-deposited copper was found to be
more than 99.998 at% with less than 8 ppm S content. Chemical analysis also showed hydrogen
and oxygen levels to be less than 15 ppm and 20 ppm, respectively. The specimen preparation

procedure and the structural characterization of the NT Cu are discussed in detail elsewhere [54].
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TEM observations (Fig 2-1) of specimens in prior studies prepared by the same method show
that most grains are subdivided further into twin/matrix lamellar structure by a high density of
TBs. Fig. 2-1al, bl and c1 show typical TEM images for three as-deposited samples (A, B, and
C) with different twin densities, respectively. Most of them have coherent Y 3 boundaries. The
twins separate grains into nano-meter thick twin/matrix lamellar structures with an average twin
lamellar spacing of 85nm, 30nm and 15nm for the A, B and C samples respectively. Inside the

ultra-thin lamellar crystallites almost no lattice dislocation can be seen.

2.2.2 Severely Plastically Deformed (DPD) and Coarse Grained (CG) copper.

Two copper bars with an initial size of 8x8x12 mm’® were taken and mechanically polished with
SiC papers and subsequently annealed for 120 minutes in vacuum at 700°C to achieve a final
grain size of 200-300 um. DPD treatment was applied to one of them and the specimen obtained
after the treatment would be subsequently addressed as DPD Cu whereas the second bar was
directly used for the experiments and would be hitherto addressed as CG Cu. DPD treatment
was applied by placing the former bar on a lower anvil and compressing cyclically with an upper
impact anvil at a strain rate of 10°-10° s'. The sample was cooled by Liquid nitrogen before
each impact that ensured that the temperature of the sample before each impact was close to -
100° C to prevent dynamic recovery and recrystallization during the process. No flaws or
porosity was reported in the sample and the final density and purity was found to be similar to
the original CG sample. The deformation strain defined as e= In (Lo/Lf) where Ly and L are the
initial and final thickness of the specimen respectively was 2.1. The microstructure comprised of

67% of nano grains and 33 % of deformation twin bundles by volume. The yield strength has
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been found to be 600 MPa and ductility to be 11% [58]. There was negligible strain hardening
observed. More details of sample preparation and microstructural and mechanical

characterization can be found in [58].

2.3 Experimental Methods

Three different kinds of mechanical experiments were performed in order to determine
mechanical properties involving smooth tensile specimens, fracture toughness tests, and stable
fatigue crack propagation experiments. Details of these experimental methods and data analysis

are described below

2.3.1 Fracture toughness determination

Two specimens of each condition (MDNT, LDNT and UFG Cu) with similar dimensions were
tested (Fig 2-2(a)). A fatigue pre-crack was initiated to a depth of 1.5mm in all the specimens.
The specimens were gripped all along their width as shown in Fig 2-2(b). Subsequently,
monotonic loading was applied under displacement control mode at a rate of 0.5mm/min on the
Tytron 250 micro-force testing system. The displacement was allowed to increase until the
crack propagated catastrophically to fracture. The displacement, 6, was plotted as a function of
load, P, and a tangent line was drawn to the linear part of the initial P versus o curve and
subsequently a line having a slope of 95% of the tangent line was drawn. The point at which the
95% line intersected the load—displacement curve was the taken as the load, Pg, at which
unstable crack growth ensued. This load was used to determine the fracture toughness estimates
for the different materials studied, as described below. Further details of this method can be

found in [110].
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The Mode I stress intensity factor (Kj) directly ahead of a sharp crack can be expressed in terms

of the nominal stress applied on the specimen (o), crack length (@), the specimen width (w) and

the shape factor f( a ) [26]
w

a
K=o Naf(—) (1)
w

The shape factor f (ﬁ) depends on the geometry of the specimen and the loading conditions
w

[26]. Fixed end displacement loading was used in the present study for both fracture toughness
estimation using the P—oJ curve and subcritical crack growth studies rather than pin-loading
(which can induce bending and wave form degradation); rigid grips help ensure uniform
waveforms especially at frequencies above 5 Hz. A model based on the finite element (FEM)
that employs the commercial software package ABAQUS (SIMULIA, Providence, RI, USA)

was constructed for geometry shown in Fig 2-2(b) and computations were performed with the

final aim of estimating f (ﬁ) in terms of < for the present loading configuration and geometry.
w w
The J integral for 2 values ranging from 0.1 to 0.7 was obtained through the simulations. The
w

value of f (ﬁ) in turn was extracted from J from Eq. 2 for plane stress [26].
w

1) =./§ @

Using the above analysis the shape factor was found as given in Eq. 3 and it is used to evaluate

the stress intensity factor in all the cases
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£ =1.94+081x (L) —2.40x (L) + 4.42x (L) 3)
w w w w

Fracture toughness is obtained by using Eq. 4 where B is the specimen thickness, w is the width
of the specimen and a is the crack length at which the crack begins to propagate catastrophically.

Py

K¢= B Vaf (%) W

However, in order to evaluate K¢ for the imposed loading conditions using Eq. 4, it is necessary
to ensure that the small-scale yielding (SSY) condition of linear elastic fracture mechanics
(LEFM) analysis is valid. This condition requires that the size of the plastically deformed
material ahead of the crack tip should be small compared to all characteristic dimensions
including the length of the crack and the size of the uncracked ligament. The values of plastic

zone radius, 7, under conditions of plane strain and plane stress are given, respectively, by [111]

- _ 1 [E

plane strain (5)
- _ 1K

plane stress (6)

where oy 1s the material yield strength. According to the ASTM Standard E 399 [70], (a,w-a,B) >
25r, for a valid plane strain fracture toughness test. Evaluating 257, using Eq. 5 and comparing it
to the thickness B of the specimens lead to the inference that B<<25r, for the present specimens.
Therefore all the specimens tested in this work are more representative of plane stress conditions
than plane strain. Thus Eq. 6 is used to determine r, for all the cases to assess the validity of the

data points. As discussed earlier, high quality NT Cu specimens can only be made at this time in
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relatively thin foils less than a few hundred micrometers. Consequently, the fracture toughness
values reported here should be taken to represent broad material trends that arise due to
controlled micro- and nano-structural variations, and relative values of damage tolerance
characteristics of the different material conditions studied, and not as true indicators in intrinsic,

geometry-independent material fracture resistance.
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Figure 2-2: (a) Specimen geometry for fracture toughness test and stable fatigue crack
propagation experiment. (b) Loading configuration for applying monotonic load to
determine fracture toughness using the P-o method. (¢) Experimental set-up for studying
the fatigue crack propagation, where the specimen was subject to tension—tension cyclic
loading, with the ratio of the minimum load (stress intensity factor) to the maximum load

(stress intensity factor), R = 0.1.
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2.3.2 Sub-critical faticue crack growth

Fatigue crack growth experiments were performed on two specimens of each condition (MDNT,
LDNT and UFG Cu) at room temperature (25 °C and 50% relative humidity). The specimen
dimensions are indicated in Fig. 2-2(a). An initial sharp cut was made using a sharp razor ahead
of the notch tip before subjecting the specimen to fatigue in tension—tension cyclic loading in
order to facilitate the formation of a pre-crack. The specimens were subsequently electropolished
to relieve any surface residual stresses that could possibly arise from the introduction of the
notch and specimen preparation. Subsequently an initial mode I fatigue pre-crack was introduced
at the notch-tip to a distance of 0.36 mm ahead of the notch tip (tip radius ~ 250 mm) by
applying tension—tension cyclic loading at a load ratio of 0.1 and frequency of 10 Hz through a
servohydraulic machine. Data gathered during this initial fatigue pre-cracking process were not
included in subsequent fatigue crack growth rate analysis in order to avoid possible effects of
initial notch-tip region on the inferred fatigue fracture characteristics. The specimen was gripped
along its entire width as can be seen in Fig. 2-2(c) and the experiment was performed under load-
controlled conditions. The crack length was monitored through an optical microscope, and the

crack length a was continuously tracked as a function of the number of fatigue cycles N. The
value of Kj was determined from Eq. 1 by using the value of f (ﬁ) given by Eq. 3.Fatigue crack
w

growth rates and fracture toughness for all the specimens were estimated from a plot of

logio(da/dN) vs. logio AK .

Microstructural characterization on the surface of fatigued samples was performed in a

scanning electron microscopy (SEM, Nova Nano-SEM 430) at a voltage of 18 kV.
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2.3.3 Sliding Contact Fatigue

An instrumented nanoindenter, NanoTest™ (Micromaterials, Wrexham,UK), was used to
conduct all sliding contact fatigue experiments. Force transducers mounted on either side of the
indenter tip monitored tangential loads generated during scratch experiments, and a conical
diamond tip (70.3° half angle and 2 um tip radius) was used in each test. Tips were replaced after
every experiment to avoid material transfer between specimens. Initial contact was made
between polished specimens (thoroughly cleaned in an ultrasonic ethanol bath) and the indenter
tip, after which a prescribed normal load was applied as the specimen stage was displaced at a
constant rate of 5 um/s. The normal load was ramped to its maximum value of 500 mN over the
first 50 um of stage motion, and remained constant thereafter. A 500 um scratch at the maximum
normal load was then introduced, followed by a 15 um tip retraction from the surface. The
sample stage was subsequently returned to its initial position, and the scratch was repeated in this
unidirectional fashion. Figure 2-3 illustrates this repeated contact sliding procedure. Through this
method 1, 17, 34, 50, 66, 82 and 98 sliding cycles were imposed in seven different tracks which
were sufficiently spaced out so that the possibility of interaction between the stress induced
deformation zones of different scratches is eliminated. Normal and tangential loads were

acquired throughout the entire length of the scratch.

In order to investigate the hardness evolution under repeated sliding, indentations were
performed on the seven tracks left after scratching using instrumented nanoindentation. The

indenter tip was conical and made up of diamond with a half angle of 70.3° and a tip radius of 2
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um. The indentations were depth-controlled and the load required to reach a depth of 1 um was

recorded. All these indentations were performed at a loading rate of 10mN/sec.

After the experiment, a series of at least 30 cross-sectional residual profiles were obtained
over the steady state regime by using a Tencor P10 profilometer (KLA-Tencor, San Jose,
California, USA). The profilometer was equipped with a conical diamond probe that had an apex
angle of 45° and a tip radius of 2 um. From these profiles the pile-up height for all of the

specimens for all the pass numbers was determined.

In order to assess deformation-induced microstructure changes, specimens were ground
on a 320 grit SiC paper followed by a 1000 grit SiC paper to reach the center of the length of the
sliding tracks with continuous cooling maintained during the entire grinding process. Focused
Ion Beam (FIB) was subsequently used to polish the cross section of the scratch. The cross
section was observed under a high resolution FEI Quanta 600 scanning electron microscope

(SEM) (FEI Company, Hillsboro, Oregon, USA).

68



= = &=
Ay A A
—
D E F

< ) o

ey A A

P N—

Figure 2-3. A schematic drawing of the repeated contact sliding experiment. (A) Sample
Stage is brought close to the tip. (B) Sample Stage is moved to the right to make a scratch.
(C) Sample Stage is moved away from the tip. (D) Sample Stage is restored to its original
position and brought in contact with the tip to repeat sliding at the same position. (E)
Sample Stage is moved to make another scratch along the same track. (F) Two cycles of

sliding completed.
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2.3.4 Cyclic Indentation

A fresh area on the specimens was chosen and cyclic indentation experiments were performed
using the same-instrumented micro-indenter and conical diamond tip that was used for the
previous indentation experiments. An initial contact was introduced between the tip and the
sample —stage subsequent to which 500 cycles of load controlled indentations at a loading and
unloading rate of 50mN/sec were performed. The loading was applied to a maximum value of
500mN subsequent to which that load was held steady for 10 seconds. Unloading was
programmed to reach a minimum load of 20 percent of the maximum load that is 100mN. This
was followed by loading to the maximum load again while the sample stage was not displaced
laterally. This process was repeated till 500 cycles of indentation were imposed on the specimen

at the same spot. The depth and load were monitored during the entire process.

2.4 Finite Element Modeling of Indentation on a grooved surface.

Recent advances in mechanical testing equipments have made it possible to record forces and
distances to an accuracy of microNewton and nanometer respectively. An example of such
equipment is Micromaterials (UK) that has been used in the current study to indent on the sliding
tracks with the aim to ascertain deformation induced mechanical property changes. However,
most of the analytical studies in the literature relating indentation data to elasto-plastic properties
were for the case of indenting on a flat surface. Currently no analytical expression exists which
can either yield the indentation response while indenting on an inclined surface or can extract the

elasto-plastic properties from the indentation data obtained from indenting on a slanted surface.
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To achieve the objective of assessing deformation induced property change as a function
of number of sliding passes as well as twin density from the indentation data, analytical functions
that can relate indentation data to elasto-plastic properties are needed. For this we resorted to
large deformation FEM computations. Large equivalent plastic strains of the order of 25-36%
below a sharp indenter [112] require large deformation analysis to model instrumented sharp
indentation. Since the NT Cu used in the present study has relatively low strain hardening, the
strain-hardening exponent has been taken as zero. In order to cover the entire span of pure and
alloyed engineering metals, £ was varied from 10 to 210 GPa, o, from 30 to 3000 MPa and v
was kept fixed at 0.33. Dimensional analysis was used to construct functions to relate the loading
curvature while indenting on a slanted surface as a function of elasto-plastic properties. These
functions and FEM computations were then used to extract the analytical relationships between

the indentation response and elasto-plastic properties.

2.4.1 Dimensional analysis

Assuming the materials whose indentation response we wish to investigate manifest
elastic perfectly plastic behavior, the indentation response is completely determined by the
Young’s modulus (£), yield strength (0, ), and Poisson’s ratio (v ) of the material. A number of
dimensionless functions have been proposed using dimensional analysis and FEM computations
[113, 114]. Here a new dimensionless expression for indentation on a grooved surface will be

formulated as a function of the above-mentioned material parameters.

The load P required for a conical sharp indenter to penetrate a depth % into an elastic

perfectly plastic material can be written as
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P=P(hEvVv,0,,Ev) (7)

where E; and v,1s the Young’s modulus and Poisson’s ratio of the indenter respectively. The

elastic effects of the indenter and material can be incorporated into a single parameters £~ where

E = +— 8
Tt )
Using (2), Eq. (1) can be rewritten as
P=P(h,E,0,) 9)

Applying the [] theorem in dimensional analysis, equation (9) can be transformed as

E

P=oiT], (10)

y

Figure 2-4(b) shows the typical indentation response of an elasto-plastic material in terms of the
load, P, required to penetrate depth, 4. The loading curve follows the Kick’s law [115, 116] P =
Ch? for sharp indentation. The parameter C, also known as the curvature of the loading curve can

be expressed using Eq. (10) as

P E"
C=—=Gyn1 ; (11)

hZ

y

where [], is the dimensionless function used in Eq. 10. For simplicity, here we assume the

indentation size effect can be ignored, and consequently C is a material constant. Equation (11)
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and FEM computations would be used to determine the analytical expression for C as a function

of the elasto-plastic parameters.
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v

Depth=h

(a) (b)
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Figure 2-4 (a) A schematic drawing of the process of indenting on a grooved surface. (b)
Typical loading response in the form of a load (P) versus depth (/%) curve obtained after
indenting an elastic plastic material. (c) Isometric view of the FEM mesh design, where
inherent symmetry of the geometries enabled the 4 model construction. (d) Front view of

the FEM mesh showing the inclined surface of the specimen being indented.
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2.4.2 Computational Model

General purpose FEM package ABAQUS (SIMULIA, Providence, RI, USA) was used to
construct full 3 dimensional model of the indented material and the indenter and to perform the
computations. The specimen was modeled using 6000 eight noded linear brick elements and
mesh biasing was done to ensure a finer mesh close to the region where the indenter makes
contact with the specimen as can be seen in Fig. 2-4(c) and 2-4(d). Minimum number of
elements in contact with the indenter at the maximum load was not less than 20 in each FEM
computation. The mesh was determined to be insensitive to the far field boundary conditions and
satisfied the convergence criteria. Indenting on a grooved surface was found to be self-similar in
that for all combinations of material properties the curvature of the P-4 curve was constant with
the depth of penetration of the indenter. The diamond indenter was modeled as a rigid body cone
with half included angle of 70.3° and the contact between the indenter and the specimen was

specified as frictionless.
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2.4.3 Computational Results

Large deformation FEM computations were performed using the model described in

Section 2.4.2. A total of 12 different cases of material properties which span ¢ from 30 to 3000

MPa and E from 10 to 210 GPa were input to the model in order to extract C. Using the obtained

values of C from the FEM simulations, the dimensionless function (C/o,) was plotted as a
function of In (E'/ 0, ) with diamond symbols for indentation results on a grooved surface as can

be seen in Fig. 2-5. This specific functional form was inspired by what was used in literature

[113] for the case of indenting on a flat surface with a conical tip in which (C/0 ) was found to

have a cubic dependence on the natural logarithm of E'/ g,.

3 2

1n<§)

y

£ =-1.131 [ln(i)} +13.635
o, o

y

*

~30.594 [m(i)} +29267 (12
(o

y

This relationship of indenting on a flat surface is also plotted with square symbols in Fig. 2-5.
We repeated the computational study of indenting on a flat surface and found our results to be in

close fit to the above equation.

It can be concluded by looking at the figure that indenting with a 70.3° conical indenter
on a grooved surface made by prior sliding offers more resistance then indenting on a flat
surface. Using the parametric FEM simulation results (shown with diamond symbols) in Fig. 2-5

and Eq. (11), the dimensionless function for indenting on a grooved surface was found to be

76



3 2

11, = € 008 [m(i)} +29.45|In(5)
o, o o

y

*

~81.21 [m(i)} +92.53
(0

y

y

(13)

In order to extract the deformation induced flow stress changes, the value of C would be
ascertained from the P-4 response obtained from indenting on the tracks and Eq. (7) would be

used to extract the flow strength for all the passes and different specimens.

250
@ grooved surface
M flat surface
200
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©
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In (E* /o)

Figure 2-5. Dimensionless function [[ = (C/s,) as a function of In (E*/oy) obtained from

FEM simulations of indenting on a (a) grooved and (b) flat surface using a conical indenter

with half included angle of 70.3°.
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Chapter 3

Stable Fatigue Crack Growth and Fracture

Toughness of Nano-Twinned (NT) Cu.

3.1 Introduction

Recent studies have shown that nano twinned copper (NT Cu) exhibits a combination of
high strength and moderate ductility. However, most engineering and structural applications
would also require materials to have superior fracture toughness and prolonged subcritical
fatigue crack growth life. The current study investigates the effect of twin density on the crack
initiation toughness and stable fatigue crack propagation characteristics of NT Cu with an
average grain size of 450 nm. Specifically, we examine the effects of tailored density of nano
twins, incorporated into a fixed grain size of ultra-fine-grained copper, on the onset and
progression of subcritical fracture under quasi-static and cyclic loading at room temperature. It is
shown here that processing-induced, initially coherent nanoscale twins in ultra-fine-grained
copper lead to a significant improvement in damage tolerance under conditions of plane stress.
This work strongly suggests that an increase in twin density while keeping the grain size constant
in NT Cu is beneficial not only for desirable combinations of strength and ductility but also for
enhancing damage tolerance characteristics such as fracture toughness, threshold stress intensity

factor range for fatigue fracture, and subcritical fatigue crack growth life. Possible mechanistic
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origins of these trends are discussed along with issues and challenges in the study of damage

tolerance in NT Cu.

3.2 Results

3.2.1 Tensile Properties

The tensile properties of all the specimens were measured at room temperature, and they
are listed in Table 1. It is seen that increasing twin density leads to high values of strength
without compromising ductility. This is consistent with the previous work done to investigate the

effect of twin density on the tensile properties of NT Cu.

Specimen 0,,(MPa) | ois(MPa) | & (%) | Kic (MPavm) Kic (MPaym) from
from P-d method | da/dN vs AK curve

UFG Cu 340 + 30 430 12 12.9 14.9

LDNT Cu 500 + 50 530 2.7 14.8 17.5

MDNT Cu 720 £ 50 820 5.6 17.2 22.3

Table 3-1: Values of yield strength, tensile strength, ductility and fracture toughness for
MDNT, LDNT and UFG specimens. It can be seen that MDNT Cu shows the highest value
of yield strength and tensile strength without a significant loss of ductility. Values of
fracture toughness obtained from the P-J curve and from the da/dN versusAK curves

indicate that increasing twin density leads to increased fracture toughness values.
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3.2.2 Fracture Toughness Estimation from P- 1 Curve

Figure 3-1 shows a plot of engineering stress versus displacement for all the specimens.
To normalize the force variations due to sample thickness variations, nominal engineering stress
(P/Bw) 1s used instead of the loading force P. Table 1 shows the values of the fracture toughness
obtained from the P-¢curves illustrating that decreasing twin lamellae spacing leads to

enhanced fracture toughness.

500
* MDNT Cy
4 LDNT Cu
400k = UFGCu |

300

200

100

Engineering Stress ( MPa )

0
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Displacement ( mm )

Figure 3-1: Engineering stress versus displacement plot of MDNT, LDNT and UFG

specimens which were pre-cracked to 1.5 mm prior to the fracture experiment.
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3.2.3 Stable Fatigue Crack Propagation

Figure 3-2 shows a plot of change in crack length versus the number of cycles when
multiple load-controlled cycles with an initial AKX of 6 MPaymare imposed on the specimens.
This leads to the inference that a decrease in twin lamellar spacing leads to smaller crack length
change over the full range of cycles. In addition, the rate of increase of crack length with respect
to the number of cycles, as can be seen from the slope of the curves at any point, is also smaller
in the case of MDNT specimen. Thus increasing the twin density appears to lead to an

improvement in fatigue life under stable crack propagation.
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Figure 3-2: A plot of change in crack length versus the number of cycles with an initial A K
of 6 MPaym for the MDNT and LDNT specimens demonstrating that increasing twin

density leads to a decreased rate of fatigue crack growth.
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Figure 3-3 (a) Variation of da/dN versus log;gA K showing that increasing twin density leads
to the highest value of fatigue transition threshold A Ky and lowest crack growth rates for
all values of AK. The validity condition for small scale yielding is taken to be (a, w-a) > 15r,
for use of LEFM to characterize crack growth using A K. (b) Illustration on how some data

points in (a) become invalid (marked by open symbols in (b)) if the small scale yielding

condition is made stricter to require that (a, w-a) > 25r,.
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Using a less stringent condition than prescribed in ASTM 399 [70] for the validity of
small-scale yielding, i.e., (a, w-a) > 157, Fig. 3-3(a) shows the variation of fatigue crack growth

rate logio(da/dN) vs. logio AK | 1f we define the fatigue transition threshold A Kr as the value of

stress intensity factor range at which the crack growth transitions from Stage I (near threshold
mechanisms of crack growth) to Stage I1 (Paris regime [26]) of subcritical crack growth, then it
can be seen from the plot that with an increase in twin density the fatigue transition threshold is
increased. The high twin density specimen also displays the smallest crack growth rate at any
value of AK . Thus introduction of nanoscale twins appears to impart improved fatigue crack
growth life in UFG Cu. This behavior of nano-twinned metals is in distinct contrast to prior
results on nano-grained metals that show a higher endurance limit but poorer resistance to fatigue
crack growth upon grain refinement [27, 28]. However in our experiments MDNT Cu shows
higher yield strength and thus greater crack initiation resistance as well as a longer stable crack
growth life. Figure 3-3(b) shows that some of the data points become invalid if the stricter
validity condition for small-scale yielding required in the ASTM E-399 standard is imposed for
the use of K in characterizing fatigue crack growth, which is (a, w-a) > 25r, from Eq. 5.
However, even after imposing this stricter condition, the data obtained for both the specimens of
MDNT Cu remain valid and for LDNT Cu data one specimen out of two continues to be valid.
For UFG Cu, the data turns out to be invalid. However, since UFG Cu has the lowest yield
strength, and hence the largest plastic zone size at any given K, among the three conditions
employed in this study, any effect of plasticity would be expected to be more “forgiving” for
fatigue fracture in that UFG Cu would be expected to result in slower crack growth rates if

violation of SSY were to alter the trends. With such an expectation, it is evident even with the
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stricter specimen size requirement for valid use of stress intensity factor in Fig. 3-3(b) that

increasing twin density leads to an increase in resistance to fatigue crack growth.

Fracture toughness can also be estimated using the value of Ki.x at which fatigue crack
growth rapidly transitions from subcritical to catastrophic failure. Specifically, this transition is
taken as the maximum stress intensity factor corresponding to the AK, at which there is a rapid
rise in the slope of the logjo(da/dN) vs. logioAK curve immediately preceding catastrophic
fracture in Fig. 3-3(a). (Note that K.« = AK/(1-R).) Table 3-1 lists the relative fracture toughness
estimates so obtained for the three materials studied in this work. Fracture toughness estimated in
this way also shows the highest crack initiation toughness for the largest density of nano twins,
fully consistent with the estimates obtained from the P—dcurves in the quasi-static fracture
toughness tests described earlier. Thus increasing the twin density in UFG Cu appears to render

1t more defect-tolerant.

3.3 Discussion

Many studies on conventional microcrystalline materials have shown that decreasing the
grain size leads to a lower value of fatigue crack growth threshold AKjy, lower fatigue crack
growth transition threshold A Kt and higher nominal driving force for fatigue crack growth close
to the threshold regime[26] [27]. In the present study the grain size was kept constant for all
specimens but another structural length scale i.e. the nano-twin lamellar spacing, was varied.

The impediment to dislocation motion due to the presence of twin boundaries is seen to result in
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higher strength; but the nano twins also lead to higher values of AKy (Fig. 3-4), lower crack

growth rate, and higher fracture toughness.
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Figure 3-4: Variation of the fatigue crack growth transition threshold (A Kr) as a function
of twin density. Increasing twin density is beneficial for damage tolerance as A Kris

increased with a decrease in twin lamellar spacing.

It is well known from studies of microcrystalline materials that fatigue crack growth rates
close to the threshold regime are very sensitive to the microstructure, loading ratio and
environment [26]. During stable near-threshold fatigue crack growth in microcrystalline metals
and alloys, the plastic zone size is typically smaller than the grain size and crack growth occurs
predominantly by planar slip in the direction of the primary slip system (so-called Stage I crack
growth). Since such crack growth occurs by single shear, the crack can continue to propagate

locally along the primary slip plane within the grain, away from the nominal mode I growth
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plane, until deflected by an obstacle such as a high-angle grain boundary. As can be seen in [2§]
a larger grain size leads to higher tortuosity as the crack continues along a non-mode I deflected
path. Higher tortuosity in crack growth leads to smaller driving force for crack advance and
smaller effective crack growth rate [26]. Besides, larger grain size can promote bigger surface
asperities which also contribute to enhanced crack closure; this results in reduced crack growth

rates [26, 69] at a given nominal value of stress intensity factor range.
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UFG Cu

LDNT Cu

MDNT Cu

Figure 3-5: SEM images of UFG (a), LDNT (b) and MDNT Cu (c) subjected to load
controlled cyclic loading at a frequency of 10 Hz. (d), (e) and (f) are higher magnification
images of (a), (b) and (c) respectively. The three crack profiles are similar in terms of crack
path tortuosity, deflection angle and surface roughness showing that these parameters are
not influenced by the twin density (given that the grain size is essentially the same for the

three cases).
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In the present study the grain size was kept constant in all the materials but the twin density was
varied. The fact, that increasing the twin density leads to an improvement in fatigue crack growth
life, may be better understood in terms of the following arguments. First, grain boundaries and
twin boundaries influence subcritical fatigue crack growth in Stage I in different ways due to the
strong dependence of crack propagation on crystallography. The twin boundaries inside each
grain are parallel to one another and for face centered cubic (FCC) metals the twin boundaries
are also the (111) slip planes. Due to the strong plasticity anisotropy, shear deformation parallel
to the twin boundaries is much easier than that in slip systems that have slip planes not parallel to
the twin planes [6, 47]. This crystallographic preference to move along a single slip plane would
not be seen in UFG Cu without twins in which the crack can move along all slip systems (where
the direction within each grain along the crack path would be determined by the local driving
force). In nano-twinned Cu, a Stage I fatigue crack would likely be parallel to the twinning
planes within a grain, since twin boundaries unlike grain boundaries cannot veer the propagating
crack back to the direction perpendicular to the loading direction (until the crack hit the next
grain with a different twin boundary orientation). Thus the crack path tortuosity, size of the crack
surface asperities and mismatch between the crack faces would be mainly influenced by the grain
size but not the twin lamellae spacing. SEM images of the crack profiles also reveal this, as can
be seen in Fig. 3-5, where the crack profiles of all the specimens bear close resemblance to each
other in terms of crack path tortuosity, surface roughness and deflection angle on account of
having similar grain sizes. Secondly, since decreasing twin lamellar spacing improves fatigue
life, it implies that strength alone as a parameter could be beneficial for stable crack growth life
if other parameters are kept fixed for the present materials. Indeed, higher yield strength leads to

a lower value of the maximum crack tip opening displacement. The value of the maximum or
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instantaneous crack tip opening displacement (CTOD) at K = 6MPaVm for the 3 specimens can

be estimated using the formula:

2

CTOD = dy ]
- "Eg, 7

The value of d, varies from 0.3 to 0.8 as n changes from 3 to 13 [117]. It is found that CTOD
values for the MDNT, LDNT and UFG specimens are estimated to be 250 nm, 360 nm and 528
nm respectively when d, is taken as 0.6. The previous discussion showed that the height of the
microstructural surface asperities depends on the grain size and not on the twin density and
hence it can be deduced that a higher twin density would induce relatively more roughness
induced crack closure due to a smaller value of CTOD leading to better stable crack growth life
under cyclic loading. Some earlier studies that formulated empirical models to ascertain the
fatigue crack growth threshold and fatigue transition threshold as a function of mechanical
properties also support this observation. For example, models proposed by Donahue ef al. [118]
suggest that the threshold for the beginning of perceptible crack growth occurs when the crack

tip opening displacement becomes comparable to the critical microstructural length scale.

N (8)

where [ is the relevant microstructural length scale. It has been shown by Yoder e al. [119] that
cyclic plastic zone size instead of the CTOD needs to reach a critical microstructural length scale

in order to reach the transition threshold leading to the formulation

pr—

AKT o O-_V \"I' l * (9)
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Proceeding on the same lines, threshold is also postulated to be attained when the shear stress

needed to nucleate and move a dislocation reaches a critical value [120]:
AKi o T4/b (10)

where b is the magnitude of the Burgers vector. Although all these formulations do not exactly
capture all the complexities of the structural variations possible, they underscore the notion that
threshold decreases with a decrease in structural length scale but increases with an increase in
strength. In the present study the grain size is kept constant for all the cases, however the
strength increases with an increase in twin density. These models capture our result of the fatigue
transition threshold increasing with twin density as the grain size and not the twin lamellar

thickness is the critical microstructural length scale.

For Stage II fatigue crack growth, the crack advances by a process of duplex slip along
two slip systems [67]. This results in a planar (Mode I) crack advance normal to the loading axis.
The growth in Stage II is not found to be microstructure sensitive unlike Stage 1. Unlike the
faceted fracture surface in Stage I, the fracture surface in Stage II normally shows striations. The
crack advance is shown to occur via crack tip blunting and the striations manifest the amount of
crack extension in one cycle in most ductile FCC metals. In the current study, no obvious
striations were observed in all specimens tested. However as can be seen in Fig. 3-3, the rate of

crack growth is lowest for MDNT Cu and increases with a decrease in twin density.
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Figure 3-6: Variation of fracture toughness with changes in twin density. The figure depicts
the effect of twin density (or twin lamellar spacing) on the fracture toughness obtained both
from the P-J experiments and the crack propagation experiment, respectively. Increasing

twin density enhances the fracture toughness of nanotwinned copper.

Subsequent to Stage II fatigue crack growth, the crack advances rapidly and the
specimens are expected to fail in a ductile manner by void nucleation and growth. It can be seen
in Fig. 3-6 that fracture toughness of Cu is enhanced by decreasing the twin lamellar spacing.
However, an opposite trend has been observed in earlier studies for nano grained materials where
grain refinement leads to poor damage tolerance and diminished values of fracture toughness
[31, 80]. Strain energy accommodation by plastic work is limited in nano grained materials due
to curtailed dislocation activity which is also the reason behind the poor ductility of NG
materials. In displacement controlled testing, high stress concentration at the grain boundaries

arises due to limited plasticity for NG metals, which makes the process of void nucleation at the
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grain boundaries even more severe. However, increasing twin density can lead to enhanced
plastic strain accommodation due to the high area of twin boundaries which are principal sites
for accumulation and pile-up of partial dislocations. This in turn could contribute to enhanced

values of fracture toughness as has been observed in the current study.

3.4 Conclusion

This work reveals for the first time that high twin density in ultra-fine-grained copper
provides a unique combination of strength, ductility, fracture initiation resistance and damage-
tolerance during stable fatigue crack growth. The fracture toughness values show marked
improvement with the introduction of nano-twins. During fatigue crack growth, grain and twin
refinement are different mechanistic processes in terms of their influence on crack path tortuosity
and crack surface roughness because twin planes are also slip planes in FCC metals. This
suggests that Stage I fatigue crack propagation is likely to occur parallel to the twin planes within
each grain along the crack path and thus these intra-grain twin planes, unlike grain boundaries,
can more easily facilitate Stage I, serrated (and locally non-mode I) fracture trajectory. Electron
microscopy investigations would be helpful to further confirm these inferences. However our
study has shown that MDNT Cu which has the highest strength also showed relatively the best
fatigue crack growth resistance. On the other hand, UFG Cu with essentially no nano twins
showed the poorest plane stress fatigue initiation toughness and sub-critical fatigue crack growth
response among the three materials studied here. In spite of their unique combination of
properties, it is challenging at this time to produce homogeneously nano-twinned Cu in bulk

which is essential to employ it in any structural applications. It is also not an easy task to
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introduce nano twins in many other important structural materials. Further progresses in
processing methods would help exploit the beneficial damage-tolerant properties identified in

this work for metals containing coherent nano-scale twins.
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Chapter 4

Deformation Evolution of Nano-Twinned (NT) Cu

under Repeated Frictional Sliding.

4.1 Introduction

Nano-twinned metals have the potential for use as structural materials by virtue of having
a combination of high strength and reasonable ductility. In the current study the tribological
response of nano-twinned materials has been characterized under conditions of repeated
frictional sliding contact with a diamond indenter. Pure ultra-fine-grained copper specimens of
the same grain size (~ 450 nm), but with three different structural conditions involving high,
medium and negligible nano-twin density, were studied. The effects of twin density and number
of repetitions of sliding cycles on the evolution of frictional coefficient and material pile up
around the diamond indenter were studied quantitatively using depth-sensing instrumented
sliding indentation. Cross-sectional focused ion beam (FIB) and scanning electron microscopy
(SEM) observations were used to systematically monitor deformation-induced structural changes
as a function of the number of frictional sliding passes. Nano indentation tests on the sliding
tracks coupled with large-deformation finite element modeling (FEM) simulations were used to
assess local gradients in mechanical properties and deformation around the indenter track. The
results indicate that friction evolution as well as local mechanical response is more strongly
influenced by local structure evolution during repeated sliding than by the initial microstructure.

An increase in twin density was shown to result in smaller pile up height and friction coefficient.
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Comparing to low density nano-twinned samples, high density nano-twinned copper showed
significantly higher resistance to surface damage and structural changes, after the initial scratch
using a nanoindenter. However with an increase in the number of sliding passes, friction
coefficient and rate of increase of pile up for all specimens acquire a steady value which does not
change significantly in subsequent scratch passes. The frictional sliding experiments also lead to
the striking result that Cu specimens with both high and low density of nano twins eventually
converge to a similar microstructure underneath the indenter after repeated tribological
deformation. This trend strongly mirrors the well-known steady-state response of
microcrystalline copper to cyclic loading. General perspectives on contact fatigue response of

nano-twinned copper are developed on the basis of these new findings.

4.2 Results

4.2.1 Friction Coefficient

Figure 4-1 shows the evolution of friction coefficient at a normal indentation load of
500mN, as a function of the number of unidirectional scratch passes in all the specimens. It can
be seen that the total friction coefficient decreases as the number of sliding passes increase. A
‘steady-state’ friction coefficient is reached after approximately 80 passes. It is also evident from

the figure that increasing the twin density leads to a lower value of total friction coefficient.
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Figure 4-1. Total friction coefficient as a function of sliding contact pass numbers or cycles
for HDNT, LDNT and UFG Cu. The friction coefficient decreases with increasing passes
and eventually reaches a plateau value for each case. The friction coefficient deceases with

an increase in twin density.
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4.2.2 Pile-up Height

The ploughing of the indenter over the specimens leads to a pile up of material around the
scratch groove. From the instrumented depth-sensing frictional sliding experiments, the height of
the pile up as a measure of deformation and damage is plotted as a function of pass number in
Fig. 4-2. It can be clearly seen that the additional pile up height per each pass versus the pass
number decreases for all the specimens and eventually reaches a constant rate after about 66
passes. It can be inferred that HDNT Cu has the lowest pile up for all pass numbers and the pile
up increases as the twin density decreases. However, eventually all the specimens show similar

rates of pile up height increase per each new sliding pass.
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Figure 4-2. Pile up height, for HDNT, LDNT and UFG Cu as a function of sliding pass

numbers, showing that pile up is a decreasing function of twin density.
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4.2.3 Structural Evolution

The deformation affected zone for all the specimens after the 1% and 82" passes was
examined under an SEM after sectioning with FIB. Figure 4-3 shows a comparison of the
deformation-induced microstructure change after the 1* sliding cycle for the HDNT and LDNT
Cu specimens. It can be seen that there is a significant microstructure change even after just one
pass of contact sliding for the LDNT Cu specimen. The micrograph for the LDNT specimen
shows considerable grain refinement close to the surface of the scratch. As the distance beneath
the contact surface increases, the changes to microstructure from deformation progressively
diminish and the microstructure appears coarser as the depth from the surface increases. Figure
4-4 shows grain size distribution for the LDNT and HDNT specimens after the 1* scratch. The
deformation-induced area can be broadly divided into 2 zones (also see Fig 4-9 and 4-10 in later
discussion) The first zone for LDNT Cu has an average grain size of about 80 nm and extends up
to a depth of 0.7 um below the surface of the scratch. However the minimum grain size in the
first zone goes to as low as 30 nm for a few of the grains. The second zone has an average grain
size of 200 nm and extends up to a depth of 2.5 um below the first zone. No obvious grain size
change can be identified for the HDNT Cu specimen after the 1% pass. The original
microstructure that comprised equiaxed grains close to the surface and columnar grains with

grain size of 400-500 nm having high density of twins is retained (also see Fig 4-10).

As can be seen in Figs. 4-5 and 4-6, repeated sliding over 82 passes leads to drastic
microstructure change that is evident from the significant grain size change close to the surface
in LDNT Cu. The deformation-affected zone is much larger than that after the 1% pass of sliding.

HDNT Cu, with grain size largely unaffected after the 1% pass, exhibits similar final
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microstructure compared to LDNT Cu after 82 passes of sliding. The deformed area for both the
specimens can be broadly classified into 3 zones beyond which the original microstructure is
preserved. The first zone has an average grain size of about 45 nm for LDNT Cu and 40 nm for
HDNT Cu and extends up to a depth 1.4 um below the scratch surface. The smallest grain size in
this zone is as low as 15 nm. The second zone has an average grain size of 120 nm and 110 nm
for LDNT and HDNT Cau, respectively, and extends up to a depth of 1.8 um below the first zone.
Beyond the second zone, there exists a large region in which LDNT and HDNT Cu have an

average grain size of 280 nm and 305 nm, respectively.
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(b)

Figure 4-3. SEM images of (a) LDNT Cu and (b) HDNT Cu specimens showing
deformation induced microstructure change in the vicinity of the scratch after 1% pass of
frictional contact sliding. Grain refinement near the surface can be observed in LDNT Cu
while no apparent change in the grain size for HDNT Cu is observed in spite of the high

strains induced by the nano-scratch process.
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Figure 4-4. Grain size distribution of LDNT and HDNT specimen just below the contact
surface of the specimen after the 1% pass of sliding. There is little change in the

microstructure below the HDNT specimen. Significant grain refinement is observed in the

vicinity of the scratch for the LDNT specimen.
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Figure 4-5. Comparison of the SEM images of (a) LDNT Cu and (b) HDNT Cu just below
the scratch after 82 passes of sliding showing that after repeated contact sliding both

specimens have similar microstructure in the vicinity of the scratch.
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Figure 4-6. Plots of grain size distribution after 82 passes of sliding in the 3 deformation
zones in LDNT Cu and HDNT Cu. It can be seen that grain size distribution for both the

specimens bear great resemblance in all 3 deformation zones.
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4.2.4 Evolution of Flow Strength

Analysis of the load (P) versus displacement (%) curves obtained after indenting on the
scratch groove led to the extraction of the yield strength of the HDNT and LDNT Cu as a
function of the sliding passes using the procedure described in the Section 2-4. The deformation
induced flow strength change in all the specimens was plotted as a function of the number of
sliding passes in Fig. 4-7. The evolution of the flow strength in the close vicinity of the scratch
surface correlates well with the observed deformation induced microstructure changes shown
earlier. It can be seen that HDNT Cu manifests its peak yield strength in the first pass and with
an increase in the number of sliding passes the material in the vicinity of the scratch surface
softens. LDNT Cu on the other hand displays low strength in the first cycle but undergoes a
monotonic increase in flow strength and eventually the flow strength of both HDNT and LDNT

Cu converges to a common value.
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Figure 4-7. Estimated surface flow strength of HDNT and LDNT Cu specimens as a
function of sliding passes obtained by nanoindentation within the sliding tracks up to 1 mm
deep. LDNT specimen hardens with an increase in the number of sliding cycles as a result
of deformation induced microstructure changes whereas HDNT specimen softens. The flow
strength close to the surface of the specimens after 82 sliding passes is similar for both

specimens.
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4.3 Discussion

A wear resistant material should exhibit minimal pile up height after being scratched by
the indenter. It can be clearly seen in Fig. 4-2 that an increase in twin density leads to a reduction
in pile up height. Besides, the differential change in pile up height versus pass number keeps on
diminishing with an increase in pass number. This can be explained by the fact that the indenter
would penetrate the material most in the first pass and therefore remove the maximum amount of
material. In subsequent passes the indenter makes first contact with a deeper grooved surface and
FEM simulations have shown the effective hardness of indenting a grooved surface solely due to
the nature of geometric constraints to be significantly higher than that of indenting a flat surface
(see Section 2-4). Thus the amount of depth that the indenter penetrates below the scratch in
subsequent passes at the same value of the applied load is much less in subsequent passes and
this leads to diminishing rate of pile up height increase with respect to the number of passes.
Eventually the rate of pile up height change appears to reach a steady state for all the specimens
after 82 passes as can be seen in Fig 4-2. This trend is consistent with the repeated contact
sliding studies done on stainless steel [121] that showed that the depth of penetration per cycle

reaches an almost constant value after multiple cycles after an initially transient regime.

Friction coefficient between two surfaces is a parameter that depends on many factors like elastic
modulus, yield strength, strain hardening exponent of materials. In this case, on account of high
loads imposed on the indenter while scratching, significant ploughing of material occurs and thus
the fracture toughness of the materials would also contribute to friction. Thus friction is a

complex function of many independent mechanical properties. Previous studies have tried to
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assess the contribution of hardness and grain size in isolation from each other in determining the
friction coefficient by varying strength by recourse to cold work and annealing while keeping the
grain size values close to each other (average grain size values of 340 and 420 nm respectively)
[9]. It has been found that hardness has a stronger effect on friction coefficient and friction
coefficient decreases with an increase in strength. The present study is consistent with that
observation as the friction coefficient was shown to decrease with an increase in hardness that

was in turn controlled by monitoring the twin density.

Repeated contact sliding demands a much more involved explanation of the observed
friction coefficient variation with pass number for all the specimens. This is because the harsh
environment due to high stresses entails microstructure and properties change that adds more
complexity to understanding of the wear process. Previous repeated sliding studies done on
ceramics have concluded that friction is determined primarily by two main factors. First is the
force required to initiate deformation (this includes plastic deformation and fracture). Second is
the force needed to counter the adhesive force that is generated between the diamond tip and the
surrounding material [122]. In addition to these two factors, it is evident through the present
study that the amount of material ploughed by the indenter can also be an important factor in
determining the total friction coefficient as the indenter has to bear the tangential load of moving
the ploughed material in front or piling it towards the sides. Indeed the total friction coefficient
decreases with pass number as the material ploughed by the indenter (measured by pile up height
increase per each pass) keeps on decreasing. Thus after successive passes, we observe constant
rate of pile up height increase and a steady friction coefficient. We suspect that this may be

because the material underneath the scratch acquires a steady state microstructure that does not
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change with subsequent sliding cycles. However, we need to perform greater number of sliding

than those in the current study to validate this.

Under sufficiently high loads nano scratch process entails localized high stresses and
deformation. Microstructure changes incurred by repeated sliding were reported previously in
many studies for microcrystalline metals [92, 94-96]. In the present study microscopic
observations of the area below the first scratch for LDNT Cu (Fig. 4-9(a)), reveal that the
microstructure refines as far as the grain size is concerned in the first zone and evolves into
nanoscale grains. The variation of the strain and strain rate of deformation with an increase in
depth below the indenter leads to a gradient in microstructure with the grain size getting coarser
with an increase in depth. No apparent grain size changes could be perceived for the case of
HDNT Cu specimen after the first pass of sliding (Fig. 4-10(a)). This may be attributed to high
density of twin boundaries that curtail grain boundary motion and at the same time are capable of
storing significant amount of strain energy by accommodating large number of dislocations
along the twin boundaries. Stability of nanotwinned structure in Cu under severe conditions of

localized stresses has also been previously reported [82].

In addition to microstructure refinement induced by wear, there have been earlier
instances of grain refinement as a consequence of excessive dislocation activity under high
imposed strains in processes like cold rolling, equal channel angular pressing (ECAP), surface
mechanical attrition treatment (SMAT) and dynamic plastic deformation (DPD) [5, 59, 123].
During these processes grain refinement occurs when dislocations propagate and tangle with
each other under the high stress and rearrange spatially forming sub-structures like cells and cell

blocks where there is a high concentration of dislocations at the cell walls but the interior is
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relatively dislocation free [124-126]. The misorientation between adjacent cell-blocks increase
with increasing strain and the average size of the cells become smaller. Thus grain refinement
via dislocation processes is achieved when these cell walls eventually transform to high angle
boundaries. Grain refinement via initial twin lamellae formation and subsequent dislocation-twin
interactions has also been observed [127] in SMAT process in the top surface layer of CG Cu.
The minimum size of these grains has been observed to be close to 10 nm. Initial microstructure
refinement is proposed to have been taken place by dislocation rearrangements, however with
grain refinement dislocation activity is suppressed and deformation is speculated to be occurring
via twins at the higher strain rates in the layer close to the surface. Molecular dynamics
simulation of the deformation of nanotwinned copper [128] have in addition shown full and
partial dislocation emission from the GBs , TB migration ( TBM ) , partial dislocation— twin
boundary interaction and formation of twinning faults as some of the microscopic processes. In
addition at higher deformation stages excessive number of dislocations interacting with TBs
appear to break most of the TBs. HPT studies on UFG Cu-30wt%Zn done by Wang [129] claim
that due to a decrease in SFE of Cu by alloying with zinc, there is an increased propensity of
deformation by twinning than dislocation processes leading to the formation of twin lamellae of
thickness ~ 13 nm through partial dislocation emission from the GBs. Transmission electron
microscopy (TEM ) observations [130] have shown that these newly formed GBs serve as sites
for emission of partial dislocations and secondary deformation twins are formed and the
intersection of these twins and the new GBs lead to the formation of smaller cell blocks within
the twin lamellae leading to the microstructure refinement even across the larger dimension of
the twin lamellae parallel to the TB. These newly formed TBs are transformed into high angle

GBs and grain refinement results after dislocation interaction with the new TBs and possible
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grain rotation [131, 132]. In light of the previous studies it is suspected that under the high strain
imposed, deformation occurs by twinning in addition to dislocations processes due to the not so
high stacking fault energy of copper. Nanotwins have also been observed in the tribolayer in
earlier wear studies [98, 99]. Processes such as new twin lamellae formation, dislocation —TB
interaction, TB migration, detwinning of TBs and transformation of TBs into high angle grain
boundaries could have a major role to play in the deformation similar to what had been observed
in earlier wear and SPD studies. Formation of dislocation blocks inside the twin lamellae is also

highly probable contributing to grain refinement

After 82 passes, there is significant refinement in LDNT Cu in a much bigger region than
after the 1*'pass with the grain size progressively increasing with the distance from the surface.
There had not been much microstructural change after the 1* pass in HDNT Cu. However after
the 82 passes the grain size distribution for HDNT Cu is similar to LDNT Cu as can be seen in
Fig 4-5 and 4-6. The minimum grain size is as low as ~15 nm in both the specimens after 82
passes of deformation which is similar to the finest grain size (10nm) obtained after high strain
rate SMAT process in copper the 1% pass. The transformation of HDNT and LDNT Cu to a
similar microstructure however was feasible only after repeated passes of sliding and not after
the 1* pass in spite of the similar imposition of stress beneath the indenter in both the cases. This
underscores the significance of repeated contact sliding that makes possible interactions of
defects like dislocations and TBs and simultaneous rearrangements such that the final
microstructure is dependent solely on the state of stresses and strains and not on the initial twin
density. In this process, it is suspected that the nano twinned structure gradually disappears near
the contact surface after many repeated sliding passes, since excessive dislocation activities can

result in a twin boundary losing its coherency [78].
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The effect of the drastic change in the microstructure of the specimens subsequent to repeated
sliding is also evident in the strength evolution of the material at the site of the scratch. After the
first pass, there is significant grain refinement close to the surface in LDNT Cu. When a 1 pum
deep indentation is made (within the grooved scratch scar), the grains near the surface have an
average grain size of about 180 nm. The estimated average flow stress in the scratch groove was
found to be close to 200 MPa and decreases with an increase in the maximum indentation depth
from the surface. This value is what would be expected for the corresponding grain size (~180
nm) in the absence of nanoscale twins that was suspected as elaborated in the previous
discussion. Further, the flow stress evolution in LDNT Cu with the number of passes shows that
the strength of the material increases with the increase in the number of sliding cycles. This
seems logical by the fact that there is increased grain refinement with an increase in the number

of sliding cycles.

The flow stress close to the 1* sliding track in HDNT Cu is close to an average of 1 GPa. This is
because the region in the vicinity of the scratch has still retained the twinned microstructure as
discussed before and has also been subjected to strain hardening. Residual stresses also might be
contributing to the high flow strength. It can also be seen in Fig 4-7 that HDNT has high flow
stress to begin with, but softens to similar value of flow stress as LDNT Cu after 82 passes of
sliding that is close to 670 MPa. The average size of the grains sampled during the 1 um deep
indentation in this case was close to 40-50 nm. This is consistent with the observations in the
study by [133] in which the flow stress for NG Cu with an average grain size of 54 nm was
reported to be 680 MPa. However, the final grain size sampled by the indenter after 82 passes is
larger than the initial smallest microstructural length scale of 15nm leading to softening of

HDNT Cu.

113



Fig 4-5 and 4-6 clearly illustrates that repeated frictional sliding after 82 passes leads to a clear
zoning of microstructure such that the finally attained microstructure is consistent with the state
of stress, strain and strain rate in that zone and is independent of the initial twin density. This
observation of materials with different initial microstructures converging eventually to the same
strength and microstructures after multiple cycles of contact sliding falls in place with traditional
constant strain amplitude fatigue experiments (Fig. 4-8) in which FCC metals with high stacking
fault energy but with different loading histories and microstructures attain similar steady state
saturation flow strength after multiple strain controlled uniaxial fatigue cycles [65, 66] . This
steady state microstructure is independent of the prior loading history and is solely dependent on
the temperature, strain rate and specific amplitude and kind of stresses and strains just below the
indenter. It has been postulated in earlier studies that this convergence of microstructure is due to
the high stacking fault energy of metals that promotes significant amount of cross slip for the
formation of a cell structure irrespective of the microstructure before cyclic straining. However
based on our observations and previous work on several SPD processes and wear studies on
copper, we think that both dislocation processes and twinning mechanisms can operate in copper
by because of it having a medium stacking fault energy (40x107J/m?). The dominant mechanism
would depend on the strain, strain rate and temperature imposed. This is evident in Fig 4-5
where we can see that after 82 passes of sliding there is a gradient in microstructure which is
dependent on the strain rate and strain but not on the initial twin density. Pure FCC metals
harden or soften to a steady state saturation stress and microstructure under strain-controlled
fatigue till failure after an initial transient regime. Apparently the microstructure attained after
multiple contact sliding cycles might be steady even after an increase in number of sliding passes

similar to strain controlled fatigue. The stabilization of the friction coefficient and rate of pile up
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height increases also hint towards this. However, we need additional experiments with pass

numbers greater than 82 to confirm this hypothesis.

Cold —worked metal
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Figure 4-8. A schematic of the strain amplitude as a function of the stress required to
impose it in the case of conventional fatigue. It can be seen that for high stacking fault
energy materials, after repeated loading initially softer material hardens and harder

material softens to the same value of stress. [26, 65, 66]
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Figure 4-9. Close-up SEM observations of the region just below the scratch surface for
LDNT Cu (a) after the 1* pass (b) after the 82“dpass. Grain refinement occurs close to the
surface after 1 pass of sliding and can be attributed to dislocation manipulation ,
rearrangement and twinning processes. After the 82" pass the deformation affected zone
expands and grain size distribution conforms to the strain and strain rates beneath the

scratch.
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Figure 4-10. Close-up SEM observations of the region just below the scratch surface for
HDNT Cu (a) after the 1% pass and (b) after the 82" pass. The microstructure after the
first pass is not severely affected after the 1*' pass as most of the plastic deformation can be
accommodated by the high density/area of twin boundaries. However, after the 82" pass,

grain refinement occurs possibly via dislocation rearrangements and twinning processes.

4.4 Conclusions

The wear response of UFG Cu having different twin lamellae thickness were examined
under monotonic and repeated contact sliding.. To the author’s knowledge this is the first study
that systematically investigates the effect of coherent growth twin density introduced by electro

deposition on the tribological response, microstructure and hardness evolution of UFG Cu under
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repeated frictional sliding. An increase in twin density has been shown to result in smaller pile
up height and friction coefficient values. It was also inferred that with increase in the number of
sliding passes, friction coefficient and rate of increase of pile up for all specimens acquire a

steady value that does not change significantly in subsequent passes.

We showed the striking difference between the effects of monotonic and repeated frictional
sliding on the deformation induced microstructure change. HDNT Cu exhibited robustness
against the high stresses and strains beneath the indenter after the 1* pass of sliding. This is in
contrast to LDNT Cu that undergoes grain refinement in the vicinity of the scratch just after the
1** pass. However after 82 passes of sliding, we observe that both LDNT and HDNT Cu incur
significant microstructure change and the grain size distribution varies with the depth below the
scratch. We have tried to explain through various deformation processes the significant zoning of
the grain size distribution after repeated sliding that was not observed after monotonic sliding.
The finest grain size observed by us (15nm) is close to the finest grain size observed in repeated
sliding of CG Cu and also for SPD processes like SMAT, HPT when twinning processes operate

in additional to dislocation activity.

The grains size distribution for both the specimens displayed striking similarity after the 82"
pass and was shown to be dependent on the strain and the strain rate in the zone and independent
of the initial twin density. The hardness of the region in the vicinity of the scratch for both the
specimens was also found to be similar after 82" pass. It has been shown through previous
studies that cold worked and annealed specimens of the same metal converge to have the same
steady state hardness after multiple cycles under uniaxial strain controlled cyclic loading if the

metal has sufficiently high stacking fault energy. This takes place primarily through dislocation
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processes. In the current study it has been shown experimentally that this hold true under
repeated contact sliding as well. However we propose that the convergence of the microstructure
and hardness for LDNT and HDNT Cu occurs by twinning processes, dislocation —TB
interactions and TB-TB interactions in addition to dislocation processes because of copper being

a medium stacking fault energy metal. TEM studies will be needed to further confirm this.

The fact that LDNT specimens showed a considerable increase in hardness with repeated sliding
has applications in designing materials. The initial hardness close to the surface matters for an
application involving single sliding over the surface. But for applications involving multiple
sliding the initial hardness close to the surface is not much consequential as the surface will
harden under the influence of repeated sliding and the properties close to the surface would reach
a steady value after some passes of sliding. However for single pass sliding HDNT Cu is the best
candidate in lieu of exhibiting lowest friction coefficient, pile up height and mechanical stability

under the high stresses below the indenter.
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Chapter 5

Damage Evolution in Dynamic Plastically
Deformed (DPD) and Coarse-Grained (CG) Copper
under Repeated Frictional Sliding and Cyclic

Indentation

5.1 Introduction

Dynamic Plastic Deformation (DPD) offers a way of manufacturing bulk nano structured
materials that manifest a combination of good strength and ductility on account of having a
microstructure containing nano grains and nano twin bundles. The tribological properties of DPD
Cu have been investigated in his study and compared with coarse-grained (CG) Cu. In addition
to the wear response under monotonic sliding, the response of DPD Cu and CG Cu under
repeated frictional sliding has been studied. The hardness evolution in the vicinity of the
scratches as a function of the repetitions of sliding has also been found out. The depth penetrated
by the indenter as a function of the number of cycles has been recorded as a measure of damage
under cyclic indentation with a diamond tip. Connections of the wear response in DPD Cu and
CG Cu have been made in this study to the original microstructure, the deformation induced

micro structural evolution and hardness change. DPD and CG Cu tend to attain similar
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microstructure and hardness in the deformation-affected zone that is consistent with what would
be expected from strain controlled fatigue experiments for medium to high stacking fault energy

metals.

5.2 Results

5.2.1 Hardness Measurements

It can see from Table 1, that DPD Cu which is obtained by cold working on CG Cu at high strain
rates and cryogenic temperatures enhances its hardness considerably as compared to the starting
material. CG Cu has a hardness of 0.70 GPa while DPD Cu exhibits a hardness value close to
1.90 GPa. An abundance of nano grains and deformation twin bundles formed as a result of low

temperature high strain rate deformation are responsible for the higher hardness of DPD Cu than

CG Cu.

Sample Mean hardness in GPa
DPD Cu 1.90

CG Cu 0.70

Table 5-1: Hardness of DPD Cu and CG Cu . DPD Cu is much harder than CG Cu due to

an abundance of deformation twin bundles and nano grains.
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5.2.2 Friction Coefficient

Figure 5-1 shows how the total friction coefficient between the indenter and the specimens
evolves as a function of the number of passes of sliding. The friction coefficient for both DPD
and CG Cu monotonically decreases with an increase in the number of sliding cycles; however
the rate of decline is higher initially and after about 60 passes the friction coefficient values does
not decrease significantly which points towards attainment of a steady microstructure. Friction
coefficient values for DPD Cu are similar to those observed for nano twinned Copper (Chapter
4) and thus are consistent with what is expected for a high strength nano structured material. CG
Cu exhibits similar values of friction coefficient as DPD Cu inspite of different initial
microstructure and consequently different initial hardness. This as will be discussed later is

owing to the higher strain-hardening exponent of CG Cu.
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Figure 5-1 Friction coefficient as a function of pass number for both the specimens showing

similar values of friction coefficient for both DPD Cu and CG Cu .The friction coefficient

for both the specimens decreases with an increase in pass numbers.

5.2.3 Pile-Up Height

Owing to the penetration of the tip into the specimen and the subsequent motion of the sample
stage, the specimen surface is worn and the material removed from the specimen is piled up
along the sides of the scratch and is referred to as the pile up height. Pile up gives a measure of
the wear damage incurred by the frictional sliding process. Minimal damage in the form of pile
up height is desired as if there is a contact between the tip and the piled up metal then there

might be increased adhesion and thus an increase in the tangential force required to perform
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subsequent sliding. The amount of material needed to be dragged forward by the indenter also
increases with a higher pile up height. It can be seen in Fig 5-2 that the pile up height increases
with an increase in the number of sliding cycles however the rate of pile up increase keeps on
decreasing till it acquires an almost constant value after about 60 passes. This steady-state rate of
pile up increase is similar for both DPD and CG Cu although CG Cu showed a much higher

initial pile up height owing to its lower initial hardness than DPD Cu.
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Figure 5-2 Pile up height as a function of pass number for DPD and CG Cu . DPD Cu has a
lower pile up height by virtue of being harder than CG Cu.
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5.2.4 Evolution of Flow Strength

The method outlined in Section 2.4 was used in order to extract the flow strength of the
deformation-affected zone just below the scratch from the P-h (Load vs. depth) response
obtained after indenting on the scratches with a conical diamond tip with a half angle of 70.3°.
Subsequently the flow strength in the vicinity of the scratch for both DPD and CG Cu was
plotted as a function of the number of sliding cycles. It can be seen in Fig 5-3 that high stresses
beneath the indenter lead to strengthening of the deformation affected zone in CG Cu and the
hardness monotonically increases with an increase in the number of passes. However, repeated
frictional sliding has a softening effect on DPD Cu in that the flow strength decreases from its
peak value after the first pass with subsequent sliding cycles and after 98 cycles of sliding both

CG and DPD Cu exhibit similar flow strength in the deformation affected zone.
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Figure 5-3 Flow strength evolution of the deformation affected region just below the scratch
in DPD and CG Cu with the increase in number of sliding cycles. The region below the

scratch for CG Cu gets harder whereas for DPD Cu it gets softer with repetitions in sliding.

5.2.5 Cyclic Indentation

The maximum depth penetrated by the indenter at the end of each cycle was plotted as a function
of the number of indentation cycles imposed in Figure 5-4. It can be seen that for both DPD Cu
and CG Cu with an increase in the number of cycles of indentation the indenter keeps on
penetrating deeper into the specimens. DPD Cu has a lower depth of penetration after the first

cycle than CG Cu on account of having a greater hardness. CG Cu exhibits a higher initial rate of
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ratcheting in the first 250 cycles than DPD Cu. However the rate of ratcheting for both the
specimens keeps on decreasing with an increase in the number of cycles and acquires an almost

constant average value of 15um per cycle eventually.
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Figure 5-4 Depth penetrated by the indenter as a function of the number of cycles when a
maximum load of 500mN was applied cyclically at a loading rate of SOmN/sec. The initial
rate of penetration is high but keeps diminishing until a constant rate of penetration is

attained for both the specimens.

5.3 Discussion

It can be seen in Table 1 that DPD process leads to significant strengthening as the hardness of
DPD Cu is much higher than CG Cu from which it is prepared. This is owing to the high number
of deformation twin boundaries that have been shown to harden metals by blocking dislocation
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motion [49]. Contribution to the increase in hardness also comes from the grain refinement as nano

grains occupy about 67% of the volume of DPD Cu.

DPD Cu shows a lower pile up height when compared to CG Cu. The pile up height of both DPD
Cu and CG Cu increase with pass number but the rate of increase diminishes with an increase in
sliding cycles till it acquires an almost constant rate after about 50 passes. Pile up height is an
indirect measure of the material removed by the motion of the sharp indenter and thus gives an
idea of the material loss incurred by the sliding process. It is also not desirable as in repeated
sliding it increases chances of adhesion between the indenter and the piled up material leading to
increased tangential loads required to perform sliding. Rate of pile up height as discussed in
Chapter 4 will diminish because of the indenter making contact with a grooved surface in
subsequent passes. A grooved surface offers higher resistance to penetration (Section 2.4) than a
flat one. The attainment of similar rate of pile up height increase for both DPD and CG Cu
eventually is consistent with similar microstructure attained in the vicinity of the scratch after 50
passes which comprises of equiaxed ultrafine grains with an average grain size of 250-300 nm for

both the specimens [103].

Friction coefficient of the relative motion between the indenter and specimen is a complex function
of elastic modulus, strain hardening exponent, elastic modulus and fracture toughness when the
load applied to the indenter is sufficiently high and consequently the indenter penetrates into the
material. Fig 5-1 shows that DPD Cu and CG Cu show similar values of friction coefficient at all
pass numbers in spite of having very different hardness. Bellamare [123, 134] has shown that

though the friction coefficient decreases with an increase in strength, poor strain hardening leads
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to an increase in friction coefficient. It has been shown in [58] that DPD Cu exhibits negligible
strain hardening whereas CG Cu shows considerable work hardening. Thus CG Cu with a poor
strength but with a high strain hardening exponent manifests similar values of friction coefficient
as DPD Cu. Friction coefficient decreases with an increase in pass number for both the specimens
as the amount of material worn with subsequent passes of sliding decreases as discussed
previously. Such similarity in the friction coefficient values has also been observed for CG and

SMAT processed Cu at high loads [108].

Tao[103] has shown that the microstructure of both DPD and CG Cu specimens changes
drastically due to the high stresses entailed by the nano scratch process. A strain-induced contrast
was observed in the vicinity of the scratch after the first pass of sliding on CG Cu, which suggests
a significant density of dislocations induced by the localized deformation [103]. After 50 passes of
sliding, equiaxed grains with an average grain size of 300 nm are observed in the deformation-
affected zone and this zone extends to a depth of about 10 um beyond which the original
microstructure is retained [103]. Ultra fine grains with blurred boundaries are observed in DPD Cu
after the 1% pass of sliding and the depth of this tribolayer increases with number of passes of
sliding and after 50 passes, equi-axed ultra fine grains with an average grain size of 235 nm are

reported up to a depth 10 um below the surface of the scratch [103].

Fig 5-3 shows that the hardness is affected profoundly as result of the microstructure change.
After the first pass DPD Cu exhibits high flow strength of 700 MPa that is even higher than its
yield strength. This can be accounted for by the high residual stresses expected from the

indentation process. However the hardness of DPD Cu decreases with an increase in the number
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of sliding cycles and this change is more drastic in the first 50 passes. After about 98 cycles the
flow strength is close to 400 MPa. CG Cu exhibits a low strength of 150 MPa after the first
sliding cycle however with an increase in the number of sliding passes, CG Cu gets hardened and
after 98 cycles, it attains flow strength similar to that of DPD Cu after 98 passes. This is
consistent with the studies on deformation induced microstructure change done by Tao [103] in
which after repeated sliding both DPD Cu and CG Cu acquire similar microstructure. Tao [103]
showed that CG Cu undergoes grain refinement and equiaxed ultrafine grains are observed. DPD
Cu exhibits grain coarsening and it is suspected that there is also loss of deformation twin
boundaries with the nano scratch process. Detwinning has also been observed with cyclic loading
in Cu thin film layers with growth twins [82]. Deformation twin boundaries are even more
unstable because of having a higher energy than growth twin boundaries. Thus owing to the
high localized stresses below the indenter, both DPD Cu and CG Cu undergo significant
microstructure evolution and after 98 sliding cycles the hardness in the vicinity of the scratch for
both of them converges to a similar value. This is consistent with our earlier study done on nano
twinned materials in which high density nano twinned Cu and low density nano twinned Cu
acquire similar microstructure and hardness after repeated sliding (Chapter 4). However, the
steady microstructure attained by NT Cu was much finer with lowest grain size close to 15-30nm

in the close vicinity of the scratch.

Fig 5-4 shows the indentation creep response of DPD and CG Cu and it can be seen that the
indenter penetrates deeper after the first cycle for CG Cu than DPD Cu. The initial rate of
ratcheting for the first 250 cycles is also greater for CG Cu .However after about 250 cycles both

DPD and CG Cu exhibit similar rate of penetration of the indenter with an increase in the
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number of indentation cycles. Although no microscopy studies have been done by us to
investigate the microstructure change in the vicinity of the indent, it is suspected that after
multiple indentation cycles, the microstructure for both DPD and CG Cu would evolve in similar
ways as it has been seen for the case of nano scratching. The similar rate of depth penetration in
the later duration of cyclic indentation hints towards attainment of similar microstructure for
both DPD Cu and CG Cu. This hypothesis is also consistent with the pile up height evolution
observed under repeated sliding of DPD and CG Cu. Investigation of the region in the vicinity of

the indent through microscopic studies is needed to confirm the hypothesis.

Strain controlled uni-axial fatigue loading [65, 66] , has been shown to transform the
microstructure and strength of medium to high stacking fault energy metals as can be seen in Fig
4-8. Under repeated uniaxial loading cold worked high strength metals soften and annealed
softer metals harden till their hardness and microstructure converge if they have sufficiently high
stacking fault energy such that cross-slip of dislocations is not hindered. In our current study
Copper which has relatively high stacking fault energy (40x10~J/m?) showed similar behavior to
uniaxial fatigue under repeated contact sliding and cyclic indentation too. DPD and CG Cu
though had different initial microstructure but the nano scratch and cyclic indentation
experiments were performed at similar strain rate and temperature for both the specimens. The
similarity in the application of stresses and strains below the indenter led to the development of
similar microstructure and strength evolution in the vicinity of the scratch for both the specimens
eventually after multiple cycles of scratching and indenting. Thus, the microstructure of neither
DPD nor CG Cu was stable under the high stresses entailed by the nano scratch process and

evolved to an ultrafine grained structure. Even though the microstructure and hardness attained
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by DPD and CG copper was similar but it was different from those of NT Cu that attained a

nano-grained microstructure in the vicinity of the scratch after repeated sliding.

5.4 Conclusion

The wear response of DPD and CG Cu was studied and it was found that the DPD process not
only improves the hardness but is also good for tribological properties as the pile up height under
contact sliding was lower for DPD Cu than CG Cu. The friction coefficient of DPD and CG Cu
was found to be similar in spite of a significant difference in their hardness. This was because of
higher strain hardening capability of CG Cu than that of DPD Cu. The microstructure of DPD
and CG Cu was not found to be stable under contact sliding. We studied its effect on the
hardness evolution and found that DPD Cu softens and CG Cu hardens under repeated sliding
and eventually both of them converge to similar values of hardness. Strain controlled uniaxial
cyclic loading has been known to entail microstructure change in high stacking fault energy
through excessive dislocation activity after which cold worked hard specimen softens and
annealed specimen hardness to acquire similar microstructure and hardness. The high stresses
induced by the nano scratch process are shown in our current study to result in similar evolution
though in a small area in the vicinity of the scratch in copper. Pile up height evolution for
repeated sliding and depth penetration in cyclic indentation showed a constant rate with respect
to the number of passes after multiple cycles which is consistent with the attainment of a steady

microstructure as was reported in [65, 66]. Thus, DPD Cu was found to be unstable in its
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properties and microstructure under repeated sliding in the localized region close to the scratch.

In order to improve its stability under high stresses addition of alloying elements might be useful.
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Chapter 6

Concluding Remarks and Suggested Future Work

6.1 Conclusion

The fracture toughness, sub-critical fatigue crack growth life and the tribological response under
monotonic and repeated frictional sliding of nano-twinned specimens with different densities of
coherent growth twin boundaries has been characterized for the first time in this study using
experimental, analytical and computational tools. Besides, this is also the first study to
investigate the tribological response of DPD copper with a microstructure comprising of an
abundance of deformation twin boundaries and nano grains and compare it with CG copper. The

key contributions of this thesis are as follows:

1. This work shows for the first time that high twin density in ultra-fine-grained copper provides
a unique combination of strength, ductility, fracture initiation resistance and damage-tolerance
during stable fatigue crack growth. This is in contrast to grain boundary engineering where the
dilemma of either sacrificing damage resistance or damage tolerance was an impediment to
designing stronger materials. There is also a marked improvement in fracture toughness values
with an increase in twin density. Furthermore, this work introduces the concept that modifying
different microstructural length scales: twin lamellae spacing vs. grain size has opposite effects
on the stable fatigue crack growth life because Stage I fatigue crack propagation is likely to
occur parallel to the twin planes within each grain along the crack path and thus these intra-grain

twin planes, unlike grain boundaries, can more easily facilitate Stage I, serrated (and locally non-
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mode I) fracture trajectory. The crack surface roughness and tortuosity was shown to depend
strongly on the grain size and not on the twin lamellar spacing whereas a smaller twin lamellar
spacing leads to smaller value of crack tip opening displacement (CTOD) facilitating fatigue
crack closure. This study has shown that MDNT Cu that has the highest strength also showed
relatively the best fatigue crack growth resistance. On the other hand, UFG Cu with essentially
no nano twins showed the poorest plane stress fatigue initiation toughness and sub-critical

fatigue crack growth response among the three materials studied here.

2. In addition to improved fracture toughness and stable fatigue crack growth propagation life, an
increase in twin density resulted in improved wear damage and lower values of friction
coefficient under monotonic and repeated frictional sliding. It was also inferred that with
increase in the number of sliding passes, friction coefficient and rate of increase of pile up for all
specimens acquire a steady value that does not change significantly in subsequent passes.
Although the specimen with a twin lamellar spacing of 85 nm was not micro structurally stable
under the high stresses beneath the indenter, twin lamellar refinement to 15 nm significantly
improved the robustness against microstructure change during monotonic sliding thus
highlighting the role of increased twin density in enhancing the microstructural stability under
high stresses. However after 82 passes of sliding, it was observed that both LDNT and HDNT Cu
incur significant microstructure change and the grain size distribution varies with the depth
below the scratch and the finest grain size observed (20nm) in the tribolayer is similar to the
finest grain size observed for SPD processes like SMAT, HPT when twinning processes operate
in additional to dislocation activity. The grains size distribution for both the specimens displayed
striking similarity after the 82" pass and was shown to be dependent on the strain in the zone

and independent of the initial twin density. The hardness of the region in the vicinity of the
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scratch for both the specimens was also found to be similar after 82" pass. It has been shown
through previous studies that cold worked and annealed specimens of the same metal converge to
have the same steady state hardness after multiple cycles under uniaxial strain controlled cyclic
loading if the metal has sufficiently high stacking fault energy. This takes place primarily
through dislocation processes. In the current study it has been shown experimentally that this
hold true under repeated contact sliding as well. However in this study it was suggested that the
convergence of the microstructure and hardness for LDNT and HDNT Cu occurs by twinning
processes, dislocation—TB interactions and TB-TB interactions in addition to dislocation
processes because of copper being a medium stacking fault energy metal. TEM studies will be

needed to further confirm this.

3. The tribological response of DPD and CG Cu was studied and it was found that the DPD
process not only improves the hardness but also enhances the tribological properties, as the pile
up height under contact sliding was lower for DPD Cu than CG Cu. The friction coefficient of
DPD and CG Cu was found to be similar in spite of a significant difference in their hardness.
This was because of higher strain hardening capability of CG Cu than that of DPD Cu. The
hardness evolution under repeated sliding of the specimens was also investigated and it is found
that DPD Cu softens and CG Cu hardens under repeated sliding and eventually both of them
converge to similar values of hardness. This trend was similar to the wear studies of nanotwinned
copper produced by PED, however the final steady microstructure attained in both cases is
different: the grain sizes of the tribolayer for NT copper were less than 100 nm, however the
grain size for DPD and CG Cu converged to 200-300nm in the tribolayer thus underscoring the
role of initial microstructural characteristics in affecting the final saturation microstructure. Pile

up height evolution for repeated sliding and depth penetration in cyclic indentation showed a
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constant rate with respect to the number of passes after multiple cycles which is consistent with

the attainment of a steady microstructure.

6.2 Future Work

The current study has laid down the initial steps and the possibility towards designing metals
with a combination of high strength, ductility, fracture toughness, wear resistance and prolonged
sub-critical fatigue crack growth life. However, TEM studies need to be undertaken in order to
gain a deeper understanding of the deformation mechanisms operating in nano-twinned materials
ahead of the advancing crack during sub-critical fatigue crack growth. Grain growth has been
observed ahead of the advancing crack for most NG metals [5]. However, the effect of the stress
intensification ahead of the crack tip on the nano-twinned microstructure is still unknown. TEM
observations during in-situ crack propagation studies will be able to shed a better light on the

microstructure evolution ahead of the crack tip.

The current study involved studying the sub-critical fatigue crack growth at low load ratio values
at which the effect of roughness—induced crack closure becomes significant. It would be
interesting to test the stable fatigue crack propagation response at different values of the load
ratio values ranging was 0.1 to 0.9. It is expected that at higher values of load ratio, the effect of
roughness induced closure would be less important since the CTOD at all times can be set to be
larger than the surface asperities and in that case the fatigue crack growth threshold would be

similar for all values of twin densities.
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Figure 6-1: Microstructure of nano-twinned copper produced by magnetron sputtering

showing columnar grains with the twin orientation parallel from grain to grain.

Nano-twinned copper has also been produced by magnetron sputtering [82] and the
microstructure is different from the specimens used in the current study. The twins in adjacent
grains are also parallel to each other in the former specimens (Figure 6-1). It would be interesting
to do stress controlled fatigue experiments, sub-critical fatigue crack growth experiments and
fracture toughness studies on the specimens produced by magnetron sputtering and check
whether the trends observed in the current study hold true for specimens with a different design

of twinned microstructure.

It has been shown that an increase in the strain applied during the DPD process leads to an
improvement in fracture toughness. However, the stress—controlled fatigue life and sub-critical
fatigue crack growth propagation of DPD copper has not been studied yet. An increase in the
strain applied leads to grain refinement and also increases the amount of deformation twin
boundaries in the microstructure during the DPD treatment. Grain refinement has been shown to
degrade the fatigue crack growth threshold values and twin-lamellae refinement leads to an
improvement in fatigue response as was shown in the current study, so the sub-critical fatigue
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response of a microstructure comprising of a combination of nano-grains and deformation twin
boundaries is difficult to predict. Since DPD copper can be produced in bulk form and exhibits
high yield strength, ductility and fracture toughness, it is crucial to study its response under

cyclic loading.

The frictional sliding studies done for the current study involved repeated sliding only till a pass
number of 100. In order to further confirm the attainment of a stable microstructure after
repeated sliding, additional studies can be undertaken in which the number of passes of sliding
can be increased to above 100. This is critical in light of the observation that HDNT and LDNT
specimens converged to a nano-grained microstructure in the vicinity of the scratch and DPD
copper and CG copper converged to an ultra-fine grained microstructure after repeated sliding
under same sliding conditions. It is possible that the presence of an initial significant density of
twin boundaries was responsible attainment of an eventual nano-grained structure. Grain
refinement mediated by twin-boundaries has been shown in prior studies. It is probable that CG
and DPD Cu attained an ultra fine-grained structure because there were no stable twin
boundaries to facilitate twin refinement. Therefore, the deformation-affected zone needs to be
examined more carefully using TEM, so that more light could be shed on the microstructural
features and deformation mechanisms that were not probably revealed by SEM that was used in

the current work.

In order to use nano-twinned materials in high stress and high temperature applications, it is also
important to study their creep response. The traditional way to measure creep requires multiple
specimens to ascertain the response under different values of stress and temperature. However,

the use of indentation-creep experiments under vacuum conditions can resolve this problem.
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Impression test using a flat ended cylindrical punch to study creep was first proposed by Chu and

Li[135].

It has been shown through some earlier studies that self-similar indentation can be used to extract
material properties like power-law creep exponents and activation energy for creep equivalent to
the ones obtained from conventional uniaxial creep tests [136]. The self-similar impression creep
test can evaluate the creep response using a small volume of the material. In these kinds of tests,
a conical or cylindrical indenter is pressed on the surface of a specimen at high ambient
temperature and the depth penetrated by the indenter increases with time and is monitored to
extract the high temperature mechanical properties. The uniaxial creep response of metals
comprises of three regimes that are primary, secondary and tertiary creep. However, the
impression creep response of metals consists of just the first 2 stages and the accelerating stage

of tertiary creep is not present since the deformation is stable to the last (Fig 6-2).

Careful experiments can be designed to ascertain the creep response of nano-twinned copper. For
this indentation at different values of stresses and temperature can be done. The rate of
penetration of the indenter in the secondary stage is almost constant and has been found to be
related to the plastic strain rate in uniaxial creep tests. These tests would give us an idea of the

effect of twin density on then activation energy of creep and also the power law creep exponents.
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Figure 6-2: Indentation creep response of an Al-Mg alloy [136].
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Appendix A:

Elasto plastic parameters used in the current study for the FEM computations

E(GPa) | o, (MPa)
10 100
10 300
50 200
50 1000
90 500
90 3000
130 1000
130 3000
170 300
170 3000
210 300
210 3000
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