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Abstract
He implanted into metals precipitates into nanoscale bubbles that grow into voids,
degrading the properties of engineering alloys in nuclear energy applications. In this
thesis, multi-scale modeling techniques and neutron reflectometry measurements are
used to study the He trapping, clustering and growth of clusters at fcc-bcc interfaces.
Choosing Cu-Nb as a model fcc-bcc interface, a predictive Cu-Nb-He interatomic
potential is constructed using density functional theory. These calculations show that
two-body radial forces are sufficient to describe interactions of He with fcc Cu and
bcc Nb. Atomistic simulations reveal that He is initially trapped in the form of stable, sub-nanometer platelet-shaped clusters and not bubbles at the Cu-Nb interface.
This behavior occurs due to the spatial heterogeneity of interface energy: He wets
high energy, heliophilic regions while avoiding low energy, heliophobic ones. Using
these insights, the maximum He concentration that can be stored without forming
bubbles at any interface in terms of its location-dependent energy distribution may
be predicted.
The modeling predictions are validated by neutron reflectometry measurements,
which show that interfacial He bubbles form only above a critical He concentration
and provide evidence for the presence of stable He platelets below a critical He concentration. This work paves the way for the design of composite structural materials
with increased resistance to He-induced degradation by tailoring the types of interfaces they contain.
Thesis Supervisor: Michael J. Demkowicz
Title: Assistant Professor of Materials Science and Engineering
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Chapter 1
Introduction
The goal of the research presented here is to investigate the mechanisms of He trapping, and clustering as well as growth of He clusters at fcc-bcc semicoherent interfaces.
This chapter motivates the need to study He behavior at interfaces in light of the deleterious impact of He as well as the modeling challenges presented by such a study. It
concludes with a brief overview of the remaining chapters.

1.1

Materials challenges in nuclear energy: the
Helium problem

The unprecedented demands of the advanced fission and fusion reactors pose a challenge to high-performance materials [1,2]. In reactor environments, damage is primarily introduced in the form of radiation-induced defects and implanted impurities, one
of which is helium (He). He is produced in significant quantities in reactor materials
by (n, α) reactions or tritium decay and in the first wall of fusion reactors by direct
implantation of α-particles from the plasma [3, 4]. In perfect crystalline metals, the
formation energies of interstitial He defects are on the order of the self-interstitial formation energies [5,6] and as a result He has no solid solubility in metals [7]. He atoms
immediately agglomerate with radiation-induced vacancies to form clusters [8,9] that
grow further by absorbing more He atoms and vacancies to form bubbles [10], as
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shown in Fig. 1-1

Figure 1-1: Bright field cross-section TEM images showing bubble formation (white
dots) in He-ion implanted Cu [11].
The bubbles later grow into voids by punching out dislocation loops [12], capturing
vacancies [13], and migration and coalescence [3,10]. Notably, bubbles do not coarsen
by Ostwald ripening, since this would involve evaporation of He from small bubbles,
which is energetically prohibitive. The formation of voids is deleterious for the performance of structural materials. He filled voids accelerate swelling [14] (Fig. 1-2)
and have a deleterious effect on the mechanical properties of the material, giving rise
to hardening and embrittlement [15].
The high initial capital cost of construction of nuclear reactors in proportion to
its operating costs has lead to significant interest in extending the operating licenses
of boiling water reactors (BWRs), and pressurized water reactors (PWRs) beyond
their intended 40 year terms. BWRs and PWRs have to maintain their structural
integrity for periods as high as ∼50% longer than their initial license. As a result of
lifetime extension, the maximum expected damage level on the components receiving
the highest fluence will increase leading to the appearance of new damage modes, as
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Figure 1-2: Volumetric swelling in a neutron irradiated 316 CW steel [16].
shown in Fig. 1-3 [17]. One such mode is void swelling induced by accumulation of
He. Void swelling was not considered an issue for BWR and PWR core materials but
with lifetime extension it is expected to play a life-limiting role [18]. The problem
of He agglomeration is expected to be even more severe in fusion reactors where He
generation rates are approximately 10-15 times higher in comparison to current day
fission reactors [19]. Thus, the ability of reactor materials to manage He and prevent
He bubble nucleation and its subsequent growth into voids is especially important.

1.2

Designing materials resistant to He-induced
damage

The approach towards developing materials resistant to the deleterious effects of He
in structural materials is based on delaying the bubble-to-void transition [20, 21, 22]:
1. Maximize the critical number of He atoms at which bubbles transform into voids
by reducing the vacancy supersaturation
2. Increasing the density of bubble nucleation sites, the critical fluence of implanted
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Figure 1-3: Neutron fluence and displacement damage levels and corresponding failure
modes/ microstructural changes of BWR and PWR components and materials [17].
He required to transform stable bubbles into voids may be maximized
The materials design strategy that accounts for this limitation has led to the
development of materials resistant to He-induced swelling. One example of such a
class of materials are oxide dispersion strengthened ferritic/martensitic steels [23, 1].
The underlying materials development philosophy is based on the formation of a
high density of uniformly distributed nano-scale precipitates. The precipitate-matrix
interfaces are sites for trapping He and radiation-induced vacancies and interstitials.
The lattice heterogeneities in these materials such as grain boundaries, precipitates
and interfaces play an important role in He bubble formation but their effects are only
qualitatively understood. However, the influence of the structure of grain boundaries
and interfaces on bubble formation and on He embrittlement, have not been studied
systematically so far, even though some experiments demonstrate their importance
[24, 25, 26, 27, 28]. The goal of this work is to understand the mechanisms of He
interaction with heterophase interfaces through a combination of modeling techniques
and controlled experiments.
An investigation of He behavior at interfaces required modeling of all essential
processes controlling the microstructural evolution [10], such as the relation between
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interface structure and He-interface interactions, He clustering with vacancies, as well
as bubble nucleation and growth under irradiation. This is inherently a multi-scale
phenomenon, with interactions varying over nanometer length scales and encompassing time scales ranging from femtoseconds to a few hours.The approach employed
in this work is based on utilizing a series of specialized models, each examining a
discrete time and length scale, and linked to a complementary set of well-designed
experiments to understand the mechanisms that govern He-interface interactions at
model fcc-bcc interfaces.

1.3

Organization of the thesis

Chapter 2 provides a review of previous work undertaken to understand He behavior
in bulk metals. Gaps in knowledge about He behavior at interfaces are identified,
providing motivation for the present work. The research goals of the thesis are laid
out in Chapter 3 followed by a brief outline of the research methodology.
Chapter 4 describes in detail, the simulation and experimental techniques that are
used in this study: density functional theory, classical potential molecular dynamics,
potential energy minimization, the finite element method, and neutron reflectometry.
Chapter 5 details the first principles calculations used to construct an embedded atom
method potential using the force-matching method. It also describes the procedure
used to fit the short-range interactions between atoms and its validation.
Chapter 6 describes the construction of a model fcc-bcc interface used to study
the trapping and clustering behavior of He using atomistic techniques. He atoms are
trapped at these interfaces and grow by clustering with other He atoms and vacancies.
The mechanism of He cluster growth at fcc-bcc interfaces is revealed by studying
the static loading of He and vacancies into the interface. The insights gained from
atomistic methods are used to construct a mesoscale model of He cluster growth at
interfaces. In the final section, molecular dynamics simulations are used to calculate
an equation of state for He trapped in interface clusters.
Chapter 7 uses the insights gained from the atomistic simulations of He behavior
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at fcc-bcc interfaces to understand the stability of interface clusters under irradiation
using a reaction-diffusion model solved using finite element method. The modeling predictions are validated in Chapter 8 using neutron reflectometry experiments
performed on He-ion implanted fcc-bcc bilayers.
Finally, Chapter 9 describes the development of an analytical expression for predicting the maximum concentration of He that maybe stored at any interface without
forming bubbles. This expression is based on the unit mechanisms developed using
modeling and is validated by neutron reflectometry measurements. The last chapter
is devoted to a discussion of the implications of this work as well as open questions.
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Chapter 2
Literature Review
This chapter presents a literature survey of the work done in the field of understanding
He behavior in solid state materials, which serves as the background and motivation
for the current research.

2.1

Helium generation in materials

He is introduced into nuclear materials in three major ways: ((n, α) reactions, tritium
decay and direct implantation of α-particles [4]. In fission reactors, the flux of neutrons generates He in the reactor core materials by (n, α) transmutation reactions.
In fusion reactors, the first wall of the reactor surrounding the plasma is subject to
direct implantation of α-particles, a by-product of the fusion reaction. In addition,
high-energy neutrons generate (n, α) He deep into the first wall. The rates of He
build are 10 appm/year in fission breeder reactors and as much as 300 appm/year in
fusion reactors [3]. At the high temperatures of operation in reactor cores, even small
concentrations of He are deleterious for the properties of structural materials.

2.2

Isolated He defects and small clusters

He atoms introduced into bulk metals are insoluble [7] and immediately agglomerate
with vacancies to form clusters. The properties of individual He atoms and small
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clusters form the basis for any fundamental understanding of He effects. The interstitial and substitutional He defect formations energies determine trapping and
solid solubility of He. The energies are calculated via computer simulations from
first principles calculations [5, 29]. Data from first principles calculations are in turn
used to construct reliable classical potentials that model the He interactions in a
material [30, 31].
In bulk metals, He atoms bind preferentially with high free volume sites like
vacancies and vacancy clusters [30, 32, 33] in order to decrease the repulsive force
between the He and host atom [29, 34]. First principles calculations have shown that
it is energetically favorable for up to 4 He atoms to bind with a single vacancy in
Fe [35]. Further addition of He to the cluster results in the spontaneous emission
of a self-interstitial atom to increase the volume of the cluster [6]. Helium-vacancy
clusters may grow at low temperatures, in the absence of thermal vacancies, by the
ejection of self-interstitials [36]. Under irradiation conditions, He atoms bind with
radiation-induced vacancies to form He-vacancy clusters [37, 38, 39]. Kinetic Monte
Carlo (KMC) simulations in α-Fe reveal that He-vacancy clusters coarsen rapidly
with time and their number density decreases [40]. The mobility of the He-vacancy
clusters decreases as the number of vacancies trapped in the cluster increases [41].
The immobile clusters are nuclei for the formation of He bubbles in single crystals.
At lattice heterogeneities such as dislocations, grain boundaries, and heterophase
interfaces, the presence of excess free volume sites may increase the solubility of
He. From thermal desorption measurements in steel, it has been determined that He
atoms are preferentially trapped at lattice heterogeneities [42]. Modeling studies have
shown that interstitial and substitutional He defects are attracted to dislocations [43],
precipitate interfaces [44] and grain boundaries [45,46,47,48]. In Σ 5 grain boundaries
in Fe, the binding energy of He defects is ∼1.4 eV and He defects will always segregate
to the grain boundary irrespective of the bulk He concentration and the temperature
[49, 50].
The formation energy of He defects at these interfaces decreases with increasing free volume of the defect site at the interface. In oxide dispersion strengthened
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2.3

Nucleation of He bubbles

He-vacancy clusters grow by further absorption of He atoms and vacancies to nucleate
bubbles. A cavity in a material is considered to be a bubble if the change in surface
energy of the bubble with respect to volume and the pressure of the He trapped
within the bubble are in perfect equilibrium with each other and the radius of the
cavity does not change with time. Such a cavity can only grow if it captures more
He and vacancies. Bubble formation depends on the mobility of the gas, minimum
number of gas atoms required to form a stable nucleus and the rate at which vacancies
are supplied to enhance the stability of the nucleated core. The process of bubble
nucleation is considered complete when a diffusing He atom encounters a pre-existing
nucleus rather than taking part in creating a new one [56].
He generation rate, temperature and displacement damage rate are the most crucial parameters in determining the number density and size of evolving bubbles [57].
Experimental evidence suggests that at a particular temperature and He concentration, the bubble density increases and sizes decrease with increasing He generation
rate [58]. The basic method to describe the kinetic processes involved is the discrete rate equation method [59, 11]. During continuous He generation, the atomic
He concentration reaches a maximum before He precipitation to clusters equals the
production rate of He, GHe . At this time, t = t∗ , kinetic equilibrium relates the
concentration of atomic He, cHe , the number density of bubble nuclei, N ∗ , with GHe :

ef f ∗
GHe = 4πro DHe
cHe N ∗

(2.1)

ef f
where ro is the He trapping radius of the bubble and DHe
is the effective diffusivity

of He. After the maxima, the nucleation rate and concentration of atomic He decreases
strongly, the number density of bubble saturates but its radius, r, keeps increasing
as it absorbs more He atoms, as illustrated in Figure 2-2 [10].
The total number density of bubbles nucleated during this process can be estimated by considering 2 limiting cases, the di-atomic nucleation model [60] and multiatomic nucleation model [59]. In the first case, 2 He atoms form a stable nucleus
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has been observed in Ni-Cu alloys, where the clustering of like atoms produces a large
density of traps for He that are nucleation sites for He bubbles [64].
Another important parameter for heterogeneous nucleation is the trapping strength
and diffusivity of He atoms at lattice heterogeneities, which will depend significantly
on the atomic structure of the lattice heterogeneity. In order to understand heterogeneous nucleation of He bubbles, the relationship between defect structure and
He-defect interactions must be understood. In low angle tilt grain boundaries in
Mo [65] and austenitic steels [26,66], He bubbles nucleate preferentially at misfit edge
dislocations in the grain boundary. Molecular dynamics (MD) simulations reveal that
the nucleation of He bubbles is favored along the dislocation cores due to the lower
formation energy and faster diffusivity of He atoms along dislocations [67]. Furthermore, TEM experiments on He-implanted grain boundaries in Al [68] and twist grain
boundaries in Au [69, 70], show that He precipitates into bubbles at the nodal points
of the dislocation network. On the basis of atomistic simulations, such a behavior is
explained by the observation that He defect energy in the grain boundary plane is
lowest at locations where the screw dislocations in the interface intersect [70, 71]. Finally, it has been demonstrated that the varying sizes and number density of bubbles
at grain boundaries observed in Cu implanted with He at 738 K can be correlated
with the atomic structures of grain boundaries and thereby He diffusivity along the
grain boundaries [28, 72], as shown in Fig. 2-3.

2.4

Growth of He filled bubbles

He bubbles that have nucleated will tend to coarsen by absorbing He atoms and
vacancies to ultimately form voids. The average size of bubbles will increase while
the number density decreases with time, as illustrated in Fig. 2-2. There are four
coarsening mechanisms for He bubbles: loop punching, vacancy condensation, Ostwald ripening and migration and coalescence. The growth of bubbles depends on
several factors like the size of bubbles, bubble distribution, temperature, pressure of
the gas contained in the bubble and stress state of the material. This information is
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conveniently presented in the form of growth mechanism maps [73, 74, 75]. Growth
mechanism maps allow us to make predictions about the bubble growth rate and
identify the dominant mechanism of growth under the given operating conditions.
However such maps are based on analytical expressions of bubble growth and do not
account for bubble growth at grain boundaries, interfaces and dislocations or when
the material is under stress or temperature gradients [73].

2.4.1

Dislocation Loop Punching

When the pressure in the large enough, bubble growth can occur by punching out a
dislocation loop. The magnitude of the excess pressure required can be determined
by comparing the free energy change of bubble on creation of a dislocation loop equal
to its size to the energy of the loop itself and its interaction with the bubble [76,12].


2γ
πr02 b
∆F = − PHe −
ro
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(2.2)

where PHe is the pressure in the bubble, γ is the surface energy, ro is the bubble
radius and b is the Burgers vector. The energy of the dislocation loop of radius r0 is
approximated as:
EL =

µb2 r0
4r0
ln
≈ πµb2 r0
2 (1 − ν) rc

(2.3)

where µ is the shear modulus of the material, ν the Poisson’s ratio and rc the dislocation core radius. For the dislocation loop formation to be energetically favorable

PHe > (2γ + µb) /r0

(2.4)

This description does not include the effects of heterogenous bubble nucleation at
extended defects. Just as in the bulk, He bubbles that have nucleated at the nodal
points in the screw dislocation network grow by emitting interstitial dislocation loops
to decrease the pressure of the gas trapped within . However, the pressure at which
loop punching occurs is much lower at the boundary due to the stress field of the
existing dislocation network [77]. In single crystals, such loops escape into the bulk
but at the grain boundary the dislocation loop interacts with the screw dislocation
and remains entangled with it [70]. As a result, the growth of over pressurized bubbles
by loop punching will be significantly different in the bulk and at interfaces.

The critical parameter for loop punching is a description of the state of He inside
the bubble. In early theories of bubble evolution, a number of approximate equations
of state (EOSs) relating PHe , T , and density of He were used, including ideal gas
and hard spheres [78], which neglected the interactions between He and metal atoms.
Even the use of experimentally determined EOS in estimating He pressures for loop
punching [79, 75] do not incorporate the effects of He-metal interactions on the gas
pressure. It is important to evaluate the precise nature of the EOS of He inside
a metal matrix using atomic scale descriptions of the He-metal interaction [80] to
accurately predict the He pressure required for loop punching.
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2.4.2

Vacancy Condensation

Spherical He bubbles in bulk materials grow by the absorption of vacancies and He
atoms until they reach a critical radius beyond which they can spontaneously transform into voids. Voids can grow indefinitely by the capture of vacancies alone. The
effect of the ’bubble-to-void’ transformation is experimentally observed as a bimodal
size distribution in the He cavity population [81]. Using a rate theory description, the
’bubble-to-void’ transformation can be calculated by computing the rate of change
of volume of the bubble. The rate of change of volume of the bubble is equal to the
difference in the rates at which vacancies and interstitials are absorbed at the cavity
surface and the volumes they carry [56]. In the rate theory model, rates of production
and removal of point defects are assumed to be uniform throughout the material and
discrete sinks are modeled as homogenous and spatially distributed throughout the
medium to neglect the spatial dependence of the point defect concentrations [78, 13].
The growth law of the bubble radius, R, with time, t, is given by [82, 83]:
dR
Ω0
=
[Dv (cv − csv ) − Di ci ]
dt
R

(2.5)

where Ω0 is the atomic volume, DV and Di are the vacancy and interstitial diffusion coefficients, cv and ci are the vacancy and interstitial concentrations in the bulk
solid and csv is the vacancy concentration at the bubble surface. The thermodynamic
vacancy concentration at the bubble surface depends on the He pressure, PHe , and
surface energy, γ, of the cavity.

csv

=

ceq
v exp



−Ω0
kB T



2γ
PHe −
R

(2.6)

ceq
v is the thermodynamic equilibrium concentration of vacancies for a stress-free
solid, kB is the Boltzmann’s constant and T is the absolute temperature. The pressure
of the gas retards the thermal emission of vacancies from the bubble. The critical
radius, Rc , at which the bubble transforms to a void is a root of the growth law
equation (Eqn. 2.5). The critical radius is sensitive to the equation of state used to
compute the gas pressure of He atoms in a bubble [13, 78]. However, the total He
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generation rate required to reach the critical radius depends on the partitioning of
He between the various sinks. Partitioning of He can be estimated based on time
dependent loss rates of He at sinks. In rate theory, the rate of absorption of He at
a particular kind of sink is characterized by the sink strength. The sink strength is
related to the mean distance a free He atom must move before a sink captures the
atom [82]. The sink strength depends on the density of the particular type of sink
and the sink capture efficiency, which measures the bias of the sink to absorb He [84].
An important aspect of the rate theory model is the direct and indirect effect of
sinks on the bubble-to-void conversion. The key in developing predictive models for
swelling depends on the ability to accurately model the evolution of sink strengths
and changes in the bubble morphology with time.
In the case of heterogenous nucleation of bubbles, the ’bubble-to-void’ transition
is affected by the presence of the lattice heterogeneity: the defect energy modifies the
shape, surface energy of the bubble and the pressure of the He gas trapped in the
bubble. Monte Carlo models show that lenticular bubbles with a large surface area
to volume ratio nucleate at grain boundaries to minimize the energy by eliminating
grain boundary surface area [85]. Furthermore, the point defect concentration in
the vicinity of the bubble cannot be estimated from a rate theory description since
lattice defects are sinks for point defects. This in turn changes the flux of point
defects towards the bubble surface. Experiments on nano-crystalline Cu and Ni have
revealed that grain boundaries are able to trap a large fraction of the point defects
generated during radiation [86].

2.4.3

Ostwald Ripening (OR)

Ostwald ripening of bubbles primarily occurs by thermally activated re-solution of
He from small bubbles and re-absorption of He atoms by large bubbles. The decrease
in gas pressure, and as a result the free energy of the gas is the thermodynamic
driving force for the process [87]. In addition, vacancy re-solution and re-absorption
is required for the OR process. The process is controlled by He atom or vacancy
dissociation, depending on which of the dissociation energies is higher [88]. As a result,
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the OR process is expected to be dominant at higher temperatures (T > 0.5Tm ) where
vacancy migration can keep up with the He atoms. At interfaces, diffusion can occur
along the interface or in the bulk of the material and the faster of the two controls the
coarsening rate. Secondly, the equilibrium concentration of He is smaller for bubbles
nucleated on lattice defects than those in the bulk. This gap in He concentration may
induce additional fluxes from the matrix to the bubble surface and influence the OR
of heterogeneously nucleated bubbles [57].

2.4.4

Migration and Coalescence (MC)

The motion of a bubble through a solid requires the transfer of atoms from the
trailing to the leading surface via three routes: vapor transport within the bubble,
diffusion along the bubble surface and diffusion of a vacancy in the bulk. For faceted
bubbles, ledge nucleation must also be considered [89]. At low temperatures (T <
0.3Tm ), surface diffusion will be the fastest and control the MC process [90]. The
thermodynamic driving force for MC comes from the decrease in surface area of
bubbles as they coalesce. Gruber [91] has shown that it is possible to construct
bubble size populations due to random migration of bubbles and migration under the
influence of external stress. Growth of bubbles via the MC process is not significant
if the migration is random but can be enhanced under the influence of an external
driving force.The stress state at an extended defect will affect the migration behavior
of He bubbles. A previous study by Gruber [92] has incorporated the influence of
such a stress state, using an averaged hydrostatic stress acting as the driving force.

2.5

Growth of Voids

Inert gas atoms stabilize void embryos and assist the nucleation of voids. In bulk Ni,
He promotes nucleation of voids and increases the swelling rate [93]. There is evidence
to suggest that gas atoms are always involved in the nucleation process [94, 95]. As
seen in Section 2.4.2, the gas pressure of He in bubbles retards the thermal emission
of vacancies and reduces the critical size for bubble-to-void conversion. The further
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growth of nucleated voids is driven by supersaturation of vacancies in its vicinity. The
imbalance between vacancy and interstitial concentrations in the material is generated
by the presence of unequal losses of point defects to sinks. The bias of a sink to absorb
excess interstitials with the void absorbing the excess vacancies measures the potential
for void growth in the presence of these sinks [78].
He voids nucleated at extended defect sites will behave differently from voids
nucleated in the bulk of materials. Interfaces like phase boundaries, grain boundaries
are large, pre-existing sinks in the material and recombination sites for defects in
the material [96].. The levels of point defects in the vicinity of such interfaces are
low and it is more difficult to attain a supersaturation of vacancies required for void
growth. The swelling behavior of interfaces can be enhanced or reduced based on the
influence of He levels on the bias of sinks towards preferential absorption of a type
of point defect [97]. He may promote recombination of point defects or hinder their
diffusion at interfaces and He may induce the preferential absorption of vacancies at
the interface. Ultimately, the effects of He on the balance of sink strengths for point
defects is important and will influence the swelling behavior of materials.

2.6

Influence of He on Mechanical Properties

The affect of He in metals can be divided into surface and bulk effects. He accumulation near the surface in high concentrations produces blistering, flaking, sputtering
and surface swelling. Changes in the mechanical behavior induced by radiation effects
arise due to changes in the microstructure. He influences the mechanical behavior at
high temperatures where the nucleation and growth of He bubbles and voids are most
pronounced [98]. High temperature embrittlement due to He has been studied using
creep tests after (post-radiation) or during (in-beam) He implantation and irradiation. At low temperatures, the effect of He on hardening and embrittlement is not
well understood. The effect of He bubbles on embrittlement is negligible at low He
concentrations and becomes significant after a critical value when voids nucleate [99].
Voids contribute to hardening by acting as strong obstacles to dislocation motion.
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Dislocations pinned at voids have to bow around the void by the Ostwald mechanism
resulting in an increase in the flow stress [100]. With increasing He concentration,
materials show drastic reductions in the time to rupture and ductility [101,102]. In addition, the fracture mode changes from transgranular to intergranular [15,101]. These
observations have been explained on the basis of nucleation and subsequent growth of
He bubbles at grain boundaries under the influence of an external stress [103]. Under
stress, the voids at grain boundaries grow and coalesce resulting in the formation
of microcracks that grow plastically leading to failure [15, 57, 59]. The trapping of
He in bubbles at defect sites other grain boundaries such as nano-clusters could be
used to decrease the embrittling effect of He. The bubble density at grain boundaries
decreases due to a high density of He bubbles nucleated nano-clusters [104].The reduced He bubble density at grain boundaries might be beneficial for the retention of
ductility after He implantation.

2.7

He behavior at fcc-bcc interfaces

Similar to ODS ferritic-martensitic steels, magnetron sputtered fcc-bcc multilayer
thin films with a large interface area to volume ratio e.g. Cu-Nb, Cu-Mo and Cu-V
multilayers have demonstrated high He solubility and a high resistance to He-ion irradiation induced bubble formation. All the interfaces in the magnetron sputtered
fcc-bcc multilayers form in the Kurdjumov-Sachs orientation relationship [105, 106]
and are efficient sinks for capturing radiation-induced point defects [107, 108, 109].
Neutron reflectometry measurements on He-implanted Cu-Nb bilayers reveal that He
concentration in the vicinity of the interfaces increases. He ions migrate to the Cu-Nb
interface and are preferentially trapped at the interface [110]. Further evidence for He
trapping at Cu-Nb interfaces is obtained from elastic recoil detection (ERD) measurements that calculate the fraction of He retained in Cu-Nb multilayer thin films with
increasing temperature. With increasing temperature and decreasing layer thickness,
the amount of He retained in the decreases. This observation can be explained by the
preferential trapping of He at Cu-Nb interfaces. When the temperature is increased,
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fast diffusion along the interface allows He atoms to escape from free surfaces in the
Cu-Nb composite [111].
Furthermore, TEM experiments reveal that fcc-bcc multilayer nanocomposites
such as those formed between Cu-Nb [112, 11], Cu-Mo [113] and Cu-V [114, 115] that
He bubbles of diameter ∼1-2 nm are visible at the interfaces only above a threshold
He concentration. The critical He concentration at which bubbles can be observed
increases linearly with decreasing layer thickness . This observation validates that
He atoms are trapped at semi-coherent interfaces in the composite [116, 117]. The
different critical He concentrations for the different interfaces must be related to the
structure of the interface. It is postulated that the difference in He solubility is related
to the misfit strain across the interface through the density of misfit dislocation intersections (MDIs) in the interface [118]. Atomistic modeling shows that constitutional
vacancies exist at the MDIs [119, 112] and it is possible that He atoms are attracted
to the excess free volume at MDIs. However, this hypothesis has not been validated
and further investigation is required to understand how He atoms cluster and grow
into cavities at fcc-bcc interfaces.
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Chapter 3
Goals of this investigation
Chapter 2 provides examples of how He behaves differently at interfaces in comparison
to bulk materials and highlights the importance of interface structure and properties
on He trapping and bubble nucleation at interfaces. However, there is a lack of understanding of the fundamental processes that govern He defect behavior at interfaces
and this thesis tries to answer the following questions:

1. How does the structure of the interface affect the properties of interstitial and
substitutional He defects? Are there preferential trapping sites for He in the
interface?

2. What are the mechanisms of He-vacancy clustering at interfaces? How do the
clusters grow in size and what is its affect on the structure of the interface?

3. Develop an understanding of the nucleation of He bubbles at the interface.
What are the structural parameters that govern the size and number density of
nucleated bubbles at interfaces?

4. How do the He bubbles nucleated at the interface absorb point defects generated
during irradiation? What are the mechanisms by which He bubbles transform
into voids at interfaces?
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3.1

Research Methodology

The structure of any interface is controlled by misfit strain and chemical composition at the interface and can have different structures ranging between coherent,
semi-coherent and incoherent atomic configurations [120]. In order to draw quantitative conclusions that relate interface structure to He-interface interactions, model
Cu-Nb interfaces are chosen to study the mechanisms of He trapping, clustering, nucleation and growth of cavities. The modeling predictions are then compared with
the experimental measurements of He behavior at fcc-bcc interfaces that share the
same structural features as the Cu-Nb interface. Fcc-bcc interfaces are chosen in this
study since the same interfaces have shown remarkable resistance to bubble formation
in He-ion irradiation experiments.

3.1.1

Energetics of individual He defects at Cu-Nb interfaces

First principles electronic structure calculations provide the most direct approach to
obtaining He defect formation energies at interfaces, but such calculations are limited
in length to tens of Å. The computational complexity scales as the cube of the number
of atoms in the system. Instead, ab initio data is used to construct classical potentials
to model Cu-He, Nb-He and He-He interactions. The classical potentials developed for
Cu-He, Nb-He and He-He are joined with an existing embedded atom method (EAM)
Cu-Nb potential [109] to construct a Cu-Nb-He ternary classical potential. Model
Cu-Nb heterophase interfaces, constructed within LAMMPS [121] are used in this
study, along with potential energy minimization algorithms to calculate interstitial
and substitutional He defect energies at Cu-Nb interfaces.

3.1.2

Formation and growth of He clusters

The binding energies of He atoms to small He vacancy complexes are calculated using molecular statics (MS). The formation energies of He clusters at Cu-Nb interfaces
depend on the position He clusters at the interface. The change in the configuration
of the clusters as He concentration builds up is important to determine the stability
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of He clusters under irradiation. Changes in He and vacancy concentrations at the
interface are modeled using grand canonical Monte Carlo (GCMC) methods. But for
solid state interfaces at low homologous temperatures GCMC methods are inefficient
and successful modeling of He effects at interfaces will depend on the judicious use
of analytical and numerical treatments to compute the energies of He-vacancy complexes. Using molecular dynamics (MD), an equation of state for He trapped inside
the interfacial clusters is developed to understand how He-metal interactions affect
the growth of the clusters at the interface.

3.1.3

Stability of He clusters under irradiation

The time evolution of interfacial He clusters is investigated using reaction-diffusion
(RD) models developed on the basis of the insights gained by atomistic modeling.
The diffusivities and migration energies of defects that are inputs for the RD model
are calculated using the Cu-Nb-He classical potential. The effect of temperature,
vacancy supersaturation and He concentration on the size and stability of He bubbles
are simulated and the results are validated using neutron reflectometry measurements
of He-ion implanted fcc-bcc bilayers.
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Chapter 4
Simulation and experimental
methods
This chapter describes the modeling and experimental tools used to study the behavior of He at fcc-bcc interfaces. The first section provides background on density
functional theory as well as the algorithms used in classical potential molecular dynamics, potential energy minimization and the finite element model that are employed
in simulations presented in the subsequent chapters. The second section provides a
description of the neutron reflectometry experimental technique used to validate the
predictions made by modeling.

4.1
4.1.1

Modeling techniques
Density functional theory (DFT)

Density functional theory (DFT) is a quantum mechanical modeling approach used
to investigate the electronic structure of many-body systems of atoms, molecules, and
condensed matter. Within this theory, the energy of a many electron system in an
external potential is expressed as a functional i.e. function of another function, of the
spatially dependent electron density. DFT is a key tool for investigating structural
and electronic properties of condensed matter [122].
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A necessary first step in the investigation of structural properties of condensed
matter is to calculate the ground state energy of Schrödinger’s equation [123] for a
collection of M atoms and N electrons, which in the time-independent, non-relativistic
case [122, 124] is:
~ 1, R
~ 2 , ..., R
~ M ) = Eψ(~r1 , ~r2 , ..., ~rN , R
~ 1, R
~ 2 , ..., R
~M)
Ĥψ(~r1 , ~r2 , ..., ~rN , R
N
N M
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+
+
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∇ −
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RAB
i=1 A=1 iA
i=1 i>j ij
A=1 A>B

(4.1)

The first term in the Hamiltonian, Ĥ (when the mass and charge of an electron
are equal to 1), describes the kinetic energy of the electrons. The other three terms
represent the electrostatic attraction between electrons and nuclei and the repulsive
potential arising out of the electron-electron and nucleus-nucleus interaction respectively. The expectation value of the energy, E, is a functional of the wavefunction, ψ.
The Rayleigh-Ritz variational theorem states that the energy computed from a guess
for the wavefunction is an upper bound to the true ground state energy, Eo , and full
minimization of the energy functional with respect to the N -electron wavefunction
will give the true ground state [125].
To perform the minimization, the many-particle Eqn. (4.1) must be separated
into simpler single-particle equations. The Hartree-Fock theory proposes an ansatz
for the structure of ψ - an anti-symmetric product of wavefunctions, φj , each of which
obeys the single electron Schrödinger equation [126]. Substitution of this ansatz for ψ
in the Schrödinger equation produces a system of self-consistent equations (Eqn. 4.2)
that describe non-interacting electrons under the influence of an effective mean-field
R ρ(r0 ) 0
potential, Vef f (r) = − Zr + |r−r
0 | dr , consisting of the classical Coulomb potential
and a non-local exchange potential, as illustrated in Fig. 4-1.


− 21 ∇2 + Vef f (~r) φj (~r) = εj φj (~r)
N
P
ρ(~r) =
|φj (~r)|2

(4.2)

j=1

From this starting point, better approximations for ψ and Eo are obtained but the
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Figure 4-1: The Hartree-Fock ansatz reduces the problem of solving (a) the exact
many-particle Schrödinger equation to (b) a system of non-interacting electrons under
the influence of an effective potential.

computational complexity scales exponentially with the number of electrons treated
[127]. Therefore, traditional wavefunction methods are generally limited to atoms
with a small total number of electrons, on the order of a few tens of electrons. In
contrast, the formulation of DFT, while derived from the many-particle Schrödinger
equation, is finally expressed entirely in terms of a single variable - the spatial electron
charge density, ρ(~r), where ~r is the spatial position vector. Where traditional methods calculate the wavefunction in 3N-dimensional configurational space, DFT solves
for the wavefunction in 3-dimensional space. This is why DFT has been successful
in calculating the properties of condensed matter containing hundreds of chemically
active electrons where wavefunction methods encounter an exponentially rising computational cost.
The Thomas-Fermi (TF) theory model [128,129], a precursor to the DFT method,
was the first attempt to formulate the solution of the many-particle Schrödinger equation in terms of electronic charge density. But its main drawback was that it could
not account for chemical bonding [130]. The modern theory of DFT originated in
a paper authored by P. Hohenberg and W. Kohn [131], which proved that ρ(~r) of
a bound state of electrons in some external potential determines the external potential uniquely and by extension all energies of the material such as kinetic energy
of electrons [T (ρ(~r))], electron-electron [Eee (ρ(~r))], electron-nuclei [EeN (ρ(~r))] and
nuclei-nuclei [EN N (ρ(~r))] interaction energies. Each energy can be expressed as a
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functional of ρ(~r), and the total energy functional can be expressed as:
E(ρ(~r)) = T (ρ(~r)) + Eee (ρ(~r)) + EeN (ρ(~r)) + EN N (ρ(~r))
RRR 3
E(ρ(~r)) = T (ρ(~r)) + Eee (ρ(~r)) +
d ~rv(~r)ρ(~r) + EN N (ρ(~r))

(4.3)

Just as in the case of wavefunction methods, the Rayleigh-Ritz variational principle
is used to determine the ground-state energy, Eo , by minimizing E(ρ(~r)) with respect
to (ρ(~r) instead of the wavefunction. Kohn and Sham extended the Hartree-Fock
formulation of non-interacting electrons to DFT [132]. The resultant set of selfconsistent equations is called the Kohn-Sham equation:


− 21 ∇2 + Vef f (~r) φj (~r) = εj φj (~r)
N
P
ρ(~r) =
|φj (~r)|2

(4.4)

j=1

Vef f (~r) = v(~r) +

R

ρ(~
r0 )
d~r0
|~
r−~
r0 |

+ vxc (~r)

where vxc (~r) is the local exchange-correlation potential depending functionally on the
entire density distribution. Physically, it represents the contribution to the potential
arising from all the many-body electronic effects. However, the exact form of vxc (~r) is
not known and the usefulness of DFT hinges on describing this potential in a simple
and accurate manner.
The simplest description of the exchange-correlation functional is given by the
local-density approximation (LDA) that assumes the form of vxc (~r) at any spatial
position depends entirely on the value of the electronic charge density at that point
in space [125]. Various approaches in calculating the potential have generated several LDA’s such as Perdew-Zunger [133], Cole-Perdew [134], Perdew-Wang [135].
LDA gives bond lengths and thus the geometries of molecules and solids an accuracy of 1̃% [127]. Another expression for vxc (~r) is provided by the generalizedgradient approximation (GGA), which assumes that the exchange-correlation functional depends not only on the electron density at a particular point but also on the
gradient of the charge density at that same location e.g. Perdew-Burke-Ernzerhof
potential [136]. GGA has been used for high-accuracy molecular ground-state en46

ergy calculations [137, 138]. Further improvements to the approximate the exchangecorrelation have included hybridization of GGA with exact Hartree-Fock exchangecorrelation [139] to improve molecular properties like bond lengths and vibration
frequencies [140]. All the above approximations start from the same assumption that
the electronic charge density behaves like an electron gas with slowly varying spatial
charge density. While this may be true in many cases, the approximations listed here
fail in certain cases for example, (a) when Van der Waals forces are important in
interatomic bonding [141, 142], (b) adsorption of atoms on surfaces, and (c) partially
filled electronic shells.
Chemical bonding in metals and semiconductors is almost completely determined
by the behavior of the valence electrons. In such cases, the many-body Schrödinger
equation can be simplified by treating the valence and core electrons separately. Electrons in the inner shells, the core electrons, are tightly bound to the nucleus and play
no role in bonding. Furthermore, they screen the charge of the nucleus. The inner
electrons may therefore be ignored, provided that the atom is replaced by an ionic core
with an ”effective” screened charge that interacts with its valence electrons, which
are represented using the Kohn-Sham formulation. This may be accomplished by using a pseudopotential to describe an effective potential experienced by the valence
electrons [143]. Pseudopotentials are obtained by choosing pseudo-wavefunctions
that coincide with the true valence wavefunctions beyond a certain cutoff distance
from the nucleus [144, 145]. Several software packages have implemented DFT and
some of the most commonly used ones are: Vienna Ab-initio Simulation Package
(VASP) [146, 147], Quantum ESPRESSO [148], ABINIT [149], and GPAW [150].
One of the main drawbacks of DFT is the high computational complexity associated with treating valence electrons via the Kohn-Sham formulation. The increase
in computational resources required for a DFT calculation scales as ∼ N 3 , where N
is the number of valence electrons. This means that systems only on the order of a
few hundred atoms can be treated using DFT with reasonable computational effort
and the properties of complex microstructural features such as dislocations, grain
boundaries, interfaces and precipitates cannot be accessed using this method. Much
47

effort is dedicated to developing DFT schemes with linear scaling [151, 152, 153].

4.1.2

Classical potential molecular dynamics (MD)

Atomistic simulation is the computational modeling of material properties at level
of atoms by calculating the forces acting on individual atoms. The most common
methods used in such studies are Monte Carlo (MC) and molecular dynamics (MD)
simulations [154]. The MC method relies on repeated random sampling to generate
atomic configurations from a probability distribution and calculates the equilibrium
thermodynamic properties for the sampled ensemble. On the other hand, MD simulations track the collective motion of atoms in real space and time to provide realistic
trajectories in phase space. Trajectories of atoms are determined by numerically
solving the Newton’s equations of motion (Eqn. 4.5) for a system of N interacting
particles, where the forces between the particles and the potential energy are defined
by classical interaction potentials.
ṙi =

pi
mi

(4.5)

ṗi = −∇ri U = fi
Here, ri , pi , mi and fi represent the position, momentum, mass and force on i, one of
the 3N degrees of freedom, each associated with the a component of a single atomic
position. U denotes the value of the potential energy, calculated for the spatial
configuration of the atoms.
The potential energy is expressed by a classical interatomic potential that describes the interaction between two nuclei, which are treated as classical point masses.
Just as in the case of DFT, classical potentials entail a loss in precision as a result
of reduction from a full quantum description. However, whenever accurate potentials are available, their use is attractive because it incurs lower computational costs.
Classical potential simulations may therefore be carried out on atomic configurations
containing 105 atoms and for times 5-6 orders of magnitude longer in comparison to
first principles methods. A common form of potentials for studying metals is the em48

bedded atom method (EAM) [155,156,157]. The energy of an atom, Ei , is a function
of the separation between the atom, i, and its neighbors:
!
Ei =

P
1
2

φαβ (rij ) + Fα

i6=j

P

ρβ (rij )

(4.6)

i6=j

where rij is distance between atoms i and j, φαβ is a pair-wise potential function, ρβ
is the contribution of atom j of type β to the electron at the location of i, and Fα is
the embedding function that represents the energy to add atom i of type α into the
background electron density. Since the electron density is a summation over many
atoms, EAM is a multi-body potential.
Using the classical potential to calculate interatomic forces, Eqn. 4.5 are integrated to calculate atomic trajectories by solving Newton’s laws. The time integration
is performed using a finite difference scheme such as the Verlet algorithm [158, 159]
and the positions and accelerations at the current time step and positions from the
previous step are used to perform the numerical integration. These quantities are used
to advance the atomic positions over a suitably chosen time step. The calculation of
interatomic forces required in estimating accelerations is the most computationally
expensive step in MD simulations. For this reason, other integration techniques such
as the Runge-Kutta-Gill method, which require several force evaluations are rarely
used [154]. With a judicious choice of the time step, a MD simulation produces an
energy-conserving trajectory for the atomic positions that is time-reversible.
Additionally, a variety of specialized methods are used to perform simulations
at constant pressure, temperature, enthalpy etc. [154]. One example is the use of a
Langevin thermostat [160, 161], based on Brownian dynamics algorithms, in which
atoms interact with a background ”solvent” to control temperature in MD simulations. In this method, the total force on each atom, F , will have the form:
F = Fc + Ff + Fr

(4.7)

Here, Fc is the conservative force computed from the interatomic potential. The next
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two terms are added on a per-particle basis. Ff is a frictional drag term proportional
to the particle velocity and Fr is a force due to solvent ”atoms” at the fixed temperature randomly bumping into the particle. The altered interatomic forces generate
trajectories that obey the canonical (NVT) ensemble.
The calculation of the potential energy and interatomic forces of an atomic configuration forms the core of a MD simulation and may be executed many millions
of times in a long time simulation. Unfortunately, this is also the computationally
most expensive step since it requires looping over all pairs of atoms. Whenever possible, introducing a cut-off radius for interatomic interactions significantly reduces the
computational complexity. Only atoms within the cut-off radius interact with each
other. Using a cutoff-radius in combination with Verlet neighbor lists and linked-cell
lists [154], efficient MD simulations that scale linearly with the number of atoms are
used to study systems containing many thousands of atoms.

4.1.3

Potential energy minimization (PEM)

While MD is a useful tool to study the collective motion of atoms that obey classical
dynamics, there are many situations where the static equilibrium configuration of
atoms, rather than their motion, is of interest. In such cases, thermal motion might
obscure the phenomenon of interest and it is better to altogether remove it. In states
of equilibrium, the potential energy of the system is at a local minimum. Therefore,
potential energy minimization (PEM) [162, 163] may be used to equilibrium atomic
configurations. Algorithms commonly used in PEM simulations are the commonly
used local minimization methods such as Newton-Raphson, steepest descent and conjugate gradient methods [164]. All of these methods are iterative.
The Newton-Raphson method is the most computationally expensive per step
of all methods to perform PEM and is based on the Taylor series expansion of the
potential energy landscape at the current configuration. The direction in which the
atoms are moved depends on the first derivative of the potential energy surface (the
gradient) as well as the second derivative of potential energy surface (the curvature).
It is the necessity of calculating these derivatives at each step that makes the method
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computationally very expensive. However, the Newton-Raphson method requires the
least number of iterations to reach the minimum potential energy configuration. The
steepest descent algorithm eliminates the calculation of numerous second derivatives
by approximating the curvature of the potential energy surface as a constant. The
direction in which the atomic configuration is optimized is opposite to the direction
in which the potential energy gradient is largest at the initial point. Once a minimum
in the first direction is reached, a second minimization is carried out from that point,
again moving in the direction of the steepest decrease. The procedure is repeated
until a minimum has been reached in all directions to within a sufficient tolerance.
The method is faster per step when compared to the Newton-Raphson method but
also requires a larger number of steps to find the minimum in the potential energy
landscape.
In the conjugate gradient method, the first step is identical to the steepest descent
method [165,166]. Given a function, f (x), of N variables to minimize, xn is the spatial
configuration of atoms after n iterations. The system configuration is varied in the
direction, sn , with an adjustable step length, α. The configuration is moved along
the same direction until a minimum w.r.t. α is reached i.e. αn := arg min f (xn + αsn )
α

and the new configuration is (Eqn. 4.8):

xn+1 = xn + αn sn

(4.8)

After the first iteration in the steepest direction, the procedure is repeated along
a new direction, sn+1 , until the convergence criterion is met. The difference between
the steepest descent algorithm and the conjugate gradient method is the manner in
which the new direction is chosen (Eqn. 4.9):

sn+1 = gn+1 + βn+1 sn
βn+1 =

gn+1 T (gn+1 −gn )
gn T gn

(4.9)

gn = −∇x f (xn )
If is β equal to zero, the conjugate gradient method is identical to steepest descent
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algorithm. The advantage of selecting a β is that every new minimization direction
is independent of the direction chosen in the previous step. The frequent retracing
of steps common of the steepest descent method is avoided and, as a result, the
convergence rates achieved using the conjugate gradient method are higher.

4.1.4

Finite element method (FEM)

The finite element method (FEM) is a numerical technique for finding approximate
solutions to partial differential equations (PDEs). At the heart of the technique is
the partitioning of the domain into elements over which the solutions to equations are
represented by a standard form (e.g. polynomial). The division of a whole domain
into simpler constituents has several advantages: complex geometries and the effect
of local heterogeneities can be reproduced accurately, dissimilar material properties
can be included, and a representation of the complete solution is possible [167].
Fig. 4-3 outlines the sequence of steps necessary to solve a model problem using
FEM. The first step in the construction of any model to be solved using FEM involves
specifying the input parameters namely the geometry, boundary conditions, material
parameters, and desired accuracy of the solution. This step is followed by the discretization of the geometry into finite sub-domains. The size of each sub-domain is
fixed by the mesh size. Using finer mesh sizes improves the accuracy of the result but
at increasing computational cost. Instead adaptive meshing techniques [168, 169] are
used to increase the precision of the result by increasing the density of mesh points
only in the regions where desired accuracy is not achieved.
The PDEs are approximated within each sub-domain by simpler equations that
are solved within the framework of the finite element analysis and the error in the approximate solution is estimated. If the desired tolerance is not achieved, the sequence
of steps is repeated after refining the mesh in the regions where it is required. In this
thesis, the finite element method as implemented in COMSOL is used to calculate
solutions for PDEs. The mathematical foundation of the finite element method is
explained in detail in the following references: [ [170]] and [ [167]].
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Figure 4-2: Flow chart of the adaptive refinement procedure used in finite element
analysis [169].

4.2
4.2.1

Experimental methods
Neutron reflectometry (NR)

Neutron reflectometry is a neutron diffraction technique for studying the structure of
thin films, similar to the technique of X-ray diffraction. In this method, a highly collimated beam of neutrons is directed on to the surface of the sample and the intensity
of the reflected radiation is measured as a function of the angle or neutron wavelength. Reflectivity, R, the ratio of the intensity of the reflected beam to the incident
beam and is measured a function of the neutron momentum transfer vector Qz , where
Qz = 4π sin(θ)λ , θ is the angle of incidence of the beam, and λ is the wavelength of the
neutron. Typically, the wavelength of neutrons used in these experiments is in the
range of 0.2-1 nm. As a result, NR has excellent spatial resolution in one dimension,
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on the order of a few Å.
The exact shape of the reflectivity profile is analyzed to extract the scattering
length density (SLD) profile as a function of depth from the sample surface. The
SLD of a volume V containing n different atom types may be expressed as:
n
1 X
SLD =
bi
V i=1

(4.10)

where bi is the coherent scattering length of the ith atom type. Knowing the
SLD profile as a function of depth, information about the thickness, density, chemical
composition and roughness of each layer in the sample can be estimated. The SLD
profile corresponding to a measured reflectivity curve is obtained through a fitting
procedure. Although, the SLD is a continuously varying function, the structure is
approximated as a slab model in which the layers characterized by their

1. thickness, ti ,

2. scattering length density, ρi ,

3. roughness, σi,i+1 ,

are sandwiched between the top surface environment (layer 0) and the substrate phase
(layer n + 1) [171], as shown in Fig. 4-3.
The reflectivity profile of a particular slab model is evaluated using the Abelès
matrix method [172,173] for specular reflection from a stratified medium. The Abelès
matrix method produces a reflectivity profile that is identical to the reflectivity profile
obtained from the Parratt formulation [174]. In the Abelès matrix description, the
value of the wave vector, k, in layer i is given by (Eqn. 4.11):


Qz
ki =
− 4π (ρi − ρ0 )
2

12
(4.11)

The Fresnel reflection coefficient between layer i and layer i + 1, corrected for the
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Figure 4-3: Schematic of neutron reflectivity from a stratified medium [171].
roughness of each interface, is then expressed as:

ri =

ki − ki+1
exp(−2ki ki+1 σi,i+1 )
ki + ki+1

(4.12)

Eqn. 4.12 along with a phase factor, βi = ki ti that incorporates the effect of the
layer thickness is used to construct the characteristic matrix, ci , for the layer:

ci = 

exp βi

ri exp βi

ri exp(−βi ) exp(−βi )




(4.13)

The reflectivity, R, is calculated from the resultant matrix, M , the product of the
layer characteristic matrices as follows:
M=

n
Q
i=0

R=

M11
M21

ci
2

(4.14)

A refinement procedure is used to minimize the differences between the theoretical
reflectivity curve (Eqn. 4.14) and the measured reflectivity curves, by changing the
parameters that describe each individual layer. To avoid over-fitting, simple structural
models employing the minimum number of layers to obtain satisfactory fits are used.
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Like all neutron diffraction techniques, NR is sensitive to contrast arising from
different nuclei (as compared to electron density, measured in x-ray diffraction). This
allows NR to not only distinguish between elements with similar atomic numbers but
also differentiate between various isotopes of an element. On the other hand, its main
disadvantage is the high cost of infrastructure required to generate neutrons, which
is either a research reactor or a spallation source based on a particle accelerator. As
a result, only a few facilities have the capability to perform NR experiments. In this
study, NR measurements are carried out at the Surface Profile Analysis Reflectometer
(SPEAR) [175], a time-of-flight (ToF) instrument at the Lujan Neutron Scattering
Center, Los Alamos Neutron Science Center (LANSCE), Los Alamos National Laboratory.
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Chapter 5
Development of Cu-Nb-He
potential
This chapter describes the first principles methods used to calculate Cu-He, Nb-He
and He-He interatomic forces and the procedure used to construct a Cu-Nb-He ternary
classical potential.

5.1

Strategy

To model He at Cu-Nb interfaces, accurate interatomic potentials to describe the
interactions between the constituent atoms are needed. Previous efforts to construct
Cu-He [176] and Nb-He potentials [177] were based on the Hartree-Fock-Slater (HFS)
approximation and a numerical integration scheme developed by Wedepohl [178].
The HFS methods ignore electron correlation effects and this leads to large deviations from experimental observations [126]. Instead, density functional theory (DFT)
simulations are used to calculate the interatomic forces between Cu-He, Nb-He and
He-He as a function of interatomic distance. DFT calculations show that He interacts
with fcc Cu, bcc Nb, and other He atoms through short-range, radial, environmentindependent forces.These forces are used to obtain two-body interaction potentials for
He in Cu and Nb that predict He impurity formation energies in excellent agreement
with DFT [179].
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5.2

Method to compute interatomic forces

DFT calculations of interatomic forces are carried out under periodic boundary conditions using the Quantum ESPRESSO code [148]. For Cu, the Rabe-Rappe-KaxirasJoannnopolous ultrasoft pseudopotential [144] and for Nb, the Vanderbilt ultrasoft
pseudopotential [145] is used. For both Cu and Nb, the exchange-correlation potential
of electron is approximated using the Perdew-Burke-Ernzerhof generalized gradient
approximation (GGA) [136]. In addition, the Cu-He forces calculated using the GGA
approximation are compared with the forces calculated using the Perdew-Zunger local
density approximation (LDA) [133]. An energy cut-off for wavefunctions of 800 eV
is chosen and Methfessel-Paxton [180] smearing of 0.14 eV is applied to perform the
Brillouin zone (BZ) integration. The BZ is sampled using a Monkhorst-Pack k-point
mesh [181] and all calculations are checked for energy convergence with respect to
the input parameters used in the model. The validity of the calculations is verified
by comparing the equilibrium lattice parameter, cohesive energy and bulk modulus
calculated within DFT at 0 K for fcc Cu and bcc Nb with experimentally determined
values.
Forces between He and other atoms X (Cu, Nb, or He) are calculated as functions
of interatomic distance, r, via three methods. In the first method, the force between
atoms in a He-X dimer is found as a function of bond length, as shown in Fig. 5-1.
The interatomic separation is systematically increased and the force between Cu and
He computed at each separation distance using DFT.
In the second method, a He atom is inserted into a high symmetry site (e.g.
octahedral,tetrahedral interstitial and substititutional sites) in a perfect crystal of X
and the forces on all atoms are calculated without allowing the atomic structure to
relax. Due to the symmetry of the crystal, the net force on the He atom is zero, as
is the net force on any X atom due to all other X atoms. Thus, any resultant force
on an X atom is due to interactions with He. Varying the lattice parameter of the
crystal modifies He-X interatomic distances and allows the full force-distance curve
to be computed, as shown in Fig. 5-2.
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r1
F1
He

Cu

r2

F2

Cu

He

Figure 5-1: Cu-He interatomic force calculated by systematically increasing the interatomic distance between Cu and He atoms.

The third method can be used to calculate forces due to a He atom inserted into
any chosen configuration of X atoms. First, the forces FX exerted by X atoms on
each other in the absence of He are computed. Next, a He atom is inserted at the
desired location and the total forces FX+He on X atoms in the presence of He are
computed. Subtracting FX from these forces gives FHe−X , the increment of force on
any atom X due to the presence of He (Eqn. 5.1):

FHe−X = FHe+X − FX

(5.1)

This method is employed to calculate the forces on configurations of X atoms
obtained during several steps of conjugate gradient energy minimization relaxation of
He octahedral, tetrahedral and substitutional impurities in the metal lattice in DFT.
In addition, forces acting on metal atoms by a He octahedral interstitial shifted to low
symmetry locations along <100>, <110> and <111> directions are also calculated
using Eqn 5.1. Fig. 5-3 illustrates this calculation on the example of a relaxed He
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F1

a1 a2

-Cu

F2

-He

Figure 5-2: Computing the Cu-He force-distance curve by controlling the lattice
parameter
octahedral interstitial in fcc Cu.

FCu

FCu+He
-He

-Cu

Figure 5-3: For a relaxed He octahedral interstitial (gray) in fcc Cu, FHe−Cu , are
computed as differences between the total force on Cu atoms in the presence of He,
FCu+He (left) and forces exerted by Cu atoms on each other in the absence of He,
FCu (right)
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5.3
5.3.1

Results of the DFT calculations
Properties of fcc Cu and bcc Nb calculated with DFT

The accuracy of the DFT calculations is checked by comparing the equilibrium lattice parameter (ao ), cohesive energy (Ecoh ), and the bulk modulus at the equilibrium
lattice parameter (B) computed from simulations with experimental measurements.
The first two quantities are obtained by systematically varying the lattice parameter
of Cu and Nb and calculating the energy per atom. Fig. 5-4 shows such the variation
of energy per atom with lattice parameter for Cu calculated under the GGA approximation. The lattice parameter at which the energy per atom reaches a minimum
corresponds to ao and the energy at this lattice constant value, the cohesive energy
per atom. The bulk modulus is related to the curvature of the energy per atom vs.
lattice parameter at ao :
1
B=
9ao



∂ 2E
∂a2


(5.2)
a=ao

The curvature at the minimum energy lattice parameter is calculated by fitting
the data around the minimum to a parabola and then calculating the second derivative from this curve. Similar calculations are carried out for Cu under the LDA
approximation and for Nb using the GGA approximation. The results are presented
in Table 5.1. Values for a0 , Ecoh , and B are in reasonable agreement with experimental measurements. Consistent with previous studies, GGA over-predicts equilibrium lattice parameters and under-predicts cohesive energies. The opposite is true of
LDA [137, 138].

5.3.2

Cu-He force-distance curve

Cu-He forces calculated by all three of the methods introduced in section 5.2 are presented in Fig. 5-5. Lattice expansion calculations are performed for a He octahedral
interstitial in an 8-atom fcc Cu matrix using both GGA and LDA. In both cases,
the introduction of He atom in the octahedral site resulted in a repulsive force only
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Figure 5-4: Variation of energy per atom as a function of lattice parameter for
Cu(GGA).

on the nearest neighbor Cu atoms. He only interacts with its nearest neighbor Cu
atoms, and no Cu atom interacts with more than one He atom. As shown in Fig. 5-5,
the Cu-He force-distance curves generated by the lattice expansion method match
closely despite the different properties of pure Cu predicted by GGA and LDA (Table
5.1). Cu-He forces determined from various stages in the relaxation of He octahedral,
tetrahedral, and substitutional impurities in a 27-atom fcc Cu crystal are in excellent agreement with the lattice expansion simulations, indicating that the forces do
not depend on the detailed structure of He atom environments. The centrality of all
Cu-He forces is confirmed by shifting a He octahedral interstitial to low symmetry
locations along <100>, <110> and <111> directions and confirming that the angle
between the Cu-He force and radius vectors is zero. This result may be explained
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Table 5.1: Comparison between DFT-calculated and experimental values of lattice
parameter (a0 ), cohesive energy (Ecoh ) and bulk modulus (B) for Cu and Nb.

Quantity

ao (Å)

Ecoh (eV)

B (GPa)

Cu, DFT-GGA
Cu, DFT-LDA
Cu, Experiment
Nb, DFT-GGA
Nb, Experiment

3.676
3.551
3.615 [182]
3.310
3.301 [185]

3.474
4.459
3.54 [183]
7.293
7.47 [186]

139.02
170.01
142.0 [184]
168.0
173.0 [184]

directly from the electronic charge densities computed in DFT.

Cu-He Interatomic Force (eV/ Å)

10
Dimer
Lattice Expansion (GGA)
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Figure 5-5: Cu-He force-distance curves, FCu−He (r), calculated using the three different methods described in the text.
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The relaxed charge density distribution around the octahedral He defect in fcc
Cu, ρCu+He , computed from DFT is compared to the superposition (ρCu + ρHe ) of
the ground state charge densities of the same system without the He impurity ρCu
(i.e. containing Cu atoms only) and an isolated He atom ρHe . The difference between
ρCu+He and (ρCu + ρHe ) gives ∆ρ, the redistribution of the charge density in the
electronic ground state of the combined system:
∆ρ = ρCu+He − (ρCu + ρHe )

(5.3)

The values of ∆ρ as a function of distance from a He octahedral along three
crystallographic directions is illustrated in Fig. 5-6. In the case of the octahedral
He interstitial in fcc Cu, the largest variation in charge density occurs along the
<100> direction between the Cu and He atom. The charge density does not vary
along the other two directions. Charge is depleted around the He atom and builds
up around its first nearest neighbor. The energy associated with ∆ρ is estimated by
taking the difference in the relaxation energies of the electronic charge densities of the
combined Cu-He system and that of the same system without the He impurity (the
self consistent electronic charge density relaxations are initialized to a superposition
of atomic orbital densities in both cases). This energy difference is on the order of
1.2 eV or 0.1eV per Cu-He bond: a low value that can be attributed to the high first
ionization energy and zero electron affinity arising from the closed shell electronic
structure of He. The charge density distribution obtained by the superposition of the
charge densities of fcc Cu and an isolated He atom is therefore a good approximation
to the ground state charge density of He defects in Cu.
This insight is used along with the Hellmann-Feynman equation [143, 187] (Eqn.
5.4) to demonstrate the centrality of He-Cu forces:
FCu = −

Z

∂vCu (r − RCu )
∂EN ({R})
ρ(r)
dr −
−
∂RCu
∂RCu

Z

δEN ({R}) ∂ρ(r)
dr
δρ(r) ∂RCu

(5.4)

In the above expression,ρ(r) is the electronic charge density for nuclear configuration {R}. The force on a Cu atom, FCu , with nuclear coordinates RCu arises from
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Figure 5-6: Plot of the redistribution of charge density ∆ρ for an octahedral He
interstitial in fcc Cu along <100>, <110>, <111> directions. The He atom is at the
origin and the distance to the first nearest neighbor (NN) Cu atom is shown.

the electron-nucleus coulombic interaction, vCu (r − RCu ), and the nucleus-nucleus
coulombic interaction, EN ({R}). According to the variational principle [131], the
last term in Eqn. 5.4 vanishes identically for the ground state charge density, which
is assumed to be the superposition of the charge densities of fcc Cu and an isolated
He atom: ρ=ρCu + ρHe . Substituting this expression into Eqn. 5.4 and subtracting
the forces exerted by the other Cu atoms in the absence of the He atom, an expression
for the Cu-He force (Eqn. 5.5) is obtained.
FCu−He

ZCu
=−
4πε0

Z

ρHe (r)
ZHe ZCu
2 dr +
(r − RCu )
4πε0 (RHe − RCu )2

(5.5)

where 0 is the permittivity of vacuum, ZCu , ZHe are the atomic numbers and
RCu , RHe the nuclear coordinates of Cu and He respectively. The second term on
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the right hand side of Eqn. 5.5 is the Cu-He nuclear interaction: a radially repulsive
force. Because the charge density of an isolated He atom is spherically symmetric, the
first term on the right hand side of Eqn. 5.5 yields a radially attractive force. Thus,
Eqn. 5.5 demonstrates that the Cu-He interatomic force is central if the ground state
charge density is ρ=ρCu + ρHe .
Furthermore, Fig. 5-5 shows that the force-distance curve obtained form a Cu-He
dimer calculation is markedly different from those obtained by other methods. This
too can be explained from an investigation of charge densities. The charge density
redistribution ∆ρ was computed for the Cu-He dimer using Eqn. 5.3. The energy
decrease per Cu-He bond of 0.2 eV associated with ∆ρ for the dimer is larger than
in the case of the He octahedral in fcc Cu. The ∆ρ = ±0.02 electrons/Å3 isosurface
is shown in Fig. 5-7. The largest magnitude of ∆ρ occurs along the dimer axis and
is twice that for He defects in fcc Cu. In contrast to He in fcc Cu, the charge density
redistribution along the dimer axis increases near the He atom. Therefore, the ground
state charge density of a Cu-He dimer is a poor approximation to the ground state
charge density of He defects in fcc Cu, leading to significant differences in the Cu-He
force distance curve. As a result, interatomic potentials generated on the basis of
dimer calculations cannot accurately reproduce He behavior in bulk materials.

5.3.3

Nb-He and He-He force-distance curves

A similar procedure to the one described above is employed to obtain the Nb-He
force as a function of interatomic distance. 8 Nb atoms are used in lattice expansion
simulations and 16 atoms in He interstitial and substitutional simulations. All forces
are central, limited in range to Nb second nearest neighbors, and collapse onto a
single force-distance curve, as shown in Fig. 5-8.
He-He interactions are studied by inserting He dimers and trimers into octahedral
sites in fcc Cu and bcc Nb. Distances between He atoms are varied by systematically
changing (a) the lattice parameter of fcc Cu (b) position of any 1 He atom keeping
the positions of all other atoms fixed, thereby allowing the He-He force distance curve
to be computed. As in the case of Cu-He and Nb-He, He-He forces are found to be
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Figure 5-7: ±0.02 electron/Å3 ∆ρ isosurface for the Cu(right)-He(left) dimer. Positive
charge density differences are in yellow and negative in blue.
short-ranged and central, illustrated in Fig. 5-9. The force-distance curves obtained
from the DFT calculations show good agreement with He-He potentials constructed
using quantum Monte Carlo (QMC) methods [188, 189].

5.4

Cu-He, Nb-He, and He-He construction procedure

The force-distance curves obtained from the lattice expansion calculations are integrated to obtain two-body He-Cu, He-Nb, and He-He interaction energies V (r) [190].
Following the work of Derlet et al. [191], these can be expressed as a sum of cubic
knot functions (Eqn. 5.60:

V (r) =

N
X
n=1

Vn (rn − r)3 Θ(rn − r)

(5.6)

where Θ(x) is a Heaviside step function defined as (Θ(x) = 1 for x > 0 and Θ(x) = 0
for x < 0). The parameters Vn and rn are optimized using a least-squares fitting
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Figure 5-8: Nb-He force-distance curves, FN b−He (r).
procedure to reproduce the V (r) computed from DFT. The complete parameterization
of the Cu-He, Nb-He and He-He interatomic potentials is presented in Table 5.2. The
two-body energies in Table 5.2 may be combined with any Cu or Nb potentials to
model Cu-He and Nb-He systems. In this case, the potentials are joined with an
existing embedded atom method (EAM) Cu-Nb potential [109].

5.5

Validation of the interatomic potentials

The EAM Cu-Nb-He potential was validated by comparing He interstitial and substitutional defect formation energies in Cu and Nb predicted by the potential with
those computed with DFT. The energies of He octahedral, tetrahedral, and substitutional impurities are calculated in a 27-atom fcc Cu supercell and a 16-atom bcc
Nb supercell. However, the equilibrium lattice constants for fcc Cu and bcc Nb as
predicted by DFT are not identical to the experimentally measured quantities (Table
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Figure 5-9: He-He force-distance curves, FHe−He (r).

5.1) whereas the EAM potentials for Cu and Nb are fitted to the experimental values
and reproduce those numbers exactly [109]. In order to make the correct comparison
all the He defect formation energies are calculated in fcc and bcc crystals with the
same lattice parameter, namely the lattice parameter predicted by DFT. He defect
f
formation energies, Edef
ect , are computed as:

f
f inal
Edef
(nX, 1He) − E initial (nX) − EHe
ect = E

(5.7)

where n is the number of metal atoms of type X, E f inal (nX, 1He) is the energy of the
relaxed defect configuration, E initial (nX) is the energy of the n metal atoms in the
initial configuration without He and EHe is the energy of an isolated He atom. An
ideal gas reference bath for He is assumed, where its chemical potential is 0 eV. The
agreement between defect energies computed by DFT and the potential, shown in
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Table 5.2: Parameters to describe the Cu-He, Nb-He and He-He classical potentials

Cu-He

Nb-He

He-He

rn

Vn

rn

Vn

rn

Vn

(Å)

(eV/Å3 )

(Å)

(eV/Å3 )

(Å)

(eV/Å3 )

0.40486
0.72992
1.05599
1.36288
1.95496
3.46170

264.83039
266.92197
266.70238
154.07804
7.61660
0.18906

0.45709
0.82732
1.19892
1.54608
2.14043
3.82226

142.01120
143.11966
143.52574
86.92118
6.12662
0.12186

2559.38678
2271.41156
25.43727
6444.41402
-6428.86903
2.63383

0.25853
0.46187
1.10556
1.49970
1.50000
2.00623

Table 5.3 are in excellent agreement, despite the fact that the potential was not fitted
to these energies. The small discrepancies in He defect energies found by DFT and the
EAM potential are primarily due to differences in the calculated properties of Cu and
Nb, which may be influenced by the structure of local atomic environments. These
discrepancies can be correlated to the coordination of the defect site, its background
charge density, or three-body interactions among Cu and Nb atoms neighboring the
defect site. Similar to Seletskaia et al. [30], three-body interactions are found to best
describe the discrepancies, but these are not incorporated into the potential since
the error introduced by omitting them is small and does not justify the additional
complexity involved.
The validity of the potential is further tested by comparing the energies and forces
computed in DFT and using the potential in a 27-atom fcc Cu system with the He
atom inserted mid-way between the center of octahedral site and the nearest neighbor
Cu atom. The force acting on the nearest Cu atom predicted by the potential is 114.8
eV/Å, which agrees well with DFT prediction of 114.6 eV/Å. The energy of the system
calculated by the potential is 24.57 eV, also in good agreement with the DFT value
of 23.75 eV.
Since He interactions with Cu and Nb are short range and radial, a He impurity
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Table 5.3: Calculated defect energies for He substitutional, tetrahedral and octahedral
defects in Cu and Nb

Cu
DFT
(eV)

EAM
(eV)

Octahedral
4.0325 4.0612
Tetrahedral
4.1627 4.2372
Substitutional 1.4281 1.6494

Nb

EAM
(converge)(eV)
4.004
4.1450
1.5617

DFT
(eV)

EAM
(eV)

3.7147 3.7500
3.4547 3.7073
1.4158 0.8792

EAM
(converge)(eV)
3.5666
3.4515
0.8131

atom may be viewed as a soft misfitting sphere around which Cu and Nb atoms relax
elastically. Therefore, any dependence of He defect energies on system size most likely
arises from overlap of the elastic fields of periodic images of the defect. To validate this
claim, the formation energy of an octahedral He defect in a 64-atom fcc Cu supercell
using the constructed EAM potential and DFT is compared. The potential gives a
value of 4.0296 eV, in good agreement with the DFT value of 4.003 eV. The decrease
in octahedral defect energy due to increase in system size from 27 to 64 atoms is
0.0295 eV as predicted by DFT, while the decrease predicted by the EAM potential
is 0.0316. The convergence of He octahedral, tetrahedral, and substitutional energies
with system size is studied using the potential, in both Cu and Nb. The converged
He defect energies are obtained using a 4000 atom fcc Cu supercell and a 6750 atom
bcc Nb supercell and are provided in Table 5.3. In all the cases, the energy of the He
defect decreases with increasing in system size but the relative stability of defects in
both fcc Cu and bcc Nb is not altered.
The potential may be considered predictive since it is able to compute accurate
defect formation energies despite not being fitted to them. Furthermore, it is expected
that the ternary classical Cu-Nb-He potential developed in this study is transferrable
to other structures containing He in condensed phases of Cu or Nb on the grounds of
the understanding of the effect of He impurities on total electronic charge density, as
described in section 5.3.2.
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Chapter 6

Trapping and clustering of He
defects at a Cu-Nb interface

This chapter discusses the atomistic studies carried out to understand the trapping
and clustering behavior of He at Cu-Nb interfaces, as discussed in chapter 3, using
the EAM potential developed in the previous chapter 5. The first section describes
the construction of the model Cu-Nb interface. The trapping of isolated He defects
is studied at the Cu-Nb interface using molecular statics. He atoms are preferentially
trapped at the intersection between interfacial misfit dislocations and agglomerate
with vacancies to form clusters there. The growth of He-V clusters proceeds in two
modes: small clusters grow parallel to the interface by wetting it, followed by growth
normal to the interface. This behavior is a direct consequence of the spatial heterogeneity of interface energy. This insight is used to create a mesoscale model of
He-V growth. This chapter concludes with a discussion on the state of He trapped in
interfacial clusters.
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6.1
6.1.1

Structure of Cu-Nb heterophase interfaces
Construction of Cu-Nb model interface

In this thesis, the investigation is performed on an atomic model of an interface found
in magnetron sputtered multilayer composites of face-centered-cubic (fcc) copper (Cu)
and a body-centered- cubic (bcc) niobium (Nb). The interface forms with {111}Cu and
{110}N b terminal planes parallel to and abutting each other. Furthermore, < 110 >Cu
and < 111 >N b directions are parallel in the interface plane, so the Cu and Nb
layers are in the Kurdjumov-Sachs (KS) orientation relation [106, 105]. A model of
this interface is created by joining blocks of Cu and Nb oriented in the appropriate
directions as shown in Fig. 6-1 (visualized using AtomEye [192]). Because of the
disproportionate nature of the Cu and Nb lattices at the interface, the x and y
dimensions are determined such that the strains imposed on the semi-infinite perfect
Cu and Nb crystals are minimized when periodic boundary conditions are imposed
[193]. Each block is approximately 10 nm wide along the directions parallel to the
interface plane and 4 nm thick in the direction normal to the interface. The simulation
cell is periodic in the interface plane and ends with free surfaces in the direction normal
to the interface plane. The interatomic interactions are modeled using an embedded
atom method (EAM) potential [179,109] to study the structure and properties of the
Cu-Nb interface.
To relax the interface, the neighboring Cu and Nb crystals are translated as rigid
blocks in the direction normal to the interface plane until a minimum in the energy
is found with respect to the translation. Holding the separation distance between the
blocks fixed, the rigid Cu and Nb blocks are translated in the directions parallel to
the interface plane. After each translation, the energy of the bilayer was minimized
using conjugate gradient potential energy minimization (PEM) [162,163] (discussed in
the section 4.1.3) using Large-scale Atomic/Molecular Massively Parallel Simulator
(LAMMPS) [121]. The PEM was performed until the force on every atom in the
simulation supercell was less than 0.1 pN. The minimized structure was subjected to
another PEM run, this time to relax the shape of the cell and reduce any remnant
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Figure 6-1: Perspective view of the simulation cell showing the crystallography of the
interface formed between the Cu and Nb blocks.

stresses in the Cu and Nb blocks. The interface is annealed in MD at 300 K for 10 ps
using Langevin thermostatting [160, 161] to allow any atoms trapped in metastable
sites to fall into local minimum positions, after which the thermal effects are removed
using PEM.
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6.1.2

Cu-Nb interface contains an array of misfit dislocation
intersections (MDIs)

After minimization, it is found that the energy of the interface does not vary significantly with the rigid translations in the interface plane. The in-plane structure of the
Cu-Nb KS interface is revealed in the plan view of the interface, as shown in Fig. 6-2.
The interface is semi-coherent and contains two sets of misfit dislocations that form a
network spanning the entire interface [108,119]. One set of parallel misfit dislocations
is spaced 2.17 nm apart, while those in the other set are 0.89 nm apart. A detailed
analysis of the structure and misfit dislocation network in the Cu-Nb interface is presented in Ref. [119]. The intersection between these two sets of dislocations forms
a quasi-periodic array of misfit dislocation intersections (MDIs). In Fig. 6-2, MDIs
can be visualized as the atomic sites where a Cu atom is nearly directly above one
Nb atom. The MDIs are separated by regions of coherency between Cu and Nb. The
differences in atomic arrangement in the neighborhood of MDIs changes the bonding
environment around them. Consequently, the interface properties around MDIs will
be distinct from the coherent regions in the interface.
Previous investigations have revealed that the Cu vacancy formation at MDIs in
the as-constructed Cu-Nb interface is negative. This implies that another interface
atomic structure with fewer Cu atoms and lower energy exists. Since the creation of
one vacancy changes the surrounding interface configuration, an iterative procedure is
employed to find all interfacial positions that lead to a decrease in the interface energy
upon atom removal. The search is initiated in the interface configuration shown in
Fig. 6-3. Cu atoms are removed from different sites until a site with a negative
f
f
vacancy formation energy, ∆Evac
is identified. The ∆Evac
is defined as (Eqn. 6.1):

f
coh
∆Evac
= E f ((n − 1)Cu, mN b) − E i (nCu, mN b) − ECu

(6.1)

where E i (nCu, mN b) is the energy of the initial configuration of the bilayer with
n Cu and m Nb atoms, E f ((n − 1)Cu, mN b) is the energy of the final configuration
coh
after 1 Cu atom is removed and ECu
= 3.54eV is the cohesive energy of one Cu atom.
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Figure 6-2: In-plane view of the interface formed between the Cu and Nb blocks. Cu
atoms are the colored light and Nb atoms are darker.

After the removal of a Cu atom, the bilayer is annealed at 300 K for 30 ps to allow
structural rearrangements in the interface, followed by a PEM to quench the structure
to 0 K and calculate E f (n − 1Cu, mN b). Once a negative vacancy formation energy
site is identified, the interface configuration with the atom removed from that site is
f
taken as the new initial structure for the determination of ∆Evac
and the process is

continued until an interface configuration is found where there are no Cu atoms with
f
negative ∆Evac
.

The minimum energy configuration of the Cu-Nb interface at 0 K obtained after
f
the removal of all Cu atoms with ∆Evac
< 0 is shown in Fig. 6-4. Any further
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Figure 6-3: In-plane view of the minimum energy interface formed between the Cu
and Nb, KSmin . Cu atoms are the colored light and Nb atoms are colored dark.
removal of Cu atoms will increase the interface energy. Hence, the interface shown
in Fig. 6-3 is in the lowest energy configuration at 0 K w.r.t. to the number of
vacancies in the interface and the interface in this configuration is henceforth referred
to as KSmin . In the KSmin interface, the Cu layer that forms part of the interface
contains an effective vacancy concentration of ∼5% in comparison to a perfect {111}
Cu plane. Constitutional vacancies, i.e. vacancies that exist even at 0 K, delocalize in
the interface plane and change the atomic bonding environment in their neighborhood
as shown in Fig. 6-4. Vacancies preferentially form at MDIs in the interface and each
MDI is associated with ∼2.5 vacancies on average. The excess atomic volume at
MDIs makes them ideal trapping sites for He.
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Figure 6-4: In-plane view of bonding between Cu atoms that form the KSmin interface. The atomic bonding environment at MDIs is different due to the presence of
delocalized vacancies.

6.2

Trapping of isolated He defects at the Cu-Nb
interface

Helium has zero solid solubility in metals [7] and may only be introduced into solids
by implantation at high kinetic energy. Once the implantation energy is exhausted
through interatomic collisions, He diffuses until it is trapped at defect sites such as
dislocations, grain boundaries, and heterophase interfaces in the solid. Implantation
and diffusion of He is well understood [194, 53, 55], so the focus is on developing an
understanding of He trapping and clustering. In this section, the trapping of iso79

lated He atoms at semi-coherent Cu-Nb interfaces is investigated. Once the trapping
mechanism of an individual He atom at fcc-bcc interfaces is identified, the insights
developed can be used to understand of the clustering of multiple He atoms at fcc-bcc
interfaces.

6.2.1

Calculation of He vacancy and interstitial formation
energies

In perfect fcc Cu and bcc Nb crystals, the most likely He trapping sites are known and

He is trapped in substitutional or interstitial sites in the crystal. In fcc Cu, 12 , 21 , 12

and 14 , 14 , 14 lattice coordinates are the octahedral and tetrahedral sites respectively.


In bcc Nb, the octahedral and tetrahedral sites are located at 21 , 12 , 0 and 14 , 41 , 0
lattice positions. The substitutional He defect formation energy in X (X=Cu, Nb)
at 0 K is computed by replacing one atom in the perfect crystal by one He atom
f
followed by PEM. The substitutional defect formation energy, ∆EsubHe
, is defined as

(Eqn. 6.2):

f
coh
∆EsubHe
= E f ((n − 1)X, 1Hesub ) − E i (nX) − EX

(6.2)

where E i (nX) is the energy of the initial configuration of n X atoms, E f ((n −
1)X, 1Hesub ) is the energy of the final configuration after replacing 1 X atom with He
coh
and EX
is the cohesive energy of X. From the He-He interatomic potential developed

in chapter 5, the cohesive energy of a He atom is known to be 0 eV. Similarly, adding
a He atom to an octahedral or a tetrahedral interstitial site in the fcc or bcc crystal
f
followed by PEM, the interstitial formation energy, ∆EintHe
, is calculated as (Eqn.

6.3):
f
∆EintHe
= E f (nX, 1Heint ) − E i (nX)

(6.3)

Here E i (nX) is the energy of the initial configuration of n X atoms, E f (nX, 1Heint )
is the energy of the final configuration after inserting He in an interstitial site.
Substitutional sites in the interface may be created by replacing Cu or Nb atoms
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with He, as in perfect crystals. By contrast, the creation of He interstitials at the
Cu-Nb interface requires knowledge of where He should be inserted. At semi-coherent
interfaces these locations are not known in advance, as in the case of perfect crystals.Therefore, to study the defect formation energies of He interstitials at the interface, it is necessary to devise a strategy for finding sites with low or the lowest i.e.
f
lowest ∆EintHe
.

DFT calculations revealed that He does not react chemically with either Cu or
Nb (section 5.5) and its interaction is limited to the introduction of elastic strains
f
in the lattice. This implies that interstitial sites with low ∆EintHe
are located at

positions in the interface that are maximally separated from Cu and Nb atoms in
their neighborhood. The vertices and face centers of the Voronoi polyhedra [195]
constructed around interface Cu and Nb atoms are therefore good candidate sites
for He atom insertion since these positions are farthest points from atoms in their
neighborhood. The Voronoi tessellation of space around atoms at the interface where
He atoms are inserted is constructed using the Voro++ software [196].

6.2.2

Isolated He defects in fcc Cu and bcc Nb

The formation energies of substitutional and interstitial defects in fcc Cu and bcc Nb
f
are summarized in Table 6.1. In fcc C, the lowest ∆EintHe
occurs when He is trapped

in the octahedral site. The octahedral interstitial site has a larger volume associated
with it and He is preferentially trapped here to minimize the elastic strain energy
penalty. However, for the same reason the He substitutional defect is the most stable
site for trapping He in fcc Cu. In contrast, the most stable defect site in bcc Nb is
the octahedral interstitial site. This behavior can be attributed to the high vacancy
formation energy of Nb [109], which makes the substitutional site in Nb unfavorable.

6.2.3

He defects are trapped at MDIs in the Cu-Nb interface

In the Cu-Nb KSmin bilayer, the point defect formation energies depend on the defect
position relative to the interface. Fig. 6-5 and 6-6 show the dependence of He
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Table 6.1: Formation energies of isolated He defects (in eV)

Location

fcc Cu
bcc Nb
Cu-Nb interface (away from MDI)
Cu-Nb interface (at MDI)

Interstitial
Octahedral
Tetrahedral
4.34
3.52

4.59
3.62
3.50
2.69

Substitutional

2.92
3.7
2.80
2.36

interstitial and substitutional formation energies in the Cu and Nb layers as a function
of distance normal to the Cu-Nb interface. In all the cases, the He defect formation
energies approach their perfect crystal values far from the interface. In the immediate
vicinity of the interface, the He defect formation energies are significantly lower than
the corresponding values in perfect crystals. The He substitutional defect in the
terminal plane of Cu that forms the interface is the most stable site for trapping He.
In contrast, the lowest He substitutional defect formation energy in the Nb layer at
the interface has higher energy than the lowest interfacial He interstitial site. This
implies that He atoms will prefer to be trapped in the Cu side of the interface rather
than in Nb.
Furthermore, Fig.6-4 shows that not all atomic sites at the interface are equivalent
and as a result the He defect formation will vary as a function of location in the
interface plane. The He substitutional formation energy as a function of position
in the terminal plane of Cu is shown in Fig. 6-7. The He substitutional formation
energy is lowest at MDIs in the KSmin interface. The increase in free volume at
MDIs due to the presence of constitutional vacancies, decreases the elastic strain
energy introduced by He and leads to lower He substitutional formation energies
at MDIs. Between misfit dislocations, the interface structure is coherent and the
He substitutional formation energy approaches the perfect crystal value. Any He
implanted in the layered composites will be trapped at MDIs in the interface provided
the layer thickness is small enough for He to reach the MDIs before encountering other
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traps. A brief summary of the results for He defect formation energies at the Cu-Nb

He interstitial formation energy (eV)

KSmin interface is provided in Table 6.1.
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Figure 6-5: Dependence of He interstitial formation energy in Cu and Nb as a function of distance normal to the Cu-Nb interface. The dashed lines indicate the He
interstitial formation energy in the perfect crystals.

6.3

Clustering of He atoms with vacancies

In the case of Cu-Nb interfaces, He is always trapped at MDIs, as illustrated in
Fig. 6-8 and shown in section 6.2. At the implantation rate used in experiments
[107, 116, 197], the average time between successive He atom arrivals near a MDI is
∼12 minutes. The migration barrier energy of He atom at room temperature is ∼0.1
eV [198, 199] and each He atom can diffuse to it lowest energy trapping site at the
interface within a µs. Vacancies in the interface have a migration barrier energy of
∼0.4 eV [200, 201, 202] and diffuse within a second to sites where He is trapped. At
83

He substitutional formation energy (eV)

3.8

He substitutional
3.3

He substitutional
2.8

Cu
2.3
−30

−20

−10

Nb
0

10

20

30

Distance to interface ( Å)
Figure 6-6: Dependence of He substitutional formation energy in Cu and Nb as a
function of distance normal to the Cu-Nb interface. The dashed lines indicate the He
substitutional formation energy in the perfect crystals.

room temperature, the arrival rate of He at interfaces is low enough to allow each
He atom trapped at the interface to equilibrate free volume by absorbing vacancies
through interfacial diffusion. The goal of this section is to model the trapping of
He at MDIs under conditions where the cluster volume equilibrates by the capture
of vacancies. Ideally, changes in concentration (He and vacancy in this case) would
be modeled using grand canonical Monte Carlo (GCMC) techniques [203]. However,
current GCMC algorithms are inefficient at simulating atom insertions and deletions
in dense solids [204]. Instead, an iterative procedure is developed, described in section
6.3.1, to study the clustering of He atoms at MDIs in the Cu-Nb interface at zero
temperature while allowing the volume of the clusters to vary by absorbing vacancies.
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Figure 6-7: Location dependence of He substitutional formation energy in the terminal
plane of Cu that forms the Cu-Nb KSmin interface.

6.3.1

Method to construct He-vacancy clusters at interfaces

This section describes the iterative method developed to model the clustering of He
atoms and vacancies(V) at one MDI in the Cu-Nb KSmin interface, as illustrated in
Fig. 6-9.The starting reference configuration is the He free Cu-Nb interface shown
in Fig.6-4. In this reference state, the number of He atoms, n, and the number
of vacancies trapped, mn , are set to 0 (n = 0 and m0 = 0). One He interstitial
is added to the MDI by generating several trial insertion sites (identified using the
Voronoi cell construction described in section 6.2), followed by PEM to identify the
site with the lowest He interstitial formation energy (Eqn. 6.3). Next, the locations
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Figure 6-8: Stages of He introduction into MDIs at the Cu-Nb interfaces.

in the neighborhood of the inserted He atom are searched to identify atoms where the
f
vacancy formation energy of Cu, ∆Evac
(Eqn. 6.1), has become negative. Whenever

such an atom is identified, it is removed, mn is increased by one and the search for
f
more atoms with ∆Evac
< 0 is restarted. The process of removing atoms is continued

until a configuration is reached with no negative vacancy formation energy sites. At
this stage, the cluster with n = 1 He atom is associated with the maximum number of
vacancies, m1 , that minimizes the cluster energy. The energy of this cluster, He1 Vm1
is given by (Eqn. 6.4):
f
coh
∆EHe
= E f ((X − m1 )Cu, Y N b, 1He) − E i (XCu, Y N b) − m1 ECu
1 Vm
1
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(6.4)

where E f ((X − m1 )Cu, Y N b, 1He) and E i (XCu, Y N b) are the energies of the final
and initial configurations respectively. Repeating the process of He insertion and
atom removal allows us to construct a cluster containing any number of He atoms,
n, each associated with mn vacancies, at the MDI. Similar to Eqn. 6.4, the energy of
this cluster can be expressed as:
f
coh
∆EHe
= E f ((X − mn )Cu, Y N b, nHe) − E i (XCu, Y N b) − mn ECu
n Vm n

(6.5)

Cluster with n He and
mn vacancies

Add 1 He atom in min.
interstitial position

Atoms with
negative
vacancy
formation
energy?

NO

YES
Create vacancy
Figure 6-9: Iterative procedure to model He and V clustering at the Cu-Nb interface.
Furthermore, the shape of every equilibrated cluster is relaxed using transmutation
Monte Carlo (MC) with 50,000 swap attempts. At every transmutation MC step, a
He atom on the surface of the cluster is swapped with a Cu or Nb atom in its
immediate neighborhood. The swap is accepted if it results in lower cluster energy
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and rejected otherwise. The growth of He-vacancy clusters at the Cu-Nb interface
is compared to He-vacancy cluster growth in fcc Cu and bcc Nb. He clusters in fcc
Cu and bcc Nb are constructed using the same iterative procedure but the starting
reference configurations are the perfect fcc and bcc crystals, respectively.

6.3.2

He clustering in fcc Cu and bcc Nb

The clustering simulations in fcc Cu and bcc Nb reveal that He atoms agglomerate
into clusters by forming He-vacancy complexes that grow by the capture of He atoms
and vacancies. Fig 6-10 shows the variation of the number of vacancies, mn , associated
with a cluster containing n He atoms for fcc Cu and bcc Nb. Small He clusters in
fcc Cu grow by capturing one vacancy on average for the addition of every He atom
to the cluster i.e. their He-to-vacancy (He/V) ratio is ∼1. However, at larger sizes,
the He/V ratio increases for fcc Cu. This implies that the energy penalty to trap
a vacancy in the cluster is greater than the energy reduction from decreasing the
pressure of the gas trapped inside, leading to an increase in the He/V ratio. For a He
cluster growing in bcc Nb, the He/V ratio is nearly 2 and increases with increasing
cluster size due to the high vacancy formation in energy in Nb [109]. Thus, He clusters
in bcc Nb grow by capturing only half the number of vacancies per He impurity, in
comparison to clusters growing in fcc Cu.
f
, with the number of He
Fig. 6-11 plots the variation of cluster energy, ∆EHe
n Vmn

atoms, n, in the cluster for fcc Cu, bcc Nb and the Cu-Nb interface. He-V complexes
in bcc Nb have the highest formation energies at all n values. He clusters in bcc Nb
have a high He/V ratio and the high pressure of trapped He produces an increase
in the elastic strain energy of the matrix, resulting in high formation energies. He
clusters in fcc Cu have a lower formation energy in comparison to clusters in bcc Nb
f
at identical n values. For the clusters in fcc Cu and bcc Nb, the slope of ∆EHe
n Vm n

w.r.t. n curve decreases with increasing n. This means that there is a thermodynamic
driving force for coarsening and it is always energetically favorable to add one more
He atom to the largest existing cluster rather than adding it to a smaller cluster or
nucleating a new cluster.
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Figure 6-10: Number of vacancies trapped in the cluster,mn , as a function of the
number of He atoms, n

Figure 6-12(a)-(c) show the growth of He clusters in fcc Cu with increasing number
of He atoms. He atoms in the cluster nucleate in a fcc stacking sequence with a lattice
parameter of ∼2.65 Å. With addition of He atoms to the cluster, facets oriented in
the {111} direction are formed. {111} surfaces in Cu have smaller surface energy in
comparison to {100} and {110} oriented surfaces [205] and the formation of {111}
facets minimizes the surface energy contribution to cluster energy. The growth of the
facets leads to the formation of an octahedrally shaped cluster (Fig. 6-12(c)). The
growth of He clusters in bcc Nb as a function of the number of He atoms trapped
within it is illustrated in Fig. 6-13(a)-(c). Even in bcc Nb, the cluster nucleates with
He atoms arranged in a close packed configuration with a lattice parameter of ∼2.77
Å. The {111} planes of fcc He align along the {110} plane of bcc Nb to minimize the
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Figure 6-11: Variation of the cluster formation energy, ∆EHe
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n Vmn
the number of He atoms, n.

surface energy [205].

6.3.3

He clustering at the Cu-Nb KSmin interface

Just as in perfect crystals, He atoms agglomerate into clusters at the Cu-Nb KSmin
interface by capturing He atoms and vacancies. The variation of the number of
vacancies, mn , associated with a cluster containing n He atoms for the interface is
shown in Fig 6-10. At small n, He clusters at the Cu-Nb interface, grow with a He/V
ratio of ∼1, similar to fcc Cu. However, at larger sizes, the He/V ratio for clusters at
the interface decreases. In the case of fcc Cu, the He/V ratio increases with increasing
n. This difference in growth of clusters at the interface and in fcc Cu can be explained
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Figure 6-12: Growth of He-Vclusters in fcc Cu viewed along the [100] direction of the
fcc lattice
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- Nb
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Figure 6-13: Growth of He-Vclusters in bcc Nb viewed along the [100] direction of
the bcc lattice
by the observation that the vacancy formation energy in the vicinity of the interface
is lower in comparison to the value in fcc Cu [119]. The clusters growing at the
f
interface can reduce their ∆EHe
by absorbing vacancies at a lower energy and
n Vmn

reduce the pressure of the He stored within. The variation of interface cluster energy,
f
∆EHe
, with n is shown in Fig. 6-11. The lowest energy clusters form at MDIs in
n Vmn

the Cu-Nb interface. The excess free volume at MDIs in the form of constitutional
vacanciesDemkowicz:2010hy coupled with the low Cu vacancy formation energy near
the interface favors the nucleation of low energy He-V complexes at MDIs. Just as in
the perfect crystal cases, the slope of the cluster formation energy w.r.t. n decreases
91

with increasing n. Thus, interface clusters are driven by thermodynamic forces to
coarsen. The long lifetimes of individual clusters at multiple MDIs in the interface
must be attributed to high kinetic barriers at the interface that prevent the coarsening
of interfacial clusters.
Fig. 6-14 shows the formation of He-vacancy clusters at MDIs in the Cu-Nb
interface. The cluster grows preferentially into the Cu side of the interface because
the high value for the Nb vacancy formation energy. The growth of a He cluster at a
MDI shows two distinct modes of growth. Below ∼20 He atoms, the clusters grow as
flat platelets, with a thickness of two atomic layers, parallel to the interface. The area
occupied by He atoms in the terminal plane of Cu that forms the interface increases,
as shown in Fig. 6-14(a)-(c). Above 20 He atoms, the growth mode of the cluster
changes and further addition of He atoms to the cluster leads to creation of new fcc
He layers in Cu. The cluster grows by increasing its thickness in the direction normal
to the interface plane while maintaining a constant area in the interface plane, as
shown in Fig. 6-14(c)-(e).

Figure 6-14: Two growth modes of a He cluster at a MDI in the KSmin : parallel to
the interface (a)-(c); normal to the interface (c)-(e) (top row: edge-on view of Cu-Nb
interface and bottom row: in-plane view of interface Cu terminal plane).
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6.4

Interface wetting explains the growth of interfacial He-V clusters

This change in growth mode described in the previous section (section 6.3.3) can be
explained by interface wetting. Three interface energies are relevant to determine the
wetting characteristics for the shape and location of the clusters in Fig. 6-14: the CuHe and Nb-He interface energies, γCuHe and γN bHe , and the Cu-Nb interface energy,
γCuN b . They define an excess interface wetting energy: W = γCuHe + γCuN b − γN bHe
[206]. When W < 0, there is no driving force for wetting and the He cluster has
the lowest energy when it is entirely within the Cu and does not touch the interface.
When W > 0, the cluster energy is lowest when it wets the interface at a contact angle


b −γN bHe
that depends on the three surface energies as θ = cos−1 γCuNγCuHe
. However,
over distances comparable to the dimensions of the He clusters, γCuN b is not uniform
(section 6.4.2) and this position dependence of interface energy explains the change
in growth mode of the He clusters growing at the Cu-Nb interface.

6.4.1

Calculating γCuHe and γN bHe

Cu-He and Nb-He interface energies are calculated at 0 K using molecular statics.
The method to calculate the energy is explained using γCuHe as an example. The
Cu-He interface is constructed between a fcc Cu block, oriented identically to the Cu
block that forms the Cu-Nb interface, and He atoms in a fcc arrangement with its
{111} face parallel to the {111} surface of Cu, as shown in Fig. 6-15. The lattice
parameter of He is chosen to match the He-He nearest neighbor distances measured
in the interface He-V clusters. The interface is periodic in all three directions and the
energy of the structure, Etot , is (Eqn. 6.6):

Cu
Etot = xCu Ecoh
+ xHe E He + 2γCuHe

(6.6)

where E He is the energy per He atom at the chosen lattice parameter and xCu , xHe
are the number of Cu and He atoms. The only unknown in this equation is γCuHe ,
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which is calculated to be 1.93 J/m2 . A similar procedure is calculate the surface
energy of Nb-He, γN bHe = 2.40 J/m2 .

Cu
He
Cu

Figure 6-15: Perspective view of the simulation cell showing Cu-He surfaces.

6.4.2

Method to compute the location dependent γCuN b

The average interface energy of the Cu-Nb interface may be determined by using
CuN b
molecular statics. The energy of the Cu-Nb bilayer (Fig. 6-1), Etot
, is given as

(Eqn. 6.7):
CuN b
Cu
Nb
Etot
= xCu Ecoh
+ xN b Ecoh
+ γCuN b + γCu{111} + γN b{110}

(6.7)

Here xCu , xN b are the number of Cu and Nb atoms in the bilayer, and γCu{111} and
γN b{110} are Cu {111} and Nb {110} surface energies respectively. By constructing an
identically oriented block of fcc Cu of x0Cu atoms with two {111} surfaces, the γCu{111}
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is computed from the total energy of the structure, Etot , using Eqn. 6.8.
γCu{111} =

Cu
Etot − x0 Cu Ecoh
2

(6.8)

By repeating the same method for the case of Nb, the γCu{111} and γN b{110} are
computed as γCu{111} =1.36 J/m2 and γN b{110} = 1.74 J/m2 . From Eqn. 6.7, γCuN b =
0.54 J/m2 , in excellent agreement with previously reported values [108].
However, the structure of the Cu-Nb interface shows that not all locations in the
interface have the same atomic arrangement. MDIs and vacancies at MDIs affect the
local bonding environment, changing local interfacial properties. This suggests that
the interface energy should also vary locally. Using molecular statics, the location
local
dependence of the Cu-Nb interface energy, γCuN
b is calculated. The principle behind

the method is the same as that used to calculate γCuN b but over areas representative
of the structural features in the interface. The representative area is identified by
cutting out a cylinder of radius, r, from the Cu-Nb bilayer structure with one end
in the interface and the other end terminating on the Cu {111} surface, as shown in
Fig. 6-16.
cyl
The energy of the cylinder, ∆ECuN
b , calculated as the difference in energy of the

bilayer before and after the cylinder is removed is (Eqn. 6.9):
 2

cyl
local
Cu Cu
vertical
line
line
∆ECuN
=
γ
+
γ
πr
+
x
E
−
γ
2πrh
−
(γ
+
γ
Cu{111}
CuN b
cyl coh
Cu
CuN b
Cu 2πr
b
(6.9)
vertical
Here xCu
the surface energy of
cyl is the number of Cu atoms in the cylinder, γCu
line
line
the vertical wall of the cylinder, h the height of the cylinder, and γCuN
b , γCu the

line energies in the Cu-Nb interface and {111} Cu surface respectively. A reference
cylinder of the same dimensions is cut from an identically oriented block of fcc Cu
cyl
with two 111 surfaces, with energy, ∆ECu
:



cyl
Cu
vertical
line
∆ECu
= 2γCu{111} πr2 + xCu
2πrh − 2γCu
2πr
1cyl Ecoh − γCu

(6.10)

After eliminating the contribution of Cu cohesive energy to the cylinder energies
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Figure 6-16: (left)A Cu cylinder (red) of radius 5Åwith one face in the Cu-Nb interface
and the other face in the {111} Cu free surface is cut out from the bilayer structure
(normal view). (right) Final configuration of the Cu-Nb interface (plan view) after
removal of the Cu atoms in the cylinder.
and taking the difference between the energies of the two cylinders as expressed in
Eqn. 6.9 and 6.10:
 2

cyl
cyl
local
line
line
∆ECuN
b − ∆ECu = γCuN b − γCu{111} πr − γCuN b − γCu 2πr

(6.11)

The local value of the line energies in Eqn. 6.11 cannot be determined indepen
line
line
dently. However, the average value of the line energies, γCuN
−
γ
Cu average , can
b
be calculated. By systematically changing the location of the two cylinders over the
entire area of the interface and computing the average energy (Eqn. 6.12:

1
N

N 
P

cyl
∆ECuN
b

−

i=1
N 
P
cyl
1
∆ECuN
b
N
i=1

cyl
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N
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local
line
line
γCuN
b − γCu{111} − γCuN b − γCu

= γCuN b + γCu{111} −
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line
γCuN
b

−



line
γCu
average

i

(6.12)

line
line
Using Eqn. 6.7, 6.8, γCuN
b − γCu


average

can be calculated and substituting it into

local
Eqn. 6.11, γCuN
b , the position dependence of Cu-Nb KSmin interface energy is ob-

tained. In the simulations, the radius of the cylinder, r, is chosen to be 5 Å. At
cylinder radii smaller than 5 Å, the contribution of the line energy begins to dominate over the contribution from the interface energy. When the radius of the cylinder
is increased above 5 Å, the basal area of the cylinder in the interface plane and the
local
contribution of γCuN
b to the cylinder energy is sampled from a larger area. As a
local
local
result, the details of the position dependence of γCuN
b are lost and γCuN b approaches

the homogenous γCuN b value.

6.4.3

He-V clusters at the interface grow by wetting regions
of high interface energy

Fig. 6-17 shows the spatial variation of the KSmin interface energy. The KSmin
interface energy is heterogeneous and shows a quasi-periodic variation identical to
the pattern of MDIs in the interface. Regions of high interface energy with an area
local
2
of ∼1 nm2 and γCuN
b = 0.8 J/m are centered on MDIs. These regions are separated
local
2
by low interface energy regions with γCuN
b = 0.4 J/m and correspond to coherent

regions between Cu and Nb in the interface plane.
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Figure 6-17: Location dependence of Cu-Nb KSmin interface energy (J/m2 ) viewed
normal to the interface plane. Regions of highest interface energy correspond to
MDIs.

The spatial heterogeneity of the Cu-Nb interface energy is responsible for the
change in growth mode of the interfacial He-V clusters. He wets the regions of high
interface energy at MDIs: those regions are heliophilic (W > 0), i.e. there is a
thermodynamic driving force there for interface wetting by He-V clusters. Small
clusters grow by wetting the interface at MDIs, analogous to a drop of water on a
glass. The low interface energy regions between MDIs are heliophobic (W < 0) and
wetting there is not possible. Once a cluster grows to completely cover a heliophilic
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patch, further growth of the cluster can only occur by addition of He to new layers
in Cu while the area of contact between the cluster and interface remains constant.

6.5

Spherical cap model to describe interface He
cluster growth

Atomistic calculations show that the growth of He-V clusters at Cu-Nb interfaces
proceeds in two stages: (a) small clusters by wetting ’heliophilic’ regions at MDIs with
a constant contact angle and (b) once the ’heliophilic’ patch is covered by growing
out into Cu while maintaining a constant contact area in the interface plane. This
insight is used to create a mesoscale ’spherical cap’ model of interfacial He growth.

6.5.1

Spherical cap model

The growth of He clusters at the Cu-Nb interface is modeled by approximating the
shape of the cluster as a spherical cap growing on a flat surface, illustrated in Fig.
6-18. At small volumes, the spherical cap has a basal area smaller than the heliophilic
region and grows with a constant contact angle until it completely wets the heliophilic
patch. With further increase in volume, the spherical cap grows out of the interface
with a constant basal area and the contact angle changes continuously. The model is
completely parameterized by specifying:
1. the contact angle between the cluster and the heliophilic patch [207]:
 local

γ
b −γN bHe
θ∗ = cos−1 CuNγCuHe
2. the radius of the heliophilic patch at MDI: rmdi

b
Cu-N

fa
Inter

He

He

He
ce
Cu-N

b Int

erfa

ce

Cu-N

erfa
b Int

ce

Figure 6-18: Schematic of the spherical cap model of He cluster growth
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Using the parameters, θ∗ and rmdi , the volume, V , of the spherical cap is expressed
as (Eqn. 6.13):



π 3 1 − cos θ∗


; r < rmdi
 6r
sin θ∗


V =
π 3
1 − cos θ

 rmdi
; θ > θ∗
6
sin θ

(6.13)

The area of the spherical cap on the interface plane, Abasal , and the area of the
spherical region above the interface, Asph , in the 2 stages of growth are given by Eqn.
6.14 and 6.15 respectively.

Abasal =

Asph


 πr2 ; r < rmdi

(6.14)

 πr2 ; θ > θ∗
mdi




1 − cos θ∗
2


; r < rmdi
 2πr
sin θ∗


=

1 − cos θ

2
 2πrmdi
; θ > θ∗
sin θ

(6.15)

Thus, at any V , the total surface energy of the spherical cap,Es , can be expressed
as the sum of the surface energies of the basal and spherical areas (Eqn. 6.16):
local
Es = γCuN
b × Abasal + γCu{111} × Asph

6.5.2

(6.16)

Validation of the spherical cap model

The spherical cap is model is validated by comparing the variation of Abasal and Es
with V computed using the model with the same quantities calculated from the atomistic simulations of He-V cluster growth at interfaces. From the atomistic simulations,
V is computed as the volume of the total number of Cu vacancies associated with
each cluster i.e. V = mn × Ωo (Ωo - volume of 1 vacancy in Cu), Abasal is estimated as
the area of the best fit circle drawn around He atoms in the plane of Cu atoms that
f
forms part of the interface and Es is easily calculated from ∆EHe
by removing
n Vmn
f
the contribution of potential energy of He atoms trapped in the cluster to ∆EHe
.
n Vmn
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Fig. 6-19 shows the comparison of Abasal (V ) estimated from the model with
atomistic data is in good agreement with atomistic data despite not being fitted to
it. At small cluster volumes, the clusters grow by wetting and the area occupied by
the clusters in the Cu interface plane increases rapidly. When the wetting region is
completely occupied by He atoms, He grows out of the interface plane and the rate
of change of Abasal w.r.t V shows a large reduction in slope. However, the basal area
does not remain constant, as predicted by the spherical cap model. The discrepancy
is attributed to the fact that, in reality, the transition from heliophilic to heliophobic
behavior at the interface is gradual. By contrast, the spherical cap model assumes an
abrupt transition.
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Figure 6-19: Variation of Abasal with cluster volume, V (log scale).

Fig. 6-20 compares the variation of surface energy of the cluster, Es , with volume
V , computed analytically using the spherical cap model with data from atomistic
simulations. The slope of the Es (V ) curve changes at the volume where the change in
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growth mode occurs. Consequently, the rate of change of Es with respect to V ,

∂Es
,
∂V

shows a discontinuity at the volume at which the change in growth mode occurs(Fig.
6-21). By contrast, for spherical He clusters growing in Cu,

∂Es
∂V

=

2γ
,
r

continuous decrease with increasing cluster radius, r. The discontinuity of
direct consequence of the change in growth mode. At smaller volumes,
high value and at volumes just above the change in growth mode,
lowered. As will be discussed in chapter 7, the

∂Es
∂V

∂Es
∂V

shows a
∂Es
∂V

∂Es
∂V

is a

has a

is drastically

represents capillary pressure,

which is a thermodynamic driving force for reducing the surface energy contribution
to the cluster energy by promoting the thermal emission of vacancies from the cluster.
The discontinuous transition in

∂Es
∂V

at the volume where growth mode of the cluster

changes has important consequences for the stability of interfacial He clusters under
irradiation.
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6.6

State of He in interfacial clusters

The properties of pure He are important for estimating part of the properties of He
trapped in a cluster at the interface. The most important among them is the He
equation of state (EOS), relating pressure (PHe ), temperature (T ) and density of
He(ρHe ). The PHe influences the rate of thermal vacancy emission from the cluster
[75, 42]. Therefore, it is important to understand the state of He trapped inside
interfacial clusters.

6.6.1

Method

The He EOS is calculated directly from the Cu-Nb-He EAM potential (chapter 5) for
temperatures between 10 K to 600 K and He density in the range 0.15-0.09 #/Å3
using molecular dynamics (MD) simulations. While the He-He pair potential has a
well-defined behavior for temperatures down to 0 K, the potential does not capture
quantum effects that are significant at low temperature and the He EOS derived is
valid only for the cases where the classical description is valid.The temperature is
controlled using a Langevin thermostat [160, 161]. The density values are representative of the He densities observed in the atomistic simulations of He clusters growing
at the Cu-Nb KSmin interface. The He EOS is calculated from two independent sets
of calculations and the results are compared with each other. In the first method,
interfacial He clusters of differing densities are heated to a constant T and held there
for 500 ps to allow the cluster to reach equilibrium. At each T , the He-Nb interatomic
force over all the He atoms is summed up and divided by the area occupied by the He
atoms in the basal plane of Cu to compute the He pressure inside the cluster. In the
second method, simulations start from pure fcc He crystals under periodic boundary
conditions at different densities in the range of interest and the T is varied between
10 K and 600 K. The atoms are held at a constant temperature for 500 ps and the
average value of the virial pressure is reported as PHe .
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6.6.2

He equation of state (EOS)

MD calculations reveal that the He EOS computed from both the methods are identical. He atoms trapped in the clusters behave like pure He and short-range metal-He
interactions do not play an important role in determining the properties of He trapped
within the interfacial clusters. Fig. 6-22 shows the variation of PHe with T at various
He densities. At the densities and temperatures in the range of interest, He has a
solid-liquid phase transformation that is clearly visible as a rapid increase in PHe .
Due to the absence of heterogenous nucleation sites and the finite size of the simulation cell, the temperature at which the discontinuity appears is higher than the true
thermodynamic melting temperature of He.
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Figure 6-22: Relation between PHe -T at different He densities. The discontinuities in
high-density He curves indicate a solid-liquid transition.

The melting of He was characterized by measuring the root mean square displacement (RMSD) of all He atoms in the simulation over 500 ps. The RMSD is
related to the diffusivity through the Einstein-Smoluchowski relation [208, 209]. For
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ρHe =0.12 #/Å3 and T =130 K, the RMSD increases to ∼2 Å, which is on the order
of the nearest neighbor distance in the fcc lattice, as illustrated in Fig. 6-23. At
T =130 K, He is in a solid state. When the temperature is increased to 140 K, the
RMSD increases monotonically without saturating, indicating the continuous atomic
migration characteristic of liquids (Fig. 6-23). Thus when He undergoes a solid-liquid
phase transition, the resultant increase in diffusivity is observed as a large increase
in the RMSD. As the density decreases, the melting temperature of He decreases and
the solid-liquid phase transition is not observed below ρHe =0.11 #/Å3 . Below this
density, He melts at temperatures lower than 10 K. The PHe − T phase diagram for
one component He is shown in Fig. 6-24 - at high pressures, the phase stability of
solid He extends only to 500 K. The high pressure melting curve predicted by the
EAM potential is in excellent agreement with experimental data [79, 210] as well as
the Aziz potential for He [211]. The He EOS for the potential is obtained from a
simple fit of the MD data Eqn. 6.17:
3.1
PHe (GP a) = (38.3 × T 0.8 × ρHe
) + 5.0

(6.17)

The EOS neglects the melting of He, observed in MD at high pressures since the
increase in pressure is small relative to the absolute value of the He pressure. This
expression will be used in calculations of the vacancy concentration at the surface
of the He cluster, as will be discussed in chapter 7. The pressure of He plays an
important role in controlling the flux of point defects, generated by irradiation, to
the cluster surface. High He pressures retard the thermal emission of vacancies from
the cluster.
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Figure 6-23: RMSD versus time curves for He at ρHe =0.12 #/Å3 at T = 130 K: below
the melting point and T = 140 K: above the melting point.
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Chapter 7
Stability of interfacial He clusters
under irradiation
Under irradiation, there is a continuous generation of vacancies and self-intersititials
that drives the material far from equilibrium. These point defects are absorbed at
sinks such as dislocations, grain boundaries, interfaces, and He clusters leading to
continuous changes in the microstructure. This chapter discusses the effect of high
point defect concentrations on the stability of He clusters growing at Cu-Nb interfaces.
MD simulations are not well suited to study the long time scales associated with
vacancy diffusion so a continuum reaction-diffusion model is developed to estimate the
net point defect flux at the cluster surface and solved using the finite element method.
The results show that He may be trapped in nanometer-scale, stable platelets at the
interface. As the number of He atoms trapped at the interface increases, the stable
platelets undergo a discontinuous transformation to larger, approximately spherical
bubbles. This ’platelet-to-bubble’ transformation has not been previously reported
and is a direct consequence of the spatial heterogeneity of Cu-Nb interface energy.

7.1

Growth of He clusters under irradiation

Under irradiation conditions, there is a continuous generation of both vacancies and
interstitials and this sets up a flux of point defects to the surface of the He-V clusters
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at the Cu-Nb interface. For a fixed number of He atoms trapped in an interfacial
cluster, V̇ ,the time rate of change of cluster volume, V , is determined by the net point
defect flux at the cluster surface. V increases if there is a net flux of vacancies to the
cluster and decreases if there is a net influx of atoms. It may be expressed as [13, 78]
(Eqn. 7.1):
ZZ
V̇ = Ω0

∇ [Dv (cv − csv ) − Di (ci − csi )]dA

(7.1)

Here, Ω0 is atomic volume of Cu, Dv and Di are vacancy and interstitial diffusivities while cv and ci are radiation-induced vacancy and interstitial concentrations,
eq
s
s
which may far exceed the thermal equilibrium values,ceq
v and ci [56]. cv and ci are

equilibrium concentrations at the cluster surface and influence the thermal emission
of vacancies and interstitials from the cluster. The thermal emission of interstitials
from the cluster can be neglected due to the high formation energy of interstitials in
Cu. On the other hand, the thermal emission of vacancies from the cluster surface
cannot be neglected and depends on two quantities:

1. the capillary pressure, expressed as the rate of change surface energy with respect to volume,

∂Es
∂V

2. the mechanical pressure of He inside the cluster, PHe

This dependence of csv on PHe and

csv

=

ceq
v

∂Es
∂V

is expressed as (Eqn. 7.2):

 


∂Es
Ω0
exp − PHe −
∂V kB T

(7.2)

where kB is Boltzmann’s constant and T is the absolute temperature. The PHe is
described by the He equation of state (EOS) presented in section 6.6 and

∂Es
∂V

may be

obtained from the spherical cap model (section 6.5). The objective is to determine
V̇ . This require determining the values for cv , ci by solving the point defect balance
equations for cv and ci as discussed in section 7.2.
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7.2

Calculating point defect concentrations using
a reaction-diffusion model

Point defect concentrations, cv and ci , under irradiation are calculated by solving a
system of coupled reaction-diffusion equations using finite element method (FEM).
The model accounts for the constant creation rate of vacancy-interstitial pairs, diffusion, mutual annihilation by recombination, and trapping of point defects at distributed sinks. The Cu-Nb interfaces are assumed to behave as perfect sinks i.e.
they maintain thermal equilibrium point defect concentrations in their vicinity, and
neglect the clustering of point defects with each other [212]. These assumptions are
well suited to model He-ion implantation at low implantation energies at room temperature [107]. The steady state concentrations of vacancies and interstitials, cv and
ci , are described by coupled diffusion-reaction equations (Eqn. 7.3):
∂cv
= Dv ∇2 cv + Ko − Kiv cv ci − ρZv Dv cv = 0
∂t
∂ci
= Di ∇2 ci + Ko − Kiv cv ci − ρZi Di ci = 0
∂t

(7.3)

where Ko is the point defect generation rate, Kiv is recombination rate of point
defects, Dv and Di are the vacancy and interstitial diffusivities, ρ is the density of
distributed sinks in the material and, Zv = 1 and Zi = 1.02 [213, 83, 82] are the vacancy and interstitial capture efficiencies at sinks. Under typical He ion implantation
conditions [107], Ko is estimated to be 1024 /m3 s [214] on the basis of Stopping and
Range of Ions in Matter (SRIM) calculations [215]. The sink density, ρ, is fitted to
a value of 5 × 105 /m2 to match computed He bubble sizes to experimental observations [216, 116]. The values for the remaining parameters used in reaction-diffusion
model are presented in Table 7.1 [212].
Assuming that the point defect diffusivities, Dv and Di , are independent of concentration of vacancies and interstitials and by changing the variables as (Eqn. 7.4)
cv =

q

Ko Di
Kiv Dv

(n + m)

ci =

q

Ko Dv
Kiv Di

(n − m)
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(7.4)

Table 7.1: Parameters for Cu used in the numerical solution of theh reaction-diffusion
i
∆Eam
2
model. The diffusivity of defect a is computed as Da = aCu υa exp − kB T

Quantity

Value

fcc Cu lattice parameter, aCu
Vacancy formation energy, ∆Evf
Interstitial formation energy, ∆Eif
Vacancy migration energy, ∆Evm
Interstitial migration energy, ∆Eim
Vacancy migration attempt frequency, υv
Interstitial migration attempt frequency, υi

3.615 Å
1.26 eV
3.24 eV
0.69 eV
0.084 eV
3.36 × 1013 /s
6.67 × 1012 /s

(where m and n are scaled composition variables expressible in terms of cv and ci
using Eqn. 7.4), the equations governing the point defect concentrations are transformed to (Eqn. 7.5)

∇2 m − ρ2 [m (Zv + Zi ) + n (Zv − Zi )] = 0
s∇2 n + 1 + m2 − n2 −

sρ
2

[n (Zv + Zi ) + m (Zv − Zi )] = 0
q
Dv
s = KDoiK
iv

(7.5)

The coupled equations for m and n are solved using FEM to calculate the net
point defect flux at the cluster surface. The scaling allows us to calculate the net
point defect flux at the cluster directly from variable m since (Eqn 7.6):
r
Dv cv − Di ci = 2
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Ko Di Dv
m
Kiv

(7.6)

7.3
7.3.1

Platelet-to-Bubble Transition
Finite element method to solve coupled reaction-diffusion
model

The numerical solution of the cluster growth rate is determined by solving for the net
point defect flux at the cluster surface using the FEM implemented within COMSOL.
Each FEM model contains one cluster with a fixed number of He atoms of volume,
V . The growth of interfacial He-V clusters is modeled as the growth of a spherical
cap (section 6.5) growing on a wetting region at the interface. The spherical cap is
enclosed in a cylinder, 4.4 nm in diameter and 2.8 nm in height as illustrated in Fig.
7-1.

44 Å

No Flux

28 Å

No Flux

s
v

c

He

Cu-Nb interface

eq
v

c

Figure 7-1: Schematic of the FEM setup used to calculate V̇ (V ) for He clusters
growing on the Cu-Nb interface
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The typical Cu layer thickness used in experimental investigations of multilayers
is 5.6 nm [112]. Since the model geometry is symmetrical about the layer midpoint,
the height of the cylinder is representative of half the Cu layer thickness. This allows
us to apply a no-flux boundary condition on the top surface of the cylinder for both
vacancies and interstitials. Similarly, the radius of the cylinder represents the average
distance between MDIs in the Cu-Nb interface and symmetry arguments may be used
to impose a no-flux boundary condition along the vertical faces of the cylindrical FEM
model. The interface is assumed to be a perfect sink [212] and the concentration
of vacancies and interstitials at the interface is constrained to equal the thermal
equilibrium point defect concentrations. The vacancy concentration on the surface of
the cluster is determined by Eqn. 7.2 using the

∂Es
∂V

obtained from the spherical cap

growth model (Eqn. 6.16) and He pressure calculated from the He EOS (Eqn. 6.17).
The interstitial concentration on the cluster surface is approximated to be zero. The
volume of the cluster, V , is systematically varied and the net point defect flux at each
V is computed. The growth rate of the cluster growth, V̇ (V ), is the integral of the
net defect flux over the surface area of the cluster (Eqn. 7.1).

7.3.2

He atoms are stored in stable, sub-nm platelets at interfaces

Fig. 7-2 shows the solution for Dv cv − Di ci obtained by solving the scaled reactiondiffusion equation for point defect concentration using FEM, for a 18-He atom cluster
at a V = 225 Å3 . In this region, the generation of point defects is balanced out
by their mutual annihilation by recombination and absorption at distributed sinks.
At the Cu-Nb interface and away from the He-cluster, there is a net flux of defects
towards the interface since the interface is assumed to be a perfect sink. The defect
concentrations change rapidly within a distance of ∼15 Åfrom the interface. At the
cluster surface, the net vacancy flux is determined from a balance between the arrival
rate from the Cu layer and the thermal emission of vacancies to the Cu-Nb interface.
When the values of the two fluxes are exactly equal, there is no net absorption of
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vacancies at the cluster surface. If the net vacancy flux is equal and opposite to the
interstitial flux, then there is no net atom flux to the He cluster and its volume will
not change with time, V̇ (V ) = 0. This condition defines an equilibrium point for the
interfacial He cluster.
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Figure 7-2: Net defect concentration (Dv cv − Di ci ) and net defect flux for 18-He atom
cluster at V = 225 Å3 on the Cu-Nb interface

Fig. 7-3 compares V̇ (V ) at 300 K for an 18-atom He cluster at a Cu-Nb interface
and in perfect fcc Cu. The latter has two equilibrium values of V , where V̇ (V ) =
0: a stable equilibrium point at low volume (perturbations in V create values that
restore equilibrium) and an unstable one at high volume (perturbations in V grow).
This corresponds to the well-known distinction between stable He-filled ’bubbles’ and
unstable ’voids’ that grow indefinitely by vacancy capture [13,78]. By contrast, V̇ (V )
for the interfacial He cluster shows three equilibrium points: two stable ones at low
volume and an unstable one at high volume. The latter is the critical volume required
to form an unstable interface void. The stable equilibrium point of higher volume is
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an approximately spherical bubble, analogous to bubbles in single crystals. The lower
volume equilibrium point, however, is a new type of stable He cluster: an interfacial
He platelet. Stable He clusters of this sort are not predicted in classical theories
developed for He precipitates in single crystals [13, 78]. The stability of interfacial
platelets under irradiation is a direct consequence of the growth of He clusters by
interface wetting. At low volumes, the platelets have a large surface area to volume
ratio making

∂Es
∂V

high. A high capillary pressure favors the reduction of cluster

volume by thermal vacancy emission.
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Figure 7-3: V̇ (V ) for an 18-atom He cluster at a Cu-Nb interface and in perfect fcc
Cu

When the number of the He atoms trapped in the interfacial cluster is increased
to 20, there is a marked reduction in the range of stable volumes for the interfacial platelet (Fig. 7-4). The increased pressure of the He atoms trapped inside the
platelet suppresses the emission of thermal vacancies and the stability of the platelet
is reduced. On further increasing the number of trapped He to 21, the stable platelet
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regime vanishes entirely and the platelet transforms to a stable approximately spherical bubble as shown in Fig. 7-5. When the growth mode of He clusters changes,
there is a discontinuous transition in

∂Es
∂V

from a high value to a low value (Fig. 6-21).

As a result, the driving force for the thermal emission of vacancies is reduced and
the platelet transforms into a much larger bubble by the capture of vacancies. The
’platelet-to-bubble’ transition, analogous to the classical ’bubble-to-void’ transition
in single crystals, is accompanied by a large change in volume of ∼200%.
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Figure 7-4: V̇ (V ) for an 20-atom He cluster at a Cu-Nb interface.
This finding explains the appearance of bubbles above a critical He concentration
under the TEM in He-ion implanted fcc-bcc multilayers [114, 116, 113]. At low implantation doses, the number of He atoms trapped at MDIs in the interface is low
and the atoms are trapped in nanoscale platelets, which are too small to be resolved
by TEM. As the number of trapped He atoms increases, the range of volumes over
which the platelet is stable decreases. Eventually, the platelet transforms into a 1-2
nm diameter bubble. Based on experimental measurements, it has been deduced that
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Figure 7-5: V̇ (V ) for an 21-atom He cluster at a Cu-Nb interface.
this transition occurs when 25 He atoms are trapped at each MDI [118], in excellent
agreement with modeling results which predict a value of 21 He/MDI.
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Chapter 8
Neutron reflectometry
measurements validate modeling
predictions
This chapter describes the use of neutron reflectometry to characterize magnetron
sputtered fcc-bcc bilayers implanted with He. The experimental method is explained
in the first section and the results of the experiment are discussed in the second
section. The experiments reveal that no detectable He-induced changes occur in Cubcc bilayers until a critical He fluence is exceeded, whereupon regions of low density
Cu localized at the interfaces are observed. The implications of the findings and their
comparison with modeling predictions are described in the last section of the chapter.

8.1

Experimental methodology

The multiscale modeling discussed in chapters 6 and 7 has shown that the delayed formation of He bubbles at fcc-bcc interfaces is due to storage of He in stable nanometerscale platelet-shaped clusters at MDIs [217]. As the platelets absorb further He atoms,
they undergo a platelet-to-bubble transformation accompanied by an approximately
three-fold increase in their volume. The resulting He-filled bubbles may be seen in
transmission electron microscopy (TEM) [112], but the nanoscale platelets from which
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they are predicted to form are too small to be resolved by TEM. It is therefore unclear
from TEM alone whether the formation of interfacial He bubbles is indeed preceded
by the storage of He in platelets or if, at low He concentrations, fcc-bcc interfaces
contain regular He-filled bubbles that are simply too small to resolve by TEM. Thus,
there is a need to identify the platelet-to-bubble transition via other techniques. Neutron reflectometry (NR) is well-suited to this task since it is sensitive to local density
changes induced by He trapped at interfaces [110]. Additionally, unlike ion-beam analysis methods such as elastic recoil detection [218] or nuclear reaction analysis [219],
NR has near Å-level depth resolution, which allows density changes to be attributed
unambiguously to specific locations within the samples under investigation.

8.1.1

Deposition of fcc-bcc bilayers and He ion implantation

The interfaces studied here are formed between a fcc metal - copper (Cu) - and
one of three bcc metals: niobium (Nb), molybdenum (Mo) or vanadium (V). Each
sample is deposited as a bilayer, with a nominal individual layer thickness of 20 nm,
on a silicon (Si) substrate using magnetron sputtering at the Center for Integrated
Nanotechnologies (CINT), Los Alamos National Laboratory. The depositions are
carried out at room temperature in an argon (Ar) atmosphere at a pressure of 6 mTorr
and a 10 cm substrate-to-target distance. The vacuum chamber is evacuated to a base
pressure lower than 5 × 10−8 Torr prior to deposition. The crystallographic character
of interfaces in all three types of magnetron sputtered fcc-bcc bilayers is identical: all
form along closest packed planes in the adjacent crystals ({111}f cc ||{110}bcc ) in the
Kurdjumov-Sachs orientation (< 110 >f cc || < 111 >bcc ) [106].
After deposition, samples are implanted at room temperature with 20 keV 4 He+
ions using the 200 kV Varian ion implanter at the Ion Beam Materials Laboratory
(IBML) at Los Alamos National Laboratory. Cu-Nb bilayer samples are implanted
to seven different fluences: 5 × 1015 /cm2 , 1 × 1016 /cm2 , 2 × 1016 /cm2 , 3 × 1016 /cm2 ,
4 × 1016 /cm2 , 5 × 1016 /cm2 , and 1 × 1017 /cm2 . Cu-Mo and Cu-V bilayer samples are
implanted to two different fluences: 5 × 1015 /cm2 and 1 × 1016 /cm2 . Implantation to
each fluence is carried out on a separate sample.
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During implantation, the beam current is held at a nominal value of 2 µA/cm2
(or at the helium ion flux of 1.25 × 1013 ions/cm2 /s) to limit the heating of the sample
due to the incident beam. The depth profile of He implanted under these conditions
in Cu-Nb is calculated using Stopping and Range of Ions in Matter (SRIM) [215,220],
as shown in Fig. 8-1. This calculation reveals that only ∼8.7% of the implanted He
ions are deposited in either the Cu or the Nb layer of the sample. The remaining He
atoms are deposited in the Si substrate. Similarly, in the Cu-Mo and Cu-V samples,
only ∼8.1% and ∼6.2% of the implanted He ions are deposited in the in the metal
bilayer while the rest penetrates into the Si substrate.

Helium concentration per unit dose (#/nm)

−3

6

x 10

Cu

Si

Nb

5

4

3

2

1

0
0

20

40

60

80

100 120 140 160 180 200

Depth from the surface (nm)

Figure 8-1: Depth profile of 20 keV He ions implanted into a Cu-Nb bilayer with
individual layer thicknesses of 20nm on a Si substrate calculated using SRIM.
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8.1.2

Neutron reflectometry measurements of He-ion implanted
fcc-bcc bilayers

NR measurements on the He implanted fcc-bcc bilayer samples are carried out at the
Surface Profile Analysis Reflectometer (SPEAR), a time-of-flight (ToF) instrument
at the Lujan Neutron Scattering Center, Los Alamos National Laboratory [175], illustrated in Fig.8-2. The neutron beam is produced from a spallation source and,
after moderation by liquid H2 , is directed onto the sample at a very low angle while
the specular reflection is recorded by a ToF, position-sensitive detector.

Figure 8-2: Schematic of SPEAR’s components [175].
The method involves measuring the reflectivity, R, as a function of the wave
vector, Qz , as described in section 4.2.1. In the ToF NR measurements, the neutron
wavelength range varies from 4.5 to 16 Å. NR for the entire Qz -range is covered
by measurements performed at 3 different angles of incidence (i.e. ∼0.5, ∼1.0, ∼2.6
degree), and subsequently the reflectivity curves are combined together. The specular
scattering, averaged over the area of the neutron beam footprint (∼500 mm2 ), is
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analyzed to extract the scattering length density (SLD) profile as a function of depth
n
P
bi , for a volume V containing
from the sample surface. The SLD profile, SLD = V1
i=1

n different atom types, each atom i of which with a coherent scattering length of
bi , can be used to get detailed information about the thickness, density, chemical
composition and roughness of each layer in the bilayer sample. Since bi is not a
monotonic function of atomic number [221], the neutron scattering contrast between
Cu and Nb, Mo, and V is sufficient to study He-implanted fcc-bcc bilayers with
sub-nanometer precision.

8.1.3

NR data interpretation and uncertainty estimation

The reflectivity curve, measured by NR, depends on the SLD profile in the direction
perpendicular to the sample surface. The structure of the He-implanted fcc-bcc bilayers is approximated by a layered slab model parameterized by the thickness, SLD,
and top interface roughness. The model consists of metal layers sandwiched between
a super-phase (air) and a sub-phase (Si). The thin native oxide layer that forms on
the Si substrate is taken into account in the model. Tabulated SLD values [222] for
the Si substrate, SiO2 , Cu, Nb, Mo, and V are used in the model. Given a trial SLD
profile, the Abelés matrix method [172, 173] as implemented in Motofit [171], may
be used to calculate the corresponding reflectivity curve. The model is then refined
to minimize the χ2 value - a measure of the goodness of fit [223] - between the calculated and measured reflectivity curves by changing the parameters that describe
each layer. To avoid over-fitting, simple structural models employing the minimum
number of layers to obtain satisfactory fits are used.
Once a best-fit set of model parameters is achieved, the uncertainties of these
parameters may also be quantified by measuring the increase in χ2 that comes about
from perturbing each individual fitting parameter. The χ̃2 is defined as the deviation
of the reflectivity calculated using the perturbed parameter values from the best-fit
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reflectivity (Eqn. 8.1):

χ̃2 =

N
X

yibf − yip

!2

yibf

i=1

(8.1)

Here, yibf is the best-fit to the measured reflectivity, yip is reflectivity value obtained by
perturbing one parameter of the structural model, and N is the number of data points.
The uncertainties on the fitting parameters are bounds within which χ̃2 is 5% or
less.Upper and lower bounds on best-fit SLD profiles are estimated by superimposing
the upper and lower bounds for each individual fitting parameter. All SLD profiles
with χ̃2 less than or equal to 5% are contained within these bounds but the converse
is not true: not all SLD profiles within these bounds have χ̃2 less than or equal to
5%. Therefore, the uncertainty estimates for best-fit SLD profiles are conservative.

8.2
8.2.1

Neutron scattering experimental results
He-implanted Cu-Nb bilayers

Raw NR data, best-fit reflectivity curves, and corresponding SLD profiles for Cu-Nb
bilayers implanted with increasing fluences of He ions are presented in Fig. 8-3. The
thickness of the SLD profiles reflects the conservative uncertainty bounds computed
by the method described in section 8.1.3. The Cu-Nb interface is located at the origin
in all of the SLD profiles. The fitted model parameters and their uncertainties for
the He implanted Cu-Nb bilayers are summarized in Table 8.1.
At the lowest He ion implantation fluence of 5 × 1015 /cm2 , the best-fit SLD profile
(Fig. 8-3(a)) is a Cu-Nb bilayer with a sharp and well-defined interface between fully
dense Cu and Nb. Increasing the implanted He fluence to 3 × 1016 /cm2 does not lead
to any change in the inferred mass density of either the Cu or Nb layer nor in the
sharpness of the interface between them (Fig.8-3 (b)-(d)). Differences in the thickness
of individual Cu and Nb layers in Fig. 8-3(a)-(d) are due to inherent variability in
the magnetron sputtering process. At a He fluence of 4 × 1016 /cm2 , however, the
Cu-Nb bilayer structure is significantly altered. The intensity of the reflected neutron
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beam near Qz = 0.05 Å−1 (indicated by blue arrows in Fig. 8-3(d)-(e)) decreases
appreciably at this fluence. To account for the reflectivity data, a new layer of SLD
slightly lower than that of Cu must be included at the Cu-Nb interface. As will be
discussed in section 8.3.1, this layer is interpreted as consisting of Cu with a reduced
mass density. Thus, the layer is labelled as ”CuLD ” (low density Cu) in Fig. 8-3(e).
SLDs in the Cu layer further from the interface and in the Nb layer remain unaltered.
At the lowest implanted He fluence at which CuLD is first observed, 4 × 1016 /cm2 , the

CuLD layer is 42.5 Åthick and has a SLD value of 6.289×10−6 Å−2 , slightly smaller
than that of pure Cu [222]. As the implanted He fluence increases, the SLD of the
CuLD decreases, as shown in Fig. 8-3(f)-(g).

Å

Å

Å
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Figure 8-3: (a)-(g)(i) NR data (filled circles) from He implanted Cu-Nb bilayer samples and fitted curves (solid red lines). The error bars denote the standard deviation
for each NR measurement. (a)-(g)(ii) SLD profiles from which the NR fits are obtained along with schematics of their interpretation in terms of composition. The
width of the SLD profile indicates the uncertainty in structural parameters. Blue
arrows in (d) and (e) indicate the feature at Qz =0.05 Å−1 that undergoes a decrease
in reflectivity when the He fluence is increased from 3 × 1016 /cm2 to 4 × 1016 /cm2 .
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Table 8.1: Model parameters used to fit NR data for He-implanted Cu-Nb bilayers

He fluence: 5 × 1015 /cm2

He fluence: 1 × 1016 /cm2

He fluence: 2 × 1016 /cm2

He fluence: 3 × 1016 /cm2

He fluence: 4 × 1016 /cm2

He fluence: 5 × 1016 /cm2

He fluence: 1 × 1017 /cm2

Layer

Thickness

SLD

Roughness

(from air)

(Å)

(10−6 Å−2 )

(Å)

Cu

245.1±3.6

6.55

16.2

Nb

191.89±3.2

3.92

5.9

SiO2

16.34

3.47

2

Cu

249.15±4.6

6.55

14.7

Nb

195.63±4.1

3.92

5.2

SiO2

15.84

3.47

2

Cu

239.07±4.9

6.55

12.4

Nb

218.23±5.3

3.92

6.2

SiO2

12.29

3.47

2

Cu

232.48±5.8

6.55

12.4

Nb

219.23±4.6

3.92

6.1

SiO2

13.34

3.47

2

Cu

196.11±5.2

6.55

12.7

CuLD

42.55±3.2

6.29±0.07

4.8

Nb

189.29±5.9

3.92

5.9

SiO2

18.84

3.47

2

Cu

192.46±4.7

6.55

4.7

CuLD

44.55±2.8

6.18±0.05

4.8

Nb

184.29±4.8

3.92

5.7

SiO2

16.77

3.47

2

Cu

175.01±4.3

6.55

6.9

CuLD

62.06±3

5.87±0.06

4

Nb

212.72±3.6

3.92

7.2

SiO2

15.84

3.47

2
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8.2.2

He-implanted Cu-Mo and Cu-V bilayers

Fig. 8-4 shows raw NR reflectivity data from He implanted Cu-Mo bilayer samples
along with best-fit curves and corresponding SLD profiles. The best-fit parameters
are presented in Table 8.2. The SLD profile of the Cu-Mo bilayer implanted with He
to a fluence of 5 × 1015 /cm2 (Fig. 8-4(a)) contains two layers - Cu and Mo - with
a sharp interface between them. When the He fluence is doubled to 1 × 1016 /cm2 ,
the best-fit SLD profile (Fig. 8-4(b)) reveals a reduced SLD layer at the interface
between Cu and Mo, which is again labelled as CuLD .
NR measurements and SLD fits for He-implanted Cu-V bilayers are presented in
Fig. 8-5 while corresponding fitting parameters are given in Table 8.3. At a He
fluence of 5 × 1015 /cm2 , the SLD of the bilayer shows distinct Cu and V regions (Fig.
8-5(a)). When the He implantation fluence is increased to 1 × 1016 /cm2 , a distinct
CuLD layer is found at the interface between Cu and V (Fig. 8-5(b)).

Table 8.2: Model parameters used to fit NR data for He-implanted Cu-Mo bilayers

He fluence: 5 × 1015 /cm2

He fluence: 1 × 1016 /cm2

Layer

Thickness

SLD

Roughness

(from air)

(Å)

(10−6 Å−2 )

(Å)

Cu

240.02±5

6.55

12.3

Mo

235.07±5.7

4.33

5.2

SiO2

12.69

3.47

2

Cu

180.06±4.8

6.55

12.8

CuLD

43.0±2

6.35±0.14

5.3

Mo

233.07±4.2

4.33

4.6

SiO2

17.69

3.47

2
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Figure 8-4: ((a)-(b)(i) NR data (filled circles) from He implanted Cu-Mo bilayer samples and fitted curves (solid red lines). The error bars denote the standard deviation
for each NR measurement. (a)-(b)(ii) SLD profiles from which the NR fits are obtained along with schematics of their interpretation in terms of composition. The
width of the SLD profile indicates the uncertainty in structural parameters.

Table 8.3: Model parameters used to fit NR data for He-implanted Cu-V bilayers

He fluence: 5 × 1015 /cm2

He fluence: 1 × 1016 /cm2

Layer

Thickness

SLD

Roughness

(from air)

(Å)

(10−6 Å−2 )

(Å)

Cu

224.37±4.5

6.55

12.9

V

108.05±5

-0.271

14.3

Cu

169.04±4

6.55

15.3

CuLD

68.0±3.1

6.16±0.09

4.4

V

114.32±4.

-0.271

15.6
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Figure 8-5: (a)-(b)(i) NR data (filled circles) from He implanted Cu-V bilayer samples
and fitted curves (solid red lines). The error bars denote the standard deviation for
each NR measurement. (a)-(b)(ii) SLD profiles from which the NR fits are obtained
along with schematics of their interpretation in terms of composition. The width of
the SLD profile indicates the uncertainty in structural parameters.

8.3
8.3.1

Data Interpretation and analysis
Interpretation of reduced SLD interfacial layers

As demonstrated in Fig. 8-3, 8-4, and 8-5, He implantation above a critical fluence
causes the formation of a distinct layer inside the Cu adjacent to fcc-bcc interfaces
with SLD somewhat lower than that of pure Cu. Several potential explanations of
this finding are considered. One possibility is that the observed change in SLD is
due to an additional NR signal from implanted He ions that have been trapped at
the interfaces. Fcc-bcc interfaces are indeed excellent traps for He [217, 198, 199].
However, since He has a positive SLD [222], incorporation of He into the interface
without a concomitant decrease in the density of the surrounding material would give
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rise to a net increase in SLD, rather than a reduction.
Furthermore, according to the SRIM calculations (as discussed in section 8.1.1),
at any given total fluence, comparable amounts of He may be expected to be trapped
at interfaces in all three bilayer types. However, layers of reduced SLD are detected
in Cu-Mo and Cu-V at implanted He fluences approximately four times smaller than
in Cu-Nb. There is no reason to suspect that NR would be more sensitive to He
in Cu-Mo and Cu-V than to He in Cu-Nb. Therefore, the appearance of a layer of
reduced SLD is not due to an additional NR signal directly from the implanted He.
Furthermore, since no changes in bilayer structure are detected below the critical
fluence required to form layers of reduced SLD, it may be concluded that the NR
measurements described here are not able to directly detect implanted He. This may
be explained by the low scattering density of He compared to Cu, Nb, and Mo and its
relatively low atomic concentration, even at the highest fluences used in this study.
Another potential interpretation of the low SLD interface layer is mixing of impurity bcc atoms into the neighboring Cu layer. Since Nb, Mo, and V have lower
SLD values than Cu, this mechanism could account for a reduction of SLD. Nevertheless, several arguments militate against this interpretation. All of the fcc-bcc pairs
used in this study have extremely low solid solubilities and do not form intermetallic compounds. Thus, in thermodynamic equilibrium, interfaces between them are
atomically sharp.
Ion-induced mixing may force mutually insoluble elements into supersaturated
solution, but requires the impinging ion to have a comparable atomic mass to that
of the target atoms [224]. However, the ratio of the atomic mass of He to those of
Cu, Nb, Mo, and V is low, so significant ion-induced mixing is not expected in this
study. Indeed, previous investigations have confirmed that Cu-Nb interfaces remain
atomically sharp, even when implanted with higher energy He ions than the ones used
here [107, 11].
It is furthermore not clear how ion-induced mixing could give rise to the threshold
He fluences required for the formation of reduced SLD layers. Moreover, previous
investigations of ion-induced mixing in Cu-Mo and Cu-Nb bilayers have shown a
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greater tendency for mixing in the latter than in the former [225], in contrast to the
higher He fluence required to form reduced SLD layers in Cu-Nb than in Cu-Mo. In
view of the foregoing arguments, it can be concluded that impurity bcc atoms are not
responsible for the formation of the reduced SLD layers found in this study.

The SLD reduction in Cu regions adjacent to fcc-bcc interfaces arises due to a
decrease in the average mass density of Cu upon the formation of He-filled bubbles
there. Experimental investigations on Cu-Nb have confirmed that such bubbles tend
to grow into the Cu layer, rather than into the adjacent bcc layer [216]. The threshold
He fluence required to form layers of reduced SLD can be explained on the basis
the discrete platelet-to-bubble transformation, described in section 7.3.2. Below the
critical implantation fluence, He atoms deposited in the bilayer are trapped in stable
platelet-shaped, nanometer-scale clusters at the fcc-bcc interfaces. Because the size
of the interfacial He platelets is comparable to the depth resolution limit of NR, the
SLD profile of the bilayers is unchanged below the critical fluence. With increasing
He fluence, the number of He atoms trapped in each interfacial platelet increases until
it reaches a threshold value, beyond which it transforms into approximately spherical
He-filled bubbles. Since the platelet-to-bubble transformation is accompanied by an
approximately three-fold increase in the volume of the He-filled cavity, Cu atoms in
the regions adjacent to the interface are pushed away from the interface and this
produces a decrease in mass density of Cu detectable by NR.

In addition to the qualitative reasons given above, two quantitative arguments
support the hypothesis that the layers of reduced SLD found here are indeed regions
where the average density of Cu has decreased due to the He platelet-to-bubble transformation. These arguments are described in the following subsections. Henceforth,
the layers of reduced SLD are referred to as layers of low density Cu: CuLD .
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8.3.2

Critical He fluence for the platelet-to-bubble transformation

At the Cu-Nb interface, CuLD layers form when the implanted He fluence is between
3 × 1016 /cm2 and 4 × 1016 /cm2 . In the case of Cu-Mo and Cu-V, the critical fluence
lies in the range 5 × 1015 /cm2 -1 × 1016 /cm2 . These fluence ranges are directly related
to the areal densities of misfit dislocation intersections (MDIs) present in the fcc-bcc
interfaces. For the fcc-bcc interfaces investigated in this work, the areal density of
MDIs decreases as Cu-Nb>Cu-Mo>Cu-V. As discussed in chapters 6 and 7, He atoms
are preferentially trapped at MDIs in the interface in the form of stable platelet shaped
clusters. This implies that the amount of He that can be stably stored in platelets
at fcc-bcc interfaces will scale with areal density of MDIs in the interface: higher
the MDI density, higher the critical interfacial He fluence for the platelet-to-bubble
transition. The density of MDIs at the Cu-V interface is ∼4.5 times smaller than that
in Cu-Nb interfaces, in good agreement with the critical He fluence values at which
CuL D forms at the two interfaces.
As described in section 8.1.1, only a fraction of the total implanted He fluence
ends up in the fcc-bcc bilayers, the remainder being implanted into the underlying
Si substrate. This fraction differs for the three fcc-bcc pairs investigated here. For
the average Cu-Nb bilayer thickness estimated from NR measurements, SRIM [215]
calculations show that 9.3±1.5% of the implanted He ends up in either Cu or Nb
layer. In the Cu-Mo and Cu-V bilayer samples, only 11.8±1.7% and 4.1±0.8% of
the implanted He is deposited in the fcc and bcc layers, respectively. To make a
quantitative comparison between the critical He fluences for CuLD layer formation
and areal densities of MDIs, these differences must be accounted for. The reduced
fluence, dR , is defined as the product of the total implanted He fluence, d, and the
fraction, f , of the total fluence that ended up in the fcc and bcc layers (Eqn. 8.2):

dR = d × f

(8.2)

Fig. 8-6 plots the reduced critical He fluences required to detect CuLD layers in
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Cu-Nb, Cu-Mo and Cu-V interfaces using NR as a function of the lattice parameter
ratios

abcc

af cc of these fcc-bcc pairs. Also plotted are critical He concentrations per

unit area required to observe He bubbles in TEM for these three interfaces as well as
the areal densities of MDIs computed using O-lattice theory [226] for a wide range
of lattice parameter ratios at interfaces with the same crystallographic character as
those investigated here. These three sets of data are nearly proportional to each
other, in agreement with the hypothesis that the areal density of MDIs determines
the conditions at which the platelet-to-bubble transition occurs at different interfaces.

Figure 8-6: Blue squares show the reduced critical fluence required to measure a
decrease in interfacial Cu density using NR as a function of lattice parameter ratio
for Cu-Nb, Cu-Mo, and Cu-V interfaces. Red diamonds are critical interfacial He
concentrations required to observe He bubbles in TEM. Black dots are areal densities
of MDIs calculated using O-lattice theory and the dashed line is a guide to the eye
[118].
The proportionality factor between the critical He concentration found by TEM
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and the areal density of MDIs is the critical number of He atoms per MDI at which
the platelet-to-bubble transition occurs. The data in Fig. 8-6 indicates that this
critical number is 25 He atoms, in good agreement with modeling, which predicts a
critical number of 21 He atoms [217]. The proportionality factor between the reduced
critical fluence required to detect CuLD layers in NR and the critical He concentration
required to observe He bubbles in TEM is the fraction of He atoms implanted into
fcc-bcc bilayers that eventually becomes trapped at fcc-bcc interfaces. The remainder
of the He implanted into the bilayers may diffuse to trapping sites other than the fccbcc interface (such as vacancies or dislocations), to the free surface, to the interface
with the substrate.
No prior information is available concerning the fraction of He implanted into
the bilayers that eventually ends up at fcc-bcc interfaces, so it is inferred it to be
38%±14% using the data in Fig. 8-6. If there had been no distributed sinks such as
vacancies and dislocations in the bilayers, then implanted He could only diffuse to free
surfaces, fcc-bcc interfaces, and bilayer-substrate interfaces, giving a 50% expected
fraction of implanted He that eventually becomes trapped at fcc-bcc interfaces. This
value is reasonably close to the inferred fraction of 38%, confirming that the interpretation of the NR and TEM data are consistent with each other. The fact that the
inferred He trapping fraction is lower than 50% gives indirect evidence of the presence of distributed sinks in the bilayers. Additionally, previous investigations that
compared depth profiles of low energy implanted He computed by SRIM with ones
measured by nuclear reaction analysis (NRA) concluded that the former tended to
underpredict the implantation depth [112,116], providing anther possible cause of the
low value of the inferred He trapping fraction.
The critical concentration of He required for forming interface bubbles estimated
from NR and TEM data show qualitative agreement with each other. The disparities
observed between the two sets of data may be explained on the basis of differences in
the fraction of He that is ultimately trapped at each fcc-bcc interface. The data in Fig.
8-6 suggests that the fraction of He trapped at the Cu-Nb interface is actually lower
than the inferred value of 38%. Such variation is to be expected since each bcc metal
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that forms the interface responds differently to He implantation. Under implantation,
the concentration of vacancies generated in the bcc layer and the mobility of Hevacancy complexes are governed by the properties of the bcc layer. Both of these
quantities influence the fraction of He that may diffuse to the fcc-bcc interface and
get trapped there.

8.3.3

Variation of bubble size with implanted He fluence in
Cu-Nb interfaces

The decrease in mass density of CuLD layers measured by NR above the critical
implanted He fluence at Cu-Nb interfaces may be used to estimate the volume of
interfacial He bubbles. Assuming that the SLD of bubbles is zero and that there is
one bubble at each MDI, the rule of mixtures is used to estimate the upper bound on
the volume per He bubble at each He fluence above the threshold value. These values
are then compared to equilibrium volumes of He-filled cavities at Cu-Nb interfaces
calculated using the reaction-diffusion model for point defects [217].
With increasing He fluence, increasing numbers of He atoms are trapped in interface bubbles. The volume of the bubbles then increases to accommodate the higher
pressure of the He trapped inside them. The fraction of implanted He that eventually
ends up at fcc-bcc interfaces inferred in section 8.3.2 is used to estimate how many
He atoms are inside each bubble at any given total fluence. A comparison between
the inferred and calculated He bubble volumes is presented as a function of the number of He atoms trapped in each bubble in Figure 8-7. These two determinations of
He bubble volume are in reasonable agreement with each other and show the same
trends with increasing number of He atoms, validating the conclusion that He bubble
formation is responsible for the decrease in the mass density of Cu adjacent to fcc-bcc
interfaces.
As pointed out in section 8.3.2, the number of He atoms implanted into the CuNb bilayer that eventually become trapped at Cu-Nb interfaces may be smaller than
the value of 38% inferred from Fig. 8-6. If this conclusion is correct, then the red
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data points in Fig. 8-7 should be shifted somewhat to the left, yielding a smaller
discrepancy with respect to the FEM calculations.

Figure 8-7: Red diamonds show the volume per He bubble at Cu-Nb interfaces determined as a function of the number of He atoms estimated from NR measurements.
Blue squares represent volumes of stable interfacial He bubbles calculated from the
reaction-diffusion model using FEM.

The NR measurements on He implanted fcc-bcc semi-coherent interfaces described
here provide direct evidence of the He platelet-to-bubble transformation predicted by
multiscale modeling. Below a critical He fluence, He atoms are trapped in stable,
nanometer-scale platelets that are below the resolution limit of NR and therefore do
not alter the measured reflectivity profiles. Above a critical He fluence, the platelets
transform to approximately spherical bubbles with volumes nearly three times as
large as those of the platelets. These bubbles are detected by NR as low-density
Cu layers, CuLD , adjacent to the fcc-bcc interfaces. The fact that the CuLD layers
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do not form gradually, but rather only once a critical fluence is exceeded provides
strong evidence of the platelet-to-bubble transformation, which is also a discrete
threshold phenomenon. It has been shown that misfit dislocation networks play a
very important role in determining the interaction between He and semi-coherent
interfaces. MDIs are strong trapping sites for He atoms and the density of such sites
in the interface control how much He can be stably stored at interfaces.
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Chapter 9
Quantitative relation for the stable
storage of He at interfaces
The modeling and experimental work described in chapters 6, 7, and 8 suggest that
the ability of semi-coherent interfaces to store He in stable, sub-nm platelets may be
altered by changing the interface structure. The ability to trap He depends on the
density of MDIs and the maximum amount of He that can be stored as platelets at
each MDI. In this chapter, analytical expressions for these terms are derived and used
to construct a figure-of-merit for the stable storage of He at interfaces: a quantitative
expression relating the structure of the interface to the property of He storage. Such
a quantitative relationship can be used to determine the maximum He concentration
that can be stored at other interfaces not investigated here without any further modeling or experiments. Furthermore, the relationship can be used to design interfaces
that have a high resistance to swelling induced by He precipitation.
The stability of He platelets is a direct consequence of the spatial heterogeneity of
interface energy. The amount of He that can be trapped as stable platelets depends
on the size of the heliophilic patch at each MDI. TEM [118] and NR [197] experiments
confirm the modeling prediction. Based on the understanding of the mechanism of
He cluster growth, the ability of semi-coherent interfaces to store He in platelets may
be summarized in two factors:
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1. the areal density of MDIs in the interface, ρmdi : increasing ρmdi at interfaces
increases the number of heliophilic patches where He platelets may form

2. the maximum number, κ, of He atoms that can be stored in one stable platelets
at each heliophilic patch

The next two sections derive analytical expressions for ρmdi - using O-lattice theory
and for κ using a simplified reaction-diffusion model as well as the spherical cap model
and He EOS described in sections 6.5 and 6.6 respectively.

9.1

Calcuating ρmdi

The density of MDIs depends on the crystallography and lattice misfit across the interface and may be calculated using O-lattice theory [226]. O-lattice points represent
”equivalent” points in a dichromatic pattern created by two adjoining lattices. The
density of MDIs is calculated following the method outlined in ref. [ [226]. The primitive translational symmetry vectors in the interface plane for the fcc and bcc crystal
are related to an orthonormal reference configuration using uniform displacement
gradients (Eqn. 9.1):
xf cc = S(1) xorth = af cc s(1) xorth
xbcc = RS(2) xorth = abcc Rs(2) xorth

where R is a rotation matrix, R = 
A, that transforms xbcc into xbcc

x(bcc)

cos θ − sin θ

(9.1)



 . The transformation matrix
sin θ cos θ
is therefore (Eqn. 9.2):

−1
A = RS(2) S(1)

−1  (f cc)
= RS(2) S(1)
x
:= Ax(f cc)

(9.2)

Now, the O-lattice equation is solved to calculate the matrix of O-lattice vectors,
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X(0) , for the interface (Eqn. 9.3):
(I − A−1 ) := T
X(0) = T−1 S(1)

(9.3)

and density, ρmdi is (Eqn. 9.4):
ρmdi = det X(0)

−1

(9.4)

For KS interfaces, the rotation angle is θ=5.6◦ , giving ρmdi :

ρmdi

9.2

√ 2
6.0 − 15.34b + 4 6b2
√ 
√


=
3b2 (1.31 − 2b) 2.57 − 2 3b + (2b − 1.51) 2 3b − 3.4

(9.5)

Calculating κ

In this section, an approximate analytical expression for κ is derived. The simplified
expression for He cluster growth is (Eqn. 9.6):
ZZ
V̇ = Ω0

∇ [Dv (cv − csv ) − Di ci ]dA

(9.6)

The fluxes of point defects into clusters are diffusion-limited and are driven by defect concentration gradients [56]. The defect concentrations change rapidly only close
to the interface as shown in Fig. 7-2 (section 7.3.2). The distance from the interface
beyond which the defect concentrations change slowly is equal to the characteristic
diffusion distance of defects before recombination in a perfect crystal, l∗ . This distance
can be estimated from the reaction-diffusion equations (Eqn. 7.3) by neglecting the
q
i
[212]. For Cu at 300 K,
contribution from distributed sinks and equals l∗ = 4 KDivv D
Ko
l∗ is estimated to be ∼5 nm (for the parameters tabulated in 7.1). The characteristic
diffusion distance of defects before annihilation at distributed sinks, can be calculated
q
0
Di
, which is ∼ 5 µm, a
by neglecting the contribution of recombination, l ≈ 4 ρDDvK
o

thousand times l∗ and thus irrelevant for the multilayer systems being studied. Since

the length scale over which the defects fall into the interface is 5 times larger than
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the size of the largest He platelet, the net point defect flux towards the cluster can
be approximated as the net point defect flux towards the interface: Jin =

Dv cv −Di ci
l∗

where cv and ci are the vacancy and interstitial concentrations far from the interface
in the absence of distributed sinks. Following the work of Demkowicz et al. [212], the
steady state point defect concentrations are related through (Dv cv − Di ci ) = const.
The value of the constant can be determined by assuming that cv and ci are in equilibrium with point defect concentrations far away in the neighborhood of distributed
∞
∞
∞
sinks i.e. cv = c∞
v , ci = ci . cv and ci can be calculated from rate theory equa-

tions [82, 83] given by(Eqn. 9.7):
∞
∞
Ko − Kiv c∞
v ci − Dv Zv ρD cv = 0

(9.7)

∞
∞
Ko − Kiv c∞
v ci − Di Zi ρD ci = 0

where Zv and Zi [213, 83, 82] are the vacancy and interstitial capture efficiencies at
distributed sinks. The procedure for solving Eqn. 9.7 is outlined in ref. [56] and may
be written as (Eqn. 9.8):
∞
Dv cv − Di ci = Dv c∞
v − Di ci =

η=

Dv Di ρD
2Kiv

√

4Kiv Ko
Dv Di ρ2D Zi Zv


η + 1 − 1 (Zi − Zv )

(9.8)

By contrast, the thermal emission of vacancies from the cluster generates concentration profiles that decay over distances on the order of the cluster radius, rc ∼1nm.
Thus, the outward flux of vacancies is approximated as Jout =

Dv csv
.
rc

Under these

approximations, the condition for cluster equilibrium (V̇ (V ) = 0) may be written as
(Eqn. 9.9):
Dv cv − Di ci Dv csv
−
=0
(9.9)
l∗
rc
h
 Ω i
∂Es
s
s
eq
Substituting for cv with cv = cv exp − PHe − ∂V kB0T (Eqn. 7.2) and rearranging the terms gives (Eqn. 9.10):

PHe

∂Es
=
−
∂V
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kB T
Ω0


ln Sv

(9.10)

where Sv is the vacancy supersaturation (Eqn. 9.11).
rc
Sv = ∗
l



Dv cv − Di ci
Dv ceq
v


(9.11)

In order to maximize the number of He atoms that can be stored in a stable
platelet, the equilibrium platelet volume i.e. the volume at which V̇ (V ) = 0 should
equal the volume at which the change in cluster growth mode occurs, Vmax . Describing
the growth of interfacial clusters using the spherical cap model, Vmax can be written
as (Eqn.9.12):

Vmax

π 3
= rmdi
6



1 − cos θ∗
sin θ∗


(9.12)

where rmdi is the radius of the heliophilic patch and θ∗ , the contact angle between
the cluster and the heliophilic patch. κ and Vmax define a He density that is related
to the pressure of He gas trapped in interfacial clusters through the He EOS (Eqn.
6.17). Using Eqn. 6.17, Eqn. 9.12, in Eqn. 9.10:

"
38.3 × T

0.8


×

κ
Vmax

3.1 !

#
+5 +

"

kB T
Ωo


ln

D v cv − D i ci
l∗
D ceq
rc v v

!#
=

∂Es
∂V

V =Vmax

(9.13)
The terms in Eqn. 9.13 can be rearranged to calculate κ (Eqn. 9.14):
3.1
Vmax
κ=
(38.3 × T 0.8 )





∂Es
∂V


Vmax

−

kB T
Ω0



13.1
ln Sv − 5.0

All the quantities in Eqn. 9.14 can be expressed analytically - Vmax and

(9.14)
∂Es
∂V Vmax

from

the spherical cap model and Sv from Eqn. 9.8 and Eqn. 9.11.
The equilibrium condition (Eqn. 9.13) can be viewed as a balance of three pressures:

1. the mechanical pressure exerted by the compressed He atoms trapped in the
cluster, PHe , that tends to expand the size of the cluster,
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2. the osmotic pressure of radiation-induced vacancy supersaturation, Sv , driving
the cluster towards larger volumes, and
3. the capillary pressure of the surface,

∂Es
,
∂V

which tends to decrease the volume

to eliminate surface energy.
At an equilibrium platelet volume, the three pressures are balanced and the cluster is
in equilibrium. When the volume of the cluster just exceeds the volume corresponding
to the change in growth mode,

∂Es
∂V

decreases abruptly to a low value as discussed in

section 6.5, disturbing the balance between the three pressures. The cluster volume
then increases by absorption of vacancies to reduce PHe and restores the balance by
forming a stable bubble at much larger volumes i.e. the He-vacancy cluster undergoes
a platelet-to-bubble transition.

9.2.1

Comparison between the different estimates for κ

In the absence of vacancy supersaturation (ln Sv = 0), the maximum number of
He atoms that can be stored in the platelet at the Cu-Nb interface at T =300 K is
calculated to be κ = 33 He atoms/MDI using Eqn. 9.14. The values for the various
parameters in Eqn. 9.14 are calculated using the spherical cap model (section 6.5)
and from table 7.1. Under He-ion irradiation, the concentration of vacancies far
exceeds the equilibrium values and the increase in osmotic pressure decreases the κ
value. At T = 300 K, for Cu-Nb multilayers with an individual layer thickness (l) of
5.6 nm under He-ion implantation, the vacancy supersaturation is calculated to be:
ln Sv = 14.54. The increase in vacancy supersaturation decreases κ and under He-ion
irradiation Eqn. 9.14 predicts that the platelet-to-bubble transition will occur at 28
He atoms/MDI.
From TEM experiments on Cu-Nb multilayer nanocomposites [112], it is estimated
κ is 25 He atoms/MDI and NR measurements . Furthermore, the continuum modeling
described in chapter 7 predicts a κ value of 21 He atoms/MDI. The estimates for κ
from the experimental measurements - TEM and NR, multi scale modeling results
and the analytical expression are summarized in Table 9.1. The estimation of κ at
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Table 9.1: Comparison of κ estimates
Method

Value
(He atoms/MDI)

Analytical model (ln Sv = 0)
Analytical model (ln Sv = 14.54)
Transmission electron microscopy (TEM)
Neutron reflectometry (NR)
Multi-scale model

33
28
25
35
21

the Cu-Nb interface from the analytical equation is in good agreement with estimates
from both experiments and modeling.

9.3

Figure of merit for the stable storage of He at
interfaces

The maximum concentration of He that can stored in stable platelets at any interface
is proportional to two quantities: (1) the areal density of MDIs in the interface, ρmdi ,
and (2) the maximum number of He atoms that can be stored as stable platelets, κ.
The two factors can be succinctly expressed as a figure-of-merit for the stable storage
of He at any interface, ΓHe , as (Eqn 9.15):

ΓHe = ρmdi × κ

(9.15)

Using the analytical expressions for ρmdi (Eqn. 9.4) and κ (Eqn. 9.14), ΓHe can
be calculated. This quantitative relationship can be used to rank interfaces on their
ability to store He as stable interfacial platelets - the higher the value of ΓHe , the
more He an interface may store without forming He bubbles. Since the expression
for ΓHe does not require any further experiments or simulations, it may be used as
a design guideline for materials where He bubbles are to be avoided. One limitation
of the expression is that it can only be applied to interfaces that can be described by
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misfit dislocation models. Different expressions for ρmdi may be needed for incoherent
precipitate-matrix interfaces and general grain boundaries where the misfit dislocation
model does not apply.
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Chapter 10
Discussion
The existence of stable, interface-wetting He platelets is not predicted by classical
theories [13, 78] of He precipitation in bulk materials. From the work described in
chapters 6, and 7, the mechanism of He platelet formation is explained on the basis of interface wetting. The formation of stable platelets is a direct consequence
of the location dependence of interface energy. He grows by wetting high interface
energy heliophilic regions. Once the heliophilic patches are completely covered by
He, the platelets undergo a rapid transformation into large interfacial bubbles. For
example, the volume of platelets growing at Cu-Nb interfaces is nearly three times
smaller than that of bubbles in fcc Cu with the same number of He atoms. This
has far-reaching implications for the design of He-resistant materials for future fusion
and advanced fission reactors. A strategy to effectively manage helium is to provide a
high density of internal interfaces to serve simultaneously as helium platelet nucleation
sites and vacancy-interstitial recombination centers (to decrease vacancy supersaturations). For example, by creating materials containing interfaces with high densities of
MDIs, it may be possible to delay the platelet-to-bubble transformation and thereby
maximize the concentration of He required to nucleate bubbles. This idea can be
exploited in the development of ’reduced activation’ materials being developed for fusion reactors [1]. One example of such a class of materials is dispersion-strengthened
steels (ferritic [22] and martensitic) containing a high density of 2nm sized particles
which have demonstrated a high resistance to He-induced damage. It is possible that
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He platelets nucleate at these interfaces before bubble formation and this suggests
that by tailoring the He wetting properties of matrix-precipitate interface it may be
further improved. Another opportunity for interface engineering to improve resistance against He-damage is in the development of SiC/SiC composites based on thin
SiC fibers infiltrated in a SiC matrix [227]. The large interface area to volume ratio
of the composite material can be tailored to trap He in platelets.
It is clear from the work presented in this thesis that the misfit dislocation structure plays a central role in He interactions with semi-coherent heterophase interfaces.
Misfit dislocation intersections are the most stable trapping sites for He in the interface and clusters with vacancies to form stable sub-nm platelets. Other semi-coherent
interfaces containing misfit dislocations besides the fcc-bcc interfaces investigated here
may also trap He at MDIs. For example, He bubbles nucleate preferentially at nodal
points in the screw dislocation networks of twist grain boundaries in Au [69], Fe [77],
and Cu [70]. Is the formation of He bubbles at these grain boundaries also preceded
by the formation of stable He platelets?
The construction of a classical Cu-Nb-He ternary potential was presented in chapter 5. First principles calculations showed that the potential was able to predict He
defect energies in fcc Cu and bcc Nb despite not being fitted to those energies. The
method of force matching [190] can be used to construct potentials with a high degree
of accuracy and at the same time reducing the computational effort involved in the
construction of forces. If the forces can be computed from defect relaxation calculations, the defect energies can then be used to validate the potential. In this case,
the forces between He and Cu, Nb, and He are calculated to be radial since He has
a closed electronic shell and the charge density redistribution is negligible. However,
for systems where considerable charge redistribution occurs, many-body effects may
be important and the treatment of such effects might not be easily resolved using
force matching. The work also highlighted that interatomic potentials constructed
using DFT data from metal-He dimers [31,176] ignore the effects of the metal matrix
and will lead to inaccurate He defect energies in the bulk matrix.
This study also shows that neutron reflectometry (NR) is a powerful tool, com148

plementary to TEM, for resolving nano-scale features at buried solid-state interfaces.
The NR measurements on He implanted fcc-bcc semi-coherent interfaces described
in chapter 8 provide direct evidence of the He platelet-to-bubble transformation predicted by multiscale modeling . The fact that the CuLD layers do not form gradually,
but rather only once a critical fluence is exceeded provides strong evidence of the
platelet-to-bubble transformation, which is also a discrete threshold phenomenon.
The high spatial resolution of this technique may also be applied to study other
forms of damage at interfaces, such as morphological evolution under heavy-ion bombardment, radiation-induced segregation, or hydride formation. NR may also be used
to validate atomistic modeling predictions.
In this study, the processes influencing diffusion and the kinetics of trapping of He
implanted into single crystals have not been studied. But an understanding of these
mechanisms is important for two reasons. Firstly, the complexity of reaction-rate
continuum models can be increased to include dynamic loading of He at the interface
as opposed to a static loading as performed in these simulations. Effects, such as clustering of He in the bulk can be incorporated providing a more accurate representation
of the net defect fluxes at the interface. Secondly, such an understanding would have
allowed for a more quantitative analysis of the NR data in section 8.3.2 by increasing
the accuracy of the estimated fraction of He atoms implanted into fcc-bcc bilayers that
eventually becomes trapped at fcc-bcc interfaces. Kinetic Monte Carlo simulations
parameterized by defect formation and migration data obtained from nudged elastic
band (NEB) simulations [228] may yield such information. The improved accuracy
can provide valuable information about the processing conditions in manufacturing
structural materials for nuclear reactors. The average spacing between traps for He volumetric density of nanoparticles or the layer thickness in multilayer nanocomposites - has to be controlled to ensure He atoms are captured at traps and do not form
clusters in the bulk.
The atomistic calculations in chapter 6, developed a mechanistic understanding of
He trapping and clustering with vacancies at one MDI in the interface plane. However,
under He-ion implantation conditions it is expected that each MDI in the interface
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will trap He atoms and nucleate clusters. The interaction between He clusters growing
at neighboring MDIs can influence the growth morphology of clusters. The growth
can proceed in several distinct ways: (1) clusters at adjoining MDIs do not interact
and have the same size, (2) clusters link up and span several MDIs, or (3) the entire
interface is covered by a thin wetting layer of atoms [229]. The exact morphology
will be determined by the He concentration and distribution of heliophilic domains.
Based on these insights, new ways of managing He can be envisioned. For example,
by controlling the distribution and size of the wetting patches at the interface, He
platelets and bubbles can be nucleated as continuous channels for He outgassing.
The framework of cluster growth as a spherical cap and the He EOS developed here
can be used to create phase field models to study such behavior. The spherical cap
model presented in this study is a good approximation to describe the shape of the
interfacial clusters but there is room for improvement. Instead of spherical caps,
better approximations to the shape such as cylinders can be used to describe the
layer by layer growth of He clusters at the interface.
If interfaces are to be ’designed’ to trap He, it becomes crucial to understand
how He precipitates influence mechanical properties of the interface, such as strength
and ductility of interfaces. The key unit process that determines the yield strength of
multilayers depends on the layer thickness [230]: (a) when the layer thickness is ∼ µm,
the dislocation pile-up based mechanisms are active, (b) when the layer thickness is
reduced to a few tens of nm, confined layer slip (CLS) by dislocation bowing is the
dominant mode, and (c) when the layer thickness is 1-2 nm, the response is expected
to be governed by interface crossing of dislocations. It is in the last regime, the role of
He clusters nucleated at MDIs on the barrier to slip transmission becomes significant.
These platelets can act as barriers for dislocation motion leading to hardening or
the He pressure can assist the nucleation of dislocations across the interface under
loading and produce a softening behavior. Compression tests on pillars fashioned out
of multilayers implanted with He studied the effect of He bubbles on the strength and
ductility of He-implanted Cu-Nb multilayers and found a strong dependence of the
layer thickness of the nano-composite on hardening. When the layer thickness is 70
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nm, flow stress increases by 33% after implanting 7 at.% He in the sample without
any loss of ductility. At smaller layer thicknesses of 5 nm and 2.5 nm, the increase in
hardening is 14-20% and He-embrittlement is not observed [231,232]. When the layer
thickness is much larger than the bubble spacing, confined layer slip is the dominant
plastic mechanism. In this regime, He bubbles in fcc Cu and bcc Nb act as obstacles to
dislocation motion and are expected to contribute significantly to strengthening [233].
However, when the layer thickness is lesser than 5 nm, the experimentally observed
hardening of the multilayers may be explained by the increase in interface barrier
stress to slip transmission as a result of He trapped in small clusters at the interface.
This behavior can be investigated using atomistic modeling of dislocation transmission
across interfaces.The unit mechanisms can in turn be incorporated into dislocation
dynamics models [234, 235] to understand the mechanical response of multilayers
implanted with He.
Finally, the results of the work presented here indicate how the integration of
multiscale modeling and experiments may be used to obtain insights that neither
method can achieve by itself. By combining results from TEM and NR experiments
with hypotheses obtained through modeling, quantitative insights into the behavior of
interface-He interactions at fcc-bcc semi-coherent interfaces were obtained and relates
to He trapping at the interface structure. Based on these findings, a figure-of-merit
is developed to predict He trapping at interfaces not investigated here, which can be
validated by a careful choice of experiments and for design of materials containing interfaces that mitigate He-induced degradation. Design of experiments specifically for
testing of hypotheses developed by accurate modeling is a means to deeper integration of computational modeling and experimental investigations.This in turn requires
a sound understanding of the fundamental mechanisms derived from modeling leading to the formulation of good hypotheses and subsequent design of single variable
experiments to test predictions made by modeling.
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[208] A. Einstein, “Über die von der molekularkinetischen Theorie der Wärme
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