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Abstract

The goal of this work is to understand the properties of mixed-metal intercalation oxides.
Using first-principles methods, the effect of doping on the mixing, energetic, and voltage
properties as well as the phase diagrams of lithium transition-metal oxides for lithium battery
cathode materials was investigated. The effect of doping on the phase separation tendencies of
layered transition-metal oxides was examined and it was found that for normal processing
temperatures, Al is miscible in layered transition metal oxides (LiMO,) for five of the eight
first-row transition metals studied. Temperature-composition phase diagrams for both
Li(Al,Co)C, and Li(Al,Cr)O, were calculated. In these two systems, Al-doping is limited
above 600°C by the formation of y-LiAlO, and at very low temperatures owing to the
existence of a miscibility gap. Reduced solubility is expected in the layered phase above
600°C for all exides which have substantial solubility with LiAlO, due to the formation of -
LiAlO;.

The effect of transition-metal doping on the average voltage properties in Mn-based
spinels was calculated and the large increase in average voltage found experimentally was
reproduced. A detailed analysis on the layered structure Li(Al,Co)O, was performed, studying
the energetics of different lithium sites and the effect of short-range clustering on the shape of
the voltage curve. Though the average voltage is raised by Al substitution, the unexpected
stability of sites with a few Al nearest neighbors leads to an initial decrease in voltage. For the
Al-doped LiCoO, system, a step in the voltage curve is found only for micro-segregated
materials. When the Al and Co ions are randomly distributed in a solid solution, the voltage
curve shows a continuous, gradual slope.

The effect of oxygen defects in the Li(Al,Co)O, system was investigated. A model for the
effect of oxygen vacancies on the free energy of doped layered oxides was created by
combining an ideal gas approximation and first-principles energy defect calculations. The
results qualitatively confirm experimental studies on oxygen release in lithium battery
materials.

Thesis Supervisor: Gerbrand Ceder
Title: Associate Professor of Materials Science
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Chapter 1

Introduction

There is a great deal of scientific and technological interest in developing improved
rechargeable battery systems for use in portable electronic devices, backup power systems,
and electric vehicles. Experimental studies have focused on the development of all aspects of
the battery: new or improved anodes, electrolytes, and cathodes. Requirements for improved
batteries include cyclability and reversibility, high energy and power density, safety, limited
environmental impact, and low cost.

Rechargeable batteries using lithium intercalation compounds as the cathode and lithium
metal as the anode have been extensively studied during the past decade. Lithium transition-
metal oxides have attracted attention as cathode materials due to their high voitage with
respect to metallic Li, relatively fast kinetics, high energy density, and low cost. These oxides
have a large stability region with respect to lithium content. For some of these oxides, for
example Li,CoO,, the ratio of lithium to metal ions can vary from O to 1 without significant
change in the material’s structure. The most suitable types of these oxide materials are
insertion compounds, Li,M,O,, with an open structure capable of accepting and releasing x
number of lithium ions per mole of M;O,. A lithium anode in conjunction with an
intercalation cathode and electrolyte produces cells operating with a reversible reaction,
referred to as a lithium insertion or lithium intercalation process. This process essentially
consists of inserting and extracting mobile lithium ions and compensating electrons into a
rigid host structure. The Li* ions reversibly enter the host structure and the compensating
electrons induce reversible changes in the oxidation state of M.{See Figure i.1)

The equilibrium voltage difference between the two electrodes, also referred to as the
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L
Figure 1.1:  Schematic of a rechargeable lithium battery. Li ions are removed from the

cathode during charge and intercalate into the cathode when discharging.

open circuit voltage (OCV), depends on the difference in the lithium chemical potential
between the anode and the cathode. For a battery, a large diff:rence in chemical potential
between the two electrodes is desirable as this leads to a high OCV. Two successful materials
currently used commercially as cathodes are LiCoO, and LiMn,0,. These lithium
intercalation compounds have a high OCV and provide high energy and power density. They
are not without problems, however. L.iCo0O, is quite costly and toxic to the environment while
LiMn,0O, shows cycling problems and a lower potential.

To overcome cycling problems and to increase the OCV in these rechargeable lithium
batteries, one approach is to substitute different metals in the pure metal oxides in boih the
layered (LixMyM’l_yOz) and spinel crystal structures (LixMquz_y04). Small amounts of
transition-metal doping in manganese spinels (LiMyMn;_,O4) have been shown to improve
cycling performance with little capacity loss [1, 2, 3, 4, S, 6, 7, 8]. Aluminum, though not a
transition metal, improves performance in these manganese lithium battery materials as well.
Al substitution of the transition-metal cation has been shown theoretically and experimentally
to increase cell voltage [9]. Doping with Al has been shown experimentally to improve the

cycle-life and high-temperature stability of Mn-based insertion oxides [10] as well as LiNiQ,
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[11]. Additional ad\;antages of Al are that it is light, non-toxic, and inexpensive.

Experiments to discover the effectiveness of new cathode materials require an immense
amount of time and labor for synthesis, characterization, and cycling. By combining first-
principles quantum chemistry models with the rapid increase in computer power over the last
decade, it is possible to accurately calculate the energies of solids. We are attempting to use
these tools to predict microscopic and macroscopic behavior to discover favorable new
cathode materials, thereby avoiding needless experimentation and focusing our efforts solely
on the materials that promise success. In this work, we computationally study the effect of
doping on the miscibility, energetic, and voltage properties of lithium transition-metal oxides
for use as lithium battery cathode materials.

In Chapter 2, we describe the methodology used to perform the computations. Throughout
this work, we use ab initio pseudopotential methods to compute the total energies of various
structures. Using the energies of a small number of compounds, we parameterize the energy
of the solid with a lattice model, enabling us to calculate the energy of any arrangement of
atoms within the lattice at any composition. Finally, the energy of the entire system is used in
conjunction with statistical mechanics to determine thermodynamic properties from which
voltage curves and phase diagrams can be derived.

In Chapter 3, we study the miscibility of Al in eight first-row transition metal oxides,
LiAl; M, O,, and find that five of the eight first-row transition metals studied, (Cr, Co, Ni,
Cu, and Fe) can be doped with Al if high enough processing temperatures are used. The
temperature-composition phase diagrams are calculated for both LiAl;,Co,O, and
LiAl;_,Cr,O,. A low temperature miscibility gap is found for the Li(Al,Co)O, system. Al-
doping is limited above 600°C by the formation of y-LiAlO,. For all oxides which have
substantial solubility with LiAlO, in the layered phase, we expect reduced solubility above
600°C due to the formation of y-LiAlO,.

In Chapter 4, we study the effect of doping on the intercalation voltage properties in both
spinel and layered lithium transition metal oxides. We investigate the effect of transition-retal
doping on the average voltage properties in Mn-based spinels, LiM,Mn,_,O4 (M =CT, Fe, Co,
Ni and Cu), and a detailed analysis is performed on the layered structure Li(Al,C0)O,. The



energetics of different lithium sites are studied and we find that Li sites with one or two Al
nearest neighbors are less stable than those surrounded entirely by Co. This unexpected
stability leads to an initial decrease in voltage upon charging with respect to the voltage of
pure LiCoO,, though the average voltage is raised by Al substitution. We also examine the
effect of short-range cation clustering on the voltage curve for Al-doped LiCoO,. We find that
micro segregation of Co and Al causes a step in the voltages curves, but in a solid solution the
voltage curve shows no step.

In Chapter 5, the effect of oxygen vacancies in the Li(Al,Co)O, system is investigated.
Combining an ideal gas approximation with first-principles calculations for the defect energy
of an oxygen vacancy, we derive a model for determining the change in free energy for doped
oxides as a function of temperature and pressure. Our preliminary results show that any
effects due to the inclusion of oxygen vacancies on the phase diagram for Li(Al,Co)O, only
occur at high temperatures, above 2000°C. The results also show that oxygen defects affect
LiCoO, much more strongly than LiAlO,, and that delithiated CoO, shows a greater tendency
toward releasing oxygen.

In Chapter 6, we summarize our results and offer suggestions for further research.



Chapter 2

Methodology

First-principles modeling refers to the use of quantum mechanics to determine the
structure and properties of materials. In this chapter, we describe the use of first-principles
methods to obtain information on the phase separation tendencies, energetics, and voltage
properties in lithium metal oxides for rechargeable lithium batteries.

All of the work done in this study begins with first-principles energy calculations at 0 K to
determine the total energy of various structures. By comparing energy values of different
compounds, we can predict the mixing tendencies and average voltages for a range of lithium
compositions. In order to calculate phase diagrams and detailed intercalation curves, a free
energy model is constructed to calculate behavior at non-zero temperatures. A cluster-
expansion based on the 0 K total energies is built to parameterize the energy as a function of
ionic arrangement. The interactions obtained from the cluster expansion are then used in
conjunction with Monte Carlo simulations, a standard statistical mechanics method, tc

calculate the free energies of the system.

2.1 First-Principles Energy Calculations

The equations that govern interactions between the electrons and the nuclei of the solid
have been well-known for many decades, but finding their exact solution for a complex solid
is beyond the limits of current computing power. However, using a series of approximations,
the electronic structure and thus the total energy of most materials can be czlculated quite

accurately.
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There is a wide range of first-principles methods used to determine the behavior of
materials. Materials have different types of bonding interactions and therefore some
approximations are better suited than others for each system of interest [12]. The modern
quantum-mechanical techniques to compute total energies used here are based on the density-
functional theory [13]. In principle, this framework allows us to exactly map the problem of
solving the Schrodinger equation for many interacting electrons onto that of a single electron
moving in a non-local potential. This potential is not known exactly and several
approximations can be used to represent it. One of the most commonly used expressions is a
local representation of the effective potential called the local-dersity approximation (LDA)
[14]. In this work we solve the Schrodinger equation within the LDA by using the
pseudopotential method. Although originally developed for metals and semiconductors, the
accuracy of the pseudopotential method is now well established for use in oxides [15, 16, 17,
18, 19, 20]. It has been found previously that the total energies in these oxide systems can be
well predicted with pseudopotential approximations. [15, 21, 22].

The Vienna Ab initio Software Package (VASP) pseudopotential program [23, 24] used
here solves the Kohn-Sham equations within LDA using ultra-soft pseudopotentials [25, 26].
All crystallographic degrees of freedom are optimized such that the minimum ground state
energy is obtained. The VASP program implements the Ceperley and Alder [27] exchange and
functional correlation as parameterized by Perdew and Zunger [28] in the energy calculations.
The method of Monkhorst and Pack [29] is used to parameterize the k-space sampling. During
relaxation calculations, the ionic positions and the lattice parameters of each structure are
relaxed with the conjugate gradient method using forces and stresses. Also during relaxation,
the method of Methfessel and Paxton [30] is used to treat the partial occupancy of the Fermi
level. The energies of the optimized geometries are recalculated after each relaxation run,
holding the atomic positions and the volume static. In these static runs, k-space integrations
are performed using the linear tetrahedron method including corrections according to Blochl
et al. [31]. In the total energy calculations for the Li(Al,C0)O, system, and for most of the
average voltage calculations in the doped spinel structures (Chapter 4), a plane wave basis set

cutoff energy of 600 eV was used. For the most of the remainder of the first-principles energy



calculations, the cutoff energy was set to 400 eV, used in conjunction with the ultra-soft

oxygen pseudopotential. This lower value was found to be sufficient to ensure a convergence.
2.2 Voltages and Gibbs Free Energy

On the cathode side of a rechargeable lithium battery, lithium is stored by insertion into
the crystal structure of the host material. Upon charging and discharging, lithium ions leave
and enter the host structure, respectively. The equilibrium potential of an electrochemical cell,
which is the open circuit voltage, depends on the chemical potential difference for lithium

between the anode and cathode materials [15, 22, 32, 33]:

cathode anode
V(x) = - "Li (")F‘ Hii 2.1
VA

where z is the number of electrons transferred, in this case z = 1, and F is the Faraday
constant. For simplicity we use the chemical potentiai for metallic lithium as the anode
potential and the potentials are all referenced against pure lithium. With this definition of zero

potential, and expressing | ; in electron volts (so F = 1), Equation 2.1 becomes:

V(x) = -2 x) 2.2
With Equation 2.2, the voltage can easily be determined from the chemical potential of
lithium in the cathode, and the relation between voltage measurements and thermodynamics is
clear. Information about the intercalation profile can now be found from knowledge of the
Gibbs free energy of lithium dissolution into the host. The lithium chemical potential is the
partial derivative of the Gibbs free energy of lithium in the host, with respect to the number Li

ions:

23
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where Gy, is the free energy, T is temperature, P is pressure, and Ny, is the number of host



molecules. In this case, Ny, is constant and so Nj; is linear in xj;, the concentration of Li
(Ny; = xp; - Ny os1) - Equating the partial derivative of the free energy with respect Ny ; to the
partial derivative of the molar free energy with respect to the concentration of Li allows us to

determine the chemical potential as a function of the derivative of the molar free energy, Gy,

oG
=host
n = ( 0s

2.4
axLi T.P, Nhost

In addition, the free energy behavior can be found from the chemical potential, which allows

the calculation of phase diagrams:

XLi

ghost(xLi) = ghost(xo)+ J.l‘LLidx 2.3

Xo

where X, is any reference concentration where the free energy is known.

2.3 Cluster Expansion

For intercalation compounds with delocalized valence electrons, the dominant
contribution to the energy of mixing is from the configurational degrees of freedom associated
with distributing ions within the host. Lattice models work well to describe the dependence of
the energy of a crystal as a function of the ion arrangement. The energy expressions of simple
lattice models are actually simplifications of a rigorous formalism called the cluster expansion
method [34, 35, 36, 37], which is obtained by systematically coarse graining the non-
configurational degrees of freedom of the system [38]. It is the ability to express the
dependence of the crystal energy on configuration with the cluster expansion method that has
made it possible to perform first-principles calculations of intercalation curves and
temperature-composition phase diagrams [33].

The formalism to calculate the free energy of systems with binary disorder from first
principles is well known [35, 38, 39] and consists of parameterizing the effect of ionic

configuration on the energy with a lattice model. This method has been successfully applied to



the Li-intercalation behavior in layered LiCoO, [40] and spinel LiCo,04 [41]. We can also
extend this model to systems with binary disorder on two sublattices as is the case in
Li, (Al,Co)O, [42].

Within the Li-vacancy sublattice, the occupation variable o; is assigned, having the value
+1 if site i is occupied and -1 if vacant. The dependence of the structure’s energy on the
configuration of Li-vacancy can then be expanded in terms of polynomials of these discrete

occupation variables [34]:

E = vo+§,vd¢a 26

where V,, is the empty cluster and
0o = Il o 2.7

The polynomial basis functions, ¢, correspond to products of occupation variables belonging
to different clusters, o, of lattice sites such as pairs, triplets, etc. The sum in Equation 2.6
includes polynomials corresponding to all possible clusters on each Li plane and between
different Li planes in the sublattice. In practice the constant expansion coefficients, V, called
Effective Cluster Interactions (ECI), converge to zero as the size and/or distance between
points of the cluster increase, and thus Equation 2.6 can be truncated. The ECI implicitly
account both for the intra- and inter- sublattice interactions, as well as the effect of atomic
relaxations.

The values of the ECI in Equation 2.6 can be obtained from the total energies of a series of
structures with various configurations of ions calculated with accurate first-principles
methods. This study fit the ECI to the calculated energies by using a linear programming
method, both optimizing the least squares differences and maintaining the calculated ground
states [43]. For more details on cluster expansions and their applications to metals, oxides,

and semiconductors, the reader is referred to the references [34, 37, 39, 44, 45].
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2.4 Monte Carlo Statistical Methods

The cluster expansion allows rapid calculation of the energy of any arbitrary ionic
arrangement within the host lattice. This feature makes it convenient for use in Monte Carlo
simulations to determine finite temperature thermodynamic properties. Within a Monte Carlo
simulation, ionic arrangements are sampled in such a way as to obtain a weighted probability
distribution expected from statistical mechanics. The output of the Monte Carlo simulations
are thermodynamic averages, such as average concentration as a function of chemical
potential. Free energy curves can be obtained by numerically integrating the chemical
potential using Equation 2.5, with one of the end members as the reference concentration

(xo=10r0).
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Chapter 3

Phase Separation Tendencies of Aluminum-Doped
Transition-Metal Oxides

3.1 Introduction

There has recently been considerable interest in Al-doping of lithium intercalation oxides,
(LiMO,, where M is a transition metal). Al substitution of the transition-metal cation has been
shown theoretically and experimentally to increase the cell voltage [9]. In addition, Chiang ez
al. [10] have demonstrated the positive effect of Al on the cycle-life and high-temperature
stability of Mn-based insertion oxides. Ohzuku et al. [11] showed these same effects for Al-
doping in layered LiNiO,. Some other advantages of Al are that it is light, non-toxic, and
inexpensive.

Because of the interest in Al-doping of lithium insertion electrodes, we have investigated
the miscibility of Al in a number of first row transition-metal oxides (Ti, V, Cr, Mn, Fe, Co, Ni,
and Cu). Although our results for most systems are based on only a few calculations, we find
large positive enthalpies of mixing between LiAlO, and half of the lithium transition-metal
oxides studied (Ti, V, Mn, and Fe), indicating that Al miscibility may be limited in these
systems at low processing temperatures. For Li(Al,Co)O, and Li(Al,Cr)O,, in which mixing
enthalpies are small, we calculated the full temperature-composition phase diagrams. For the
Al-doped Co system, full miscibility in the range from -173°C to 600°C is predicted. In both
systems, Li(Al,Co)O, and Li(Al,Cr)O,, the formation of y-LiAlO, limits Al solubility at

temperatures above 600°C.
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3.2 Miscibility in Al-Doped Layered Oxides

3.2.1 Formation Energies

The tendency for two compounds to mix can be estimated from their enthalpy of mixing,
i.e. the enthalpy difference between the mixture and the pure compounds. The enthalpy of

mixing for LiAlO, with another LiMO, compound is:
AHpix(LiAL_ M, 0y) = Hyjar_ M 0, 7Y ‘HLimjo, = (1=¥)-Hiial o, 3.1

Positive enthalpies of mixing represent a tendency for phase separation. Negative values
indicate the formation of ordered compounds. Only positive values of the mixing enthalpy
were obtained for all eight transition-metal oxides studied. However, even when a system has
a positive enthalpy of mixing it may still form a solid solution if the temperature is high
enough for the entropy contribution to the free energy to compensate for the positive enthalpy
(G=H-T-S). In practice, the enthalpy of mixing (AH) can be replaced by the internal
energy (AU) of mixing since the pAV term is usually very small for solid-state reactions
(H = U +P-V). Note that mixing is considered for an overall stoichiometry of LiAl; M, 0,.
The conditions of oxygen partial pressure needed to achieve this average oxidation states for
the cations is not computed. When the oxygen partial pressure does not lead to an average
valence of 3+ for the cations, other compounds with different valence may form and prohibit
mixing. This effect is not investigated here.

We compute the formation energies for a series of compounds with different choices of M,
but all with the same layered trigonal a-NaFeO, structure (space group R3m). Eight metal
oxides were studied (Ti, V, Cr, Mn, Co, Fe, Ni, Cu). For half of the metals examined,
including LiCoO,, a welli studied and commercially used cathode compound [46, 47], this is
the equilibrium structure. All the compounds in Equation 3.1, both the pure end-members and
doped materials, were assumed to be in this same structure, even when it is not the
experimentally observed crystal structure, in order to isolate the chemical effects from
structural factors. Note that whenever LiMO, does not crystallize the layered c-NaFeO,

structure, our calculated enthalpies of mixing relative to the true experimental structure will



be underpredicted (i.e. too small). This is because the experimentally observed structure
would then have a lower (more negative) enthalpy than what we calculate for layered LiMO,.
Hence from Equation 3.1, the enthalpy of mixing would be higher. Whiie our results only
apply directly to mixtures in the layered state, they may also give an indication of the sign of
the enthalpy of mixing in other host structures.

Hewston and Chamberland [48] extensively reviewed the crystal structures of the first row
of transition-metal LiMO, compounds. Four (V, Cr, Co, and Ni) of the eight transition-metal
oxides studied here and LiAlO,, are stable at room temperature in the o-NaFeO, crystal
structure. LiNiO, is stable in a Jahn-Teller distorted variant of this structure, having some site
disorder between the Li and Ni sites [49]. The other four metal oxides, M = Ti, Mn, Fe, and

Cu, have different experimentally observed crystal structures. See the reference [48] for more

details.
Ti v Cr Mn Fe Co Ni Cu
y=0.3333 337 249 1 148 94 13 25 18
y=0.5000 299 228 14 131 70 28 3 47
y=0.6666 253 229 7 111 44 9 11 17
Table 3.1: Computed formation energies, in meV/unit cell, for LiAl;.yM,0; in the

o-NaFeO, (R3m) crystal structure.

Total energies for a series of LiAl; yM;O, compounds were calculated with first-
principles methods (see Chapter 2). The results of the formation energy calculations are
shown in Table 3.1. Pure LiCoO, can be calculated using a unit cell of four atoms. In order to
calculate mixed compounds, larger superstructures must be used. The structures chosen to
evaluate the enthalpy of mixing had the smallest unit cells possible for the studied
composition (8 or 12 atoms). In addition, these structures had the lowest energy of those
calculated for the Li(Al,Co)O, system where a more extensive set of structures was
investigated (see Section 4.3). All of the formation energies are positive, indicating that

thermodynamically, LiAl; M,O, favors phase separation into LiAlO, and LiMO, at low

temperature. It is possible, although unlikely, that ordered compounds with larger unit cells
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have negative formation energies. Several additional structures were investigated in the
Li(Al,Co)O, system, and all had positive formation energies as well. This implies that these
materials will form low temperature miscibility gaps, each separating into the two end-
member compounds. At higher temperatures, entropy effects will dominate and the material is

expected to transform into a solid-solution state.
3.2.2 Transition Temperatures

The temperatures at which a complete Al-M solid solution can be achieved depend on the
mixing enthalpies and may be above the decomposition temperature of the oxide for large
positive enthalpies. We can approximately predict the transition temperatures from the
calculated formation energies. de Fontaine [39] outlined a variety of free energy calculation
methods, comparing their accuracy using the predicted transition temperatures from each
method. The transition temperature can be found from the nearest neighbor pair interaction:

r, - 22 Y 32
B
where T, is the transition temperature, T is a transition parameter, z'!) is the coordination
number, V| is the nearest-neighbor pair interaction, and kg is Boltzmann’s constant. For these
six-fold two dimensional lattices where z!!) = 6, the best-known fit gives a transition
parameter oi T = 0.0602.

To obtain the nearest-neighbor pair interactions, ¥, a cluster expansion with a single
nearest-neighbor ECI was fit to the enthalpies of mixing for each of the eight transition
metals. These ECI are shown in Table 3.2. Once the nearest-neighbor ECI have been obtained,
the transition temperature can be approximated using Equation 3.2. The eight predicted

transition temperatures are shown in Figure 3.1.

Ti \Y% Cr Mn Fe Co Ni Cu

V,: First nn ECI -75 -59 -1.2 -33 -17 -2.8 -4.7 -6.9

Table 3.2: Nearest-neighbor ECI in meV for layered LiMO,. fit with five structures.



We can relate the transition temperature directly to the enthaipy of mixing at y,; = 0.5 by
a constant C;:

kg T, 060626 |V|
- AH AH

C, 33

The values obtained for the constant for each dopant are shown in Table 3.3. From this data

we can extrapolate a rule of thumb showing that full miscibility occurs above temperatures T:

kgT > 0.9-AH (atya;=0.5) 34

This approximation is quite close for Ti, V, Mn, and Fe, the four metals with fairly high
transition temperatures. For the four metals with much lower transition temperatures, the
approximation does not hold as weil. Small variations in the energy calculations will translate
to a large difference in this factor for systems with small formation energies. Therefore this

rule of thumb seems to work only for systems with large formation energies.

Ti Vv Cr Mn Fe Co Ni Cu

C, 0.86 0.90 0.30 0.87 0.85 0.34 4.75 0.50

Table 3.3: Parameter relating AH at y=0.5 to kgT..

For the Li(A1,M)O, compounds for which LiMO, is not layered (Ti, Mn, Fe, and Cu), the
estimate will go up if the true equilibrium structure of LiMO, were accounted for. The rough
prediction of T, for Li(Al,Co)O, from Equation 3.2 agrees well with the more exact result
from the calculated phase diagram described in more detail in Section 3.3.3 — they differ by
roughly 15%. This confirmation suggests that our approach provides a reasonable estimate of
the temperature at which complete solid solution can be reached.

The size difference between the metal ion and dopant Al ion will effect the miscibility of
Al The larger the metal ion, the greater the size difference between it and the Al ion. A large
size difference with the substituting ion would create more lattice strain and therefore a

greater tendency for phase separation. Figure 3.1 show these ionic sizes for each transition
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Figure 3.1:  Estimated temperature above which complete solid solution can be reached in

layered Li(Al,M)O, plotted next to ionic size of the M3* jons. Ionic radii are
from Shannon [50].

metal (The ions are in the 3* valance state with octahedral coordination, from Shannon [50]).
As can be seen from the plot, a definite correlation exists between the transition temperature
and ionic size — the four largest ions, Ti, V, Mn, and Fe, have the highest transition
temperatures. Chemical effects such as electronic bonding and magnetic effects will alter the
interactions as well so that T, is not exactly determined by tk.> physical size of the ions. For
example, Cu** is much smaller than Cr>*, Co™*, or Ni**, and yet Li(Al,Cu)O, has the greatest
T, of the four. Mn** and Fe?* are the same size but they differ in transition temperature.

However, an overall trend clearly exists between ionic size and transition temperatures.
3.3 Li(AL,Co)O, Detailed Analysis

While zero temperature energy calculations can give indications of (im)miscibility, a
complete temperature-composition calculation of the free energy is required to predict the

temperature dependence of solubility limits. For one system, LiAl;,Co,O,, we have
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performed a complete phase diagram calculation.

Experimentally, a-LiAlO, is obsered to crystallize in the a-NaFeO, structure below
600°C [51, 52]. Above this temperature, ¥-LiAlO, is stable in the tetragonal crystal structure
(space group P4,2,2). The major difference between the two structures is that the Al ions are
tetrahedrally coordinated in the tetragonal structure, while they are octahedrally coordinated
in the layered structure. LiCoO, forms in the layered o-NaFeO, crystal structure for all
temperatures.

When 0-LiAlO; and LiCoO,; mix below 600°C it is reasonable to assume that the
o-NaFeO, crystal structure is maintained so that Al and Co ions mix only on the (111) planes
of the rocksalt structure, while the Li plane remains perfect in composition. An extensive
study on the Li(Al,Ni)O, system by Ohzuku et al. confirms this separation of ions into
separate planes [53]. No disorder between the Li plane and the (Al,Co) plane was allowed.
The disorder of Al and Co was restricted to a two-dimensional triangular lattice of sites.
Adding inter-plane interactions in the cluster expansion did not significantly change the
results, hence these were neglected. More details on cluster expansions can be found in
Chapter 2.

Total energies for 9 different compositions of LiAl;_,Co,O, in the a-NaFeO, structure
were calculated using first-principles methods. The corresponding formation energies, found

using:
AE i (LiAl_,C0,0;) = Epa), €00, X ELico,0,~(1=%)"Erja; 0, 35

are plotted in Figure 3.2. The formation energies for this system are positive, but quite small.
From the formation energies, a 2-D cluster expansion was calculated with three nearest-
neighbor pairs and two triplets. The resulting ECI from the cluster expansion are shown in
Figure 3.3. The total least squares error of the fit was 0.75 meV. Figure 3.2 also shows the

predicted energies from the cluster expansion along with the original calculated values.
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3.3.1 Miscibility Gap

The low temperature miscibility gap was calculated by running a 2-D Monte Carlo
analysis with the ECI from the cluster expansion. A set of chemical potentials with
corresponding composition at different temperatures was obtained from the Monte Carlo
simulation. A lattice size of 36 by 36 atoms in the Al-Co plane and 4,000 Monte Carlo passes
were performed after 1,000 equilibration passes.

The free energy of the layered structure as a function of composition was calculated
through numerical integration. Two sets of Monte Cario runs were done at each temperature,
one starting at each end composition, y=0 (LiAlO,) and y=1 (LiCo0O,). These these two sets
of chemical potentials, u(c), for each temperature were integrated to determine the free

energy g(c) at each composition 6 (¢ =2y - 1):

[¢)
J u(o) - do
-1

Eleft

3.6

|
grigh[ = Il‘l’(o) - do
c

From the free energies and the chemical potentiais, the grand canonical potentials, w(c), were

calculated for each point:
w(o) = g(o) - u(o)-o 3.7
Comparing the grand canonical potentials, we were then able to find the common tangent for

the free energy curves, and the edges of the miscibility gap are then Oy and Gpgp,. The

calculated miscibility gap is shown in Figure 3.4.
3.3.2 Two-Phase Region above 600°C.

Free energies for all compositions in the layered phase were determined by Monte Carlo
simulations using the grand canonical ensemble on a system of 576 (8 x 8 x 7) Co-Al sites. At

each temperature and chemical potential, 1000 equilibration passes per lattice site were
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Figure 3.4:  Calculated miscibility gap for LiAl,Co;_,O,.

performed after which sampling occurred over an additional 4000 Monte Carlo passes as in
the previous section. Free energies were found by performing thermodynamic integration of

the chemical potential as a function of composition.
y-LiAlO; as a line compound

In principle, a separate cluster expansion is required for the tetragonal parent lattice of
Y¥-LiAlO,. However, we calculated the energy for substituting Co in the tetragonal structure
and found the energies for these compounds to increase very rapidly with yc,. The formation
energies for mixed tetragonal Li(Al,Co)O, ranged from 300 to 800 meV per unit cell and the
total energies for tetragonal structures were greater by 850 to 1500 meV per unit cell than the
total energies of the layered structures at the same composition, as shown in Table 3.4 and
Table 3.5. We therefore concluded that Co is not miscible in the tetragonal phase and that
Y-LiAlO; can be treated as a stoichiometric line compound.

To obtain the free energy of y-LiAlO, relative to a-LiAlO,, the total energies at zero K
were compared — the calculated difference is 165 meV. We can assume that this difference is

the enthalpy difference as well, as all the calculations are done at O K and the pAV term is
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LiAlO, 25% Co 50% Co 75% Co LiCoO,

Total E
otal Energy 2895 2796 2703 2697 2674
Tetragonal (eV)
Total Energy }
Layered (eV) -29.12 -28.81 -28.52 28.25 27.97
Table 3.4: Comparison of total energies per unit cell for tetragonal versus layered

structures at 0 K.

LiAlO, 25% Co 50% Co 75% Co  LiCoO,

Formation Energy

0 440 818 319 )
Tetragonal (meV)
Formation Energy
Layered (meV) 0 15 28 13 0
Table 3.5: Comparison of formation energies per unit cell for tetragonal versus layered

structures at 0 K.

usually very small for solid-state reactions (H = U + P-V). Because the two phases are in

equilibrium, the free energies at the transition temperature, T, = 600°C, must be equal:
G(T,) = Gy(T,) 38

Also, we assume that the heat capacities of a-LiAlO, and y-LiAlO, are the same and thus the
difference between the two structures’ entropies is constant and equal to the value at the

transition temperature:

S-S =Y ¢ 3.9

Then by subtracting the free energy relations from G = H-TS for each structure we obtain:

GY— Gy = HY— Ha"T(Sy_ S) 3.10
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Finally, we find the free energy of y-LiAlO; relative to o-LiAlO;:

T
Thus we have the free energy for the tetragonal phase, modeled by a simple relation between

temperature and the energy difference between the two phases.
Determining the edge of the two-phase region

The location of the common tangent between the free energies of the two phases,
Y¥-LiAlO, and solid-solution layered Li(Al,Co)O5,, defines the edge of the two-phase region.
The left side, pure y-LiAiO,, is simply a line compound and so the left edge of the two-phase
region is at yo, = 0 or 6 = —1. (0 = 2y -1) The right edge of the region is the composition
where the tangent line between the free energy curve of the layered structure and the energy of
the line compound cross the layered curve. The slope of the free energy curve, g(6), is the
chemical potential, u(c). Numerically solving Equation 3.12 for ¢ gives the right edge of the
miscibility gap for each temperature. The edge of the two-phase region can be seen in the full
phase diagram, Figure 3.5.

g(0) = n(©)-o + intercept(c =0)
intercept(c = —1) = intercept(c =0) + u(©)-(-1)
intercept(c =-1) = g(©) — u©) -6 + p©)-{(-1)
intercept(c = -1) = g(c) - p{c6) - 6 - H(0)

go) —u©)-(c+1)
Fy—LiAlOz = g©) - U@ - -(c+1)

3.12

]

intercept(c = -1)

3.3.3 Phase Diagram

The phase diagram obtained by combining the miscibility gap results in Figure 3.4 and the
results for the two phase region is given in Figure 3.5. Within the Li(Al,Co)O, phase diagram,
the lower temperature miscibility gap is symmetric and peaks at about -173°C. Owing to the
low temperature of this miscibility gap there is no experimental data with which to compare

this part of the result. At 600°C the transformation of layered a-LiAlO, to the tetragonal
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phase, in which no Co dissolves, creates a new two phase region on the Al rich side. Above
600°C the solubility of Al into layered LiCoO, actually decreases with temperature due to the
increasing stability of y-LiAlG,. Such a case of retrograde solubility, while unexpected, is not

all that uncommon.
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Figure 3.5:  Calculated phase diagram for LiAl;_,Co,0,.

Comparison to Experiments

Initial experiments on the Li(Al,Co)O, system done by Nazri et al. [54] found the
solubility limit for the formation of solid solutions of Al in LiCoO, to be around 25% when
processed at 750°C. However, y-LiAlO, was one of the starting materials, and so it is difficult
to assess if a true solubility limit was reached or whether the material had not been treated
long enough to reach equilibrium. A second study, by Alcéntara et al. [55], agrees with our
results; they found no traces of y-LiAlO, at 700°C with composition up to 70% Al. Recent
experiments by Jang ef al. [56] at 800°C have confirmed the existence of a two-phase region at

LiAlj 75Cog 250,, and a solid solution at LiAlj 55Coq 750,. However, they also find traces of
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the tetragonal phase at 50% Co, where the results of this study show that the two-phase region
ends at about 30% Co at this temperature. Because the results of the experimental studies
disagree with each other and with our calculated results, it is difficult to decide whether these
differences are due to our calculations or experimental discrepancies, such as incomplete
equilibrium. Further experimental investigation of the phase diagram in this region is
therefore warranted.

It is interesting to note that this two-phase region occurs in other Al-doped layered oxides
as well. Chiang et al. find that in Li(AlLMn)O, [10, 57], small amounts of Al can be
incorporated into the layered structure, but at greater Al concentrations y-LiAlO, forms. Their
results indicate a solid solubility of Al in the layered phase of about 5-7% at 950-1000°C. This
very small solubility can be explained by considering the miscibility results from Section 3.2.
These results indicate that below about 1130°C, Li(Al,Mn)O, would phase separate. In this
case, the material would phase separate into LiMnO, and y-LiAlO,, since the processing
temperatures are above the o- to y- transition temperature of 600°C. An Al solid-solubility
limit beiween 20% and 30% was found for Li(Al,Ni)O, [58] at 700°C again much smaller
than for Li(Al,Co0)O,.

Tetrahedral Sites

Alcéntara et al. [55] have speculated that at low Al concentration, tetrahedral occupation
by Alin LiAl;_yCo,O, may limit the material’s reversibility. They have found through powder
X-ray diffraction and verified using NMR that at 20% Al content, one third of the Al ions
(6.1% of all metal ions) sit in tetrahedrally-coordinated positions in the Li plane. Although Al
is known to exhibit tetrahedral coordination with oxygen in other compounds, in the fully
lithiated layered structure, the Al ions would sit very near to the Li ions, which are in the
octahedral positions, as shown in Figure 3.6. With smaller lithium concentrations, the
octahedral sites immediately next to the tetrahedral Al ions could be vacar.t, leaving enough
rooms for Al ions without being so close to another ion. Fully relaxed calculations of the
energy of those candidate structures reveal that the results for Lij 5Alg 25C0( 750, with the

Al ions in tetrahedral locations are in fact quite close to the energy of the structure with Al
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Tetrahedral Site in Lithium Plane

Figure 3.6:  Tetrahedrally coordinated and octahedrally coordinated positions in the
a-NaFeO, layered structure.

octahedrally coordinated in the metal plane, as shown in Table 3.6. With such a small energy
difference, intcractions more complicated than nearest neighbors could play a role, and thus
more complicated defect structures could form. In addition, significant occupation of the
tetrahedral site by Al ions could occur due to entropy effects. For simplicity, in the fully
lithiated structure with Al tetrahedral we only allowed the volume of the cell to relax. The
resulting energies are much higher than the corresponding layered structure with only
octahedral Al. Though we have not been able to confirm the experimental results at 100% Li
concentrations using first-principles methods, Al migrating to tetrahedral positions would
result in a decrease in lithium ion diffusivity and, consequently, the observed poor reversibility

found when Li(Al,Co)O, is used as a cathode material.
Oxygen Defects

Another possible source for the discrepancy between theoretical and experimental results

could be due to oxygen defects. More details on this analysis are included in Chapter 5.
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Alin Alin

Tetrahedral position Octal.<dral Position
25% Li -23.783 -23.886
-23.8064
100%Li -26.606* -28.815
Table 3.6: Formation energies, in meV per unit cell, for Al in tetrahedral positions in

the composition LiyAlg 55C0g 750,. *Only volume is relaxed.

34 Li(ALCr)O; Phase Diagram

Aluminum soclubilities similar to our results for Li(Al,Co)O, have been found for Al
doped LiCrO;. In Li(Al,Cr)O,, experimental studies have shown that 60% Al substitution was
reached for processing temperatures up 920°C [58]. Above this temperature, y-LiAlO, forms.
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Figure 3.7:  Calculated phase diagram for LiAl;_,CryO,.
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For Li(Al,Cr)O, a phase diagram can be easily calculated. Since the mixing enthalpies in
the layered structure (Table 3.1) are particularly small in this system, the free energy of the
layered phase may be approximated with an ideal solution model without any significant loss
in accuracy. Combining these energies with Equation 3.11 for the free energy of y-LiAlO,
results in the phase diagram of Figure 3.7. As in Li(Al,Co)O, the solubility at high
temperature is limited by the stability of y-LiAlO,. This agrees very well with experiment.
Our results find an edge to the two-phase region at Al-doping levels of 55%. Poeppelmeier et
al. [58] find at 60% Al content, the material remains a layered solution below 920°C, while
above this temperature, it decomposes to ¥-LiAlC, and the layered solid solution Li(Al,Cr)O,.

3.5 Conclusions

The energy calculations described in this chapter show that layered transition-metal
oxides can be doped with Al to possibly improve cathode battery performance, but the amount
of Al that can be stably accommodated depends on the material and processing temperatures.
In Li(ALLM)O,, three of the eight transition metals studied (M = Ti, V, Mn) phase separate at
temperatures below 1000°C. For one transition-metal oxide, Li(Al,Fe)O,, the miscibility gap
peaks within normal processing temperatures, at about 450°C. The other four oxides (M = Cr,
Co, Ni, Cu) have low temperature miscibility gaps, but form solid solutions at room
temperature. Therefore five of the eight first row transition metals studied, (Cr, Co, Ni, Cu,
and Fe) can be doped with Al at typical processing temperatures.

A full temperature-composition phase diagram was calculated for LiAl;.yCo,O, and
complete Al-Co miscibility is found between -173°C and 600°C. Above 600°C, Al-doping in
LiCoQO, is limited by the formation of y-LiAlO,. A temperature-composition phase diagram
was also calculated for LiAl; , Cr,O,. Complete miscibility is found below 600°C, and again
above 600°C, Al-doping is limited by the formation of y-LiAlO,. For all oxides which have
substantial solubility with LiAlO, in the layered phase, reduced solubility should be expected
above 600°C due to the formation of y-LiAlO,. The possibility of Al ions sitting in tetrahedral
positions was investigated, but could not be confirmed with first-principles energy

calculations.
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Interestingly, our calculation for Li(Al,Co)O, shows complete solubility at intermediate to
low temperatures. This realization may pave the way for LiAl;_yCo,O, mixtures with a high
degree of Al substitution. Al doping will reduce the total theoretical capacity by moving some
of the voltage to a very high potential [9], but currently commercial batteries based on the
LiCoO, system use only about half of the theoretical capacity. Substitution of the non-

oxidized fraction of Co ions by Al should result in significant cost and weight savings.
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Chapter 4

Voltages in Mixed Oxides for Lithium Batteries

4.1 Introduction

Lithium-metal oxides with a mixture of cations on the metal site, Li(M,M')OZ are
currently of much interest for rechargeable battery cathodes as they may offer the possibility
of improved electronic and physical properties over those of single-metal oxides such as
LiCo0O,, LiNiO, and LiMn,0,. For example, initial studies have shown that doping Co in
LiMn,Oy results in an increase in both voltage and cycling performance over pure LiMn,0,4
[60]. Co doping in Li(Ni,Co)O, has been shown to stabilize the layered structure and allow
for longer cycle life before breakdown [61].

The principles that determine the change in electrochemical properties when two metals
are mixed on the transition metal site are currently poorly understood. For example, whereas
one might expect the Li intercalation potential of a mixed-metal system to lie between that of
the two pure metal oxides, results for Li(Ni,Co)O, indicate that this simple prediction is
incorrect [61]. For most compositions in the Li(Ni,Co)O, system, the Li intercalation
potential lies below the composition-averaged value for LiCoO, and LiNiO,. Understanding
the “mixing rules” for electrochemical properties and structural stability is therefore crucial
for the intelligent design of optimized intercalation oxides.

We first investigated doping in Mn-based spinels (LiMyMn;_ ,O,4) with five transition
metals (M = Cr, Fe, Co, Ni and Cu). While the calculated average voltages were less than the
experimental results for all dopants except Cu, both results followed similar trends with

increasing atomic number. An in-depth analysis was performed on the mixed layered structure
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Li(Al,Co)O,. The energetics of different lithium sites were investigated and Li sites with one
or two Al nearest neighbors were found to be less stable than those surrounded entirely by Co.
This unexpected stability leads to an initial decrease in the Li intercalation voltage, though the
average voltage over the entire Li range is raised by Al substitution. We also studied the effect
of short-range cation ordering on the intercalation curve for Li(Al,Co)O,. One of the
advantages of a computational modeling study is that the leve! of Al-Co homogeneity can be
fully controlled. With the cations in fully homogenous solid solutions, the voltage curve was

linear. A step in the voltage curve appeared when small, nanosized clusters were introduced.
4.2 Doped Manganese Spinels

Lithium manganese oxide spinels, LiMn,O,4, have been extensively investigated as
cathodes for rechargeable lithium batteries. Compared with LiCoO,, LiMn,O, is a low cost
and less toxic alternative. However, the battery capacity of LiMn,0, fades out during charge
cycling around 4V. Several transition-metal substituted spinels, LiMyMnZ_yO4 (M = Co, Cr,
Ni, Mg, and Ga) have shown better cycling performance around the 4 V plateau compared
with the pure LiMn,0O,4. Recent studies by Kawai et al. [60, 62, 63] have shown that some
doped spinels have part of their voltage curve above 5 V. New electrolytes have allowed the

operation of these materials at such high voltages.
4.2.1 Review of experimental results

Manganese spinels, both doped and pure, show plateaus in the intercalation curve. Upon
charging, pure LiMn,0, exhibits a plateau at ca. 4.1 V [6]. Doping these materials has been
shown experimentally to affect both the voltage and extent of these plateaus. An extensive
study by Kawai et al. [64] in the Li(Co,Mn),0,4 system has shown that as the amount of Co
doping increases, the extent of the original plateau decreases and a new, much higher plateau
appears ca. 5.1 V increasing smoothly with Co content. At 25% Co doping, Li,CoMn;0Og, the

voltage curve remains at the lower plateau for half of the Li extraction and steps up to the
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5.1V plateau for the remainder (see Figure 4.1 from [65]). Upon reaching a 50% Co dopant

level, LiCoMnO,, the 4.1 V plateau is almost negligible, and the entire intercalation curve is

essentially along the upper plateau.
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Figure 4.1:  Experimental potential profile during the first cycle for Li, ,CoMn;Og by

Kawali et al. [65].

Similar results have been reported for doping Mn with Fe [63], Cu [66, 67], Ni [7], and Cr
[8, 68]. For all of these transition metals, a new plateau appears at higher voltages. A summary
of these results is shown in Table 4.1. Reports of aluminum-doped manganese by Song et al.
[69] show the decrease in the capacity at the original plateau, but these studies do not

investigate the effects above 4.5 V and so show ro experimental results on the possible 5 V

regions of Al doping.
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Cr Fe Co Ni Cu

Upper Plateau (eV) 48V 49V 50V 47V 49V

Table 4.1: ‘-ii—xperimental voltage plateaus for doped Mn spinels (from references [8, 63,
60, 7, 66] respectively)

4.2.2 Voltages

In order to computationally determine both the high and low plateaus found
experimentally we calculated the average voltages of both the doped Mn spinels. Using first-
principles methods based on LDA, the total energies were calculated for five different dopants
with three Li compositions, all at the composition Li,MMn;Og, with x; ; =0, 1, and 2. All the
calculations were spin-polarized and the unit cells were based on eight oxygen and four metal
ions. The number of Li ions used varied with Li concentration. For more details on the first-
principles methods used, see Chapter 2. To determine the average voltage over a Li
compositions range, we took the difference between the energy values at the ends of the range
and subtracted the energy of a Li ion in solid Li. However, this gives us only the average
voltage over the composition range — it tells us nothing about how the voltage behaves

therein.

Cr Fe Co Ni Cu Mn

Voltage from

436V 455V 485V 456V 498V 429V
XLi =0to 1

Voltage from

384V 4.00V 377V 394V 4.14V 359V
XLi =1t02

Table 4.2: Calculated average voltages for each side of the X;; = 1.0 step in doped and
pure manganese spinels, Li,MMn30g, M = Cr, Fe, Co, Nj, Cu.

The average voltages are shown in Table 4.2. They are also shown graphically alongside
the experimental results in Figure 4.2. As can be seen from Figure 4.2, the calculated results
tend to be lower than experiments for both the upper and lower plateaus, as reported

previously in [22]. However, the trend moving along the first row in the periodic table is
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consistent between the experimental and calculated results for the higher portion of the
voltage curve. The voltages increase from Cr to Co, drop for Ni, and then rise again for Fe.
While our data follows experiment along the periodic table, the order of the voltages is not
consistent with experimental results. Ni is the lowest in the doped spinels for experimental

results, while it is the same as Fe and higher than Cr in our calculations. The results for the
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Figure 4.2:  Average voltages for doped manganese spinels Li, MMn;Og. The upper
plateau ranges from x, ; = 0 to 1 while the lower plateau spans x; ; = 1 to 2.

Cr Fe Co Ni Cu Mn

Voltage from

427V 431V 490V 4.16 V 502V 429V
XLi =0to 1l

Voltage from

399V 285V 454V 386V 478V 3.9V
XLi =1to2

Table 4.3: Calculated average voltages in pure spinels (L1, M4Og).
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Cr Fe Co Ni Cu
Calculated Average Voltage 4.10V 428V 431V 425V 456V

Predicted Average Voitage 404V 3.76 V 433V 398V 442V

Table 4.4: Calculated and predicted average voltages for the mixed spinels X;; =0to 2
(Li\MMn;Og). The predicted values are found by averaging the values for the
voltages over the entire Li composition range in the two constituent pure
spinels.

Cu doped spinel are inconsistent as well. Cu has the highest calculated plateau, but is lower
than Co experimentally.

One possible source of discrepancy between the calculated and experimental results is that
the experiments were performed by a variety of groups. Differences in preparation and testing
of the samples may very well produce slightly different results. Because we are comparing
potentials that vary by only 0.1 or 0.2 volts, differences in processing may explain some of the
inconsistencies.

The average voltages over the same Li composition ranges were also calculated for each
of the pure spinels, Li,M4Og, M= Cr, Fe, Co, Ni, Cu, and Mn, as shown in Table 4.3. By
averaging the two average voltage over the entire Li concentration range studied, we can
predict the average voltage in the mixed structures, as shown in Table 4.4. In comparing the
calculated average voltages to the predicted values, we can see that the predicted voltages are
lower than the calculated ones in four out of the five dopants. For the the Co doped spinel, the
predicted voltage is 0.02 V above the calculated value. Thus, in general, mixing tends to

increase voltage more than simply averaging the constituents would predict.
4.2.3 Ordering

In transition-metal doped spinels, the octahedral metal sites are occupied by more than
one type of cation. Though the distribution of cations is random at high temperatures, they are
often observed to be ordered at low temperatures. Many doped spinels with composition
LizMM‘3Og exhibit 1:3 cation ordering on the octahedral 16d sites [65]. However, initial

investigations by Kawai et al. [60, 63] do not show definitive evidence for ordering in Fe-
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doped or Co-doped Mn spinels. This may be because Co, Fe, and Mn have very similar atomic
scattering factors. In these materials with similar scattering factors, ordering is difficult to
characterize with structure refinement in powder XRD patterns.

To investigate the possibility of ordering in Mn-based spinel structures, we calculated the
formation energies for 5 different transition-metal doped Mn spinels. All five doped materials,
Li,MMn3;0g, M = Cr, Fe, Co, Ni, Cu), have positive formation energies as shown in
Table 4.5. Positive formation energies indicate a tendency for phase separation. These results
imply that doped Mn spinel structures would not form 1:3 cation ordering. However, the
mixing enthalpies are quite smail for Cr and Co. Other magnetic and electronic effects may
come into play and affect the interaction of the different ions. Experimental research is
continuing in this area to determine the extent of ordering in different doped systems.

Fitting a nearest neighbor interaction and combining it with the Bragg-Williams model:
M

T. =
c kg

4.1

where T, is the transition temperature, V, is the nearest neighbor interaction, and kg is
Boltzmann’s constant, we can roughly predict the transition temperature for mixing in these
doped spinels. The formation energies for Ni and Fe doped Mn oxides are approximately the
same, near 100 meV. These energies would correspond to a miscibility gap of about 900°C at
50% doping level. However, at the 25% doping level, experiments on these systems do not
report any appearance of phase separation during XRD examination for processing
temperatures of 650°C to 800°C [7, 63]. For the Co and Cr doped spinels, the predicted
transition temperatures for phase separation would be 350°C and -40°C respectively. These are
below normal processing temperatures and so the phase separation tendencies would not
effect the making of these materials. For Li,CuMn;Og the formation energy is quite high.
Using the simple pair interaction model, we would predict that below 2750°C the Cu doped
material would phase separate. Experimental studies do not discover phase separation at
processing temperatures well below the predicted transition temperatures for Cu doped Mn

spinels either [66, 67]. Clearly this model for predicting transition temperatures needs to
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examined. The Bragg-Williams approximation could be incorrect for this system or our

formation energies could be inaccurate.

Cr Fe Co Ni Cu
Formation Energy (meV) 20 101 53 100 261
Table 4.5: Formation energies in meV per metal atom for spinel Li;MMn;Og structures,

M = Cr, Fe, Co, Ni, and Cu.
4.3 Voltages in Layered Li(Al,C0)O,

The Li(Al,Co)O, system was chosen for several reasons. Initial results show that the
LiCoO, intercalation curve is raised by aluminum substitution [56]. The similarity of Al and
Co ions in these lithium metal oxides also makes Al an attractive choice for doping: the end
members, 0.-LiAlO, and LiCoO,, have the same crystal structure, layered a-NaFeO, (though
for a-LiAlO, this is true only below 600°C - see Section 3.3 for more details), and the metal
ions are close in size. These similarities remove the complications of phase transitions and
lattice strain when varying doping content.

The layered o-NaFeO, structure (space group R3m), is shown in Figure 4.3. The structure
consists of alternating hexagonal lithium and metal planes, separated by planes of oxygen.
Each lithium site is surrounded by six oxygen anions and six metal cations, three above and

three below.
Methodology
The lithium potential in the intercalation oxide is directly proportional to its chemical

potential:

cathode anode

i (x) = Ky 4.2
zF

V(Xx) = -

where z is the number of electrons transferred and F is the Faraday constant. In this work, p ;

on the anode side is assumed to be constant and equal to the energy of Li metal. Though Li
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® Metal

{0 Lithium

@ Oxygen

Figure 4.3:  The layered 0-NaFeO, crystal structure (space group R3m)

metal is not used as the anode in practical secondary batteries, it is a useful reference state and
is therefore used in our calculations as well as in experimental test cells. To calculate py ;(x) in
the cathode, a model for the free energy as a function of Li concentration is needed.
First-principles energy methods were used to calculate the energies of 64 different
structures in the Li,Al;Co;_,O, system ranging in composition from x;; =0 to x; = 1 and
ya1 = 0to ya; = 1. From these total energies, the formation energies for each “binary” system
were calculated. (See Equation 3.5) The binary systems consisted of maintaining a constant x
or y, set to O or 1, while allowing the other variable to change. The four systems are
LiAlyCo,_y0,, AlyCoyyO,, Li,AlO,, and Li,CoO,. The formation energy results for these
systems are shown in Figures 4.4 to 4.7. Note that the formation energies for LiAl;Co;_,O,,
shown in Figure 4.6, are all positive. This implies that there is a tendency for phase separation
since the mixed structures have a higher formation energy than the end-members and are

therefore unstable. (See Section 3.3.1 for more details.) We also calculated energies of
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structures in the middle of these four edges, structures with both x; ; and y,, between 0 and 1.
These “inner points” are not shown.

For this study a coupled-cluster expansion was used, varying both the Li and the Al-Co
composition. The coupled cluster expansion is an extension of the binary cluster expansion
described in Chapter 2. Here, there are two occupation variables, one for the Li-vacancy
sublattice, ¢;, and one for the Al-Co sublattice, 8;. The dependence of the structure’s energy
on the configuration of both Al-Co and Li-vacancy can then be expanded in terms of

polynomials of these discrete occupation variables similar the simpler Equation 2.6.

E = VO + VLi—Pair G- 0.j + VMetal—pair ) 8k ) 8l + VCoupling-—pair "0 8k + ... 4.3

The products in Equation 4.3 of the occupation variables correspond to Li-vacancy
interactions, Al-Co interactions, and interactions between Li and the metal sublattice. Though
there are four components in this system (Li, vacancy, Al, Co) the separation of these elements
into two distinct sublattices allows the system to be sectioned and treated as a binary cluster
expansion. The two different sets of components do not intermix and cross-over to the other
sublattice — they remain solely in sites in their own lattice. Therefore we can treat the system
with only the two independent sets of occupation variables. For more information on coupled-
cluster expansions, see [70].

This cluster expansion contained 26 ECI based on the calculated energies of the 64
different structures. These ECI represent nearest-neighbor pairs and triplets within each
sublattice, as well as pairs, triplets, and quadruplet terms coupling the Li and metal
sublattices. The results of the cluster expansion are shown by the ECI in Figure 4.8. It is
evident that the energy of a specific configuration depends strongly on the coupling terms - the
location of the Li ions relative to the number of Co and Al nearest neighbors.

The results of the cluster expansion itself are also shown by the energies that the ECI
predict for different structures. The cluster expanded energies of the structures calculated from
first principles are shown in Figures 4.4 to 4.7, alongside the calculated energies. For some
compositions the fit is quite good. For example, in 1.i,CoO,, many structures were calculated

and the least-squares error between the predicted energies and the calculated energies is
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Figure 4.5:  Formation energies and cluster expanded energies for Li, AlO,.
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Figure 4.7:  Formation energies and cluster expanded energies for AlyCo;_yO,.
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Figure 4.8:  ECI from the coupled cluster expansion for Li,Al,Co;_,0O,.

7.7 meV. A similar least-squares error is obtained for the structures not included in the fit.
However, for the delithiated material, Al,Co;_,O,, getting the cluster expansion to simply
converge was very difficult. One calculated energy had to be removed from the fit entirely and
even then the cluster expansion had a least-squares error of 13 meV for the included
structures. For the four binary systems along the edges (x =0, x =1,y =0, or y = 1), the
overall least-squares error was 14 meV. The ground-state line was maintained for three of the
four systems, Li,AlO,, Li,CoO,, and Al,Co;_,O,. For LiAl,Co;_,O,, the ground-state line
was not maintained. Two structures that had a positive formation energy based on first-
principles calculations had a negative stable formation energy using ECI predictions.
However, they are stable by only 10 to 20 meV. The energies of the structures with
intermediate compositions in both Al-Co and Li were more poorly predicted. The least-
squares error of the seven intermediate structures included in the fit was 23 meV (0 <x < 1
and 0 <y < 1). However, the least-squares error of the intermediate structures not included in
the fit was 220 meV. Including these four structures prevented the cluster expansion from

converging at all. The overall error of the included structures was 16 meV, and the error for all
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64 structures was 60 meV.

By calculating the ECI, we parameterized the energy and thus we can determine the
energy at any composition. Monte Carlo simulations use these ECI to find a set of Li chemical
potentials and corresponding compositions and temperatures for any configuration of Al and
Co on the cation sublattice in the layered a-NaFeO, structure. Using Equation 4.2 and the
chemical potential from the Monte Carlo simulations, the voltage can be determined as a
function of xj ; at any temperature and Al-Co composition or configuration. The Li,(Al,C0)O,
system has disorder on both the Li and the Co/Al sublattice. While the Li disorder is
equilibrated in the simulation, the Al-Co sublattice is frozen into a particular configuration.
This is consistent with the expected low mobility of Co and Al at room temperature.

The effect of short range order on the intercalation curve was found by systematically
varying the degree of cation clustering from random solid solution to microsegregated Al. In
this manner, the intercalation properties of Li,Al,Co;_, O, as a function of Al-Co arrangement
were determined. During the Monte Carlo simulation both the occupation of each Li site and
each site’s relation to the local arrangement of Ai and Co ions were recorded. This site data

allows the determination of the preferred Li environments as a function of voltage.
4.3.1 Site Preference

To study the site preference of Li ions during intercalation, Monte Carlo simulations were
run with varying degrees of Al-Co clustering. Within the layered material, Li ions have six
metal nearest-neighbors, three in the metal plane above, and three in the plane below (see
Figure 4.9). In the mixed oxide, a single Li site can have from zero to six Al nearest neighbors,
with the remaining sites filled by Co ions. In a random solid solution, the number of Li sites in
each type of environment is statistically determined.

As the material is charged, the Li ions preferentially leave sites based on the sites’ relative
energies. During charging, the Li composition decreases and the sites with higher energy
(lower poter.iial) empty first, while lower energy sites (higher potential) remain filled.

Figure 4.10 represents the type of occupied Li sites as characterized by the number of Al

nearest neighbors. For clarity in the graph, sites with 3 Al nn to 6 Al nn were not included, as
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Figure 4.9:  Lisite and its Al-Co nearest neighbor environment.

the percentage of these in the random mixture was small and the results did not contribute to
the site preference conclusions. These results are based on a simulation with a random solid
solution of Al and Co and where the Li configuration is always fully equilibrated. The total
number of each type of site is statistically determined based on the composition of the
material. Adding all seven types of Li sites (zero to six Al nearest neighbors) totals to 100%.
As can be seen in the right side of the diagram, Li ions fill all possible sites at x; ; = 1, and so
all the percentages (including the 3 to 6 Al nn sites not shown) add to 100%.

Interestingly, upon delithiation Li ions first vacate sites with one and two Al nearest
neighbors, remaining in the locations completely surrounded by Co ions. The rate of departure
of Li ions from a particular site can be seen from the slope. Previous calculations [71] indicate
that the theoretical average voltage of pure Li,AlO, is 5.4V, versus 3.7 V for pure Li,CoO,. A
higher average potential implies a lower energy — a greater potential is needed to give the Li
ions enough energy to leave that environment. From a simplified chemistry standpoint, one
might suspect that as the number of Al nearest neighbors increases around a Li ion, the energy
of the site would decrease (i.e. Li becomes more difficult to remove). By this reasoning, one
would expect that upon delithiation of Li{Al,Co)O,, Li is first removed from sites surrounded

by only Co and subsequently from sites surrounded by more Al. As shown in Figure 4.10 this
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Figure 4.10: Li,Al( >5C0( 750, in random solid solution. Fraction of Li sites broken down
by number of Al neighbors. (3-6 Al nn not included)

is not the case. Li actually leaves first from the sites with one and two Al ions before it is
removed from the sites surrounded by six Co ions. It is believed that this is due to the
difference in relaxation around each site. When a Li site is surrounded by one or two Al ions,
the symmetry of the site is broken. Li-Al and Li-Co bonds, while similar in length, are not
identical. The calculated bond lengths for Li-Al and Li-Co in LiAlO, and LiCoO, are shown
in Table 4.6. Their difference is about 1.8%, enough to distort the octahedron surrounding the
Li ion. This distortion may actually raise the energy of the site and hence lower the potential at
which Li caa be removed.

First-principles methods were used to directly calculate the energies of structures with the
same Al-Co arrangement but different Li configurations. First, two different structures with a
single Li ion removed were examined. The location of the resulting vacancy determined the
energy. These two structures were of composition Li g75Al 155C0 g750,. The Li sublattice was

composed of seven Li ions and a single vacancy: Li;AlCogO¢ (31 ions). A third structure was
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Bond Length A)
Al-Li in LiAIO, 2.82
Co-Li in LiCoO, 2.77

Table 4.6: Bond length of Al-Li and Co-Li in the fully relaxed LiAl0, and LiCoO,
structures, respectively.

examined where instead of comparing energies when moving a single vacancy, a single Li ion
was moved. This third structure was of composition Li;5Al 5Co 750,. Here there are 3
vacancies and a single Li ion: LiAlCo3Og (13 ions).

The energy results shown in Table 4.7 support the cluster expansion and verify that sites
with six Co nearest neighbors have a lower energy for a Li ion, (or a higher energy for a
vacancy) than those surrounded by one or two Al ions. Note that the energy difference by
moving a single Li ion for all three structures is about 300 to 400 meV. Structures with lower
energies represent more stable configurations, therefore as Li is removed from the structure,
Li ions remain in the Co surrounded site, leaving a vacancy in the higher energy sites with Al
nearest neighbors. When a totally delithiated structure is filled with Li, the Li ions fill the sites
completely surrounded by Co before entering some of the sites with one or two Al nearest
neighbors. Of course, sites surrounded by all Al ions will fill before any of these, but here we
are only examining those sites with few Al neighbors to determine the effect of symmetry
breaking on energy.

The difference in energy between the pure Co sites and ones with 1 or 2 Al nearest
neighbors is reflected in the intercalation curves for these compounds. Figure 4.11 shows the
intercalation curves for two Al/Co solid solutions, one with 5% Al substitution and the other
with 25% Al. Though the higher Al substitution increases the average voltage more when
measured over the entire Li composition range, at high Li concentrations the voltage curve
starts lower for the system with high Al content. The increased Al content creates more one-
and two- Al neighbor Li sites and this a higher number of sites with greater energy. The Li
sites with a greater energy need a lower voltage to remove the Li. Therefore as the percentage

of Al is increased, the starting voltage in fully lithiated material decreases. Unfortunately,
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Types of Sites 6 Co nn site filled by:  Energy

Structure a 5 Conn & 6 Conn Li -219.742

“ 5Conn & 6 Conn Vacancy -219.415
Structure b 4 Conn & 6 Conn Li -220.113

“ 4 Conn & 6 Conn Vacancy -219.817
Structure ¢ 4 Conn & 6 Conn Li -95.193

“ 4Conn & 6 Conn Vacancy -94.749

Table 4.7: Calculated energies, in eV, for

3.8 -

3.6 -

34 -

Voltage

32 -

238 -

26 -
0.4

a) Li g75Al 155Co0 g750,, with 1 vacancy and 7 Li ions (31 ions total);
b) Li g75Al ;55Co0 g750,, with 1 vacancy and 7 Li ions (31 ions total); and
¢) Li 5Al 55Co 750,, with 3 vacancies and 1 Li ion (13 ions total).
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Figure 4.11: Initial lowering of the intercalation curves as Al content increases.
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direct comparison between experiment and calculation is not possible due to the
experimentally observed metal-insulator transition in Li,CoO, which keeps the intercalation
curve flat at the beginning of charge [40, 72].

The results indicate a subtle interplay between chemical and relaxation effects in
determining the site potential for Li ions. It is found that upon charging of LiyAl;Co,.,O, Li
first leaves the sites surrounded by one and two Al ions, and subsequently leaves sites
surrounded by six Co ions. It is believed that this is due to the size difference between Co>*
and APt (even though it is small) which causes unfavorable strain in the Li site. The resuits
already give clear indication that simple averaging of the electrochemical potential for mixed-

metal systems is not accurate.
4.3.2 Effect of Clustering on Step

The effect of the Al-Co distribution in the system on the shape of the intercalation curve
between x = 0 and x = 1 was also investigated. For Li;Al,Co,_,O, one might expect an abrupt
increase in potential for x < y. This can be easily rationalized: As Li ions leave the material,
Co>* s first oxidized to Co**. Once all the Co’* is oxidized, further oxidation would require

1** is obviously never further oxidized, as it would

electron extraction from oxygen ions (A
then be removing an electron from the full 2p shell). However, the Li ions’ nearest neighbors
are oxygen ions, not Co or Al. If the O ion layers distribute the charge compensation from Li
ion removal between all the metal neighbors, a truly homogenous material would have no step
in the intercalation voltage curve, only a constant slope. This even slope is what is found on
the basis of the first-principles calculations, as shown in Figure 4.12a for a homogeneous
mixture of Co and Al ions.

Figure 4.12b shows the intercalation curve with small nanosized Al clustering for 25% Al.
Regions of 8 x 8 x 7 Al atoms are sitting in a Co matrix. These small regions of pure Al,
approximately two nanometers in size, provide erough sites that are surrounded by only a
sinzle metal that the material behaves essentially as a phase separated material. When the Li is

removed from the material, it begins by leaving sites within the pure Co matrix. Once these

sites are fully vacated, the Li ions leave edge sites where they are surrounded by half Co and
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half Al, and at the end of charging, the last remaining Li ions leave the regions of pure Al. A
phase separated material will exhibit a discrete step in the intercalation curve as is often
encountered experimentally, similar to Figure 4.12b. First, one type of material is oxidized,
then the other. The step shows behavior similar to the result of combining the two pure
materials in proportion to the composition, as shown in Figure 4.13.

The results for homogeneous Li,Al;Co;_yO, near the end of charging are more difficult to
explain. While common chemistry arguments predict a step in the intercalation curve for
X =y, the first-principles results only show such step when Al is micro-phase segregated. It is
obviously possible that the first-principles methods used in this work to calculate energies
fails in the regime near x = y. We used a mean field theory for electrons that only includes
electron correlation in an approximate way through the exchange-correlation term. The
iransition from Co>*/Co** oxidation to oxygen oxidation at X = y may cause substantial
electron correlation effects and involve the evolution through a regime with reduced electron
conductivity at x = y. For x slightly higher than y, the electronic state of the system would
consist of a few localized electrons on Co ions (forming Co’*), while for x slightly smaller
than y, strong localization of oxygen holes would occur. Such effects would not be captured

by the first-principles calculations used here (see Chapter 2 for more details).
4.4 Conclusions

The voltage results for doped spinels calculated in this chapte.  10nstrate that doping
Mn-based spinels with transition metals (LiMyan_yO4) increases the average Li intercalation
voltage without decreasing theoretical capacity. Adding each of the five transition metals
studied (M = Cr, Fe, Co, Ni and Cu) to Mn spinel formed new calculated voltage plateaus at
potentials 0.25 V (Cr) to 0.78 V (Co) higher than the experimental pure Mn spinel plateau of
4.1 V. The calculated average voltages were less than the experimental results for all dopants
except Cu, and three of the five doped voltages were within 0.2 eV. (Co, Ni and Cu). The
voltage level of the lower plateau was lower than experimental results as well.

The results indicate that while on average the intercalation potential moves upward with

Al doping in agreement with previous theoretical [9] and experimental results {S6], parts of
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the intercalation curve can actually move to a lower potential, indicating a breakdown of
simple averaging mixing rules.

Several steps are needed to clarify this issue. A computational study shonld focus on a
system in which the two oxidation steps are at low enough voltage so that they can be
accessed reversibly without ambiguity of the process taking place. This should be
complemented with a detailed experimental characterization of the structure and transport
properties of the material near such a step. In particular, characterization methods that can
better capture the short-range local structure, such as NMR or neutron diffraction, would well
supplement the XRD data available. For Li(Ni,Co)O, one such experiment [73] has already

indicated tnat short-range clustering actually takes place.
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Chapter 5

Effect of Oxygen Defects on the Li(Al,Co)O, Phase
Diagram

All the calculations reported so far have been performed assuming stoichiometric oxygen
content. Experiments have shown, however, that layered oxides can form oxygen vacancies
during processing and intercalation at elevated temperatures, notably in Li,NiO, and in
Li,CoO; (x<1) [74]. The experimental study found that for beth the Co and Ni based oxides,
the higher the Li content, the greater the temperature needed to promote oxygen liberation.
Though these oxygen defects were not found in the fully lithiated compounds at the
temperatures tested, the trends indicate that oxygen vacancies might form for fuily lithiated
LiCoO, at high enough temperatures. These oxygen vacancies can also alter the Li(Al,Co)O,
phase diagram described in Chapter 3.

The tendency to form oxygen defects can pose a safety hazard. As temperatures rise, these
layered lithium oxides can begin to release oxygen gas, building up pressure within the
battery. If the internal pressure reaches critical values and the temperature in the material is
high enough, the oxygen vents violently, exploding and catching on fire. Thus the tendency of
these materials to release oxygen and form vacancies will play a role in creating an ideal

lithium battery cathode material.
5.1 Energies of Oxygen Defects

To determine the effect of oxygen defects on the Li(Al,Co)O, phase diagram, we need to

calculate the energy of these defects and relate these to the free energies of the components of
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the phase diagram. The stoichiometric phase diagram for Li(Al,Co)O, is derived and
explained in detail in Section 3.3. There are two stable structures for LiAlO,, depending on
temperature. Above 600°C, the tetragonal form of LiAlO, (y-LiAlO,) is stable. Below 600°C,
a-LiAlO, is stable in the layered a-NaFeO, structure, space group R3m. LiCoO, is stable in
the layered a-NaFeO, structure over all temperature ranges. To incorporate the effect of
oxygen vacancies into the phase diagram, we need to calculate the energy of an oxygen defect
for all three structures, y-LiAlO,, a-LiAlO, and LiCoO,. The total energies of the three
structures with both stoichiometric oxygen content and with an oxygen vacancy were
calculated using VASP (see Chapter 2 for more details). By comparing the energies of
structures with and without an oxygen vacancy, we determined the energy of the oxygen

defect. The total cohesive energies and the defect energies are shown in Table 5.1.

Dl:i?:cl:l;lnnit Stoi;l;?g;tric T::ﬁ: f)::::cgty Defect Energy
Cell
o-LiAlO, (layered) 15 -116.459 -103.844 12.62
a-LiAlO, (layered) 23 -174.689 -162.067 12.62
o-LiAlO, (layered) 35 -262.033 -249.412 12.62
¥-LiAlO, (tetragonal) 15 -115.800 -103.792 12.01
LiCoO, (layered) 35 -251.762 -242.846 8.92
Table 5.1: Stoichiometric and defect energies in eV per oxygen vacancy in o-LiAlO,,

Y—LiAlOz, and LlCOOz

As shown in the first three rows of Table 5 1, we calculated the defect energy for three
different defect compositions in the layered a-LiAlO,_, system, z = 1/8, 1/12, and 1/18, as a
convergence test. All three gave the same results for the defect energy within 10 meV. As a
result, we assumed that the size of the supercells used was adequate for these approximations.
As can be seen in Table 5.1, the oxygen vacancy defect energies are much larger for a-LiAlO,
and y-LiAlO;, than for LiCoO,. The smaller energy for the Co based material implies that

under the same conditions, LiCoO, will have a greater tendency to form oxygen vacancies
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than the Al-based compounds, and thus will be more likely to release oxygen.

5.2 Thermodynamics of Oxygen Defects

In order to incorporate the defect energies into the calculated Li(Al,Co)O, phase diagram
we need to calculate the effect of these defects on the free energy of the layered and tetragonal
materials. The chemical potential of oxygen both within the solid and the gas determine the
concentration of oxygen vacancies and the change in free energy of the material. To calculate
these chemical potentials, an ideal gas model was assumed for the behavior of the oxygen gas.
Based on our defect energy calculations and the ideal gas model, we are able to determine the
effect of oxygen vacancies on the phase diagram at different temperatures and pressures.

First we related the free energy ditference of the structures with and without the defects to
the concentration of oxygen vacancies in the non-stoichiometric compound:

ns

Yo}

Gns - Gst = G(nzs) _G(nsot) = j (’aﬁ’

) dn, 5.1
dn_/T,P,N

st
Ro

where G, is the free energy in the non-stoichiometric solid, G, is the free energy in the
stoichiometric solid, n," is the concentration of oxygen in the non-stoichiometric solid, n,* is
the concentration of oxygen in the stoichiometric solid (n,* = 1), T is temperature, P is
pressure, and N is total number of particles other than oxygen in the system. The chemical
potential of oxygen within the solid can be taken as the derivative of the free energy at
constant temperature, pressure, and particles other than oxygen.

s (ai

5.2
ano)T, P,N

n, =
where p° is the chemical potential of oxygen in the solid.
Next we break the free energy into two parts, separating the configurational entropy

contribution from the rest of the free energy:
G = Gl - T * SC 5.3
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where S, is the configurational entropy and G, is the remainder of the free energy. Taking the

derivative of the free energy results in two parts of the chemical potential:

S aSC
(GI“T‘SC)=u]0—T"a—n— 54
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n

o 1-10

The chemical potential, j1,.°%, is assumed to be independent of oxygen concentration, n,. In
this approximation, the dependence of the oxygen chemical potentiai on concentration is
encompassed within the configurational entropy dependent term. Integrating the derivative of
free energy from the stoichiometric to the non-stoichiometric composition allows us to find
the difference in free energy at different oxygen contents as a function of temperature, oxygen
concentration in the non-stoichiometric compound, and the non-configuration part of the

chemical potential:

Ro
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Gps =Gy = -.. (“lo —T.aTJdno >
st 0
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Gns—Gst = p‘los -[ngs—l] -T- Sc(ngs) 3.6

5. and the non-

Both the concentration of oxygen in the non-steichiometric oxide, n,"
configurational part of the chemical potential, p;.°, are needed to determine the free energy
change. We can find the concentration of oxygen vacancies as a function of temperature and
pressure by relating the chemical potential of oxygen in the solid and the gas. At equilibrium

the chemical potential in the solid and in the gas must the same:
Ho(ng) = R5(P,) 5.7

where P, is the partial pressure of oxygen in the gas. Using Equation 5.4, the chemical

potential in the solid can be expressed as:

My = Mo -T 5 5.8
o)



Assuming the oxygen and vacancies form an ideal solution, the entropy can be written as:
S, = —kg - [(ng In(ny)) + (1-n,) - In(1-n,)] 59

Combining Equations 5.7, 5.8, and 5.9 we can solve for n," to cbtain:

ns 1

n =
1 s g 5.10
1+ exp(m(ulo - MO(PO)))

(o]

where is kg is Boltzmann’s constant. Combining Equations 5.10 and 5.6 gives the free energy
difference between the stoichiometric and nonstoichiometric oxide as a iunction of p,,* and
the chemical potential in the gas, p 5.

By defining the pseudopotential free atom as the standard state for oxygen, the chemical

potential of oxygen in the solid, p,,°, is the same as the defect energy for the reaction:
nLiMO, ->Li M O, ,+0 5.11
The total energy change for the reaction is:
AE = E(L{ M, O, )-n-E(LiMO,_)-E(O) 5.12

The defect energy (Egefec), and thus the chemical potential of oxygen in the solid, can be

found from the change in cohesive supercell energy:
“15 = Egefect = E(LI,M 0,5, ;) —n-E(LIMO,) 5.13

The calculated results for the defect energies in LiCoO,, layered a-LiAlO,, and tetragonal

Y-LiAlO,, based on the spin-polarized oxygen pseudoatom are:

R (Co) = ~T.42eV
i o(0-Al) = ~11.13eV 5.14

1o (Y-Al) = -10.52eV
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The chemical potential of an oxygen atom in the gas, i 8, relative to the standard state we
have defined for oxygen, the pseudopotential free atom, is half the free energy of each

molecule with respect to a single atom:
g _ 1 i

Using an ideal gas theory, we can get an approximate value for the free energy of the gas.

We calculated the binding energy of oxygen and found it to be:

Eq,(T=0)-2Eg=-571eV 5.16

where EO, is the total energy of an oxygen molecule, and Eg is the total energy of an oxygen
atom. Thl;s we can determine the free energy of the oxygen molecule as a function of
temperature and pressure. In this situation, we are considering only the translational and
kinetic energy contributions to the energy. Though they may not cancel out entirely, because
we are ignoring the viorational effects on the energy of the solid, we also ignore them in the
gas. We can therefore use the monatomic ideal gas formula instead of the diatomic because
the monatomic formula ignores the vibrational and rotational components of the energy - the
same contributions that we are neglecting in the solid. From Callen [76] we have the free

energy of a monatomic, non-interacting ideal gas:

3

2nmg kpT12
kBT[ O B} +1 5.17

where mg is the mass of an oxygen molecule and h is Planck’s constant. FO., is the free
energy of the gas with respect to EO, , the energy at zero K. The free energy of the gas with
respect to a single oxygen atom can be related to the free energy of the gas with respect to the

oxygen molecule:

FOZ(T){w.r.t Eol = Foz(T){w.r.t Eoz} + EO2 —2E(free atom) 5.18

Combining Equations 5.15 and 5.18 gives the chemical potential of gaseous oxygen as a
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function of temperature and pressure:

2% = -5.22eV -kgT|In 5.19

3
k,T[27mg kpTq2
B[ 2 ] +1

P h2

Solving Equation 5.19 at 1000 K and air pressure (P02 = 0.2 atm) gives a value of the

chemical potential of:
Rot =-3.7eV 5.20

Separating temperature from the rest of the factors in Equation 5.19 gives the dependence of

the chemical potential on temperature.

ho® = -5.22eV ~ kg T[3In(T) +C] 521
where
2
ky[27mg kg2
C= FB[——Z’—-] +1 5.22
h

5.3 Effect on Li(Al,Co)O, Phase Diagram

With Equations 5.6, 5.9, 5.10, and 5.14 above, the change in free energy was calculated
and used to determine the free energy of the non-stoichiometric phase. A new entropy
difference, ASy_ ot(n:;s) , was also calculated to ensure that the phase transition remained at
600°C. For the layered phases, the chemical potential of oxygen in the solid, ug®, was
determined as a function of the temperature and the calculated defect energy for LiCoO, and
LiAlO, (see Equation 5.8). For intermediate Al concentrations lo® was linearly interpolated
between pg® for LiCoO, and pg® for LiAlO,. This adjusted oxygen chemical potential in the

solid state was then used to determine the oxygen concentration, the energy difference, and
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Figure 5.1:  Effect of oxygen vacancies on LiAl;_yCo,O, phase diagram. Dashed lines are
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Figure 5.2:  Effect of oxygen vacancies on free energy of layered LiAl;,Co,0, at 3000K.

Composition a is the edge of the two-phase region when including the effect of
oxygen vacancies, composition b is with stoichiometric oxygen.
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the final free energy. From these new free energies, a new phase diagram was calculated,
Figure 5.1. For details on finding the phase diagram curves from the free energy, see
Section 3.3.

Including the effect of oxygen vacancies in the chemical potential of oxygen (calculated
using Equation 5.20) decreased the size of the two phase-region at high temperatures, but
showed no change in the phase diagram below 1500°C. The adjustments to the phase diagram
are shown in Figure 5.1. Not only does the two-phase region decrease in size due to including
oxygen defects, the edge curves backwards towards the LiAlO, axis. We can see from the
defect energies for the different materials (see Table 5.1) that LiCoO, is much more apt to
produce oxygen defects, which will decrease the energy of the Co structure and stabilize the
layered compound. This is shown clearly in the lines of iso-concentration plotted in
Figure 5.1. The concentration of oxygen vacancies, (c, = 1 - n,"®) increases with increasing
temperature and with increasing cobalt concentration. As the oxygen defect concentration

increases, layered Li(Al,Co)O, becomes more stable and the two-phase region shrinks.

5.4 Discussion

Initially, we anticipated that the adjustment to the phase diagram would bring the
calculated phase diagram closer to the experiments described in Section 3.3.3. Because the
addition of oxygen defects increases the free energy curves, we expected that the extent of the
two-phase region would increase with oxygen vacancies. However, this is not the case. As
illustrated in the free energy diagrams at 3000 K, Figure 5.2, the inclusion of oxygen defects
does indeed raise the energy, but its raises the energy more towards the Co-rich side — here the
number of oxygen defects is greater and thus the change in free energy is more pronounced.

Because the defect energy differs for the two end members, the inclusior of oxygen
vacancies changes the {ree energy of the layered structures non-uniformly. Although the free
energy changes for the layered structure are quite small, the effect is much larger on the
Co-rich side. This increase in the free energies pushes the edge of the two phase region closer
to LiAlO,. Tangent lines are added on the free energy diagram, Figure 5.2, to clarify this
effect. At this temperature, the free energy of the LiAlO, tetragonal phase with respect to the
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layered phase is about -4C0 meV. For the material with oxygen defects, the tangent line

intersects the layered free energy curve at concentration a, while for the stoichiometric

compound, it crosses at point b. Thus the two-phase region decreases in size with the inclusion
of oxygen defects. However, the changes in the phase diagram occur only at high
temperatures.

Many approximations have been made in the above method:

» Calibrating the oxygen defect energies with respect to gaseous oxygen is quite
approximate. The value obtained experimentally for the binding energy of an oxygen
dimer is -5.22 eV, from Huber and Herzberg [75]. Though this is fairly close to the value
we obtained using first-principles calculations (-5.71 eV), it is not the same. We also had
to adjust the calculated defect energies from the value shown in Table 5.1 to the values

shown in Equation 5.14 to adjust for the difference in LDA reference states.

* The initial energy calculations with LDA could be incorrect. LDA methods have been
used extensively to calculate energies in lithium oxide materials, but the effect of oxygen
vacancies has not been as thoroughly investigated. The energies obtained for the structures
with oxygen vacancies could be inaccurate which would make the defect energies
inaccurate as well. Nevertheless, the difference in defect energy for LiCoO, and LiAlO,

are so large (3.7 eV) it is unlikely to be due solely to LDA errors.

» Though a set of calculations was performed to ensure that the defect supercells were large
enough, the small size of our cells, 15 to 35 atoms, may affect the defect energies

obtained.

» The chemical potential of oxygen in the solid was approximated as linear with

concentration. This may be quite in accurate.

e We approximated the non-configurational part of the solid chemical potential as
independent of temperature and equal to the calculated energy difference from first

principles.

* The assumption that the chemical potential of oxygen in the gas phase has an ideal gas

model temperature dependence could be incorrect.
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* We neglected rotational and vibrational degrees of freedom for the oxygen gas.

Though many assumptions were made, these preliminary results show the qualitative
dependence of the phase diagram on oxygen defects.

LiNiO, as a cathode material has been shown to have many problems with releasing
oxygen. The delithiated Ni and Co materials release much more oxygen than the lithiated
structures. To compare the magnitude of the effects of oxygen vacancies, the defect energies
were also calculated in LiNiO,, NiO,, CoO,, and MnO,, all in the same layered a-NaFeO,
structure. These results are shown in Table 5.2. For the Co and Ni oxides, the delithiated
structures have lower defect energies, and therefore would be more apt to release oxygen. The
Ni based materials have lower energies than Co-based oxides or MnO,. Both of these lower
defect energies confirm the experimental results that Li,NiO, releases oxygen more readily
than Li,CoO, and MnO, and that oxygen is more readily released at lower Li ccncentrations

[74].

Defec Uyt Stochiometric Total ENerey ot ey
Cell
LiNiO, (layered) 15 -101.904 running running
NiO, (layered) 26 -180.864 -173.541 7.32
LiCoO, (layered) 35 -251.762 -242.846 8.92
Co0, (layered) 26 -199.920 -192.408 7.51
MnO, (layered) 26 -235.802 -226.674 9.13
Table 5.2: Stoichiometric and defect energies in eV per oxygen vacancy in LiNiO,, NiO,,

LiCo(Q,, Co0O,, and MnO,.

5.5 Conclusions

Our preliminary results show that oxygen defects do not affect the Li(Al,Co)O, phase
diagram at normal processing temperatures. In addition, this method shows promise for
modeling oxygen defects. It correctly predicts that Ni-based layered structures are more likely

to release oxygen than Co-based ones, and that the delithiated Ni and Cc oxides also have a
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higher tendency to form oxygen vacancies.

This work has focused on determining the effect of oxygen defects on the equilibrium
phase diagram for Li(A1,C0)O,. This effect may not alv-ays be what is relevant. The number
of oxygen vacancies may be set at the processing temperature and remain “locked in” as the
material is cooled. The cations in the material may then equilibrate with these defects,
depending on the diffusivities and relative mobilities of oxygen and the metal cations. These
effects may be quite different than what we have calculated and should be considered in fi:ture
work.

Further investigations, both: computational and experimental, need to be performed to
refine our defect model and to more closely determine the role of oxygen defects in these
materials. We need to examine our assumptions and the size of their effect on the defect
model. Defect energy calculations should be performed at intermediate Li concentrations, as
well as in the doped material, not just the end members (LiAlO, and LiCoQ, in this case).
Perhaps most importantly, we need to ensure that the oxygen energies are calibrated correctly
with respect to gaseous oxygen.

A system for which extensive experimental work has been performed should be identified
to compare with the results of this defect model. The effect of oxygen removal on the voltage
curves of these cathode materials will also be of interest in addition to the phase stability

effects investigated here.
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Chapter 6

Conclusions

The goal of this work was tc understand the properties of mixed-metal intercalation
oxides. Using first-principles methods, we have investigated the effect of doping on the
mixing, energetic, and voltage properties as well as the phase diagrams of lithium transition-
metal oxides for lithium battery cathode materials. The effect of doping on the phase
separation tendencies of layered transition-metal oxides was examined and we found that for
normal processing temperatures, Al is miscible in layered transition metal oxides (LiMO,) for
five of the eight first-row transition metals studied, (M = Cr, Co, Ni, Cu, and Fe). We
calculated a temperature-composition phase diagram for both Li(Al,Co)O, and Li(Al,Cr)O,.
Low temperature miscibility gaps are found for both systems. Al-doping is limited above
600°C by the formation of y-LiAlO, and at very low temperatures owing to the existence of a
miscibility gap. Reduced solubility is expected in the layered phase above 600°C for all oxides
which have substantial solubility with LiAlO, due to the formation of y-LiAlO,.

We calculated the effect of transition-metal doping on the average voltage properties in
Mn-based spinels, Li;M;Mn, ;04 (M = Cr, Fe, Co, Ni and Cu) and predicted the large
increase in average voltage found experimentally. We performed a detailed analysis on the
layered structure Li(Al,Co)O,, studying the energetics of different lithium sites and the effect
of short-range clustering on the shape of the voltage curve. We determined that Li sites with
one or two Al nearest neighbors are less stable than those surrounded entirely by Co. Though
the average voltage is raised by Al substitution, the unexpected stability of sites with a few Al
nearest neighbors leads to an initial decrease in voltage. For the Al-doped LiCoO, system, we

find a step in the voltage curve only for micro-segregated materials. When the Al and Co ions
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are randomly distributed in a solid solution, the voltage curve shows a continuous, gradual
slope.

Finally, we investigated the effect of oxygen defects in the Li(Al,Co)O, system. We
created a model for the effect of oxygen vacancies on the free energy of doped layered oxides
by combining an ideal gas approximation for the chemical potential of the oxygen gas and
first-principles calculations for the defect energy of an oxygen vacancy. Though we find no
effect on the phase diagram for Li(Al,Co)O, under normal processing conditions, the model
does confirm experimental results that oxygen defects affect LiCoQ, much more strongly than

LiAlO,, and that delithiated CoO, releases oxygen more readily than the lithiated material.
6.1 Suggestions for Future Research

Many of the results obtained in this study pave the way for continuing investigations in
doping transition-metal oxides. The solid-solution Li(Al,Co)O, shows no step and so
disagrees with experiments, thus the results for the effect of short-range clustering on the
voltage need to be clarified. The absence of a step in the voltage curve of Al-doped LiCoO,
should be interpreted cautiously. Direct energy calculations on each side of the Li composition
where the step is expected could verify whether this is a correct LDA result or whether this is
due to limitations of the cluster expansion. The voltage behavior at lithium compositions near
the step can be directly determined from first-principles energy calculations on supercell
structures. In addition, we need to examine the ability of LDA to capture the electron behavior
in these doped materials. Examining electronic band structures for these materials as the
lithium content varies around the metal substitution level can provide insight into the
electronic changes that occur with doping. In addition, another computational study should be
performed on a system in which the oxidation steps of the end members are at low enough
voltage so that they can be fully examined experimentally. These calculations should be
complemented with a detailed experimental characterization of the structure and transport
properties of the material near the step.

The existence of metal cations sitting tetrahedral sites in the layered structure needs to be

more closely examined. We found that at low Li concentrations, structures with Al ions sitting
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in tetrahedral sites have a positive, but small. formation energy. Entropy effects might
populate these sites at high enough temperatures. A full investigation of the occupancy of
tetrahedral sites as a function of temperature and composition might reveal an explanation for
the poor cycling performance of Li(Al,Co)O,. There is a possibility that cation migration
from octahedral to tetrahedral sites could occur in other layered systems, such as LiCoO, and
LiNiO, as well.

Our preliminary results show promise for modeling oxygen defects. However, many
assumptions were made in forming the framework of this model. Continued work should be
performed to determine the effect of these approximations and use this model on systems with
more experimental data. For example, partially delithiated compositions are found to release
oxygen at lower temperatures than fully lithiated materials for LiNiO, and LiCoO, [74].
Expanding our model to encompass varying lithium concentrations could provide clues as to
what dopants could best stabilize these oxygen releasing materials. An experimental
investigation by Gao et al. [77] into doping layered LiNiO, with Ti and Mg has shown
initially positive results for thermal stability. Further investigations, both computational and
experimental, need to be done to refine our defect model and determine the influence of
oxygen defects in these materials.

Most of the above suggestions follow directly from the work done in these studies. In
addition, there are several possibilities for continuing this work in new directions. Much of
this work has focused on the voltage behavior of these lithium oxides. In many lithium battery
cathode materials, cycling behavior is just as important as voltage behavior. A first-principles
investigation into the cycling problems of these intercalation compounds could prove to be
very valuable. Our initial investigation into the possible filling of tetrahedral ia the layered
materials is one example of how to begin. Long-range effects such as metal cations jumping
into the lithium plane during cycling could be examined. The effect of doping on changes in
lattice parameters during cycling could offer possible suggestions for decreasing physical
breakdown in these materials.

The safety of these materials is also very much an issue. The release of oxygen at low

lithium concentrations has proved to be quite dangerous. Why some compounds form oxygen
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vacancies and other do not is not clearly understood. Examining structures from both ends of
the oxygen defect spectrum could provide insight into the different ways that oxygen behaves
in these systems. An investigation into the energetics of why oxygen is released from the
delithiated materials more readily than lithiated versions could provide clues as to the
behavior of other compounds as well. Preliminary resuits have shown that doping can
decrease oxygen release and therefore greatly enhance materials such as LiNiO, with
potentially good material properties for use in a battery. However, the reasons for the
improvements seen with doping are unexplained. If we are to predict which materials will
have excellent properties for use in batteries, the behavior of oxygen and the creation of
oxygen vacancies in these materials needs to be understood.

Clearly the behavior of doped compounds is not simply a combination of the properties of
the constituent elements. In order to determine the best candidates for new battery systems,
we must understand the underlying changes that occur to the physical, electrical, and
magnetic properties as compounds are mixed. Through first-principles investigations, we have
begun to examine some of these effects in this work, but there are many possible avenues to

venture down in our quest for new battery materials.
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